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Preface 


This  proceedings  volume  contains  manuscripts  front  Symposium  L,  entitled  'Defects  in 
Advanced  Semiconductors:  Physics  and  Applications.’  It  was  held  during  the  MRS  Fail 
Meeting,  November  29- December  1,  1993  in  Boston,  Massachusetts.  Symposium  L  was 
focused  on  the  physics  and  applications  of  defects  in  semiconductor  quantum  wells,  superiat- 
tices,  and  bulk  materials  grown  by  various  techniques.  The  symposium  lasted  three  days, 

<me  evening  being  devoted  to  a  poster  session,  and  consisted  of  14  invited  talks  and  64  con¬ 
tributed  papers  The  symposium  was  truly  an  international  meeting  with  papers  originating 
from  20  countries  led  by  the  United  States,  Germany,  France,  Japan,  Sweden,  and  the  U.K. 

Defect  characterization,  identifications,  and  their  influence  on  material  properties  and 
device  performance  are  a  major  subject  in  the  physics  and  applications  of  semiconductors. 
This  volume  focuses  on  defects  in  advanced  semiconductors  or  precisely  quantum  wells, 
superlattices,  and  heterostructures.  In  Part  I  of  this  proceedings  the  invited  and  contributed 
papers  deal  with  defects  in  type  I  and  type  II  superlattices  based  on  ni-V  semiconductors 
such  as  GaAs/AlGaAs  multiple  quantum  wells  (MQWs).  Some  of  the  topics  include  optical 
spectroscopy  of  defects  in  GaAs/AlGaAs  MQWs,  defects  injections  and  diffusions  in 
hiete  restructures  and  impurity  effects  on  the  electronic  states  in  quantum  wires  and  quantum 
dots.  Part  II  deals  with  defects  and  impurities  in  bulk  and  epitaxial  InP  and  related  com¬ 
pounds,  for  example,  the  semi-insulating  behavior  of  undoped  InP  is  discussed. 

Recently,  SiGe/Si  quantum  wells  and  heterostructures  have  been  the  subject  of  an 
increasing  interest  due  to  their  applications  in  electronic  and  opto-electric  devices.  Defects, 
dislocation  distributions,  and  doping  in  these  heterostructures  are  discussed  in  Part  III. 

Doping  engineering  is  an  interesting  subject  in  the  field  of  electronic  devices  such  as 
heterojunction  bipolar  transistors  (HBTs).  Part  IV  presents  selected  papers  in  this  area  such 
as  doped  layers  of  InGaAs  for  HBT  applications.  Impurity  control  and  incorporation  of  such 
elements  as  O,  H,  Zn,  Cd,  and  rare  earth  impurities  and  impurity  complexes  in  III-V 
semiconductors  are  the  focus  of  Part  V. 

Recently,  low  temperature  grown  (LTG)  GaAs  attracted  the  attention  of  many  research¬ 
ers  in  the  field  of  defects  in  semiconductors.  This  is  partly  because  LTG  GaAs  contains  a 
large  concentration  of  arsenic  antisite-related  defects.  The  electrical  and  optical  properties  of 
LTG  GaAs  have  been  the  subject  of  various  investigation  in  recent  years.  Part  VI  deals  with 
defects,  stoichiometry,  and  precipitations  in  this  material.  Defects  in  bulk  and  epitaxial 
semiconductors  are  the  subject  of  Part  VII.  Related  topics  such  as  deep  levels  and  disloca¬ 
tions  in  III-V  materials  and  defect  imaging  are  included.  The  final  Part  VIII  addresses 
various  topics  on  the  optical  properties  and  theory  of  superlattices  and  quantum  well 
structures. 

The  symposium  was  extremely  well  attended  with  most  papers  presented  in  this  volume. 
High  standards  were  maintained  in  reviewing,  selecting  and  accepting  the  papers  in  this 
volume.  We  believe  that  the  main  goals  of  Symposium  L  were  achieved.  One  of  the  main 
goals  was  the  bringing  together  of  researchers,  in  one  meeting,  from  areas  of  defects  in 
semiconductors  as  it  pertains  to  low  dimensional  systems,  epitaxial  layers,  bulk  materials, 
and  general  area  of  defect  engineering  and  control.  Finally,  the  editors  hope  that  this  volume 
will  serve  as  a  timely  reference  and  hope  that  the  collection  of  papers  will  stimulate  new 
ideas,  insight,  and  direction. 

M.O.  Manas reh 
H.J.  von  Bardeleben 
G.S.  Pomrenke 
M.  Lannoo 
D.N.  Talwar 

December  1993 
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ABSTRACT 

Quantum  confinement  in  superlattices  affects  shallow  levels  and  band  edges  consid¬ 
erably  (length  scale  of  order  100  A),  but  not  deep  levels  (length  scale  of  order  5  A). 
Thus  by  band-gap  engineering,  one  can  move  a  band  edge  through  a  deep  level,  caus¬ 
ing  the  defect  responsible  for  the  level  to  change  its  doping  character.  For  example,  the 
cation-on-anion-site  defect  in  A^Ga^^h  alloys  is  predicted  to  change  from  a  shal¬ 
low  acceptor  to  a  deep  acceptor-like  trap  as  the  valence  band  edge  passes  through  its 
T2  deep  level  with  increasing  At  alloy  content  x.  In  a.  Type- II  superlattice,  such  as 
InAs/AfxGaj_xSb  for  x>0.2,  where  the  conduction  band  minimum  of  the  In  As  should 
lie  energetically  below  the  antisite  defect’s  T2  level  in  bulk  AfxGaj_xSb,  the  electrons 
normally  trapped  in  this  deep  level  (when  the  defect  is  neutral)  remotely  dope  the 
InAs  n-type  in  the  superlattice,  leaving  the  defect  positively  charged.  Thus  a  native 
defect  that  is  thought  of  as  an  acceptor  can  actually  be  a  donor  and  control  the  n-type 
doping  of  InAs  quantum  wells.  The  physics  of  such  deep  levels  in  superlattices  and  in 
quantum  wells  is  summarized,  and  related  to  high-speed  devices. 

I.  INTRODUCTION 

The  purpose  of  this  paper  is  to  present  the  main  qualitative  ideas  associated  with 
deep  levels  in  Type- II  superlattices.  We  first  review  the  main  concepts  of  the  modern 
theory  of  doping,  and  then  illustrate  how  these  ideas,  when  applied  to  superlattices  in 
general,  and  to  Type-II  superlattices  in  particular,  lead  to  new  and  interesting  physics. 

n.  SUBSTITUTIONAL  IMPURITIES  IN  BULK  SEMICONDUCTORS 
In  1955  Kohn  and  Luttinger  [1]  explained  the  main  experimental  facts  concerning 
substitutional  hetero valent  impurities  in  semiconductors  by  introducing  the  envelope- 
function  and  the  effective-mass  approximations,  and  by  showing  that  donors  such  as  P 
in  Si  produce  electrons  in  large-radius,  small-binding-energy  hydrogenic  orbits  around 
the  donors.  Here  the  ground  It  state  Bohr  radius  is 

a*  =  h?e(m*t?  =  (0.53  A)(«  mo/m*), 

typically  of  order  100  A,  and  the  binding  energy  (with  respect  to  the  conduction  band 
minimum)  is 

Eg  =  (e*m*/2fi2e2)  _  (13.6  eV)(e“2  m*/mo), 

typically  of  order  10  meV.  (See  Fig.  1  (2].)  In  this  picture,  a  donor  is  an  impurity  whose 
nuclear  charge  Z|e|  exceeds  that  of  the  host  atom  it  replaced.  Absent  from  the  simplest 
form  of  this  picture  is  the  central-cell  potential  Vc,  which  is  necessarily  strong,  being  at 
least  4  eV  for  P  replacing  Si  (because  the  corresponding  t  atomic  energy  levels  differ  by 
that  much),  in  contrast  with  the  shallow  impurity  binding  energy  of  order  45  meV  in 

3 

MeL  Has.  Sec.  Cytap.  Proc.  VoL  338.  *1H4  Materials  Rsseareli  Society 


Si.  This  central-cell  potential  accounts  for  the  dramatically  altered  bonds  between  the 
impurity  and  its  neighboring  atoms.  (See  Fig.  1.)  Also  missing  from  the  effective- mass 
theory  is  any  procedure  for  determining  the  stable  charge-state  in  the  central-cell  of 
the  impurity  —  it  is  simply  assumed  that  P  is  singly  ionised  (P+),  providing  the  extra 
positive  charge  with  respect  to  Si  that  binds  the  extra  P  electron  in  a  hydrogenic  orbit. 
While  this  picture  of  shallow  donors,  and  the  corresponding  picture  of  shallow  accep¬ 
tors,  accounted  for  the  main  phenomena  concerning  conductivity  in  semiconductors, 
the  incompleteness  of  shallow  impurity  effective-mass  theory  became  apparent  with  the 
discovery  of  “deep”  levels  observed  to  be  “bound”  in  the  fundamental  band  gap  both 
below  the  conduction  band  edge  and  above  the  valence  band  maximum  by  more  than 
0.1  eV.  Because  of  their  large  apparent  binding  eneijes,  these  “deep”  levels  were  not 
thermally  ionizable  and  did  not  contribute  to  the  conductivity,  but  they  did  trap  carri¬ 
ers  —  hence  the  name  “deep  traps.”  The  key  to  understanding  deep  levels  was  provided 
by  data  of  Wolford  and  Streetman  for  0,  S,  Se,  and  N  —  all  substituted  for  As  and  P 
in  GaAsi_xPx  alloys  (2}.  In  these  substitutional  crystalline  alloys,  the  virtual  crystal 
approximation  (3]  is  valid,  allowing  one  to  imagine  a  one-electron  band  structure  for 
a  material  with  an  “average”  anion:  (l-x)As-t-xP.  This  band  structure  has  a  valence 
band  maximum  at  k=0  for  all  alloy  compositions  x,  and  two  relative  conduction  band 
minima:  one  at  k=0  that  is  the  absolute  minimum  for  GaAs  (x=0),  and  another  in 
the  (0,0,1)  and  equivalent  directions  of  the  Brillouin  zone,  at  the  X-points,  that  are 
absolute  minima  for  GaP  (x=l).  Fig.  2  shows  how  the  band  gaps  (with  respect  to 
the  valence  band  maximum)  for  each  of  these  two  minima  vary  with  alloy  composition 
x.  (Whenever  the  k=0  conduction  band  minimum  is  an  absolute  minimum,  the  ma¬ 
terial  is  a  direct-gap  semiconductor  and  readily  emits  light,  because  electrons  injected 
into  the  conduction  band  thermalize  to  that  minimum  and  then  recombine  with  holes 
that  have  thermalized  to  the  valence  band  maximum,  also  at  k=0.  The  material  with 
composition  x=0.45  is  used  in  red  light-emitters,  because  it  has  virtually  the  largest 
direct  band  gap  (furthest  into  the  visible)  of  the  GaAsi_xPx  alloys.  For  x>0.5,  the 
lowest  conduction  band  minima  are  at  X,  the  thermalized  electrons  are  at  these  indirect 
conduction  band  minima,  and  the  electrons  have  non-zero  wavevectors,  making  them 
incapable  by  themselves  of  recombining  with  the  zero- wavevec tor  holes.] 

GaAsj_xPx  ion-implanted  with  S  and  Se  exhibited  the  expected  shallow-donor  lev¬ 
els  which  were  “attached”  to  the  conduction  band  minima  and  followed  those  minima 
as  alloy  composition  x  varied,  with  the  binding  energies  Eg  appropriate  to  the  effective 
masses  m*(k=0)  or  m*(k=X).  (See  Fig.  2.)  Oxygen,  despite  being  from  the  same 
Column  of  the  Periodic  Table  as  S  and  Se,  did  not  show  the  expected  “attached  to  the 
band-edge”  behavior,  but  instead  produced  a  “deep”  level  well  within  the  band-gap 
whose  energy  varied  almost  linearly  with  alloy  composition  x.  The  similarity  of  the 
oxygen  data  to  the  data  for  N  was  especially  striking  because  N  is  an  isoelectronic 
defect  from  Column- V,  having  the  same  valence  as  the  As  or  P  it  replaced  —  and  so  N 
has  no  long-ranged  Coulomb  potential,  (-e^/tr),  capable  of  producing  a  shallow- donor- 
type  energy  level.  Yet,  in  GaP,  the  N  level  is  closer  to  the  conduction  band  minimum 
(“shallower")  than  the  shallow  S  and  Se  levels;  for  xasO.5,  the  N  level  is  more  than 
0.1  eV  “deep”  in  the  gap;  and  around  x=0.22  the  N  "deep”  level  appears  to  merge  with 
the  conduction  band.  These  data  (Fig.  2)  strongly  suggested  that  S  and  Se,  like  O,  each 
have  a  “deep"  level,  but  that  the  S  and  Se  deep  levels  lie  above  the  conduction  band 
minimum,  resonant  with  the  conduction  band,  where  they  are  not  normally  observed, 
but  nevertheless  approximately  parallel  the  0  and  N  “deep”  levels  as  alloy  composition 
x  (or  pressure)  is  varied.  Thus  the  data  led  to  the  notion  that  shallow  donors  such  as  S 
and  Se  have  both  shallow  and  " deep  ”  levels,  but  with  the  deep  levels  outside  the  funda- 


Fig.  1.  Schematic  illustration  of  a  donor  in  a  semiconductor.  The  dots  represent 
host  atoms.  At  the  site  labeled  by  a  “+”  there  is  an  impurity,  such  as  P  in  Si  or  S  on  a 
P-site  in  GaP.  It  alters  the  bonds  with  the  neighbors  (jagged  lines).  If  the  deep  states 
associated  with  the  jagged  lines  do  not  produce  levels  in  the  fundamental  band  gap, 
then  the  impurity  is  autoionized  and  becomes  charged  +|e|.  This  charge  then  binds  an 
electron  in  a  hydrogenic  shallow-donor  orbital  (large  ellipse) . 


Fig.  2.  Data  for  energy  levels  (in  eV)  of  0  (chained),  S  (dashed),  Se  (dashed),  and 
N  (chained)  on  anion  sites  in  GaAs}_xPx  crystalline  alloys,  versus  alloy  composition  x, 
by  Wolford  and  Streetman  [2].  The  band  edges  (solid  tines)  at  k=0  and  at  the  X-point 
of  the  Brillouin  cone  (k=(2rr/ajil)(  1,0,0))  are  also  shown.  The  binding  energies  of  the  S 
and  Se  donors  have  been  exaggerated  a  bit  to  facilitate  displaying  them  and  illustrating 
that  the  binding  energy  at  the  X-minimum  is  larger  than  at  the  k=0  minimum. 
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mental  band  gap  and  normally  unobserved.  Prior  to  that  time,  the  distinction  between 
shallow  and  deep  levels  was  provided  by  the  apparent  binding  energies  with  respect 
to  a  nearby  band  edge:  shallow-level  binding  energies  (by  definition)  were  less  than 
0.1  eV,  while  deep  levels  were  in  the  gap  by  more  than  0.1  eV.  The  Wolford-Streetman 
data  required  a  new  definition  of  deep  levels  as  those  levels  produced  by  the  central-cell 
potential.  In  general,  a  hetero valent  s-  and  p- bonded  substitutional  impurity  will  have 
both  the  hydrogenic  series  of  shallow  levels  and  four  “deep”  levels  (one  s-like  and  three 
p-Hke)  in  the  vicinity  of  the  fundamental  band  gap.  Some  or  all  of  the  “deep”  levels 
will  normally  lie  outside  the  fundamental  band  gap.  For  example,  the  p-like  “deep” 
levels  of  O,  S,  Se,  and  N  all  lie  well  outside  the  gap,  while  the  *-like  deep  levels  of  S  and 
Se  he  slightly  above  the  conduction  band  minimum  in  GaAs}_xPx.  The  s-like  “deep” 
level  of  O  lies  within  the  gap,  while  that  of  N  lies  within  the  gap  for  x>0.22  only. 

When  one  of  the  deep  levels  crosses  a  band  edge  or  the  Fermi  level  (as 
a  function  of  host  alloy  composition  x,  for  example)  the  ground-state  and 
the  doping  character  of  the  impurity  changes.  To  see  this,  consider  P  in  Si  or  S 
on  a  P  site  in  GaP  (Fig.  3),  and  ignore  the  empty  p-like  or  Tj-symmetric  “deep"  state 
well  above  the  conduction  band  minimum.  The  “normal”  situation  (Fig.  3)  has  the 
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Fig.  3.  Energy  level  diagram  illustrating  the  various  ground  states  for  a  substitu¬ 
tional  impurity  whose  valence  is  one  more  than  the  valence  of  the  host  atom  it  replaced. 
Holes  are  denoted  by  open  triangles,  electrons  by  solid  circles.  The  valence  band  edge 
(VBM)  is  denoted  by  a  heavy  line,  as  is  the  conduction  band  edge  (CBM).  The  T2- 
symmetric  p-like  level  of  the  defect  contains  no  electrons  and  is  irrelevant  in  this  figure. 
If  the  Aj-symmetric  or  s-like  level  lies  above  the  conduction  band  edge,  its  electron 
is  autoionized,  falls  to  the  band  edge  and  is  bound  by  the  Coulomb  potential  of  the 
ionized  defect  (at  zero  temperature).  Thus,  in  case  (a)  we  have  a  shallow  donor  which 
dopes  the  material  n-type.  If,  as  in  case  (b),  the  s-like  level  lies  in  the  gap,  the  neutral 
impurity  is  a  deep  trap  for  either  electrons  or  holes  and  helps  to  make  the  material 
semi- insulating.  If,  as  in  case  (c),  the  s-like  level  lies  below  the  valence  band  maximum, 
then  the  impurity  is  an  acceptor  with  “false  valence.”  Here  we  have  assumed  that  there 
is  only  one  impurity  in  the  solid. 


*-like  or  Aj-symmetric  “deep”  level  (lightly  above  the  conduction  band  minimum  [4,5], 
occupied  by  one  electron  and  one  hole  for  the  neutral  impurity.  Because  this  level  is 
resonant  with  the  conduction  band,  the  electron  in  it  is  unstable,  scatters  out  of  the 
level,  and  autoion isca  the  impurity,  thereby  creating  the  positive  charge  that  binds  the 
electron  in  a  hydrogenic  shallow  donor  level.  Since  the  ground  state  of  the  impurity 
is  a  shallow  donor  level,  the  impurity  is  termed  a  shallow  donor,  and  dopes  the  host 
n-type. 

However,  one  can  imagine  altering  the  composition  of  the  host  so  that  the  a-like 
deep  level  would  fall  well  within  the  gap  (Fig.  3b),  in  which  case  the  neutral  impurity 
would  be  stable,  the  impurity  would  not  be  autoionixed,  and  the  alike  “deep”  level 
would  contain  one  electron  and  one  hole  —  giving  the  impurity  a  “deep  impurity” 
character.  This  impurity  could  increase  or  decrease  its  neutral  charge  by  capturing 
another  electron  or  hole,  and,  if  the  level  were  energetically  too  distant  (~0.1  eV)  from 
the  nearest  band  edge,  the  carrier  would  not  be  thermalized  at  room  temperature  — 
and  the  impurity  would  be  a  “deep  trap”  tending  to  make  the  host  semi-insulating. 
The  physics  of  Fig.  3b  is  now  generally  accepted,  and  has  been  demonstrated  even  for 
P  in  Si  [5]. 

One  can  imagine  manipulating  the  host’s  band  edges  even  more,  so  that  the  *-like 
deep  level  lies  Mow  the  volenee  bon i  maximum.  In  this  case,  the  hole  autoionizes, 
leaving  a  stable  negative  ion,  and  the  Coulomb  potential  of  this  hole  produces  a  “false- 
valence  acceptor *  state  [6].  The  reason  for  the  terminology  “false- valence”  is  that  an 
impurity  with  one  more  nuclear  charge  than  the  host-atom  it  replaced  appears,  from 
the  effective-mass  viewpoint,  to  have  one  less  nuclear  charge  than  the  host-atom. 

We  can  see  from  these  simple  examples  that  (i)  Four  “deep”  levels  are  present  near 
the  gap  for  all  substitutional  s-  and  y-bonded  impurities,  but  may  not  lie  within  the 
gap,  (ii)  the  relative  positions  of  a  “deep  level”  and  the  host’s  band  edges  (and  Fermi 
energy)  determine  the  doping  character  of  an  impurity  (e.g.,  donor,  trap,  acceptor), 
and  (iii)  by  manipulating  the  energies  of  band  edges  with  respect  to  deep  levels,  it  is 
often  possible  to  alter  the  doping  character  of  an  impurity. 

Thus  the  following  modem  picture  of  doping  is  established:  the  long-ranged 
Coulomb  potential  of  a  heterovalent  impurity  produces  shallow  donor  levels  if  the 
impurity  has  no  “deep”  levels  in  the  gap.  This  Coulomb  potential  produces  hydro¬ 
genic  effective-mass  states  with  (small)  hydrogenic  binding  energies  and  (large)  Bohr 
radii.  These  states  have  small  binding  energies  and  can  be  thermally  ionized  at  room 
temperature,  producing  free  carriers  that  account  for  the  modest  conductivities  of  semi¬ 
conductors.  The  states  are  delocalized  in  real  space  (r-«pace)  but  (according  to  Kohn 
and  Luttinger  [1])  localized  near  a  band  extremum  in  k-space,  so  that  they  appear 
“attached”  to  a  nearby  band-edge  and  follow  that  edge  when  it  is  perturbed  by,  for 
example,  a  change  in  alloy  composition  x  or  applied  pressure  p. 

In  contrast,  the  “deep”  states  i>  originate  from  the  central-cell  potential  Vc  and  the 
altered  bonds  between  the  impurity  and  the  host.  They  are  described  by  a  Koster-Slater 
type  theory  {7] 

(-R2/2 mJV2^  +  VCV>  =  EV>, 


which  is  most  conveniently  solved  using  Green’s  functions  [8],  producing  an  s-like  and 
a  y-like  level  in  the  energetic  vicinity  of  the  fundamental  band  gap.  Such  levels  require 
the  sy^  chemistry  of  covalent  chemical  bonding  in  semiconductors,  have  components 
from  at  least  ten  energy  bands  (bands  made  up  of  one  #-  and  three  y-orbitals  on  each 
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of  two  sites  per  unit  cell,  phis  at  least  one  additional  orbital  such  as  s*  [9]  per  site),  are 
localised  in  r- space,  are  delocalized  in  k-space,  and  often  (but  not  always)  affect  the 
optical  properties  —  often  acting  as  non-radiative  traps  or  “killer  centers”  with  rather 
large  killing  radii  (because  of  the  efficient  exeiton  transport  to  the  centers)  for  excitons 
or  carriers  that  otherwise  might  radiate  light.  The  deep  levels  appear  *» attacked  to 
nearby  band  edges,  behave  like  the  N  and  0  levels  of  Fig.  2,  and  can  have  apparent 
binding  energies  with  respect  to  the  band  edges  that  are  either  negative  or  positive, 
and  several  tenths  of  eV  in  magnitude. 

A  complete  theory  of  a  particular  substitutional  impurity  in  a  semiconductor  must 
account  for  both  its  deep  levels  and  its  shallow  levels,  but,  in  practice,  it  is  easiest  to 
treat  one  or  the  other.  Whenever  a  deep  level  falls  within  a  band  gap,  it  is  normally 
convenient  to  treat  theoretically  the  Koster-Slater  limit  of  only  the  central-cell  poten¬ 
tial,  and  to  include  the  Coulomb  effects  on  that  level  with  perturbation  theory  [10]. 

The  physics  of  an  s-like  deep  level  is  described  schematically  in  Fig.  4  for  the  ex  ¬ 
ample  of  N-doped  GaP.  Starting  with  atomic  Ga  and  P  and  (for  simplicity)  limiting 
ourselves  to  s-states  only  (or,  alternatively,  to  tp^  hybrids  only),  we  note  that  Ga’s 
relevant  4a  atomic  energy  level  <Qa  lies  higher  than  P’s  Ss  level  ep.  (Atomic  energy 
levels  go  down  as  the  effective  nuclear  charge  increases  from  3  to  5.)  Pairing  Ga  and  P 
atoms  into  a  molecule  leads  to  bonding  and  antibonding  molecular  levels  (Fig.  4),  with 
a  bonding-antibonding  splitting  (in  the  extreme  tight-binding  limit)  of  approximately 

Host  splitting  ~  |VGa-Pl2/(<Ga_*P)- 

The  condensation  of  all  the  Ga-P  molecules  into  a  solid  causes  the  bonding  states  to 
broaden  into  the  valence  band,  while  the  antibonding  states  become  the  conduction 
band. 

Replacement  of  one  P  atom  by  a  N  impurity  leads  to  a  “central-cell  defect  potential” 
Vc(r)  with  depth  of  order  Vc~  -7  eV  <a  ejj-ep,  and  radius  equal  to  roughly  the  first 
nearest-neighbor  distance  or  less.  The  bonding-antibonding  splitting  for  the  impurity 
is 


Defect  splitting  ~  |VGa_Nl2/(<Ga“«N)> 

much  smaller  than  the  host-splitting  (because  we  have  the  nearest-neighbor  transfer 
matrix  element  Vq^-P  almost  independent  of  the  anion  [11],  and  a  much  larger  energy 
denominator  for  the  defect),  causing  the  N  defect’s  s-like  “deep  level"  to  fall  in  the 
fundamental  band  gap.  Note  that  this  N  deep  level  is  not  N-like,  but  Ga-like,  and  has 
an  antibonding  wavefunction  similar  to  a  Ga  dangling  bond.  The  “hyperdeep”  level 
of  Fig.  4  is  N-like,  but  normally  is  far  from  the  fundamental  band  gap,  filled  with 
electrons  (for  an  electronegative  impurity),  and  unobserved.  Another  way  to  see  the 
host-like  and  Ga-like  antibonding  character  of  the  deep  level  is  to  make  very  schematic 
charge-density  plots  (Fig.  5).  The  GaP  host’s  valence  band  is  largely  P-like,  while 
the  conduction  band  is  Ga-like.  N,  being  very  electronegative,  attracts  charge  to  its 
bonding  hyperdeep  state,  which  is  almost  totally  N-like,  causing  the  orthogonal  “deep” 
state  in  the  gap  to  be  Ga-like.  This  picture  illustrates  a  major  point  about  such  a  deep 
level:  it  is  localized  in  real  space,  having  a  major  fraction  of  its  charge-density,  not 
on  the  impurity,  but  on  the  nearest- neighbor}.  This  means  that  a  typical  deep  level’s 
radius  is  of  order  5  A,  and  that  most  deep  impurities  on  a  particular  site  with  a  spe¬ 
cific  symmetry  (either  s-like  or  p-like)  have  almost  the  same  wavefunction  [12-14]  and 
almost  the  same  energy  (on  the  20  eV  scale  of  the  spectral  range  of  the  sp^  bonding). 
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Fig.  4.  Schematic  illustration  of  the  physics  of  deep  levels.  The  s  atomic  energy 
levels  of  Ga  and  P  produce  a  bonding-antibonding  splitting  when  the  atoms  are  brought 
together  into  a  molecule.  In  the  solid,  the  bonding  molecular  level  broadens  into  the 
valence  band  and  the  antibonding  level  becomes  the  conduction  band.  When  a  N  atom 
replaces  one  P  atom  in  the  solid,  it  exhibits  a  bonding-antibonding  splitting,  which  is 
smaller  than  for  Ga  and  P,  because  the  N  atomic  energy  level  is  ~7  eV  lower  in  energy, 
causing  the  energy  denominator  in  the  expression  for  the  bonding- antibonding  splitting 
to  be  large.  As  a  result,  the  “deep”  level  in  the  gap  between  the  valence  and  conduction 
bands  foils  within  the  gap.  While  this  level  may  appear  to  be  “bound”  relative  to  the 
conduction  band,  it  is  in  fact  repelled  upwards  by  the  bonding  levels.  If  the  defect 
were  oxygen  instead  of  nitrogen,  its  atomic  level  (and  hyperdeep  level)  would  lie  about 
~15  eV  below  that  of  P,  but  its  deep  level  would  only  lie  slightly  below  N’s. 


9 


CONDUCTION 

°S°Ga 

o  o 

DEEP 

®No 

o’o 

(a) 

(C) 

VALENCE 

o  oGa 
® 

o  o 

HYPERDEEP 

Ga 

O  o 

® 
o  o 

<b) 

(d) 

Fig.  5.  Schematic  charge  densities  for  (a)  the  conduction  band  of  GaP,  (b)  the 
valence  band  of  GaP,  (c)  a  N  deep  level  in  GaP,  and  (d)  a  N  hyperdeep  level  in  GaP. 
Observe  that  the  valence  band  is  P-like,  the  conduction  band  is  Ga-like,  and  the  highly 
electronegative  N  attracts  most  of  the  charge  onto  itself,  in  the  hyperdeep  level.  Hence 
the  deep  level  is  mostly  Ga-like,  having  very  little  impurity  character:  such  deep  levels 
have  energies  and  wavefunctions  that  are  almost  independent  of  the  impurity. 
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Fig.  6.  Energy  levels  of  conduction  band  minima  (CBM)  and  valence  band  maxima 
(VBM)  of  (a)  GaSb,  (b)  AfSb,  and  (c)  InAs.  The  energy  of  the  T2  or  p-like  antisite 
defect  levels  are  also  shown  for  Gag^  and  Afg^.  These  levels  cause  the  antisite  defects 
to  behave  as  shallow  acceptors  in  GaSb,  deep  traps  in  AlSb,  and  remote  donors  in 
InAs. 
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Hence,  in  a  first  approximation,  deep  levels  will  not  be  affected  by  quantum  confinement 
in  s  eeriattsces  unless  the  confining  width  is  of  order  5  A  or  less:  one  or  a  few  atomic 
layers.  Thus  deep  levels  in  superlattices  are  not  very  different  from  deep  levels  in  bulk 
semiconductors. 

However,  band  edge s  in  superlattices,  unlike  deep  level s,  are  sensitive  to  quantum 
confinement,  and  so  quantum  confinement  can  be  “engineered”  to  change  the  energy  of 
a  deep  level  with  respect  to  a  nearby  band  edge,  and  hence  to  change  the  doping  charac¬ 
ter  of  an  impurity  in  a  superlattice.  The  length  scale  on  which  band  edges  are  affected 
is  given  by  the  effective-mass  approximation,  and  is  basically  the  shallow  donor  Bohr 
radius  a*  =  tfie/m*eP,  typically  of  order  100  A.  Thus  the  art  of  engineering  the  doping 
character  of  substitutional  impurities  in  superlattices  reduces  to  the  art  of  engineering 
band  fcdges. 

III.  BAND-EDGE  ENGINEERING 

To  see  how  to  employ  these  principles  in  order  to  determine  the  doping  character 
of  an  impurity,  consider  the  band  edges  of  bulk  GaSb,  AlSb,  and  InAs,  plotted  in  Fig. 
6  with  the  accepted  band  offsets  appropriate  for  thick-layer  superlattices  [15). 

First  we  define  three  types  of  superlattices:  (i)  Type-I  superlattices  such  as 
GaSb/AlSb,  where  (in  the  thick-layer  limit)  the  fundamental  band  gap  of  one  ma¬ 
terial  (GaSb)  lies  entirely  within  the  gap  of  the  other  (AfSb);  (ii)  Type-ll-misaligned 
superlattices,  such  as  InAs/GaSb  [16,17],  where  the  conduction  band  minimum  of  one 
material  (InAs)  lies  at  lower  energy  than  the  valence  band  maximum  of  the  other 
(GaSb);  and  (iii)  Type-II-staggered  superlattices,  such  as  InAs/AlSb  [18-20],  in  which 
the  energy  of  the  valence  band  maximum  of  one  material  (AlSb)  lies  at  an  energy 
within  the  fundamental  gap  of  the  other  (InAs).  Also  shown  in  Fig.  6  are  the  pre¬ 
dicted  p-like  deep  levels  of  Gagjj  and  Afgj,:  Ga  and  A l  on  an  Sb  site  in  GaSb  and 
A/Sb,  respectively.  Note  that  this  energy  is  virtually  the  same  in  both  materials  (on 
an  absolute  energy  scale).  This  p-like  level,  for  the  neutral  antisite  defect,  wants  to 
contain  two  holes  and  four  elections  (in  otherwise  undoped  material),  and  so  by  our 
previous  reasoning  will  be  a  deep  trap  (for  up  to  four  holes  or  two  electrons  —  if  we 
neglect  Coulomb  effects)  in  AfSb  and  a  (double)  shallow  acceptor  in  GaSb. 

By  varying  the  thicknesses  of  the  layers  in  a  superlattice  fabricated  from  GaSb, 
AlSb,  and  InAs,  it  is  possible  to  select  the  band  edges  of  the  superlattice  at  almost 
any  energy  in  the  range  defined  by  the  bulk  materials.  (Here  we  emphasize  that  the 
superlattice  is  a  periodic  structure  with  its  own  conduction  band  minimum  and  valence 
band  maximum.  Readers  accustomed  to  thinking  in  terms  of  quantum  wells  should 
note  that  the  energy  of  the  n=l  quantum-well  state  is  the  band  edge  of  the  super¬ 
lattice.)  For  example,  an  AfSb/GaSb  superlattice  with  very  thin  GaSb  layers  would 
have  a  band  gap  very  close  to  that  of  AfSb  Similarly,  thick  InAs  layers  sandwiched 
between  thin  AfSb  layers  would  have  a  superlattice  gap  close  to  that  of  InAs,  and  the 
electrons  associate  with  the  Atgb  defects  would  spill  from  the  AtSb  layers  into  the  InAs 
layers,  remotely  doping  the  InAs  n-type.  Thus,  in  the  Type- II  staggered  InAs/AfSb 
superlattice  [18-20],  for  some  thin  AfSb  layer-thicknesses,  Afgjj  is  not  a  deep  trap  for 
both  holes  and  electrons  (making  AfSb  semi-insulating)  but  instead  is  a  remote  donor 
controlling  the  number  of  electrons  in  the  InAs  quantum  well.  See  Fig.  7. 

The  technological  significance  of  this  result  is  that  it  provides  a  simple  explanation 
of  why  the  InAs  quantum  wells  in  InAs/A/Sb  systems  are  naturally  doped  n-type. 
These  systems  have  very  large  conduction-band  offsets,  and  so  they  are  prime  candi¬ 
dates  for  making  such  devices  as  high-speed  field-effect  transistors.  If  the  processing 
conditions  for  the  material  always  produce  antisite  defects  A fgj>,  then  these  defects  can 
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dope  the  InAs  quantum  well*  n-type.  Control  of  the  electron  concentration  in  the  well 
can  be  achieved  by  employing  growth  conditions  that  produce  predictable  numbers  of 
these  antisite  defects. 

Of  course,  this  is  not  the  only  model  of  process-related  doping  during  growth  of 
InAs  wells  in  the  InAs/ AlSb  systems.  Ideshita  et  a l.  [21]  have  also  proposed  a  model 
which  relies  on  there  being  more  than  one  impurity.  Ideshita’s  model  has  donors  as 
well  as  deep  acceptors  in  the  AlSb  layers.  Which  model,  if  either,  provides  the  correct 
explanation  of  the  data  remains  to  be  determined. 

IV.  THEORY 

The  formalism  that  supports  the  physics  of  deep  levels  is  very  simple,  having  been 
developed  by  Hjalm arson  et  al  [8]  for  j-  and  p- bonded  impurities  in  semiconductors, 
based  on  earlier  ideas  of  Slater  and  Koster  [7].  Applications  of  the  formalism  to  deep 
levels  both  in  bulk  semiconductors  and  in  superlattices  have  been  discussed  and  re¬ 
viewed  extensively  [22].  Type-II  superlattices  exhibit  some  of  the  most  interesting 
phenomena  in  which  impurities  change  doping  character  as  superlattice  layer  thick¬ 
nesses  are  varied  [22],  with  the  work  of  Shen  et  aL  [16-20]  providing  the  most  details 
and  examples  of  changes  of  doping  character. 

Predictions  for  the  antisite  defects  Gagt,  and  Alg^  are  given  in  Fig.  8  for  Njnj^sxN 
[001]  superlattices  of  InAs  and  either  GaSb  (N=NQagj))  or  AlSb  (N=Ny^gj,),  follow¬ 
ing  Ref.  [16]  and  after  Ref.  [19].  Note  how  the  antisite  defect  levels  are  virtually 
constant  in  energy,  while  the  band  edges  move  around  them  as  the  layer  thicknesses 
are  varied.  Here  Njj^j  (NQjgj,,  N^gjj)  refers  to  the  number  of  atomic  bi-layers  of 
InAs  (GaSb,  AlSb)  in  the  fundamental  period  of  the  superlattice.  When  the  deep  level, 
which  is  p-like,  lies  above  the  conduction  band  minimum  of  the  superlattice,  it  dopes 
the  material  n-type;  when  it  is  in  the  gap,  it  promotes  semi-insulating  behavior,  having 
two  holes  and  four  electrons  occupying  the  level  when  the  impurity  is  neutral.  When 
the  level  lies  below  the  valence  band  maximum  of  the  superlattice,  the  impurity  is  a 
shallow  acceptor.  [Here  we  present  results  for  a  defect  at  the  middle  of  a  GaSb  or  AlSb 
layer.] 
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Fig.  7.  Schematic  illustration  of  an  InAs  quantum  well  sandwiched  between  two 
AlSb  layers.  The  Alg^  defect  is  a  remote  donor,  modulation  doping  the  InAs  n-type. 
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Fig.  8.  Predicted  energies  of  band  edges  (solid  lines)  and  antisite  deep  level  in 
(a)  and  (c)  InAs/GaSb  superlattices  and  in  (d)  and  (f)  NinAsxNA;Sb 

InAs/AISb  superlattices,  following  Ref.  (16]  and  idler  .Ref.  [19].  In  panel  (a)  we  have 
NInAs=10  NGaSb  variable;  in  (c)  N^g  varies  while  we  have  Ngggt^lO.  In  (d) 
we  have  NjILAg=30,  while  NA|gi)  varies;  in  (f)  we  have  NA^gj,=30  and  Njj^g  varies. 
Panels  (b)  and  (e)  show  the  energies  of  the  bulk  band  edges,  for  reference.  The  (centers 
of  gravity  of)  antisite  defect  levels  of  Algt,  and  Gagt,  at  the  layer-centers  are  shown 
as  dashed  lines.  The  splittings  of  these  p-like  levels  are  of  order  50  meV.  Here  NjnAs 
denotes  the  number  of  InAs  bi-atomic  layers  in  the  [001]  superlattice. 
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Pig.  9.  Predictions  [17]  for  A^-like  or  4- like  levels  of  C  on  a  cation  site  in  a  10x10 
[001]  InAs/GaSb  superlattice.  (The  site  0=0  is  a  cation  site.)  Note  that  the  deep  level 
is  almost  constant  in  energy,  moving  down  in  ~nergy  as  it  approaches  the  center  of  the 
In  As  layer,  and  moving  up  in  GaSb.  Cw'  .i  to  put  one  electron  and  one  hole  into 
this  level,  when  the  impurity  is  neutraL  According  to  the  theory  [23],  this  defect  is  a 
donor  in  bulk  In  As,  and  a  trap  (for  either  '  HoL  or  an  electron)  in  bulk  GaSb.  In  the 
superlattice,  it  is  an  acceptor  (false- valence) »  •  InAs  layers,  and  a  trap  in  GaSb  layers. 
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Fig.  10.  Cation-site  Tg-derived  vacancy  levels  in  a  10x10  InAs/GaSb  [001]  su¬ 
perlattice,  after  Ref.  [17],  Note  that  the  vacancy  level  is  predicted  [23]  to  be  T^-like 
or  y-like,  and  to  lie  below  the  valence  band  maxima  of  both  InAs  and  GaSb.  In  the 
superlattice,  the  theory  predicts  that  this  level  moves  up  near  the  superlattice’s  valence 
band  maximum  in  the  GaSb  layers,  where  the  level  is  split  as  the  defect  approaches 
the  interface.  (Note  that  the  /J=40-th  site  is  a  cation  site.)  The  doping  character  of 
this  defect  changes  when  one  or  more  of  its  sub-levels  is  split  and  ascends  into  the 
superlattice’s  fundamental  band  gap. 


Interesting  changes  of  doping  character  can  occur  within  a  superlattice,  at  the  site 
of  the  impurity  changes.  For  example.  Fig.  9  shows  how  C  changes  from  a  donor  in 
InAs  to  an  acceptor  in  an  InAs  layer  of  an  InAs/GaSb  10x10  superlattice,  to  a  trap 
(for  either  holes  or  electrons)  in  a  GaSb  layer,  to  a  trap  in  bulk  GaSb,  according  to  the 
theory.  The  *-like  deep  level  does  vary  its  energy  somewhat  as  the  impurity  becomes 
closer  to  or  farther  from  an  interface,  having  higher  energy  in  the  GaSb  (23). 

A  similar  behavior  is  found  for  a  p-like  cation-rite  vacancy  level  in  10x10 
InAs/GaSb.  (See  Fig.  10.)  The  level  splits  as  the  defect  moves  from  the  center  of 
the  GaSb  layer  toward  an  InAs/GaSb  interface.  In  InAs,  the  level  lies  about  0.5  eV 
lower  in  energy  than  in  GaSb,  due  to  the  electrostatic  differences  in  the  two  compounds 
InAs  and  GaSb.  Thus  this  defect  is  a  (triple)  shallow  acceptor  in  InAs  and  GaSb,  but 
can  split  in  the  superlattice,  having  two  of  its  six  spin-orbital  levels  lying  in  the  gap. 
In  this  case,  it  is  a  single  acceptor  (23). 

V.  SUMMARY 

In  summary,  the  energies  of  deep  levels  in  superlattices  do  not  change  very  much 
in  superlattices  from  the  corresponding  bulk  energies.  They  do  shift  and  split  slightly, 
as  shown  in  Figs.  9  and  10.  However,  a  zero-order  model  of  the  effects  of  superlattices 
on  deep  levels  is  that  the  deep  levels  remain  at  the  same  energies. 

The  big  effect  of  having  a  deep  level  in  a  superlattice  is  that  the  band-edges  of  the 
superlattice  change  as  the  layer  thicknesses  of  the  superlattice  vary  —  and  so  these 
band-edges  can  rather  easily  pass  through  a  (nearly  constant)  deep  level,  provided  that 
the  original  level  falls  close  to  or  within  the  fundamental  band  gap  of  either  constitu- 
tent  of  the  superlattice.  When  this  happens,  the  defect  responsible  for  the  deep  level 
experiences  a  change  of  doping  character  —  and  very  interesting  physics.  Such  changes 
are  most  common  in  Type- II  superlattices,  whose  band  edges  can  be  made  to  vary  over 
quite  a  range  of  energies.  As  a  result,  native  defects,  such  as  the  cation-on-anion  site 
defect  in  InAs/AfxGai_xSb  superlattices,  can  have  a  range  of  doping  characters,  from 
acceptor,  to  deep  trap,  to  remote  donor.  Clearly  the  physics  of  doping  short-period 
Type-II  superlattices  is  going  to  be  very  interesting. 
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[23]  A  word  of  caution  is  in  order  about  the  results  of  Figs.  9  and  10.  We  have  inter¬ 
preted  the  theoretical  results  as  though  there  were  zero  theoretical  uncertainty. 
In  fact  modest  uncertainties  in  the  theory  could  lead  to  somewhat  different  level 
positions  and  hence  different  predictions.  Nevertheless  our  goal  is  to  illustrate 
the  qualitative  features  of  the  theory. 
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ABSTRACT 

The  study  of  electronic  properties  of  GaAs/AlGaAs  quantum  wells  (QWs)  has  traditionally 
been  focused  on  intrinsic  phenomena,  in  particular  the  free  exciton  behaviour.  Defects  and 
impurities  have  often  been  regarded  as  less  relevant  compared  to  the  case  of  bulk 
semiconductors.  Doping  in  QWs  is  important  in  many  applications,  however,  and  recently  the 
knowledge  about  the  structure  of  shallow  donors  and  acceptors  from  optical  spectroscopy  has 
advanced  to  a  level  comparable  to  the  situation  in  bulk  semiconductors.  A  dramatic  difference 
from  the  bulk  case  is  the  common  occurrence  of  localisation  effects  due  to  interface 
roughness  in  QW  structures.  The  recombination  of  bound  excitons  (BEs)  differs  drastically 
from  bulk,  BE  lifetimes  decrease  with  decreasing  well  thickness  Lw,  but  increase  with 
decreasing  barrier  thickness  Lt>  (at  constant  Lw)  below  Lfc=70A.  Exciton  capture  at  impurities 
is  a  process  which  is  strongly  influenced  by  the  localisation  potentials  from  the  interface 
roughness.  The  recombination  process  in  doped  QWs  involves  a  nonradiative  component,  for 
shallow  acceptors  an  excitonic  Auger  process  has  been  identified.  Deep  nonradiative  defects 
in  the  (MBE  grown)  QW  as  well  as  in  the  barrier  material  are  manifested  in  measurements  of 
the  PL  decay  time  vs  temperature.  In  undoped  multiple  QWs  the  decay  times  vs  T  are 
consistent  with  thermal  emission  out  of  the  well  into  the  barrier,  where  nonradiative 
recombination  via  deep  level  defects  occur.  Nonradiative  recombination  in  the  well  itself  can 
be  studied  in  electron-irradiated  structures.  Preliminary  data  also  demonstrate  the  feasibility 
of  hydrogen  passivation  of  dopants  as  well  as  deep  levels  in  the  QW  structures. 


INTRODUCTION 

Optical  spectroscopy  in  bulk  semiconductors  has  been  a  very  powerful  tool  to  investigate  the 
electronic  structure  of  impurities  and  defects  in  semiconductors,  as  well  as  various 
recombination  processes  for  excitons  or  free  carriers.  Extensive  reviews  of  this  research  area 
have  been  presented  [1,2].  For  quantum  wells  (QWs)  the  defects  area  has  had  less  priority, 
probably  since  the  dominance  of  intrinsic  recombination  processes  in  such  structures  was 
recognised  early  [3].  Doped  QWs  are  important  in  many  applications,  however,  and  warrant 
basic  studies  to  gain  a  similar  detailed  knowledge  as  for  bulk  semiconductors.  In  QW 
structures  the  properties  of  shallow  impurities  depend  strongly  on  the  position  in  the  well 
with  respect  to  the  barrier  interface,  which  makes  specially  grown  samples  with  a  specific 
narrow  impurity  profile  necessary  for  detailed  spectroscopic  studies  [4].  Results  from  such 
studies  of  shallow  donors  and  acceptors  in  GaAs/AlGaAs  multiple  quantum  well  (MQW) 
samples  will  be  briefly  reviewed  here  with  reference  to  recent  work.  Dramatic  effects  in 
optical  spectra  from  impurities  in  QWs  are  introduced  by  the  localisation  of  excitons  and 
carriers  associated  with  interface  roughness  potentials.  Photoluminescence  (PL)  spectra  and 
capture  processes  for  excitons  therefore  diner  very  strongly  from  the  bulk  case,  as  will  be 
shown  below.  Also  the  bound  exciton  (BE)  properties  are  quite  sensitive  to  the  confinement 
effects  in  a  QW.  We  shall  discuss  the  effects  of  the  variation  in  well  width  Lw  as  well  as  the 
variation  in  barrier  width  Lt,  on  the  radiative  lifetime  of  BEs . 
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The  recombination  processes  ate  both  radiative  and  nonradiative  in  QW  structures.  At  low 
temperatures  the  radiative  exci tonic  processes  dominate  at  not  too  high  doping,  while  at 
higher  temperatures  (such  as  room  temperature)  nonradiative  processes  are  strong,  at  least  in 
MBE  grown  structures.  At  low  T  a  nonradiative  recombination  channel  due  to  an  exci  tonic 
Auger  effect  has  been  identified  in  acceptordoped  QWs.  At  higher  temperatures 
recombination  can  partly  occur  via  defects  in  the  barrier,  since  excitons  and  carriers  can 
escape  from  the  well  by  thermal  emission  over  the  barrier.  Nonradiative  recombination  via 
deep  level  defects  in  the  well  itself  can  conveniently  be  studied  in  samples  irradiated  with 
high  energy  electrons.  Recent  results  from  such  experiments  will  be  demonstrated  below. 
Finally  a  brief  account  will  be  given  on  recent  work  on  hydrogen  passivation  in  QWs. 


EXPERIMENTAL 

The  samples  used  in  this  work  were  typically  grown  by  MBE  at  a  temperature  of 
nominally  680  °C  without  interruptions  at  the  QW  interfaces.  The  multiple  QW  (MQW) 
samples  were  usually  prepared  with  50  identical  QWs,  with  150  A  Alo.3Gao.7As  barriers  in 
between.  Additional  information  on  the  samples  and  the  experimental  procedure  were  given 
in  refs  4-6,  and  will  be  discussed  in  more  detail  below  whenever  needed. 


SHALLOW  DONORS  AND  ACCEPTORS,  BOUND  EXCITONS 

The  electronic  structure  of  centerdopcd  shallow  Si  donors  in  QWs  have  been  studied 
optically,  both  in  ir  transmission  [7]  and  in  PL  two-electron  (TET)  spectra.  [8] .  The  results 
for  the  ls-2p  and  Is- 2s  transition  energies,  respectively,  are  in  excellent  agreement  with  the 
modified  effective  mass  (EM)  model  calculations  in  ref  [9],  The  BE  binding  energy  is  rather 
small,  typically  1.6  meV  for  L«  =  100  A  (10],  (Fig.  1  (a),  and  the  spectra  at  lower  Lw  are 
strongly  affected  by  the  localisation  of  excitons  in  the  QW.  The  internal  structure  of  the  donor 
BE,  which  is  quite  complicated  in  bulk  GaAs  [11],  has  not  yet  been  resolved  for  the  QW 
case. 


PHOTON  ENERGY  (eV) 


Fig.  1.  PL  spec Un  measured  with  above  bandgap  excitation  at  1.5  K  for  a)  a  Be  acceptor 
doped  150  A  wide  MQW,  and  b)  a  Si  donor  doped  100  A  wide  MQW.  Both  structures  are 
center-doped  to  a  level  of  5xl0,6cm-3- 
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Fijg.  2  The  dependence  of  the  binding  energy  for  the  central  acceptor  BE  on  a)  the  well 
width  and  b)  the  barrier  width  for  a  100  A  wide  QW. 


For  the  case  of  a  shallow 
acceptor  in  an  MQW  quite 
detailed  investigations  have 
recently  been  made.  The  BE 
has  been  studied  in 
detail,  for  the  centerdoped 
case  (see  Fig.  1  (b»,  and  all 
Be  acceptor  states  up  to  3s 
have  been  identified  via  two- 
hole  transitions  (THT)  [12] 
and  ir  spectra  [13].  The 
agreement  with  the  EM 
model  is  satisfactory,  even 
under  a  magnetic  Held 
perturbation  [14,13].  Internal 
structure  of  the  BE  has  also 
been  resolved,  confirming 
that  the  3/2  component  is 
lowest  for  the  Be  acceptor, 
just  like  in  bulk  GaAs  [16]. 
The  energy  splittings 
between  the  sublevels  in  the 
BE  case  are  much  larger, 
however,  about  an  order  of 
magnitude  huger  for  a  100  A 
QW  compared  to  bulk  GaAs 
[161. 
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Fig.  3.  Dispersion  of  bound  exciton  binding 
energy  versus  excitation  photon  energy  for  a 
50  A  Be  acceptor  doped  MQW. 


Off-center  acceptors  have  also  been  studied,  and  the  binding  energies  for  the  acceptor 
ground  stale  (IS-2S  transition  energy)  as  well  as  the  BE  binding  energy  have  been  measured 
as  function  of  position  of  the  acceptor  in  the  well  [4].  The  agreement  with  available 
theoretical  calculations  in  this  case  is  only  modest,  however  [4], . 

The  BE  binding  energies  vs  L*  has  been  studied  in  detail,  and  a  monotonic  increase  vs 
decreasing  L*  is  found  (Fig  2  (a)),  consistent  with  increased  confinement  of  die  two  hole 
state  of  the  bound  exciton  complex  [3,6]. 
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The  analogous  dependence  of  Be  acceptor  binding  energies  has  been  observed. 
Interestingly  the  dependence  of  BE  binding  energy  (with  reference  to  the  FE  energy)  does  not 
vary  with  Lt>  for  100  A  QWs  until  Lw  <  10  A  (Fig  2  (b))  [17],  This  proves  the  direct  relevance 
of  the  two-hole  wavef unction  for  the  BE  binding  energy. 

Interface  localisation  strongly  influences  the  behaviour  of  BE  spectra  in  narrow  QWs.  A 
trivial  example  of  this  is  die  observation  that  clear  BE  spectra  comparable  in  intensity  to  the 
FE  peak  in  QWs  grown  under  uninterrupted  interface  growth  conditions  are  rally  observed  at 
doping  levels  about  1010  cm'2,  while  in  bulk  GaAs  BE  spectra  typically  dominate  FE  spectra 
down  to  very  high  purity  (1013  cm'3).  The  interaction  of  the  interface  localisation  potentials 
and  the  acceptor  BE  potentials  has  been  studied  in  detail  for  L*  =  50  A  (see  Fig  3).  [18,19],  It 
is  obvious  that  the  interpretation  of  BE  binding  energies  for  narrow  QWs  has  to  be  done  with 
great  care  to  obtain  meaningful  results. 

The  BE  decay  times  obtained  from  transient  data  with  resonant  excitation  reveal  the 
oscillator  strengths  as  a  function  of  the  parameters  of  the  QW  design.  The  Lw  dependence 
shows  a  monotonic  decrease  in  lifetime  from  about  4S0  ps  for  Lw  =  ISO  A  to  about  250  ps 
for  Lw  =  50  A.  (Lb  =  150  A)  [20]  (See  fig.  4  (a)).  This  reflects  the  strong  effect  of 
confinement  on  the  BE  lifetime,  which  is  particularly  sensitive  to  the  electron  wavefunction 
in  the  BE  complex  [17].  With  varying  Lb  4  very  dramatic  effect  is  seen  when  the  2D 
character  gets  lost  for  low  values  of  Lb,  see  Fig.  4  (b))  [17]. 


Fig.  4  (a).  Decay  time  for  the 
acceptor  BE  as  a  function  of  QW 
width  at  2  K. 


Fig.  4  (b).  Decay  time  of  the  acceptor 
BE  in  a  100  A  QW  versus  the  barrier 
thickness  Lb,  measured  at  2  K. 


The  decay  time  observed  at  low  temperatures  in  undoped  QWs  is  supposed  to  be  related  to 
the  radiative  lifetime  of  free  excitons,  which  is  strongly  affected  by  localisation  in  typical 
GaAs/AlGaAs  QWs  [  21],  The  very  fast  intrinsic  lifetime  of  FEs  is  observed  initially  within 
die  first  50  ps  after  resonant  excitation  with  a  short  pulse  [22].  In  doped  QWs  excitons  are 
quickly  captured  at  dopants,  such  as  the  neutral  acceptors,  leading  to  BE  recombination  [23]. 
In  this  case  the  apparent  decay  time  of  the  FE  is  usually  completely  dominated  by  the  capture 
to  the  BE  state  [23,24].  This  capture  process  is  quite  different  in  a  QW  compared  to  bulk,  due 
to  the  strong  influence  of  the  interface  localisation  potentials  in  die  QW.  Localisation  in  these 
potentials  compete  strongly  with  impurity  capture  of  excitons  at  low  temperature,  a  process 
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that  is  completely  masking  the  expected  power  law  temperature  dependence  of  exciton 
capture  [25 ,26]. In  fact  the  temperature  dependence  is  slow  at  low  T,  and  typically  shows  a 
peak  below  15  K  (Fig  5  (a,b)). 


Fig.  5  (a)  Temperature  dependence  of  the 
onset  in  bound  exciton  emission  for  a  100A 
acceptor  doped  quantum  welL 


Temperature  (K) 

Fig.  5  (b).  Temperature  dependence  of  the 
time  averaged  exciton  capture  rate  for  100 
A  and  150  A  acceptor  doped  QWs.  Values 
for  bulk  silicon  are  shown  for  comparison. 


NONRADIATTVE  RECOMBINATION  PROCESSES. 

In  intentionally  doped  QWs  the  BE  recombination  is  normally  a  dominantly  radiative 
process,  like  in  bulk  GaAs,  but  nonradiative  processes  have  clearly  been  detected  [27].  An 
important  process  is  the  excitonic  Auger  process,  which  acting  on  an  ionised  acceptor 
produces  free  electrons,  which  are  spectroscopically  delected  via  the  radiative  free  to  bound 
processes  at  acceptors.  Therefore  even  below  bandgap  excitation,  if  resonant  with  free  or 
bound  exciton  states,  will  produce  free  carriers  in  a  QW  [28]  (Fig  6).  In  highly  doped  QWs 
nonradiative  centres  connected  with  dopant  atoms  are  observed  [29].  These  observations  are 
similar  to,  but  perhaps  less  severe  than  die  corresponding  situation  in  bulk  GaAs  [30] . 

In  undoped  QWs  the  radiative  recombination  of  the  FE  is  the  dominating  process  at  low 
temperature.  Non- radiative  recombination  processes  for  carriers  in  undoped  QWs  have  been 
dismissed  by  several  authors  [31-40],  but  no  detailed  study  of  their  importance  has  been 
performed.  The  reason  for  discussing  the  possibility  for  a  non-rad iative  recombination  as  a 
competing  process  to  the  radiative  recombination  is  twofold.  Researchers  with  a  previous 
experience  from  double  heterostructures,  i.e.  a  GaAs  layer  with  a  thickness  in  the  order  of  pm 
surrounded  by  AlGaAs  barriers,  are  used  to  describe  any  deviation  from  the  expected 
radiative  recombination  in  terms  of  an  interface  recombination  [33,37-39].  It  is  then  assumed 
that  excited  carriers  in  the  GaAs  region,  assumed  to  be  of  high  quality  where  only  radiative 
recombination  is  posable,  diffuses  towards  the  interface  and  there  recombines  nonradiatively. 
The  non-radiative  recombination  is  characterised  in  terms  of  a  surface  recombination  rate. 
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This  model  has  also  been  used  in  the 
case  of  QWs  to  motivate  the  importance 
of  non-radiative  recombination  in  these 
structures.  In  e.g.  a  multi  QW  structure 
the  number  of  interfaces  in  relation  to 
the  GaAs  region  are  much  larger  than  in 
the  case  of  a  heterostructure,  which 
should  increase  the  importance  of  the 
non-radiative  surface  recombination. 

The  habit  of  expressing  the  non- 
radiative  recombination  in  terms  of  a 
surface  recombination  rate  has  also  been 
kept,  even  if  the  concept  has  little 
relevance  in  MQWs.  The  origin  of  the 
interface  recombination  is  usually  not 
discussed  in  detail  but  is  most  likely  to 
involve  capture  of  carriers  by  either  a 
multiphonon  emission  or  an  Auger 
process  into  a  deep  level  defect.  It  is 
well  known  that  defects  are  accumulated 
at  the  surface  during  epitaxial  growth, 
and  therefore  are  expected  to  be  present 
with  higher  concentration  at  or  close  to 
the  epitaxial  interface. 

The  second  main  argument  for  non-radiative  recombination  is  to  explain  the  large 
variations  in  measured  PL  decay  time  in  QWs.  Different  studies  have  reported  values  ranging 
from  200  ps  to  600  ps  for  almost  comparable  samples.  The  argument  is  to  explain  this  by  a 
sample  dependent  non-radiative  recombination. 

In  our  opinion  none  of  these  arguments  is  valid  at  low  temperatures.  There  is  no 
experimental  evidence  for  a  non-radiative  recombination  at  low  temperatures  that  is 
comparable  to  the  radiative  recombination  rate.  It  should  here  be  noted  that  the  excitonic 
Auger  process  [27,28]  previously  discussed  requires  the  presence  of  impurity  atoms  and  are 
only  observed  in  highly  intentionally  doped  QWs.  It  is  unlikely  that  this  process  has  any 
importance  in  normal  undoped  structures.  The  large  variations  of  the  published  values  for  the 
free  exciton  decay  time  is  instead  satisfactorily  explained  with  the  concept  of  localised 
excitons.  Potential  fluctuations  occurs  in  the  ideal  QW  due  to  interface  roughness  and 
compositional  fluctuations  in  the  barrier  material.  In  a  2-dimensional  system  any  such 
fluctuation  leads  to  a  localised  state,  in  which  free  excitons  are  more  or  less  weakly  trapped. 
The  recombination  rate  for  a  localised  exciton  will  be  more  determined  by  the  localisation 
potential  than  by  the  radiative  property  of  the  2-dimensional  free  exciton.  This  will  hence 
explain  the  large  variations  of  the  observed  decay  tunes. 

The  main  argument  for  the  negligible  role  of  non-radiative  recombination  at  low 
temperatures  is  however  the  temperature  dependence  of  the  observed  decay  time.  All 
published  experimental  results  [31-36]  show  an  increase  of  the  measured  decay  time  in  the 
temperature  range  from  below  2  K  and  up  to  at  least  hundred  Kelvin.  This  is  expected  for  a 
radiative  recombination  process,  due  to  the  thermal  redistribution  of  excitons,  leaving  a 
smaller  number  of  excitons  in  the  region  with  K=0,  where  the  radiative  recombination  of  the 
free  exciton  is  allowed.  This  almost  linear  increase  of  the  decay  time  is  not  expected  for 
dominating  non-radiative  Auger  processes  or  multiphonon  capture  to  deep  defects.  From  this 
we  conclude  that  non-radiative  recombination  processes  are  typically  of  negligible 
importance  in  QWs  at  lower  temperatures. 

However,  at  higher  temperatures  the  increase  of  the  decay  time  is  broken  and  at 
temperatures  above  about  200  K  a  decrease  of  the  decay  time  is  typically  observed  in  MBE- 
grown  structures.  Figure  7  shows  the  measured  decay  time  as  a  function  of  temperature  for 
four  different  GaAs/AlGaAs  MQW  samples,  with  well  widths  Lw  of  130  A,  100  A,  70  A  and 
55  A,  respectively. 
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Fig.  6  Photocurrent  excitation  (PCE)  spectrum 
for  a  Be-doped  150  A  wide  QW  at  1.5  K. 
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Figure  7.  Measured  decay  times  as  a  function  of  temperature  for  four  different 
GaAs/AlGaAs  MQW  samples.  The  solid  line  is  intended  as  a  guide  to  the  eye  for  each 
sample. 


This  trend  has  been  observed  in  all  published  results  of  die  temperature  dependence  of  the 
decay  time  from  both  single  QWs  and  multiple  QWs,  of  various  quality.  This  decrease  of  die 
decay  time  is  clearly  due  to  an  onset  of  a  n on-radiative  recombination  mechanism,  which  at 
higher  temperatures  dominates  over  the  radiative  recombination.  This  is  concluded  from 
several  experimental  observations.  Firstly,  the  decrease  of  the  decay  time  is  directly  related  to 
a  decrease  in  total  PL  intensity.  Secondly,  we  have  measured  the  intensity  dependence  of  the 
total  PL  intensity  at  different  temperatures,  as  is  shown  in  Fig.  8.  At  77  K  we  obtain  an  almost 
linear  relation  between  excitation  intensity  and  PL  intensity,  indicating  die  dominance  of  a 
radiative  recombination  process.  This  interpretation  is  valid  independently  of  whether  the 
observed  luminescence  is  due  to  free  exciton  or  free  carrier  recombination,  and  only  related  to 
the  absence  of  a  non-radiative  recombination  channel  At  300  K  we  observe  a  relation  of  Ipi 

=  IExc1'42  indicating  the  presence  of  a  non-radiative  channel  in  addition  to  die  radiative 
recombination. 

Finally,  we  observe  a  strong  difference  in  the  intensity  dependence  of  the  decay  curve 
measured  at  different  temperatures.  At  77  K  we  observe  an  increasingly  strong  non¬ 
exponential  decay  curve  with  increasing  excitation  intensity,  reflecting  tire  competition 
between  an  exponential  exciton  recombination  and  the  non-exponential  free  carrier 
recombination.  Both  of  these  recombination  processes  are  radiative,  but  the  recombination  of 
free  carriers  is  due  to  its  quadratic  rate  dominating  at  higher  carrier  concentrations,  obtained 
at  higher  excitation  intensities.  The  decay  curve  is  slightly  non-exponential  even  at  the  lowest 
possible  excitation  intensity.  On  the  other  hand,  at  300  K  we  observe  an  almost  perfect 
exponential  decay  for  all  except  the  highest  excitation  intensities.  This  is  consistent  with  the 
presence  of  a  dominating  non-radiative  recombination  channel. 

We  would  like  to  point  out  that  our  measurements,  as  well  as  other  previously  published 
measurements,  show  that  the  optically  detected  recombination  from  an  MBG  grown  QW 
system  at  room  temperature  is  dominated  by  non-radiative  processes.  This  has  until  recently 
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Figure  8.  Spectrally  integrated  PL  intensity  as  a  function  of  cw  laser  excitation 

measured  at  two  different  temperatures,  77  K  and  300  K. 

been  neglected  and  should  be  of  importance  for  applications  involving  QW  structures.  This 
nonradiative  process  may  probably  be  saturable  at  very  high  excitation  intensities,  however. 

The  process  responsible  for  this  non-radiative  recombination  has  not  been  clearly 
identified,  but  two  main  suggestions  have  during  the  last  years  been  proposed  by  several 
groups,  based  on  different  experimental  results.  The  first  one  is  recombination  through 
defects  at  the  interface  between  the  well  and  barrier  material  [33,37-39],  as  discussed  above. 
Even  if  we  have  excluded  this  process  to  be  of  importance  at  low  temperatures,  it  can  still  be 
present  at  higher  temperatures  where  it  may  be  thermally  activated. 

The  second  proposal  is  a  recombination  via  deep  level  defects  in  the  barrier  material. 
These  will  act  as  a  recombination  channel  for  particles  in  the  QW  through  thermally  activated 
carrier  escape  out  of  the  well,  followed  by  scattering  or  diffusion  away  from  the  QW  and 
finally  a  non-radiative  recombination  in  the  barrier  material  [34-36,40].  This  model  has  been 
used  to  obtain  excellent  agreement  with  experimental  results  in  Gaj_yInyP/(AlxGai. 
x)0.5lno.sP  [34]  and  InxGa  i_xAs/GaAs  [36]  QW's,  in  which  case  both  the  barrier  and  well 
recombination  processes  are  partly  radiative.  The  activation  energy  for  the  onset  of  the  non- 
radiative  recombination  was  in  good  agreement  with  half  of  the  total  confinement  energy, 
supporting  the  model  of  simultaneous  carrier  escape  (ambipolar)  of  electrons  and  holes  (or 
excitons)  out  of  the  well. 

The  same  clear  identification  has  not  been  made  for  the  GaAs/AlxGaj_xAs  system.  Partly 
because  the  barrier  material  exhibits  very  low  PL  at  high  temperatures  and  the  correlation 
between  the  dr  , ay  time  in  the  well  and  barrier  is  more  difficult  By  calculating  the  activation 
energy  for  the  non-radiative  recombination  from  our  experimental  data  we  obtain  values  of 
147  meV,  167  meV  and  212  meV,  for  well  widths  of  50  A,  70  A,  and  100  A  respectively. 
This  is  in  rough  agreement  with  the  expected  activation  energy  for  carrier  escape,  equal  to 
half  the  confinement  energy,  which  is  167  meV,  180  meV,  and  195  meV  for  the 
corresponding  well  widths.  There  are  however  some  uncertainties  with  this  kind  of 
calculation.  The  expected  decay  time  of  the  radiative  recombination  is  not  easily  determined, 
due  to  the  interaction  between  excitons  and  free  carriers,  and  their  combined  contribution  to 
the  radiative  recombination  at  higher  temperatures.  The  same  rough  agreement  has  also  been 
reported  for  single  QW  samples  [35]. 
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It  should  be  noted  that  the  same  general  trend  of  the  decay  time  versus  temperature,  and 
the  value  for  the  calculated  activation  energy,  is  observed  in  single  QWs  as  well  as  in  MQWs. 
In  the  latter  we  can  exclude  the  diffusion  of  carriers,  which  are  thermally  excited  up  into  the 
barriers  away  from  the  well,  as  an  important  mechanism.  These  carriers  are  instead  recaptured 
into  an  adjacent  QW,  and  the  only  non-radiative  recombination  channel  is  a  recombination 
via  deep  level  defects  in  the  barrier  material.  We  therefore  expect  and  do  indeed  observe  a 
longer  decay  time  in  our  MQW  structures  than  in  all  published  results  on  single  QWs  [32], 
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Figure  9.  Measured  decay  time  as  a 
function  of  electron  irradiation  dose 
for  an  MQW  sample  with  well  width 
100  A.  The  upper  dotted  line  is  the 
decay  time  observed  in  the  reference 
sample,  while  the  lower  line 
represents  the  time  resolution. 


Figure  10.  Measured  decay  time  in  a 
100  A  MQW  sample  electron 
irradiated  with  a  dose  of  5x10*5  cnr^ 
as  a  function  of  time  (minutes)  with 
intense  optical  illumination.  Also 
shown  are  the  corresponding  total  PL 
intensity  in  arbitrary  units. 


NON-RADIATIVE  RECOMBINATION  IN  IRRADIATED  SAMPLES 

One  way  to  study  non-radiative  recombination  processes  is  to  intentionally  introduce  a 
high  concentration  of  deep  level  defects  in  the  QW  system.  We  have  made  this  by  2  MeV 
electron  irradiation  of  a  originally  undoped  MQW  sample  with  a  QW  width  of  L^=  100  A. 

The  measured  decay  time  at  low  temperatures  as  a  function  of  electron  irradiation  dose  is 
shown  in  Fig.  9.  The  upper  horizontal  dotted  line  corresponds  to  the  decay  time  in  the 
reference  sample,  while  the  lower  represents  the  time  resolution  of  our  decay  time 
measurement  The  total  PL  intensity  is  consequently  drastically  reduced  with  increasing 
irradiation  dose.  The  decrease  of  the  measured  decay  time  with  increasing  irradiation  dose  is 
expected  and  shows  that  we  have  created  an  eff '  nt  non-radiative  recombination  channel. 
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The  temperature  dependence  of  the  decay  time  in  these  samples  also  shows  the  presence  of  a 
dominating  non-radiative  recombination.  The  general  trend  as  discussed  before  is  more  and 
more  weakened  with  increasing  electron  irradiation  dose.  In  samples  irradiated  above  5*10*5 
cm'2  we  do  not  observe  any  change  of  the  decay  time  with  increasing  temperature.  In  these 
cases  the  non-radiative  recombination  is  completely  dominating  over  the  radiative 
recombination. 

We  have  furthermore  observed  that  the  investigated  non-radiative  recombination  channel 
in  this  sample  can  be  reduced  with  optical  excitation.  Figure  10  shows  the  measured  decay 
time  at  low  temperature  in  the  sample  irradiated  with  an  electron  dose  of  5*10*5  cm'2,  as  a 
function  of  time  with  exposure  of  a  high  intensity  of  laser  excitation,  about  100  W/cm2.  The 
measurements  of  the  decay  time  itself  were  obtained  with  a  decreased  laser  excitation 
intensity  (1%).  The  observed  increase  of  the  decay  time  is  also  directly  related  to  an  increase 
of  the  total  PL  intensity.  From  this  we  conclude  that  we  have  blocked  the  non-radiative 
recombination  channel.  Furthermore,  this  condition  seems  to  be  stable  during  our 
experimental  timescale  (20  minutes)  even  when  the  high  excitation  intensity  is  removed.  This 
behaviour  is  observed  in  the  samples  irradiated  with  5*10*5  and  1*10*6  cm"2.  In  the 
highest  irradiated  sample,  1*10* '  cm'2  ,  the  total  intensity  is  too  low  to  obtain  reliable 
results. 

HYDROGEN  PASSIVATION 

Hydrogen  passivation  is  an  area  of 
extensive  interest  in  connection  with 
doping  and  defect  problems  in  bulk 
semiconductors  [41],  Recently  low 
dimensional  structures  have  also  been 
explored,  and  preliminary  results  appear 
promising  for  further  work  [42].  We  have  ;2 
studied  passivation  of  doped  QWs  ,  both  g 
donor  and  acceptor  doped  samples.  For  the  » 
case  of  donors  in  QWs  a  set  of  samples  jo 
with  varying  degree  of  Si  doping  in  the  g 
well  were  studied,  using  a  remote  plasma  w 
reactor  with  a  sample  temperature  of  about  £» 

175  °C  [43].  Passivation  of  the  donors  was  "3 
evidenced  by  the  strong  changes  in  the  PL  g 
spectra  from  the  samples  (disappearing  of  «jj 
the  BE  line,  reappearance  of  the  FE  £ 
component  in  strongly  doped  samples,  see 
Fig.  11).  This  is  interpreted  as  the  result  of 
a  combination  of  two  effects:  passivation  of 
Si  donors  in  the  QW  and  passivation  of 
surface  states  causing  tire  strong  surface 
potential.  The  passivation  procedure  also 
causes  a  strongly  enhanced  localisation  of 
the  FEs,  manifested  in  a  strong  broadening 
of  the  FE  peak.  The  dependence  of 
localisation  on  the  strong  surface  potential 
implies  that  non-uniform  surface 
passivation  will  result  in  a  distribution  of 
localisation  potentials  in  the  QW.  The 
random  fluctuation  in  surface  potential 
brings  about  localisation  and  a  broadening  Fit  *  *•  Comparison  of  PL  spectra  before 
of  the  FE  transition.  ““* after  hydrogenation  for  a  Si-doped  QW. 
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Passivation  of  acceptordoped 
MQWs  were  also  studied,  with 
low  energy  H  implantation  with  a 
Kaufmann  gun,  using  sample 
temperatures  of  about  300  °C 
[44].  The  Be  acceptors  were 
clearly  partially  compensated  by 
this  technique,  as  evidenced  by  a 
considerable  reduction  of  the  BE 
line  PL  intensity  compared  to  the 
FE  line.  The  effect  was  weaker 
than  in  the  underlying  GaAs 
buffer  layer  however,  and  there 
was  evidence  for  a  long  term 
instability  in  the  passivation 
process:  after  one  year  of  room 
temperature  storage  the  PL 
spectrum  from  the  sample  was 
nearly  the  same  as  for  the  virgin 
condition  before  passivation. 
Some  deep  level  passivation  also 
occurred,  leading  to  an  increase  in 
the  measured  maximum  PL 
lifetime  at  elevated  temperatures, 
(see  Fig  12).  A  too  high  H  dose 
leads  to  a  production  of  additional 
nonradiative  defects,  though.  It 
should  be  mentioned  that  the 
process  conditions  were  far  from 
optimised  in  these  preliminary 
experiments. 
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Fig  12.  Variation  of  the  decay  time  at  150  K  with 
the  dose  of  H  implantation  in  Be-doped  MQW s. 
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ABSTRACT 

Cathodoluminescence  spectroscopy  is  used  to  identify  diffusion-associated  UI-V 
semiconductor  defects  and  establish  their  role  in  AlGaAs/GaAs  intrinsic  and  n-type  impurity 
induced  interdiffusion  (Si,  Ge,  S,  and  Se)  for  various  ambient  conditions.  As-  and  Ga-rich. 
These  identifications  involves  the  study  of  the  temperature  and  composition  dependence  of  these 
deep  levels  ami  their  correlation  with  theoretical  calculations.  Our  results  reveal  Column  III 
vacancies  and  their  complexes  as  the  sole  mediators  of  diffusion. 

INTRODUCTION 

Although  it  is  widely  accepted  that  diffusion  phenomena  are  mediated  by  material  defects, 
either  present  or  externally  induced  by  physical  processing,1-2  the  detection  and  identification  of 
these  defects  have  until  recently  eluded  researchers.3-4  Results  from  atomic  depth  profiles 
measurements  have  allowed  researchers  to  postulate  several  detailed  mechanisms  of  diffusion.1-2 
However,  these  mechanisms  are  controversial  and  they  fail  to  explain  and  predict  general 
diffusion  phenomena.3  Here,  we  report  a  low  energy  cathodoluminescence  spectroscopy  (CLS) 
study  of  interdiffusion  in  a  model  system:  AlGaAs/GaAs  superlattices  (SLs).  These  studies 
provide  the  most  direct  observation  and  identification  of  diffusion-associated  deep  levels  thus 
far,  including  a  first  experimental  indication  of  proposed1-2  diffusion-associated  (Si^-V^) 
complexes  in  Si-induced  interdiffusion.  We  correlate  these  CLS  results  with  those  of  Secondary 
Ion  Mass  Spectroscopy  (SIMS)  and  C-V  depth  profiling  (C-V).7  Experimental  details  can  be 
found  elsewhere.3-7  This  methodology  allows  us  to  address  the  role  that  various  defects  play  in 
the  diffusion  process,  with  and  without  dopants,  determine  defect  energies,  emission  intensities 
and  defect  spatial  distribution,  and  correlate  them  with  atomic  and  dopant  concentration  profiles. 

Most  widespread  observations  of  intrinsic  and  impurity  induced  layer  disordering  (IILD)  of 
AlGaAs/GaAs  heterostructures  are1:  (a)  slow  rate  and  high  activation  energies:  3-6  eV  for  Ga- 
and  4-10  eV  for  As-  self-diffusions,  (b)  strongly  dependent  on  surface  annealing  conditions; 
i.e„  As  overpressure  increases  Ga  and  reduces  As  self-diffusion  rates,  and  (c)  strong  dopant 
effects;  diffusion  rates  increase  by  orders  of  magnitude  in  doped  materials.  The  response  to 
surface  conditions  suggests  diffusion  mechanisms  mediated  by  native  defects  whose 
concentrations  are  functions  of  the  stoichiometry  of  the  semiconductor.1  It  has  been  assumed 
that  Al-Ga  interdiffusion  is  enhanced  on  the  As-rich  (Ga-rich)  side  of  the  stoichiometry  due  to 
an  increase  in  Column  m  vacancy  (interstitial)  concentration.1  The  impurity  enhancement  has 
been  interpreted  as  a  consequence  of  doping  level  and  type,  and  not  some  other  detailed 
atomistic  nature  of  the  dopant  species.2  The  main  factor  is  the  presence  of  the  dopant,  which 
increases  [VqJ  equilibrium  concentrations,  and  not  its  diffusion.2  Our  results  partially  disagree 
with  these  interpretations.  We  show  that  Al-Ga  intrinsic  interdiffiision  is  governed  solely  by 
Vqj.  Moreover,  we  show  that  there  are  contrasting  differences  in  interdiffiision  rates  and 
patterns  induced  by  different  n-type  dopants,  and  prove  that  the  nature  of  the  impurity  plays  a 
unique  role,  besides  the  dopant  effect 
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RESULTS  AND  DISCUSSION 

Figure  1(a)  shows  CL  spectra  of  A1q jGao^As/GaAs  SLs  (13  nm  periods)  annealed  few  2  h  at 
855  °C  and  several  AS4  pressures  in  evacuated  spectrosil  quartz  ampoules.  As  expected,  this 
processing  causes  the  contamination  of  the  outmost  surface  region  of  the  samples  with  O,  C  and 
Si.  SIMS  measurements  showed  no  other  impurities  present  in  the  annealed  specimens. 
Contaminant  levels  are  usually  below  the  intrinsic  electron  concentration  at  855  °C.  Previous 
SIMS  measurements  showed  large  variations  in  SL  intermixing  among  these  samples,7  with  Al- 
Ga  interdiffusion  being  promoted  from  the  surface  and  its  rate  scaling  with  AS4  pressure.  The 
atomic  interdiffusion  correlates  with  changes  in  the  electronic  structure  of  the  superlatuce  with 
anneals  under  different  AS4  pressures.  These  changes  are  shown  in  Figure  1(a)  by  the  increase 
in  band  gap  (BG)  energy  ami  deep  level  emission  with  increase  AS4  pressure.  Rom  the  band 
gap  energy  shift  the  Al-Ga  interdiffusion  coefficient  can  be  extracted.7  In  particular,  for 
samples  annealed  under  Ga-rich  conditions  (bottom  spectrum)  we  observe  no  change  in  band 
gap  energy  and  no  deep  level  emissions;  the  observed  1.46  eV  emission  corresponds  to  band  gap 
recombination  in  unaltered  GaAs  wells.  Accordingly,  SIMS  measurements  showed  that  there 
was  no  Al-Ga  interdiffusion.  These  results  show  that  both  Ga  antisites  and  interstitials,  the 
point  defects  favored  to  be  formed  under  Ga  rich  conditions,6  do  not  mediate  interdiffusion  in 
AlGaAs/GaAs  heterostructures. 

Figure  1(b)  illustrates  in  detail  depth  resolved  CL  of  the  AlQgGaQjAs/GaAs  SL  processed 
under  0.6  atm  of  AS4.  There  are  intense  deep  level  emissions  at  the  1.2-1.45  eV  spectral  region. 
These  bands  broaden  and  their  relative  intensity  decreases  with  increasing  excitation  depth.  The 
band  gap  emission  has  shifted  to  1.8  eV,  and  it  changes  with  excitation  depth  by  about  30  meV. 
There  is  a  weak,  surface  related,3  deep  level  emission  at  0.82  eV.  All  these  features  are  common 
to  all  intrinsic  processed  samples,  but  they  differ  in  the  magnitude  of  band  gap  shift  and  in  the 
relative  intensity  of  deep  level  emissions.  The  electronic  structure  changes  with  depth  correlate 
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Figure  1.  Room  temperature  CL  spectra  of  Alp  gGag ^As/GaAs  SLs  annealed  for  2  h  at  855  °C. 
(a)  at  constant  excitation  depth  for  several  AS4  pressures,  and  (b)  as  function  of  excitation  depth 
for  0.6  atm  As4  pressure.  For  1-5  keV  electron  beam  energies  excitation  depths  are  about  30- 
300  nm;  due  to  carrier  mobility,  recombination  depths  are  larger  by  an  estimated  factor  of  2  [8]. 
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with  the  chemical  composition  changes  shown  by  SIMS  A1  and  Ga  depth  profiles  of  the 
processed  SLs.7  We  associate  the  dominant  1.2-1.45  eV  bands  with  transitions  between  the 
conduction  band  (CB)  and  Ga  vacancy  levels,  CB-Vq,  (see  below).9  It  appears  that  the 
optically  detected  Ga  vacancies,  the  point  defects  favored  to  form  under  As  rich  conditions,6  are 
the  sole  mediators  of  interdiffusion  in  AK3aAsA3aAs  heterostructures. 


Figure  2.  CL  spectra  of  AlogGa^As/GaAs  SLs  annealed  at  855  °C  and  1.2  atm 
As4  pressure,  (a)  0.5  h  annealed  S-ULD,  and  (b)  1  h  annealed  Si-IILD  as 
function  of  excitation  energy.  CL  at  4.0  keV:  (c)  as  function  of  sample 
temperature  for  S-IILD,  and  (d)  of  Si-IILD  as  function  of  annealing  time. 

Figure  2(a)  depicts  CL  spectra  for  S-IILD  of  Alo  gGag^As/GaAs  SL  (10  nm  periods) 
annealed  for  0.5  h  at  855  °C  and  1.2  atm.  of  As4  pressure.  It  shows  band  gap  emission  at  1.8  eV 
and  deep  level  emission  at  1.34  eV,  assigned  to  a  CBtDonor^VQ,  transition,  which  shift  with 
increasing  excitation  depth  by  -50  meV.  These  variations  in  the  electronic  structure  of  the 
processed  material  correlate  with  atomic  and  dopant  inhomogeneities  in  depth  observed  by 
SIMS  and  C-V,7  and  shown  in  Figure  3(a).  This  figure  shows  good  agreement  between  sulfur 
and  electron  concentrations  at  around  550  nm.  This  indicates  a  high  percentage  of  sulfur  atoms 
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at  electrically  active  substitutional  As  sites.10  On  the  other  hand,  the  donor  compensation 
observed  at  die  near  surface  region  is  explained  by  an  increase  in  Vq,  (acceptor)  concentration, 
as  shown  by  the  1.34  eV  intensity  profile  in  Figure  2(a). 

Figure  2(b)  depicts  CL  spectra  for  Si-ULD  of  A1q  gGao^As/GaAs  SLs  (13  nm  periods) 
annealed  for  1  h  at  835  °C  and  1.2  atm.  of  AS4  pressure.  The  CL  spectra  of  Si-IILD  samples 
show  dramatic  changes  with  excitation  depth.  The  bottom  CL  spectra,  1-3  keV,  show  deep  level 
emissions  at  1.3  eV  and  0.82  eV,  and  an  extremely  weak  emission  at  about  1.88  eV.  This  value 
is  close  to  the  band  gap  of  the  intermixed  SL.  With  increasing  excitation  depth,  the  band  gap 
emission  of  the  unaltered  superlattice  is  observed,  whereas  the  deep  level  emission  intensities 
decrease.  For  correlation  purposes  we  also  shows  the  SIMS  data.7  Figure  3  shows  that  for  both 
Si-  and  Ge-IILD  the  interdiffusion  profiles  present  sharp  boundaries  between  the  totally 
intermixed  region  and  the  unaltered  region  of  the  superlattice  (S-IILD  shows  no  sharp 
boundaries).7  Note  that  the  maximum  doping  level  is  about  3  times  lower  for  Ge-  than  for  Si- 
IILD,  but  the  interdiffusion  rate  is  about  3  times  faster  (this  contradicts  the  predictions  of  the 
Fermi-level  effect  model).2  The  CL  results  indicate  a  dominant  role  for  the  defect  associated 
with  the  1.3  eV  emission  as  a  mediator  for  n-type  IILD  at  AlGaAs/GaAs  heterostructures. 

We  now  characterize  1.15-1.45  eV  emission  bands  to  transitions  involving  CB(donors)  and 
Vqj  states  by  studying  the  temperature  and  composition  dependence  of  the  deep  level  emission 
energies.  Figure  2(c)  shows  CL  spectra  of  S-IILD  of  AlGaAs/GaAs  SLs  carried  out  in  the  range 
300-100  K.  These  measurements  indicate  that  both  band  gap  and  1.3  eV  emissions  shift  from 
their  300  K  values  by  approximately  +60  meV  with  decreasing  temperature.  The  identification 
of  deep  level  transitions  requires  the  knowledge  of  the  ’absolute"  energy  change  of  deep  levels 
(DL),  valence  band  (VB)  and  CB  states  (T  band)  with  temperature  or  pressure.  We  use  previous 
theoretical  results  for  GaAs  and  AlAs  deformation  potentials,11  which  show  small  (large) 
variations  for  the  VB  (CB).  Similar  values  are  obtained  for  shallow  donor  and  acceptor  states, 
where  the  impurity  potential  is  dominated  by  the  long-range  (Coulomb)  term.12-13  Deep  levels 
are  less  sensitive  to  changes  in  temperature  or  pressure  than  the  semiconductor  bands,13  because 
deep  levels  originate  from  the  short-range  central-cell  defect  potential,  which  is  very  strong 
within  the  effective  radius  of  the  defect13  Based  on  these  theoretical  results, n-12- 13  in  Figure 
4(a)  we  plot  our  calculations  of  the  temperature  dependence  of  the  transitions.  Both  T-VB  and 


Figure  3:  SIMS  and  C-V  depth  profiles  of  (a)  S-,  (b)  Si-  and  (c)  Ge-IILD  of 
AlogGa<)2 As/GaAs  heterostructures  (all  SLs  10  nm  periods).  Processing 
conditions:  0.3  h  at  855  °C  and  1.2  atm  AS4  pressure.[7] 


34 


r-DL  transitions  have  similar  shifts  with  sample  temperature.  Thus,  by  correlating  these  with 
the  experimental  results  (Figure  2(c)),  we  assign  the  1.3  eV  band  to  a  transition  between  the 
CB (donor)  and  DL< acceptor)  states,  Vq,,  the  defect  favored  to  be  formed  under  As  rich 
conditions  and  n-type  doping. 

Figure  2(d)  shows  CL  spectra  of 
Si-IILD  SLs  annealed  for  increasing 
times.  The  deep  level  emission  (and 
the  SL  intermixing)  evolves  with 
annealing  time  from  1.3  eV  (lh,  1/3 
intermixed)  to  1.33  eV  (2h,  2/3 
intermixed)  to  1.28  eV  (4h,  total 
intermixing).  Concurrently,  the 
concentration  of  in-diffused  Si 
reaches  a  mid  10"19  cm*3  level 
across  the  superlattice.  Figure  4(b) 
depicts  our  calculations  of  the 
change  in  transition  energies  caused 
by  the  change  in  CB,  VB,  and  deep 
level  energies  (Si^,  and  VqJ  with 
increasing  A1  content  For  Si  doped 
GaAs  the  transition 

energy  is  1.18  eV,14  and  the  Vq, 
energy  level  lies  0.25  eV  above  the  VB  maximum.  Using  this  value  as  reference  and  theoretical 
and  experimental  trends  of  the  bands  and  Vq,  energy  positions  with  varying  A1  content,11’13  we 
estimate  a  0.25  eV  range  for  the  CB(D>-VGa.transition.  Thus,  the  increase  in  CB-Vq,  transition 
energy  with  increasing  A1  composition  explains  the  observed  deep  level  emission  shift  to  higher 
energies  with  increasing  annealing  time.  Also,  the  range  of  emission  energies  explains  the 
previous  assignment  of  the  1.15-1.45  eV  emissions  to  CB-Vq,  transitions  for  the  intrinsic 
interdiffusion  case.The  CL  spectrum  of  the  Si-IILD  4  h  annealed  sample,  top  spectrum  of  Figure 
2(d),  shows  the  dominant  deep  level  emission  broadened  and  shifted  to  lower  energies.  A  most 
likely  explanation  is  the  additional  occurrence  of  transitions  involving  deep  levels  Si^  and 
for  A1  indiffused  wells  and  high  Si  concentrations,  see  Figure  4(b).  With  increasing  A1 
composition,  i.e„  larger  than  0.22,  a  large  fraction  of  Si^  (donors)  becomes  deep  donor 
centers.15  For  Si  and  Vq,  concentrations  in  the  1019  cm'3  range  the  average  distance  between 
randomly  distributed  centers  is  about  3  nm.  Coulomb  attraction  between  Si^  donors  and 
acceptors  can  make  that  distance  shorter,  making  probable  radiative  transitions  between  these 
localized  states.14  These  CL  results  arise  as  a  first  experimental  indication  of  diffusion- 
associated  (SiQg-VQg)  complexes  in  Si-induced  interdiffusion,  and  they  strongly  support  the 
proposed1’2  and  recently  theoretically  assessed6  role  of  donor-vacancy  complexes  as  mediator  of 
interdiffusion  in  m-V  semiconductors  under  As-rich  conditions. 

For  the  range  of  electrochemical  potentials  addressed  in  this  report  the  primary  mediator  of 
Al-Ga  interdiffusion  is  Vca  and  its  complexes.  These  defects,  which  are  created  on  the  surface 
via  a  heterogeneous  chemical  reactions,1  in-diffuse  and  create  a  concentration  profile  of 
available  hopping  sites  for  Al-Ga  interdiffusion.  This  process  is  enhanced  by  n-type  dopants, 
but  this  Fermi  level  effect  does  not  fully  explain  the  differences  among  different  impurities.16 

We  propose  that  the  relative  electronegativity,  X.  of  the  impurity  with  respect  to  the  anion 
host  determines  the  in-diffusion  path  of  the  impurity  and  subsequently,  the  particular  Al-Ga 
interdiffusion  pattern.  Impurities  with  %  larger  than  the  anion  (x$,  XSe^As’  Pauling's  scale)  will 


Figure  4.  Schematic  diagram  of  emission 
energies  for  AlxGai.xAs  as  function  of  (a) 
temperature  (x  =  0.25),  and  (b)  A1  composition. 
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preferentially  substitute  for  the  anion  and  will  in-diffuse  through  the  As-sublattice,  i.e.,  sulfur 
was  shown  to  be  substitutional  solely  in  the  As  sublattice  of  GaAs.10  As  the  Fermi  level  moves 
upwards  the  [VqJ  increases,  but  impurity  in-diffusion  is  limited  by  the  availability  of  V^  7 
litis  makes  sulfur  inefficient  for  DLD.  An  extreme  case  is  that  of  carbon,  which  inhibits 
OLD.17  With  Xc  =  2.5,  carbon  substitutes  for  As  and  is  a  p-type  dopant  in  GaAs.  Those 
impurities  with  %  smaller  than  the  anion  (xs»,  XGe^As)  in-diffuse  through  the  Ga  sublattice.  In 
this  case  the  Fermi  level  effect  creates  more  sites  for  impurity  in-diffusion,  further  increasing  the 
dopant  level,  the  [VqJ,  and  favoring  the  formation  of  pair  defect  complexes  which  can  fast  in- 
diffuse. 1 -2> 6  The  result  is  the  total  intermixing  of  the  superlattice  in  regions  where  the  impurities 
in-diffused,  producing  sharp  boundaries  between  altered  and  unaltered  regions  of  the  SL. 

To  understand  the  differences  in  IILD  within  each  particular  dopant  group,  i.e..  Si  and  Ge, 
further  properties  should  be  considered.  For  instance,  the  local  bond  energy  is  the  main 
contribution  to  the  activation  energy  for  diffusion.  Because  of  the  openness  of  the  zincblende 
structure  there  is  no  large  resistance  to  hopping  through,  although,  differences  in  atomic  sire 
may  be  of  importance  in  the  local  tensile  stress  introduced  to  the  lattice  by  the  impurity  atom. 
To  clarify  these  points,  theoretical  comparative  calculations  of  X-Vq,  complexes  are  necessary. 

In  conclusion,  we  have  detected  the  diffusion-associated  defects  responsible  for 
interdiffusion  at  AlGaAs/GaAs  SLs.  Our  methodology  strongly  suggests  these  defects  as 
and  its  complexes,  i.e.,  Si^-Vog.  The  correlation  of  CL  spectra  with  atomic  interdiffusion  and 
doping  provides  the  most  direct  evidence  of  point  defects  associated  with  diffusion  phenomena 
yet  reported.  We  formulate  a  simple  qualitative  model  for  DLD  which  goes  beyond  the  Fermi 
level  effect  by  taking  into  account  the  properties  of  the  in-diffusing  impurities. 

We  thanks  B.  Olmsted  and  S.  Houde- Walter  for  sample  processing  and  chemical  analysis. 
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Abatract 

The  Al-Oa  inter-diffusion  induced  by  Si  FIB  implantation  and  subsequent  RTA  were 
investigated  in  an  Alo.3Gao.7As/GaAs  superlattice  with  equal  3.5  nm  barrier  and  well  widths. 
Si-*"*  was  accelerated  to  50  kV  as  well  as  lOOkV  and  implanted  parallel  to  sample  normal  at  doses 
ranging  from  1013  to  1013/cm2.  The  effect  of  rapid  thermal  anneal  of  10s  at  950°C  was 
characterized  by  SIMS  technique.  In  the  implanted  region,  the  inter-diffusion  as  well  as 
compositional  mixing  were  significantly  enhanced.  An  ion  dose  as  low  as  IxlO^/cm2  results  in 
a  two-order  of  magnitude  increase  in  die  inter-diffusion  coefficient,  to  a  value  of  4.5xl0*u 
cmtysec,  in  contrast  to  13xlO"16  cmtysec  bom  RTA-only.  This  produces  a  mixing  parameter  of 
~90%.  A  strong  depth  dependence  of  the  mixing  process  was  observed  at  implantation  energy 
of  lOOkcV  with  a  pinch -off  region  being  formed  at  certain  depth.  It  is  noticed  that  the  depth 
where  this  enhancement  occurred  is  not  associated  with  either  the  maximum  concentration  of  Si 
ions  or  of  vacancies .  Instead,  it  represents  the  positive  maximum  of  the  second  derivative  of  the 
vacancy  profile,  which  in  turn  represents  the  vacancy  injection  generated  by  presence  of  a 
transient  vacancy  concentration  gradient  Based  on  this,  a  theoretical  model  was  developed  using 
vacancy  injection  as  responsible  for  mixing. 

Introduction 

The  compositional  mixing  in  A1  i_xGax  As/Al  i.yGayAs  superlattice  (SL)  structures  can  be 
significandy  enhanced  by  implantation  of  certain  specks  such  as  Si  U*4!.  In  the  mixed  region,  the 
energy  band  gap  as  well  as  the  index  of  refraction  are  changed.  Therefore,  novel  optical  devices 
such  as  DFB  or  OBR  lasers,  channel  waveguides  and  quantum  wires  can  be  fabricated  by  locally 
inducing  the  mixing  in  SL  structure.  Focused  ion  beam  (FIB)  implantation  has  been  especially 
attractive  in  these  applications  since  it  provides  a  maskless  and  resistless  process. 

Many  mixing  applications  require  a  small  lateral  extent  Therefore,  the  minimization  of 
lateral  spreading  of  the  mixed  region  has  to  be  seriously  considered.  In  general,  the  lateral 
resolution  is  limited  by  die  resolution  of  pattern  transfer  technology,  die  lateral  profile  and 
straggling  of  the  ions  in  the  solid  and  lateral  diffusion  during  the  post- implantation  annealing. 
Higji  spatial  resolution  can  be  achieved  by:  (a)  employing  short-period  superlattices,  which  are 
more  readily  mixed;  (b)  low  dose  implantation,  which  has  relatively  smaller  lateral  spread;  (c) 
rapid  thermal  annealing  with  a  minimal  thermal  budget  On  the  other  hand,  by  precisely 
controlling  the  depth  of  the  mixed  regions,  one  can  fabricate  a  gain-coupled  DFB  superlattice 
laser  which  has  a  number  of  advantages  over  conventional  AR-coated  DFB  laser  f*) . 
Understanding  of  tire  mixing  mechanism  is  essential  to  precisely  control  the  mixing  process  in 
both  horizontal  and  vertical  directions. 

The  compositional  mixing  takes  {dace  during  Al-Ga  inter-diffusion  between  AlGaAs  and 
GaAs  layers.  The  inter-diffusion  is  known  to  proceed  through  point  defects.  For  n-type  dopant 
Si,  tire  Fermi-level  effect  theory  is  widely  accepted  under  thermal  equilibrium  condition.  In  this 
case,  the  thermal  equilibrium  concentration  of  the  charged  point  defect  is  enhanced  by  doping  and 
consequently  the  presence  of  the  dopant  is  of  importance  for  enhancing  mixing  ffl.  The  diffusion 
of  Si  impurities  was  also  suggested  to  be  responsible  for  the  enhancement!2*3!.  However,  in  a 
nonequilibrium  process,  suchas  post-implantation  rapid  thermal  annealing,  neither  the  Fermi- 

37 

Hat  Rat.  Soc.  Symp.  Prac.  Vot.  325.  *1994  Matariata  Raaaarch  Society 


level  effect  nor  the  impurity  diffusion  model  is  effective!*'12].  This  is  due  to  die  fact  that  thermal 
equilibrium  is  not  attained  and  the  Si  diffusion  is  negligible  in  the  time  frame  of  RTA. 
Meanwhile,  since  a  vacancy  gradient  is  introduced  by  ion  implantation,  the  vacancies  diffuse 
significantly  during  rapid  thermal  process.  The  motion  of  these  nonequilibrium  point  defects  was 
found  to  play  a  key  role  in  inter-diffusion  enhancement 


Experimental  Procedure 

The  superiattice  samples  used  in  this  study  were  grown  by  molecular  beam  epitaxy .  The 
substrate  was  (100)  GaAs.  A  GaAs  buffer  layer  was  grown  first,  followed  by  a  lpm 
Alo.3Gao.7As  cladding  layer  ,  a  single  30nm  GaAs  quantum  well,  a  superlattice  stack  of  29 
periods  consisting  of  3.S  nm  GaAs  wells  and  3.5  nm  Alo.3Gao.7As  barriers  .  and  a  50nm 
Alo.3Gao.7As  cap. 

FIB  implantation  was  performed  with  a  system  capable  of  150kV  acceleration!13!.  280pm 
x  280pm  square  patterns  were  implanted.  Si++  ions  were  accelerated  to  SO  and  lOOkV  and 
implanted  parallel  to  sample  normal  at  doses  ranging  from  1013  to  3xl014cm~2.  The  Si++ 
focused  ion  beam  had  a  current  of  25pA  and  a  beam  diameter  of  ~80nm.  The  subsequent  rapid 
thermal  annealing  was  carried  out  at  950°C  for  10  seconds,  which  was  previously  established!1! 
to  provide  a  suitable  thermal  process  for  mixing  while  preserving  the  structure  of  the  unimplanted 
superlattice.  Secondary  ion  mass  spectroscopy  (SIMS)  was  employed  to  precisely  measure  the 
atomic  composition  of  A1  and  Si  as  a  function  of  depth. 


Results  and  Discussion 

SIMS  depth  profiles  of  the  superiattice  after  lOOkeV  implantation  and  subsequent 
annealing  are  shown  in  Fig.l.  The  mixing  generated  by  lOOkeV  implantation  is  enhanced  toward 
a  point  roughly  in  the  middle  of  superiattice  stack.  On  the  other  hand,  200keV  Si  implantation, 
for  which  the  Rn  is  deeper  than  the  end  of  superiattice  stack,  induced  uniform  mixing  throughout 
the  entire  superiattice  depth.  The  degree  of  mixing  is  represented  by  the  A1  peak-valley  ratios  and 
the  inter-diffusion  coefficient  can  be  calculated  from  this  ratio  using  error  function  model.  For 
these  uniformly  mixed  samples,  we  have  previously  presented  a  quantitative  analysis  of  the 
SIMS  depth  profiles!*!.  An  ion  dose  as  low  as  3xl013cm*2  is  capable  of  producing  -70% 
mixing.  A  dose  of  lxKFVcm2  yields  a  mixing  parameter  of  -90%  and  also  results  in  a  two- 
order  of  magnitude  increase  in  the  diffusion  coefficient,  to  a  value  of  -4.5x10' 14  cm2/sec,  in 
contrast  to  1.3xl0"1#  cmVsec  from  RTA-only. 

For  lOOkeV  implanted  samples  (shown  in  Fig.1),  the  average  degree  of  mixing  over 
entire  superiattice  is  still  proportional  to  dose.  However,  the  mixing  at  depth  from  ~150nm  to 
220nm  is  much  more  effective  than  elsewhere  in  the  superiattice.  With  various  doses,  the  peak- 
valky  ratio  in  this  region  is  significantly  decreased  and  eventually  a  complete  pinched-off  is 
formed  at  depth  of  17GsiHi(from  Fig.  1  (b)>.  In  the  following  discussion,  we  will  refer  this  mostly 
mixed  region  (lSOnm  to  220nm)  as  the  "pinch-off"  region.  By  comparing  die  Si  depth  profiles 
with  and  without  RTA,  negligible  Si  impurity  diffusion  was  observed,  indicating  that  impurity 
diffusion  is  insignificant  in  SL  mixing  in  the  RTA  time  frame,  unlike  the  case  of  furnace 
annealing.  It  is  important  to  note  that  the  maximum  mixing  (pinch-off  point  and  region)  takes 
place  at  a  depth  beyond  the  projected  range  of  lOOkV  Si  ions  (Rp-100nm)  (see  Fig.2).  This  fact 
suggests  that  the  degree  of  mixing  is  no  longer  dominated  by  either  impurity  concentration  or  the 
vacancy  concentration  as  described  in  the  Fermi-level  effect  model. 

To  explore  the  mechanism  of  the  enhanced  mixing  in  die  pinch-off  region,  the  depth 
distribution  of  Si  and  vacancy  concentrations  were  simulated  using  TRIM!14!.  Si  depth  profiles 
computed  by  TRIM  were  in  good  agreement  with  those  measured  by  SIMS.  The  depth  profile  of 
the  vacancy  concentration  is  shown  in  Fig.2.  As  with  the  Si  concentration,  the  position  of 
maximum  vacancy  concentration  is  much  shallower  than  the  pinch-off  region.  The  inter-diffusion 
coefficient  as  a  function  of  depth  was  calculated  and  is  shown  Rg.4. 
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Fig.l  SIMS  depth  profiles  of  A1  in  superlatoces  implanted  by  50kV  Si  ♦+  at  different 
doses  followed  by  rapid  thermal  annealing  at  950°C  for  10  seconds. 


Depth  (nm) 

Fig.2  Depth  distribution  of  Si  and  vacancy  concentration  after  Si  implantation 
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Fig. 3  Depth  profiles  of  A1  mole  fraction  of  superiartice  and  second 
derivative  of  vacancy  concentration  (SDVQ 
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Fig.4  Inter-diffusion  and  second  derivative  of  vacancy  concentration  (SDVC)  as  a 
function  of  depth.  Si  ion  energy:  lOOkeV,  Dose:  lxl0,4cm-2  RTA:  950°C,I0s. 

A  similar  depth-dependence  was  reported  t9'I2i  for  different  SL  structures  and  RTA 
conditions.  The  contrast  in  A1  composition  between  mixed  and  unmixed  region  is  usually  more 
dramatic  SL  features  longer  period.  Fix’  example,  in  die  result  reported  by  Lee  et  alP)  which  is 
reproduced  in  Fig.5,  the  on-set  of  mixing  abruptly  occurs  in  a  region  which  is  deeper  than  the 
Rp.  A  transient-enhanced  interdiffusion  theory  was  established  by  Kahen,  et  <j/.[9-12J  for 
explaining  the  mechanism  of  inter-diffusion  in  the  time  frame  of  RTA.  In  this  theory,  die  vacancy 
diffusion  was  calculated  and  the  assumption  of  Dm*  D^Uq)  (Cv  /  CVjm  )  presumes  that  excess 
vacancies  are  responsible  for  the  enhancement  in  inter-diffusion.  Dai.  D(Aleq).  Cv  and  C(Vx<i) m 
the  transient  A1  diffusion  coefficient,  thermal  equilibrium  At  diffusion  coefficient,  transient 
vacancy  concentration  and  thermal  equilibrium  vacancy  concentration,  respectively.  However, 
according  to  this  assumption,  the  maximum  inter-diffusion  should  coincide  with  the  peak  of  the 
vacancy  concentration,  which  contradicts  die  experimental  results  reported  by  Lee  et  al.M  as  well 
as  those  reported  in  this  papa. 


t 


I 


40 


The  calculation  of  the  second  derivative  of  the  vacancy  concentration, 
SD VC=(  d2C,  (x,  t)  /  9x2 ) ,  was  performed.  The  SDVC  depth  distribution  and  inter-diffusion 

coefficient  are  shown  in  Fig.3  and  4  for  a  dose  of  lxl014cnr2.  From  Fig.3,  one  can  clearly  see 
that  the  pinch-off  mixing  only  takes  place  in  the  region  where  SDVC  us  positive  and  that  the 
pinch-off  point  coincides  to  the  maximum  SDVC  value.  In  another  aspect,  Fig.4  shows  that 
inter-diffusion  is  greatly  enhanced  by  a  positive  SDVC.  According  to  Fick's  second  law  of 
diffusion,  the  vacancy  concentration  time-  and  space -dependence  are  interrelated: 

dC.(x.t)  _  ^  a2C,(x,t) 

at  •  ax2  '  w 

A  positive  SDVC  results  in  a  positive  dC,  (x,  tV3t  which  indicates  that  vacancies  are  injected 
into  the  region.  Therefore,  we  conclude  that  the  Al-Ga  inter-diffusion  is  enhanced  by  the  vacancy 
injection.  Through  curve  fitting,  an  exponential  form  of  the  inter-diffusion  coefficient  is  derived 
as  a  function  of  SDVC  Hence,  in  the  dme  frame  of  RTA,  we  suggest  that  the  Al-Ga  inter- 
diffusion  coefficient  can  be  written  as: 

DAl=D(Al,eq)P«Ia'(d2Cv/dx2)J.  (2) 

where  a  and  f)  are  constants  and  the  exponential  term  represents  the  enhanced  inter-diffusion 
effect  of  vacancy  injection.  Equation  (2)  suggests  that  in  the  time  scale  of  RTA,  the  Al-Ga  inter- 
diffusion  is  greatly  affected  by  the  motion  of  vacancies  that  occurs  during  the  early  period  of 
annealing  due  to  the  implantation-induced  gradient  In  this  period,  nonequilibrium  processes  take 
place,  the  inter-diffusion  proceeds  through  charged  vacancies  as  usual  and  is  further  enhanced  by 
vacancy  injection  in  the  region.  The  vacancy  injection  greatly  enhances  the  Al-Ga  inter-diffusion 
and  becomes  a  decisive  factor  in  the  short  period  of  annealing.  However,  this  vacancy  injection 
process  is  saturated  in  a  few  seconds!?!  because  the  vacancy  thermal  equilibrium  is  established. 
Therefore,  the  mixing  usually  does  not  increase  appreciably  as  the  annealing  time  is  increased 
beyond  this  point  I5-?!.  When  the  annealing  time  is  long  enough  (as  in  furnace  annealing),  the 
mixing  process  will  be  dominated  by  impurity  concentration  as  well  as  impurity  diffusion  as 
described  in  the  Fermi-level  effect  and  impurity  diffusion  models. 


Si+:  220keV,  3xl0,5cm'2 
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Fig.5  TRIM  simulated  depth  (nofiles  of  Si  concentration  and  SDVC  for  the  Si+  implantation 
with  220keV  at  dose  of  3xl0“cm-2  in  GaAs/AlGaAs  superlattice(period:  20nm+20nm).  The 
thickness  of  SL  stack  is  1.6(im  and  complete  mixing  occurs  in  the  marked  region.  The 
experiment  and  SIMS  profiles  were  published  by  Lee  et  al.  I?!. 
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As  a  verification,  we  have  calculated  the  impurity  and  vacancy  distribution  of  a  different 
super!  attice  structure  and  implantation  condition,  in  which  a  strongly  depth -dependent  mixing 
was  also  observed i5’  The  results  are  shown  in  Fi|.5.  Since  the  period  of  superlattice  used 

here  was  quite  thick  (4Qnm),  the  required  dose  for  mixing  was  considerably  higher.  The  energy 
of  implanted  Si+  was  220keV,  which  corresponds  to  a  Rp  of  280nm.  Rapid  thermal  annealing 
was  performed  subsequently.  Similarly  to  the  results  we  reported  above,  the  mixing  only 
occurred  from  depth  of  -320nm-520nm,  in  other  words  beyond  the  peak  of  both  Si  and  vacancy 
concentrations.  The  position  of  the  mixed  region  also  coincides  with  the  positive  SDVC.  This 
result  strongly  supports  the  vacancy  injection  mechanism  we  are  proposing. 


Summary  and  Acknowledgment 

In  summary,  we  have  studied  the  Si++  FIB-induced  mixing  of  an  Alo.3Gao.7As/GaAs 
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depth  control.  The  mechanism  for  the  depth-dependence  and  pinch-off  mixing  effect  were 
discussed.  Nonequilibrium  vacancy  injection  has  been  suggested  to  be  responsible  for  the  high 
degree  of  mixing  in  the  pinch-off  region.  Based  on  experimental  results,  a  theoretical  model  has 
been  proposed  to  describe  the  inter-diffusion  as  well  as  the  mixing  process  in  the  time  scale  of 
RTA. 
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ABSTRACT 

High  Resolution  transmission  electron  microscopy  (HRTEM)  and 
electroreflectance  (ER)  were  used  to  explain  the  role  of  point 
defects  in  the  molecular  beam  epitaxy  (MBE)  grown  PIN  structure 
containing  five  coupled  (50X/28A)  GaAs/AlxGai_xAs  quantum  wells 
with  x  =  0.25.  The  ER  data  were  taken  at  300K  and  77K  for 
energies  from  1.4  to  2.1  eV  from  which  sub-band  energy 
transitions  were  determined.  Data  at  300K  showed  three 
transitions  whereas  four  were  readily  resolved  at  77K.  HRTEM  data 
determined  the  uniformity  of  both  the  wells  and  barriers  to  be 
within  ±  2A,  which  neither  caused  appreciable  broadening  nor  a 
decrease  in  the  transition  probability.  However,  the  data  at 
different  temperatures  suggest  that  point  defects  may  be 
responsible  for  the  decrease  in  the  transition  probability. 

INTRODUCTION 

The  bulk  optical  properties  of  compound  semiconductors  such  as 
GaAs  and  AlGaAs  have  received  enormous  attention  and  are  well 
known.  Many  hetero  and  quantum  well  structures,  however,  are 
designed  with  a  major  focus  on  minimizing  size.  This  emphasis  on 
scaling  results  in  dimensions  small  enough  so  that  quantum 
effects  begin  to  play  an  important  role.  The  quantum  confinement 
of  carriers  evident  in  superlattices  and  quantum  wells  creates 
sub  band  energies  in  both  the  valence  and  conduction  bands  not 
observed  in  larger  scaled  structures  [1-4].  Excitonic  transitions 
are  enhanced  and  observed  more  readily  even  at  room  temperature, 
largely  due  to  the  constraints  of  the  exciton  imposed  by  the  well 
size  [5].  While  the  exciton  levels  and  the  sub  band  energies  for 
an  ideal  quantum  or  series  of  quantum  wells  can  be  determined 
theoretically  rather  simply,  real  models  add  complexity  to  the 
calculations.  In  particular,  defects  when  introduced  into  the 
hamiltonian  play  a  significant  role  in  establishing  whether 
certain  energy  states  are  realized. 

We  have  studied,  and  report  here,  the  sub-band  energies  in  a 
finite  (five  period)  communicating  quantum  well  structure.  The 
GaAs/AlxGai _xAs  molecular  beam  epitaxy  (MBE)  grown  device,  a  PIN 
configuration  with  a  nominal  value  of  x  =  0.25,  results  in  a 
conduction  barrier  height  of  198  meV  and  132  meV  for  the  hole 
barrier  height,  using  the  60-40  percent  rule  for  the  band  offset 
[6].  The  electron  effective  mass  ratio  of  0.067  and  heavy  and 
light  hole  effective  masses  of  0.45  and  0.088  respectively  for 
GaAs  were  used  for  the  analytical  calculations.  The  barrier 
heights  limit  the  allowed  bound  transitions.  We  have  identified 
only  three  of  these  transitions  at  300K  and  four  at  77K  and 
attribute  the  inconsistency  to  the  introduction  of  growth  defects 
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such  as  interfacial  roughness  or  point  defects.  Our  data  suggest 
a  possible  qualitative  explanation  of  the  influence  of 
interfacial  roughness  and  point  defects  on  the  bound  exciton 
energy  levels. 

The  data  used  to  determine  the  direct  optical  transitions 
were  obtained  by  using  electroreflectance  (ER)  [7-9]  in  the 
spectral  region  of  photon  energies,  E,  between  1.4  to  2. lev.  The 
spectra  are  given  in  terms  of  the  normalized  change  in 
reflectance  with  energy,  jR/R,  where  the  reflectance  R  -  R(E) . 
The  transition  energies  are  determined  from  the  6R/R  spectra  by 
using  curve  fitting  of  a  modified  Lorentz  line  shape  given  by 
[10,11] 


4R/R  -  Re  [Ceie  (E  -  E*  +  ir)k  (1) 


where  Re  is  the  real  part  of  the  function,  C  is  a  constant  which 
determines  the  amplitude,  e  is  the  phase  angle,  E',  the 
transition  energy  between  the  conduction  and  valence  sub-bands, 
and  r  is  the  lifetime  broadening  parameter.  For  an  excitonic 
transition,  the  value  of  k  ■  2  [10]. 

The  quantum  mechanical  solution  of  a  particle  in  a  finite 
isolated  well  differs  from  the  multiple  quantum  well  solution 
when  the  barrier  widths  become  small.  The  values  of  the 
transitions  we  present  are  based  on  a  calculation  of  five 
communicating  quantum  wells.  The  fundamental  structure  consisted 
of  five  50.9  X  GaAs  wells,  four  28.3  X  barriers  of  Al0.25Gao.75As 
with  the  first  and  fifth  wells  bounded  by  iso  A  of 
A10.25Ga0.75As-  Solutions  indicate  that  only  energy  levels 
corresponding  to  n  *  1  are  allowed.  Because  of  the  built-in  field 
and  the  applied  field  of  ER,  the  selection  rules  «n  =  0  are 
relaxed,  allowing  transitions  from  the  n  =  2  valence  to  the  n  =  1 
conduction  states.  However,  our  allocation  of  the  60-40  rule  to 
the  band  offset  instead  of  the  85-15  rule  [4]  precludes  n  =  2 
states  as  allowed  states.  In  addition,  the  intensity  of  the 
transition  is  determined  by  the  value  of  the  overlap  integral 
[12]  in  which  the  wave  functions  are  those  of  the  valence  and 
conduction  sub-bands.  Application  of  the  overlap  integral 
indicates  that  five  transitions  with  Sn  =  0  are  most  probable. 

The  presence  of  extended  defects  such  as  surface  roughnes  and 
irregularities  have  been  analyzed  by  using  high  resolution 
transmission  electron  micrographs  (HRTEM) .  Variations  in  the  well 
and  barrier  widths  are  measured  and  then  used  to  determine  the 
new  energy  levels 

DISCUSSION  AND  RESULTS 

The  results  of  ER  are  interpreted  on  the  basis  of  variations 
in  the  well  and  barrier  widths  as  determined  by  HRTEM.  The  usual 
assignment  of  the  energy  level  transitions  from  the  6R/R  spectra 
is  by  curve  fitting  of  eq.  (1)  near  the  transition  energy  si1. 
The  spectra  at  300K  for  photon  energies  from  1.4  to  2.1  eV  are 
shown  in  figure  1.  Calculations  show  that  only  photon  energies  up 
to  1570  meV  are  allowed,  which  agrees  with  the  experimental  data. 
The  spectra  beyond  this  energy  are  caused  by  bulk  excitations 
which  are  broad  in  nature  when  compared  with  the  consistently 
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narrower  excitons  in  the  well  which  are  about  10  mV.  The  spectra 
in  a  nailer  range  but  expanded  so  as  to  illustrate  the  features 
of  the  transitions  are  shown  in  figure  2  and  this  is  cospared 
with  figure  3  which  shorn  the  spectra  at  77K. 

A  comparison  of  figures  2  and  3  shows  several  apparent 
features:  (1)  The  dominant  structures  in  the  Middle  of  the  range 
are  to  one  another  and  each  has  a  width  of  about  10  mV 
regardless  of  the  temperature .  (2)  The  exciton  (peak)  at  the  GaAs 
edge  has  moved  from  1.430  eV  at  300K  to  1.505  mV  at  77K. 
(3)  The  exciton  at  77K  is  sore  pronounced  than  that  at  300K  (the 
change  in  sign  is  due  to  a  phase  change  in  the  angle  e  of 
equation  (1)  ) .  (4)  The  exciton  at  the  GaAs  edge  is  wider  than 
the  excitons  within  the  well,  and  the  transitions  increase  in 
width  as  the  energy  gets  larger  (  i.e.  for  E  >  1.57  eV  at  300K 
and  for  about  E  >  1.65  eV  at  77K) . 
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Fig.l  Electroreflectance  (ER)  spectra  for  the  PIN  five 
well  GaAs/AlGaAs  structure  at  300K. 


Fig. 3  ER  spectra  eaphasizing 
exciton  energy  region  at  77K. 


Fig. 2  ER  spectra  eaphasizing 
exciton  energy  region  at  300K. 


A  fit  of  equation  (l)  to  the  curves  of  figures  2  and  3  yields 
transition  energies  which  are  given  in  Table  1.  Although  four  of 
the  transitions  are  resolved  at  77K,  only  three  are  determined 
with  confidence  at  300K.  The  transition  at  1.50  eV  for  300K  is 
weak  and  broad  so  that  a  good  fit  is  unlikely,  but  the  lowest 
transition  at  77K  is  easily  resolved  and  found  to  be  1576  mev. 

Extended  defects  such  as  surface  irregularities,  roughness  or 
possibly  point  defects  could  lead  to  boadening  of  the  lines  or 
change  the  wave function  which  would  affect  the  transition 
probability.  To  determine  the  quality  of  the  quantum  well 
structure,  high  resolution  transmission  electron  microscopy 
(HRTEM)  was  used.  The  micrographs  are  shown  in  figures  4  and  5. 
The  darker  broader  regions,  the  GaAs,  and  the  lighter,  the  AlGaAs 
are  both  seen  to  be  wall  defined  and  uniform.  Measurements  made 
by  counting  the  interference  fringes,  each  of  2.8  A,  over  an 
extended  range,  resulted  in  an  average  value  of  30  i  2  A  for  the 
barriers  and  50  ±  2  A  for  the  wells.  To  show  that  some  of  the 
localized  dark  spots  are  artifacts  of  the  sample  preparation,  the 
sample,  grown  in  the  [100]  direction,  was  cleaved  along  the  (110) 
plane  and  viewed  along  the  [010]  direction  for  confirmation.  An 
HRTEM  of  the  cleaved  sample  is  not  shown.  Calculations  for  the 
five  wells  show  that  the  broadening  of  the  energy  levels  is  not 
significant  for  the  values  obtained  using  the  HRTEM  data. 


Fig.  4  High  Resolution  TEM  for  a  five  well  GaAs/Alo.zsGao^S*® 
structure . 


The  values  of  the  transition  energies  at  77K  and  300K  as 
determined  from  figures  2  and  3  using  equation  (1)  are  given  in 
TABLE  1.  The  results  show  that  the  transitions  which  are  strong 
are  well  resolved  for  both  77K  and  300K.  The  fact  that  the  lowest 
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transition  at  77K  is  rasolvsd  and  that  at  300K  is  not  suggests 
that  tha  causa  say  ba  dua  to  point  defects  which  hava  a  lowar 
dansity  at  tha  lover  taaparatura .  Tha  effect  is  indaad  small, 
but,  larga  anough  to  pracluda  an  accurata  assignmant  to  tha 
transition. 


Fig.  5  HRTEM  sicrogragh  for  the  five  MBS  GaAs/Al0. 25Gao.75As 
quantum  veil  structure. 


TABLE  1 

MEASURED  ENERGIES  FROM  FIGURES  2  AND  3  USING  EQUATION  (1) 

Ei'  (mev) 


*1* 

E2' 

®3  * 

®4  1 

®g  * 

300K 

1526 

1540 

1557 

1430 

77K 

1576 

1608 

1625 

1640 

1505 

Eg  is  the  energy  of  the  GaAs  band  edge. 

The  calculated  values  of  EJ/  were  in  the  range  from  1461  to  1558 
meV  at  300K  and  from  15*f  ':o  1638  meV  at  77K. 


CONCLUSION 

The  measured  values  of  the  Ei*.  transitions  for  both  77K  and 
300K  agreed  within  reason  with  those  calculated  for  five 
communicating  wells.  The  60-40  t  allocation  to  the  band  offset 
conforms  with  the  spectrum  which  shows  that  the  transitions 
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beyond  bound  states  are  broad  and  not  characteristic  of  quantum 
confined  excitons.  Although  the  measured  values  are  reasonable, 
there  are  a  number  of  ways  in  which  errors  can  be  introduced  in 
the  calculated  energy  levels.  The  value  of  x  in  Al3fGa1_^Aa 
affects  the  barrier  heights  in  both  the  valence  and  conduction 
sub- bands  so  should  be  Known  accurately.  The  60-40  %  allocation 
assumed,  if  not  a  sufficiently  precise  model,  can  cause  large 
variations  in  the  energies  when  the  barriers  or  wells  are  narrow. 
There  is  a  significant  degree  of  uncertainty,  in  particular  in 
the  value  of  the  heavy  hole  mass  [13). 

The  results  of  both  the  HRTEM  and  the  Eft  studies  show  that 
neither  the  energy  levels  nor  the  broadening  are  significantly 
affected  by  the  i  2a  variation  in  the  well  or  the  barrier.  The 
results  at  77X  shows  a  transition  at  71  meV  from  the  GaAs  band 
edge,  while  the  corresponding  30 OK  transition,  which  should  be  at 
the  same  energy  from  the  band  edge,  is  not  observed.  Because  the 
exciton  line  width  is  not  temperature  dependent,  it's  energy 
level  is  readily  identifiable,  provided  the  overlap  integral 
defining  the  strength  of  the  transition  is  not  too  small.  One  of 
the  factors  affecting  the  overlap  integral  is  the  temperature- 
dependent  point  defect  density  because  it  directly  affects  the 
wave  function.  On  this  basis,  it  appears  that  there  is  a 
suggestion  at  least  that  a  high  point  defect  density  could 
obscure  an  allowed  weak  transition  and  not  significantly  affect 
transitions  which  have  a  large  overlap  integral. 
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ABSTRACT 

Identifying  and  understanding  the  effects  of  impurities  and  defects  in  quantum  dots,  wires, 
and  multiple  wells  is  important  for  the  development  of  nanostructures  with  good  optical 
properties.  Simple  model  calculations  are  presented  to  show  when  and  how  shallow  impurities 
afreet  the  radiative  recombination  of  confined  electron-hole  pairs.  Results  for  nanostructures  are 
compared  with  results  for  bulk  systems.  Qualitative  differences  between  bulk  and  confined 
systems  are  described. 


INTRODUCTION 

The  optics  of  excitons  in  confined  semiconductor  systems  has  been  studied  intensively  in 
recent  years  to  determine  how  the  optical  properties  of  these  systems  can  be  tailored  and  enhantred 
[1].  In  wells  and  wires,  confinement  enhances  the  electron-hole  binding,  increasing  the  pair 
overlap  and  oscillator  strength.  In  dots,  confinement  concentrates  the  oscillator  strength  at  discrete 
energies.  In  coupled  multiple-well  systems,  switching  is  achieved  by  controlling  the  interwell 
tunneling.  Identifying  and  understanding  the  effects  of  impurities  and  defects  in  quantum  dots, 
wires  and  multiplie-well  systems  is  important  for  tire  development  of  nanostructures  with  good 
optical  properties.  Impurities  and  defects,  especially  those  near  the  boundaries  of  dots  and  wires, 
provide  nonradiative  traps  that  can  completely  degrade  the  optical  response  of  these  systems. 

To  understand  the  effects  of  impurities  on  the  optical  properties  of  quantum  nanostructures, 
one  must  understand  exciton  states  in  these  systems.  In  the  limit  of  complete  quantum 
confinement,  electron-hole  correlation  in  confined  dimensions  is  quenched,  so  the  electron  and 
hole  occupy  independent  single-particle  states  of  the  confinement  potential  [2].  In  the  bulk  limit, 
foe  exciton  has  free  center-of-mass  motion  and  internal  excitations,  determined  by  the  pair  reduced 
mass.  A  simple  understanding  is  possible  in  each  limit  because  the  exciton  behaves  as  a  composite 
of  two  independent  particles.  Neither  simple  picture  provides  a  good  understanding  of  excitons 
confined  in  systems  such  as  thin  films  [3],  wide  quantum  wells,  finite  superlattices  and  multiple 
coupled  wells  [4],  microfabricated  quantum  wires  and  dots  [5,6],  and  large  nanocrystallites  and 
clusters  [7.8].  These  systems  are  typically  too  large  to  be  quantum  confined  in  every  confined 
dimension  but  too  small  to  be  bulk  systems.  In  these  intermediate-dimensional  systems, 
confinement  strongly  couples  the  center-of-mass  and  relative  motion  and  correlation  strongly 
couples  the  electron  and  hole  motion.  The  confined,  intermediate-dimensional  exciton  is  a 
composite  of  two  strongly  coupled  particles  that  exhibits  nonmonotonic,  nonuniversal 
dependences  on  electron  and  hole  masses  and  on  election-hole  interaction,  which  are  not  expected 
from  intuition  about  quantum-confined  or  bulk  excitons  [9]. 

Confinement  acts  as  a  large  defect  that  localizes  the  electron  and  hole  globally.  Pair 
interaction  correlates  the  pair  motion.  Impurities  or  defects  trap  the  electron  and  hole  locally.  All 
three  effects  compete  to  determine  exciton  states  and  must  be  accounted  for.  In  this  paper,  I 
present  simple  model  calculations  to  show  qualitatively  when  and  how  shallow  impurities  affect 
the  radiative  recombination  of  confined  electron-hole  pairs.  A  simple  model  is  used  so  that  insight 
can  be  obtained  that  is  applicable  in  general  to  confined  nanostructures.  The  model  is  described  in 
die  next  section.  Results  are  fust  presented  for  confined  intermediate-dimensional  excitons  as  a 
function  of  confinement  energies  and  interaction  strengths  to  demonstrate  the  nonuniversal 
behavior  of  confined  excitons.  Results  are  then  presented  for  the  effects  of  impurities  on  confined 
intermediate-diniensional  excitons.  I  use  these  results  to  clearly  identify  the  effects  that  must  be 
included  in  realistic  models  for  impurity  effects  on  confined  excitons. 
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THE  MODEL 


Hubbard  models  are  often  used  to  describe  interacting  many-body  systems  on  a  lattice  of 
sites.  In  this  paper  I  use  a  Hubbard  model  to  describe  a  single  confined  exciton  interacting  with  an 
impurity.  The  Hubbard  Hamiltonian  for  a  single  interacting  electron-hole  pair  on  a  lattice  of  sites 
with  an  impurity  at  one  of  the  sites  is 

N  N 

H-'Zfactcj+Ukdt  dj\  +  £  £x  c*  c,  d-  dt  +  V,  cl  c,  +  V*  £  d„ .  ( l ) 

ij  i 

The  system  has  N  sites.  Here  site  is  used  loosely.  A  site  could  be  a  well  tv  dot  in  a  finite 
superlattice  of  wells  or  dots  [4,10],  an  atomic  site  in  a  polymer  chain,  or  a  fictitious  site  defined 
by  a  local  basis  used  to  represent  states  in  a  dot  or  nanocrystallite.  Only  nearest-neighbor  electron 
(hole)  hopping,  Vt  ((/*).  is  included.  The  electron  (hole)  annihilation  operator  at  site  i  is  Cj  (d,). 
The  on-site  electron-hole  interaction  is  Ex.  Longer  range  electron-hole  interactions  and  electron- 
electron  and  hole-hole  interaction  in  multiexciton  systems  can  also  be  included  [9],  The  impurity 
interaction  is  assumed  to  be  on-site.  The  impurity  is  located  at  site  n.  For  simplicity,  linear  chains 
are  considered  here.  The  results  for  finite  two-dimensional  arrays  of  sites  are  qualitatively  similar 
[9].  Confined  systems  are  modeled  by  systems  with  terminated  ends.  Systems  modeled  with 
periodic  boundary  conditions  are  also  considered.  As  shown  below,  excitons  in  systems  with 
periodic  boundary  conditions  exhibit  the  same  universal  behavior  as  bulk  excitons.  One-cxciton 
wavefunctions  and  energies  are  determined  by  diagonalization  of  Eq.  (1).  The  nonuni vcrsal. 
nonmonotonic  behavior  of  confined  excitons  is  most  clearly  revealed  by  properties  that  depend  on 
the  exciton  wave  function.  To  understand  this  behavior,  electron  and  hole  distributions,  electron- 
hole  correlation  functions,  electron-hole  separation,  and  oscillator  strengths  for  transitions  from 
the  no-pair  state  to  fth  one-exciton  state. 


Oi*l<f  I  J.ctd*  I0>l2 


(2) 


are  determined. 

Several  special  cases  can  be  treated  analytically  to  provide  key  insight  [9].  Here  I  present 
the  final  results.  To  understand  why  excitons  in  systems  with  periodic  boundary  conditions 
exhibit  bulk  universal  behavior,  consider,  for  simplicity,  an  Af-site  linear  chain  with  periodic 
boundary  conditions  (a  ring).  For  a  ring,  Eq.  (1)  can  be  rewritten  in  an  electron  and  hole  plane 
wave  basis.  By  transforming  the  plane  wave  basis  to  the  center -of-mass  momentum  and  relative 
momentum  basis  (K  =  (kt  +  kh)  1 2  and  k  =  (4*  -  kh)  /  2 ),  I  obtain  the  K  =  0  Hamiltonian,  which 
describes  the  ground  state  exciton. 


Hk.o  =  X  2  (1/,+  1/a) cos(Jfc)  o£  a*  +  £  (EJN) akl  a*, ,  <3> 

*  k,M 

where  a*  =  c*  is  the  annihilation  operator  for  a  pair  with  kf  =  -kh  =  k.  The  properties  of  the 
K  *  0  exciton  in  a  ring  scale  with  Exf(Ue  +  {/a).  For  a  bulk  exciton,  Ue  +  Uk  is  proportional  to 
the  exciton  inverse  reduced  mass,  so  the  K  =  0  ring  exciton  has  the  same  scaling  properties  as  a 
bulk  exciton.  The  properties  of  bulk  excitons  depend  only  on  one  ratio,  Ex!  (0e  *  (/a)-  The 
properties  of  confined  excitons  depend  separately  on  the  electron  and  hole  hopping  raw  and  the 
interaction  strength. 

The  behavior  of  intermediate-dimensional  excitons  in  the  limit  of  strong  interaction  can  be 
determined  by  the  use  of  second-order  degenerate  perturbation  theory.  The  Hamiltonian  for  an  N- 
site,  terminated  chain  to  second  order  in  the  hopping  is 
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(4) 


H  -  X  U"  <*?  aJ  +  Z  Vt  <*'  °i  • 

ij  i 

where  a,-  =  c,-  d,  is  the  on-site  pair  annihilation  operator,  and  only  nearest  neighbor  hopping  is 
allowed.  £/„  is  die  nearest-neighbor  pair  hopping  energy,  =  2  UeUh/Ex.  V,is  the  correlation 

energy  at  site  i  due  to  single-particle  hopping  to  adjacent  sites.  For  internal  sites  of  die  chain  (<  = 
2,...,  N  -  1),  V(  m  V  -  2 (Ue  2  +  Uh  2VEr.  Hopping  can  occur  in  only  one  direction  away  from 
chain  ends,  so  V\  =■  Vjy  *  V  /  2.  Suppression  of  the  correlation  at  the  chain  ends  induces  a 
potential  V/, which  creates  a  dead  layer  for  a  tightly  bound  pair  at  the  chain  ends.  Exclusion  from 
the  ends  becomes  complete  if  Ua  -  0. 


INTERMEDIATE-DIMENSIONAL  EXCITONS 

To  characterize  the  effects  of  confinement  and  electron-hole  interaction  on  intermediate 
dimensional  excitons,  I  discuss  the  energies,  oscillator  strengths,  and  charge  distributions  for  the 
one-exciton  ground  states  of  10-site  chains  and  rings.  Results  are  presented  for  equal  electron  and 
hole  hopping  ( Uh  IUe  =  1),  intermediate  asymmetry  in  the  electron  and  hole  hopping  {Uh  IUe  = 
0.1)  and  large  asymmetry  in  the  electron  and  hole  hopping  ( t/*/l/e=  0.001).  Results  are 
presented  as  a  function  of  Ex/Ue  to  show  the  transition  from  noninteracting,  independent-particle 
pair  states  ( ExIUe  =  0)  to  strongly  correlated  Frenkel-like  excitons  (I Ex/Ue  I »  1). 

Exciton  ground-state  energies  for  10-site  rings  and  terminated  chains  are  nearly  identical. 
To  see  the  qualitative  differences  between  rings  and  terminated  chains,  one  must  consider  exciton 
properties  that  depend  directly  on  die  exciton  wavefunction,  such  as  the  oscillator  strengths  and 
the  charge  distributions.  Exciton  ground-state  oscillator  strengths,  Oa,  for  terminated  chains  and 
rings  arc  shown  in  Fig.  1.  For  rings,  Oa  increases  monotonically  as  the  pair  interaction  strength, 
I Ex/Ue  I,  increases  and  as  Uh  IUe  decreases.  For  Ex  =  0  (see  Fig.  2),  Oex  =  1,  as  expected  for  a 
noninteracting-pair  state.  For  large  interaction  strength,  Oa  -  Af  in  rings,  as  expected  for  a  tightly 
bound  electron-hole  pair  with  equal  amplitude  for  being  at  each  site.  The  three  curves  for  rings 
become  the  same  universal  curve  when  they  are  plotted  as  a  function  of  Exl  (Ue  +  Uh). 

Oex  for  terminated  chains  is  qualitatively  different  from  Oex  in  rings.  For  terminated  chains, 
Oa  is  a  nonmonotonic  and  nonuniversal  function  of  Ex,  Uh,  and  Ue.  For  small  Ex,  Oex  initially 
increases  as  I EJ  increases  from  zero  for  all  Uh  (this  is  not  visible  in  Fig.  2  for  Uh  <  0.01).  For 
similar  electron  and  hole  hopping,  Oex  continues  increasing  monotonically  with  increasing 
interaction.  For  Uh«  Ue,  Oex  increases,  decreases,  and  then  increases  with  increasing 
interaction.  For  small  Ex,  the  confined  exciton  oscillator  strength  varies  nonmonotonically  with 
Uh  /Ue.  For  large  Ex,  the  confined  exciton  oscillator  strength  decreases  monotonically  with 
decreasing  Uh,  opposite  to  the  behavior  in  a  ring.  The  large  Ez  limit  for  Oex  is  significantly  less 
than  N  for  a  confined  system. 

The  initial  increase  of  Oex  front  the  noninteracting  pair  limit  as  l£xl  increases  can  be 
understood  by  first-order  perturbation  theory  for  small  I EJi  |9J.  When  Ex  =  0,  the  exciton  ground 
state  is  the  product  of  electron  and  hole  single-particle  ground  states  {ne  =  n*  =  1).  Interactions 
mix  in  higher  energy  pair  states.  In  first-order  perturbation  theoiy,  mixing  in  pair  states  with  ne  = 
nh  >1  enhances  Oex-  In  second-order  perturbation  theoiy,  the  normalization  of  the  exciton 
wavefunction  amplitude  is  modified  by  all  the  pair  states  that  are  coupled  by  the  interaction, 
including  states  with  ne  not  equal  to  nh  that  do  not  contribute  to  Otx.  When  the  electron  and  hole 
hopping  is  similar,  pair  states  with  ne  =  nh  are  preferentially  included,  and  Oex  increases 
monotonically  with  increasing  interaction.  When  Uh  <  0.2 Ue,  pair  states  with  n,  not  equal  to  nh, 
primarily  states  with  ne  =1  and  nh  >  1,  are  preferentially  included  and  Oex  is  reduced  by  the 
renormalization  of  the  wavefunction  amplitude.  This  second-order  reduction  is  strong  enough  for 
weak  hole  hopping  that  Oex  decreases  for  a  range  of  increasing  interaction  and  can  be  reduced 
below  the  noninteracting-pair  limit  In  this  range  of  parameters,  interaction  suppresses  the  exciton 
oscillator  strength  because  the  interaction  mixes  in  many  configurations  that  have  no  oscillator 
strength. 
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Fig.  1.  Exciton  ground-state  oscillator  strength  for  chains  with  terminated  ends  and  for  rings.  N  - 
10.  UiJUt  =  1  (solid  curves),  0.1  (dot-dash  curves),  and  0.001  (dotted  curves). 


Fig.  2.  Exciton  ground-state  strength  for  chains  (solid  curves)  and  rings  (dashed  curves) 

for  weak  interaction.  N  - 10.  UtfUt  =  1  (circles),  0.1  (crosses),  0.01  (squares),  0.001 
(triangles),  and  0.0001  (pluses). 
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I  The  avenge  electron-hole  separations  in  die  ground-state  exciton  of  rings  and  terminated 

eh«n«  are  nearly  identical,  decreasing  raonotookally  with  increasing  interaction  and  decreasing 
I  UklUf  The  electron  and  hole  are  cfistributed  uniformly  on  a  ring,  so  that  decreasing  the  electron- 

hole  separation  increases  the  electron-hole  on-site  correlation  uniformly  on  the  ring  and  increases 
j  Oa.  This  does  not  happen  on  terminated  chains.  To  distinguish  the  effects  of  confinement,  one 
must  consider  the  electron  and  hole  distributioos  separately.  For  terminated  chains,  the  electron 
and  hole  root  mean  square  displacements  from  the  chain  center  are  shown  in  Fig.  3.  Far  weak  pair 
interaction,  the  electron  (hole)  contracts  toward  die  chain  center  in  the  attractive  potential  defined 
by  the  hole  (electron)  distribution.  This  self-localization  of  the  confined  intermediate-dimensional 
exciton  explains,  for  example,  the  3D-2D  crossover  [4]  that  occurs  for  exdtons  in  superiattices  of 
shallow  quantum  wells  as  die  barrier  height  is  decreased  (1 Ex  fUe  I  and  \EX  fUk  I  increase).  On-site 
correlation  at  the  center  of  the  chain  is  enhanced  but  pair  occupation  of  other  sites  is  suppressed 
for  small  IE*!  and  £/*/£/,  «  1  because  the  hole  contracts  more  than  the  electron.  Otx  is 
suppressed,  even  though  die  electron-hole  separation  is  smaller,  because  fewer  sites  are  occupied. 
Oa  is  enhanced  at  larger  l£J  because  the  electroc  continues  to  contract  while  the  hole  begins  to 
expand  to  increase  oo-ate  correlation  away  from  the  chain  center. 

For  large  interaction,  the  electron  and  hole  distributions  expand,  becoming  nearly  equal 
with  die  pair  tightly  bound.  The  exciton  center  of  mass  has  die  same  distribution  as  the  electron 
and  hole.  The  electron,  hole,  and  exciton  are  contracted  relative  to  electron  and  hole  distributions 
for  no  interaction,  indicating  that  there  is  a  dead  layer  at  the  chain  ends  where  the  exciton  is 
excluded.  The  dead  layer  can  be  understood  in  die  large  interaction  limit  by  use  of  the  second- 
order  degenerate  perturbation  theory  described  in  the  previous  section.  The  dead  layer  increases 
monotonically  with  decreasing  1/*  lUe,  because  Ua,  the  pair  hopping  rate  for  tunneling  into  the 
barrier  that  determines  the  dead  layer,  decreases  with  decreasing  U/,  /Ue.  Because  of  the  dead 
layer.  Oa  is  less  than  N.  Exclusion  from  the  ends  is  incomplete  when  the  pair  can  hop  to  the 
ends.  Exclusion  from  the  ends  becomes  complete  if  Uf,  *  0  or  Ue  =  0.  Thus,  Oa  decreases  with 
decreasing  Uh  IUe  for  large  1EJ  in  terminated  chains. 


Fig.  3.  Root  mean  square  displacement  of  the  electron  (solid  curves)  and  hole  (dotted  curves)  in 
the  ground-state  exciton  from  the  chain  center  (W  =  10).  UfJUe  =  1  (circles),  0.3  (crosses),  0.1 
(squares),  0.01  (triangles),  and  0.001  (pluses). 
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The  following  picture  (see  Fig.  4)  arises  from  these  results.  Two  possibilities  occur 
depending  on  whether  the  electron  and  hole  have  similar  masses  Cm  the  context  of  the  Hubbard 
model,  if  the  electron  and  hole  have  similar  nearest  neighbor  hopping  rates)  or  the  electron  and 
hole  have  very  different  masses  (there  is  a  large  asymmetry  in  the  homing  rates).  In  the  limit  of 
weak  interaction  (the  quantum-confinement  limit  with  Ex  «  l/*,  Ue),  the  electron  and  hole 
occupy  the  uncorrelated  single-particle  states  defined  by  the  confining  potential.  As  the  electron- 
hole  interaction  increases,  the  electron  and  hole  contract  in  the  potential  defined  by  the  distribution 
of  the  other  particle.  If  the  electron  and  hole  masses  are  similar,  die  both  contract  similarly  as  Ex 
increases  and  the  pair  becomes  strongly  correlated  with  the  exciton  center-of-mass  confined  by  the 
boundary  of  the  system.  If  the  masses  are  very  different  then  the  heavier  particle  contracts  more 
than  the  lighter  particle  and  the  electron-hole  overlap  can  be  reduced,  by  the  asymmetry  in  the 
electron  and  hole  distributions,  even  as  their  motion  becomes  more  strongly  correlated.  In  the  limit 
of  very  large  electron-hole  interaction,  the  exciton  moves  freely  inside  a  confined  system  with 
dead  layers  near  the  boundaries.  The  dead  layer  arises  because  the  exciton  can  not  filly  correlate 
near  a  surface.  The  effect  of  this  dead  layer  is  determined  by  how  strongly  the  exciton  can  tunnel 
into  the  layer.  Nonuni versal,  nonmonotonic  behavior  arises  as  a  result  of  the  dead  layer  and  the 
effects  of  asymmetry  in  the  hopping. 


Ex  «  Ue,  Uh 


Uh<,Ex«Ue 


Uh,  Ue<  Ex 


Uh,  Ue  «  Ex 


Fig.  4.  Physical  picture  for  confined  intermediate-dimensiona]  excitons. 


EFFECT  OF  IMPURITIES  ON  CONFINED  INTERMEDIATE-DIMENSIONAL 
EXCITONS 


To  demonstrate  the  effects  of  an  impurity  on  a  confined  intermediate -dimensional  exciton,  1 
consider  in  this  paper  a  single  impurity  interacting  with  an  electron-hole  pair  which  has  a  large 
asymmetry  in  the  electron-hole  hopping  ({/*  /Ue  =  0.001).  It  is  in  the  limit  of  large  asymmetry  in 
the  hopping,  that  the  nonmonotonic,  nonuniversal  behavior  of  the  confined  excitons,  the  effect  of 
dead  layers,  and  the  ..symmetric  localization  of  the  electron  and  hole  are  most  pronounced.  I 
present  results  for  10-site  terminated  chains.  Qualitatively  similar  results  are  found  for  other  chain 
lengths.  The  effects  of  impurities  interacting  with  excitons  on  rings  are  similar  to  the  effects  of 
impurities  at  die  middle  of  terminated  chains.  I  assume  that  the  electron-impurity  and  hole- 
impurity  interaction  strengths  have  the  same  magnitude  and  that  the  interaction  is  attractive  for  one 
particle  and  repulsive  for  the  other  (Ve  =  -  V/,).  Both  the  donor  bound  (Ve  =  -  0.5 Ue)  and  the 
acceptor  bound  (V*  =  -  0.5 Ue)  cases  are  considered.  The  magnitude  of  the  impurity  interaction  is 
chosen  to  be  large  relative  to  the  hopping  for  one  particle  and  small  relative  to  the  hopping  for  the 
other  particle.  Results  are  present  as  a  function  of  the  pair  interaction  strength  and  the  location  of 
the  impurity  on  the  chain. 

The  pair  binding  energy  to  an  impurity  (the  difference  between  the  ground  state  exci.on 
energy  with  and  without  an  impurity  present)  is  shown  in  Figs.  5  and  6  for  a  donor  and  acceptor 
bound  exciton.  The  pair  binding  energy  to  a  donor  varies  nonmonotonically  with  the  pair 
interaction  strength,  Tliis  variation  is  different  for  donors  at  bulk  and  end  sites.  For  donors  at  end 
sites,  pair  binding  initially  weakens  with  increasing  pair  interaction  strength,  with  the  pair 


Fig.  5.  Binding  energy  of  an  exciton  to  a  donor  at  sites  1  (end),  2, 3, 4,  and  5  (middle)  of  a  10- 

site  terminated  chain. 
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Rg.  6.  Binding  energy  of  an  pxciton  to  an  acceptor  at  site  1  (end),  2, 3, 4,  and  5  (middle)  of  a  10- 

site  terminated  chain. 

becoming  bound  to  the  center  of  the  confinement  potential  rather  than  to  the  donor.  For  large  pair 
interaction  strength,  the  pair  is  strongly  bound  together  and  not  strongly  localized  by  the 
confinement  potential,  so  the  pair  can  bind  to  an  end-site  donor.  Binding  to  donors  at  bulk  sites 
initially  increases  for  increasing  interaction  strength  because  the  pair  interaction  overcomes  the 
hole-donor  repulsion  and  helps  localize  the  hole  to  the  impurity.  The  binding  energy  of  acceptor 
bound  pairs  decreases  monotonically  with  increasing  pair  interaction  strength.  For  large  pair 
interaction  strength,  an  end  acceptor  cannot  bind  a  pair.  Instead  the  electron  becomes  bound  in  the 
potential  defined  by  the  confinement  and  the  hole  is  localized  at  the  center  of  the  electron  charge 
distribution. 

The  electron  charge  densities  at  the  sites  on  the  chain  arc  shown  in  Fig.  7  (8)  for  a  pair 
interacting  with  a  donor  (acceptor)  at  the  end  of  the  chain.  For  a  donor  at  the  end  of  a  chain  and 
for  weak  pair  interaction,  the  electron  localizes  toward  the  center  of  the  chain  as  it  would  if  no 
donor  were  present  because  the  hole  tries  to  remain  localized  away  from  the  donor.  For  large  pair 
interaction,  the  pair  localizes  to  the  site  adjacent  to  the  donor  to  maximize  the  electron-donor 
binding  without  maximizing  die  hole-donor  repulsion.  For  an  acceptor  at  the  end  of  the  chain,  the 
hole  is  localized  at  the  acceptor  and  the  electron  is  localized  in  the  confinement  potential  of  the 
chain  for  weak  pair  interaction.  As  the  interaction  increases,  the  electron  moves  toward  the 
acceptor.  For  large  pair  interaction,  the  pair  becomes  delocalized  from  the  acceptor  with  the  hole 
density  (not  shown)  concentrated  at  the  center  of  the  electron  density.  In  the  limit  of  large  pair 
interaction,  the  effect  of  the  dead  layer  is  apparent  since  die  pair  is  localized  away  from  the  chain 
ends. 
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The  effect  of  impurities  on  the  pair  oscillator  strength  is  shown  in  Fig.  9  for  donors  and 
acceptors  at  the  end  and  at  the  middle  of  the  chain.  The  oscillator  strength  for  a  pair  interacting 
with  a  donor  (acceptor)  at  the  chain  end  clearly  shows  a  large  change  when  the  pair  becomes 
bound  (unbound)  to  the  donor  (acceptor)  with  increasing  pair  interaction  strength.  For  large  pair 
interaction  strength,  the  oscillator  strength  for  a  pair  bound  to  an  acceptor  at  any  bulk  site  is 
similar  to  the  oscillator  strength  for  a  pair  bound  to  an  acceptor  at  the  middle  of  the  chain  (as 
shown  in  Fig.  9).  The  oscillates  strength  for  pairs  bound  to  donors  depends  on  where  die  donor  is 
located.  Fes  donors  near  the  middle  of  the  chain  (sites  4  and  5  for  the  case  considered  here),  the 
large  pair-interaction  limit  corresponds  to  a  pair  localized  to  the  sites  on  either  side  of  the  donor. 
For  donors  at  sites  near  the  chain  end  (sites  2  and  3  in  this  case),  the  exciton  dead  layer  prevents 
localization  of  the  pair  to  the  site  which  is  adjacent  to  the  donor  and  close  to  the  end.  hi  this  latter 
case  the  oscillator  strength  is  reduced  by  half  because  the  pair  can  localize  to  only  one  side  of  die 
donor  rather  than  to  both  sides  of  the  donor. 
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Fig.  9.  Pair  oscillator  strength:  for  donors  at  the  end  (solid  curve)  and  at  the  middle  of  the  chain 
(dashed  curve)  and  for  acceptors  at  the  end  (dotted  curve)  and  at  the  middle  of  the  chain 

(dash-dot  curve). 


CONCLUSIONS 

A  simple  Hubbard  model  has  been  used  to  gain  general  insight  about  how  impurities  affect 
the  optical  properties  of  confined  nanostructures  such  as  quantum  dots,  wires  and  coupled  wells. 
In  these  systems,  intermediate-dimensional  excitons  exhibit  nonmonotonic,  nonuniversal  behavior 
with  dead  layers  and  asymmetry  in  the  charge  localization.  The  competing  effects  of  confinement 
and  pair  interaction  induce  separate  length  and  interaction  scales  for  the  localization  of  the  electron 


and  bole  in  the  confined  interacting  pair.  When  an  impurity  interacts  with  a  pair,  new  length  and 
energy  scales  for  the  electron-impurity  interaction  and  the  hole-interaction  must  be  introduced. 
Important  modifications  of  exciton  states  arise  as  a  result  of  die  pair-impurity  interaction. 

Intermediate-dimensional  excitons  bound  to  donors  or  acceptors  at  or  near  system 
boundaries  can  be  very  different  from  excitons  bound  to  bulk  impurities.  Excitons  are  bound  to 
bulk  impurities  for  aU  pair  interaction  strengths.  In  contrast,  excitons  bound  to  donors  at  a 
boundary  become  unbound  for  weak  pair  interaction.  Excitons  bound  to  acceptors  at  a  boundary 
become  unbound  to  strong  pair  interaction.  For  impurities  at  the  boundary,  oscillator  strengths 
can  be  large  or  small,  depending  on  whether  the  impurity  binds  the  exciton.  The  oscillator  strength 
to  excitons  bound  to  donors  near  a  boundary  is  reduced  because  the  dead  layer  induced  by 
confinement  can  affect  a  bound  exciton.  Any  effort  to  improve  the  optical  properties  of  confined 
nanostructures  by  controlling  defects  and  impurities  must  take  into  account  that  trap  energies  of 
defects  and  impurities  and  bound  exciton  oscillator  strengths  depend  sensitively  on  the  impurity  or 
defect  position  in  the  nanostructure  and  on  the  geometry  of  the  nanostructure.  Any  effort  to 
realistically  and  quantitatively  model  impurity  effects  on  confined  excitons  must  be  done  with  care 
to  ensure  that  these  competing  effects  of  confinement,  pair  correlation,  and  impurity  interaction  are 
fully  accounted  to. 
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ABSTRACT 

Due  to  the  reduced  size  of  quantum  devices,  defects  play  a  dominant  role  in  their  electrical 
behaviour.  We  theoretically  show  that  defects  can  change  the  electrical  behaviour  of  a  single 
barrier  or  a  quantum  wdl  For  the  barrier  and  the  well,  we  have  performed  a  quantum 
calculation  of  a  defect  assisted  tunneling  effect  baaed  on  the  WKB  theory  to  describe  the  wave 
functions  and  on  the  Oppenheimer  approach  for  the  determination  of  the  tunneling  probability. 
The  main  effects  are  :  appearance  of  a  negative  differential  resistance  (NDR)  in  the  current- 
voftage  characteristics  (I-V)  of  the  single  barrier  and  an  apparent  lowering  of  the  band  offset  of 
the  quantum  wdl.  In  the  latter  case,  we  have  experimentally  measured  this  effect  on  an 
AlInAs-GalnAs-AlInAs  well,  using  admittance  spectroscopy.  The  apparent  lowering  is 
associated  with  a  native  defect  located  in  the  barrier,  a  defect  studied  using  the  DLTS 
technique. 

INTRODUCTION 

Since  Esaki  and  Tsu  [1]  first  proposed  fabricating  one-dimensional  nuttiquantum  wdl 
structures,  improvements  in  the  growth  processing  have  led  to  increased  interest  and  studies  of 
quantum  wdl  structures.  However,  in  many  cases,  "abnormal"  current  behaviours  have  been 
detected  such  as  the  appearance  of  peaks  in  the  photocurrent  characteristics  of  muhiquantum 
wdl  based  diodes  [2],  negative  differential  resistance  (NDR)  in  the  current-voltage 
characteristics  of  uhrathin  oxide  -  silicon  interfeces,  an  effect  detected  via  a  scanning  tunneling 
nuroscopy  [3]  or  NDR  detected  in  the  I-V  characteristics  of  a  quantum  well  [4].  In  every 
case,  a  defect -assisted  resonant  tunneling  effect  has  been  proposed  to  explain  qualitatively  the 
observed  phenomenon.  However,  no  quantitative  modd  has  been  proposed. 

The  aim  of  this  paper  is  to  propose  a  theoretical  modd  of  defect-assisted  resonant 
tunneling,  an  effect  which  can  occur  between  the  electronic  states  of  a  wdl  or  of  the 
continuum  of  states  of  a  material  and  the  energy  level  aaaociited  with  a  defect  located  in  an 
adjacent  barrier.  A  quantum  analysis  leads  to  an  analytical  formula  which  is  applied  in  the  case 
of  a  single  barrier  or  a  single  quantum  wdl.  A  NDR  is  predicted  in  foe  I-V  characteristics  of 
the  barrier  whereas  an  apparent  lowering  of  the  conduction  band  offset  is  predicted  for  the 
wdl  and  verified  experimentally  for  an  AlInAs-GalnAs-AlInAs  quantum  wdl. 


L  CASE  OF  A  SINGLE  BARRIER 

Figure  1  gives  the  representation  of  foe  conduction  band  associated  with  a  barrier.  The 
indices  L  and  R  are  used  resjsectivdy  for  left  and  right.  Vl  and  Vr  are  the  voltages  applied  to 
the  barrier.  E  is  the  total  energy,  8  is  the  energy  along  the  z  direction  and  £  is  the  wave  vector 
(f  =  fr+f//).  The  defect  is  located  at  zq  and  the  width  of  the  barrier  is  W. 
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Figure  1  :  Conduction  band  oft  barrier  with  an  energy  level  located  in  the  barrier 

The  defect-assisted  tunneling  effect  wifi  occur  when  Efc-E/zo),  the  energy  level  associated 
with  die  defect  located  in  the  barrier.  The  flux  <Ul  of  particles  per  unit  time  and  per  unit  area, 
going  from  the  left  to  the  energy  level  Ej(zq),  is  proportional  to  the  number  of  defects  located 
in  a  dice  of  width  dz  and  is  given  by  [5] : 

dJL  (20)  =  y  Kf  #£* -E,(z.))FL(Et)  (1) 

where  S  is  the  surface  area  of  the  structure,  -  <VkA,l/Vo>  with  y0  Aw  wave  function 

associated  with  the  defect  and  the  wave  function  in  the  barrier.  Ny  is  the  defect 
concentration  assumed  uniform.  FiXEfc)  ”  ftC^kX  1  -fiCEi(zo))Zv  '  (1'4,^))flCBl(Zo))zp* 
where  f  and  g  are  the  tccupancy  functions  of  the  energy  level  Efc  and  of  the  energy  level 
EiCzq)  respectively,  *nd  A  and  Zp  the  degeneracy  fectoro  of  the  defect  when  empty  or  filled, 
(ta  the  following,  to  sroniifc  the  notation,  we  wfil  assume  that  Zy  and  Zp  are  both  unity).  Vj  is 
die  potential  associated  with  the  defect,  assumed  to  be  spherical  with  a  radius  of  the  order  of 
die  atomic  radius  -  1.25  A .  To  calculate  V^o ,  we  have  used  the  WKB  theory  [6]  in 
order  to  deserfoe  the  wave  functions,  u  well  as  the  Oppenheimer  approach  [7]  for  the 
determination  of  the  tunneling  probability. 

The  details  of  the  calculation  are  given  in  [I],  Taking  into  account  the  contribution  to  the 
current  of  particles  going  from  the  left  to  the  right  and  vice  versa,  the  final  expression  of  the 
defect  assisted  tunneling  current  is  given  by : 

■/«  (2) 

I>L+ Dr 

where  ft  and  are  the  occupancy  functions  of  the  energy  level  and  of  the  energy  level 
Ej(zq).  As  the  tunneling  effect  is  measured  at  low  temperature  (to  avoid  the  contribution  of 
die  thermionic  effect),  we  assume  that  the  occupancy  functions  are  step  functions,  i.e.  we  take 
ftKl  and  fg-O.  Thus,  the  behaviour  of  J  will  depend  of  die  behaviour  of  and  ■  Due  to 
the  mathematical  form  of  the  relation  (2),  one  expects  thst  J  wifi  exhibit  a  maximum  because 
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Dr  tow  when  Dl  iacreaaa a.  with  Dl+Pl  -  constant  A  ■mutation  of  web  a  behaviour 
it  given  in  Figure  2  whan  we  have  taken  the  following  par-teen :  AEq  “  0.32  eV,  W-120 
A,  Aj-0.23  eV,  Nr-lxlO1*  car3,  spp40  meV  and  foe  temperature  equate  >0  K. 


Figure  2 :  Simulation  of  the  current  voltage  characteristics  of  a  single  barrier,  talcing  into 
yynain^  §  defect  IW*1**1*  tiinnriing  effoct. 

As  shown  in  figure  2,  a  NDR  occurs  in  the  current-voltage  characteristic  of  a  single  barrier. 
This  model  allows  an  interpretation  of  the  "abnormal*  NDR  observed  in  the  I-V  curve  of  a 
single  barrier.  Experimental  studies  of  this  effact  are  in  progress  for  on  a  single  GsAs-GaAlAs- 
GaAs  barrier,  where  the  defects  are  introduced  with  electron  irradiations. 

IL  CASE  OF  A  SINGLE  WELL 

We  consider  a  well  and  we  assume  there  is  a  defect  located  in  the  associated  barrier. 
Now,  we  consider  the  following  phenomenon  :  the  electrons  localized  in  the  well  are  not 
emitted  through  a  thermionic  process  but  via  a  double  tunneling  process.  First,  they  tunnel  to 
the  energy  level  of  a  defect  located  in  the  barrier.  Second,  once  captured  by  the  defects,  they 
tunnel  towards  the  conduction  band  of  the  barrier.  As  we  shall  see  later,  the  activation  energy 
associated  with  this  process  corresponds  to  the  band  offset  decreased  by  1.66  times  foe 
kmisattoa  energy  aseocteted  with  the  defect.  We  propose  a  theoretical  model  and  an 
experimental  study  on  a  well,  using  the  admittance  spectroscopy  technique. 

ELI  The  model 

Figure  3a  gives  the  representation  of  the  conduction  band  associated  with  a  well  and 
with  a  defect  located  in  the  barrier,  with  the  associated  energy  level  Ej(z)  located  at  foe  energy 
Aq  from  the  bottom  of  the  conduction  band  of  the  barrier.  The  weQ  has  a  width  L  and  its 
potential  depth  is  Vq  or  AEc  (the  associated  band  offset).  The  defect  is  located  at  a  distance 
Zq  from  foe  edge  of  foe  wefl  and  its  associated  potential  well  is  taken  to  be  spherical.  Due  to 
tunneling  through  the  triangular  barrier  associated  with  both  the  conduction  band  of  the  well 
and  the  barrier,  there  is  a  font  of  electrons  which  tunnel  from  the  well  to  the  defect  (and  vice 
vena)  and  an  other  flux  from  the  defect  to  the  conduction  band  of  the  barrier  (and  vice  versa). 
At  equffibrium,  the  net  flux  is  equal  to  zero.  An  electrical  excitation  (as  in  the  case  of  the 
jxhnittaaoe  spectroecopy  technique),  induces  a  change  in  the  occupation  functions  of  the  states 
m  the  well  and  m  the  conduction  band  of  the  barrier  (with  respect  to  equilibrium).  In  that  case, 
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■  conductivity is  aaaociatad  with  the  electrical enritatimi  The  behaviour  of  this  conductance  ia 
(firecdy  connected  to  the  tunneling  effect  of  die  electrons  from  the  wed  to  the  conduction  bead 
of  the  barrier.  As  shown  m  Fipne  3a,  the  structure  is  symmetric,  i.e.  there  is  a  tumtefing  effect 
from  the  conduction  band  of  the  barrier  located  on  the  left  of  the  wed  to  the  well  and  from  the 
wed  to  the  conduction  band  located  on  the  right  of  the  watt.  The  equivalent  electrical  circuit  is 
given  in  Figure  3b.  Under  a  polarisation  5V  applied  on  the  structure,  one  diode  is  forward- 
biased  snd  the  other  one  is  reverse-biased.  The  total  associated  current  will  be  determined  by 
the  saturation  current  of  foe  reverse-biased  diode.  The  important  Act  is  that  the  two 
components  of  the  current  (from  foe  left  and  from  the  right)  have  the  wm  activation  energy 
associated  with  foe  tunneling  process. 


Figure  3  :  Schematic  conduction  band  of  a  wed  at  equilftrium  (3a),  together  with  the  electrical 

equivalent  circuit  (3b). 

The  important  fact  to  note  is  that  the  main  part  of  foe  current  corresponds  to  a  small  value  of 
zq.  For  «maH  values  of  z,  we  assume  that  the  potential  is  linear.  Then,  we  obtain  an  analytical 
expression  fix  the  tunneling  current  given  by  [9] : 

J  =  o.eap(-^:Xl-«qK-^))  (3) 

where  A.  -  AEg  -  166  The  factor  1 .66  come*  from  the  integration  over  z.  The  associated 
small  signal  conductivity  o  is  obtained  by  taking  the  derivative  of  J  with  respect  to  6V  in  the 
limit  8V-0.  We  obtain : 

° <4) 

One  observes  that  the  activation  energy  associated  with  foe  phenomena  described  just  before 
corresponds  to  foe  band  offset  value  decreased  by  1.66  Ag ,  giving  an  effective  lowering  of  this 
band  offset. 
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We  have  studied  structures  grown  by  molecular  beam  epitaxy  and  uniformly 
doped  with  Si,  at  typical  concentration  of  2xl016  cm*3  .  They  each  const*  of  Ga^Ii^As 
quantum  wed  (*-0.53  and  xH>.dO,  with  a  width  1X15  nmX  sandwiched  batsmen  two 
Alo.S2lBO.4tAs  layers  (0.35  pm  thick).  For  admittance  measurements,  Ti-Au  Schottky  diodes 
have  been  deposited  on  the  top  layer.  In  order  to  distinguish  the  well  response  from  the  defects 
located  in  the  AOaAs  barrier.  Deep  Level  Trantient  Spectroscopy,  has  been  used  as  a 
complementary  technique.  The  band  bending  diagram  of  the  structure  is  given  in  Figure  3, 
together  with  the  equtalent  electrical  circuit. 

Such  a  structure,  under  an  excitation  of  frequency  »,  has  a  resonance  defined  by  the  condition : 

Go  -  (CD+Cl)o  (5) 

The  conductance  Gp  can  be  written  as : 

G°=t  <6> 

where  Lg  is  the  total  length  of  the  structure.  Then,  combining  (4),  (5)  and  (6),  we  obtain  a  new 
condition  for  the  resonance : 


,  tr.S  A. 

V  '2a(Cl+C1>)£,“,p"kf 


(7) 


Taking  a  linear  variation  of  the  Fermi  level  in  the  temperature  range  of  measurement,  equal  to 
pT  +  Epo ,  we  can  write  : 

.  ,  1  .  (AEc-l66A0)+Ep0 

Log(rzr) 9 - r= - “+A*- Log{ 


klf 


kT 


OQ  TS 

'2  MPl+C2)LS 


) 


(S) 


An  Arrhenius  plot  (see  figure  4)  allows  one  to  determine  the  effective  activation  energy 
associated  with  the  process,  i.e.  (A Eq  -  I.66A0)- 


Figure  4 :  Arrhenius  plot  of  l/Tf  versus  1000/T  fin’  two  indhnn  fractions  x-0.53  (•)  and 

x=0.60  (A). 
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Figure  4  shows  that  it  low  temperature,  the  emisaioo  assisted  by  the  defect  is  dominant  and  the 
cofTMpondmg  Arrhenius  plot  ,  i.e.  (kTf)*1  versus  the  inverse  of  the  temperature,  for  two 
sampias  (x-0.53  and  0.60  in  Gt|.xInxAs),  gives  So- 

Taking  into  account  the  Fermi  level  variation  with  the  temperature  and  the  conduction  bend 
discontinuity,  we  can  deduce  the  energy  do  of  the  trap  responsible  for  the  band  offset  lowering 
(see  Table  I).  By  comparing  this  value  and  the  apparent  beerier  (do  +  Eg)  deduced  from  DLTS 
measurements  on  the  same  AllnAs  layers,  we  can  deduce  rite  energy  barrier  Eg  associated 
with  the  capture.  Within  the  precision  of  the  measurements,  this  value  agrees  with  that  of  the 
level  C  lying  at  0.18±0.02  eV  below  the  conduction  band  in  die  AllnAs  layers  [10]. 


X 

0.53 

0.60 

AEc(eV) 

0.51 

0.54 

Aq  =  A£(7  -  L66A0(er) 

0.37±0.015 

0.3410.015 

*>(eV) 

0.08510.015 

0.12±0.015 

EB(eV) _ 

0.085±0.015 

0.09±0.015 

TABLE  I :  do  and  Eg  deduced  from  An  and  (do+Eg)  for  two  GalnAs  alloys . 
CONCLUSION 

We  have  presented  two  illustrations  of  defect-assisted  tunneling,  for  a  single  barrier  and  a 
single  well.  In  both  cases,  we  have  shown  that  such  a  mechanism  leads  to  important  changes  in 
the  electrical  behaviour  of  the  structures.  Due  to  the  diminution  of  the  size  of  devices,  this 
effect  should  become  increasing  important  in  the  future. 
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ABSTRACT 

The  effects  of  low-energy  electron  irradiation  on  the  two-dimensional  electron  gases 
(2DEG's)  in  AlGaAs/GaAs  heterostructures  have  been  investigated.  Not  only  the  electron 
mobility  of  the  2DEG' s  but  also  the  two-dimensional  (2D)  carriers  are  found  to  be  reduced  by  the 
electron  irradiation  with  the  incident  energies  between  3.5  k  and  8  keV  and  the  electron  dose  of 
1x10*  and  lxlO17  /cm1.  The  degraded  mobility  and  the  removed  carriers  by  the  low -energy 
electron  irradiation  are  shown  to  recover  by  isochronal  annealing  to  some  extent,  but  not 
completely  below  400 <t.  It  is  also  found  that  considerable  amount  of  scatterers  which  are  created 
by  an  electron  irradiation  at  room  temperature  arc  also  created  by  an  irradiation  at  90  K. 
Comparing  the  experimental  results  with  the  Monte  Carlo  simulation,  we  speculate  that  the 
mobility  denudation  and  the  2D  carrier  compensation  are  partly  caused  by  the  formation  of 
complex  defects  in  the  GaAs  buffer  layer  which  are  due  to  the  excitations  of  core  electrons  of  As, 
and  that  the  mobility  is  further  degraded  by  the  formation  of  short-range  scatterers  in  the 
hetcrointerface. 


INTRODUCTION 

Electron  beam  lithography  plays  the  leading  part  in  die  fabrication  of  ultra-fine-structure 
devices  in  which  the  quantum  effects  dominate  the  device  operations.  In  the  quantum  effect 
devices  made  of  IH-V  compound  semiconductors,  two-dimensional  electron  gas  (2DEG)  in 
AlGaAs/GaAs  heterostructures  with  an  extremely  high  electron  mobility  plays  an  important  role. 
If  such  low-energy  electrons  as  are  commonly  utilized  in  the  electron  beam  lithography  cause  any 
damage  to  the  2 DEG’s,  the  effects  on  die  characteristics  of  the  quantum  effect  devices  may  be 
serious.  In  fact,  damage  seems  to  be  induced  in  2DEG's  by  the  irradiation  of  low -energy 
electrons. 12,3  The  irradiation  effects  on  bulk  GaAs  by  high-energy  electrons,  that  is,  by  1-MeV 
electrons,  have  been  studied  intensively,  and  the  mechanisms  of  defect  formation  have  been 
considerably  clarified.0  On  the  other  hand,  research  on  the  irradiation  effects  exerted  by  the 
relatively  low-energy  electrons  is  still  limited  as  far  as  we  know.IAM 

This  paper  describes  how  the  quality  of  2DEG' s  are  degraded  by  the  irradiation  of  relatively 
low-energy  electrons  and  the  results  are  compared  with  the  simulated  results  by  the  Monte  Carlo 
method.  The  effects  of  a  low  temperature  irradiation  and  isochronal  anneal  on  the  degraded 
2DEG's  arc  also  investigated. 


EXPERIMENTAL 

The  selectively  doped  n-AlGaAs/GaAs  heterostructures  with  high  mobility  two-dimensional 
(2D)  electrons  were  grown  by  molecular  bean  epitaxy.  Figure  1  illustrates  the  structure  of  the 
samples  examined  in  this  work.  The  structure  consists  of  a  1  pm-thidc  undoped  GaAs  buffer 
layer  on  semi-insulating  (100)  GaAs,  a  20  nm  undoped  AL,GaaTAs  spacer  layer,  a  50  ran 
St-doped  Al—Ga-jAs  carrier-supplying  layer,  and  a  10  nm  Si-doped  GaAs  cap  layer.  In  our 
samples  the  ZDEG  s  lie  at  a  depth  of  80  nm  from  the  surfaces.  The  electron  Hall  mobility  of  the 
2DEG's  is  around  2x10s  cmVVs  at  14  K  and  the  sheet  carrier  concentration  is  about  3.4xl0u 
/cm1.  The  van  der  Pauw  Hall  elements  were  fabricated  by  conventional  photolithography  and  the 
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Fig.l.  Hie  schematic  structure  of  the  MBE- 
pown  AlGaA^GaAs  heterostiucturc  used 
m  this  study. 
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Fig. 2.  The  incident  eketron  energy  dependences 
of  the  mobility  degradation  and  the  electron 
energy  loss  at  the  20EG  region. 


AuGe/Ni/Au  metal  system  was  used  to  form  ohmic  contacts.  Van  der  Pauw  Hall  measurements 
woe  performed  mostly  at  14  K  outside  the  electron  irradiation  chamber  after  the  sample  was 
irradiated  perpendicularly  by  electrons  with  the  energies  ranging  from  3.5  to  8  keV  at  room 
temperature  in  2x10'*  Tort.  The  diameter  of  the  eketron  beam  at  the  sample  position  was  about  3 
cm  and  the  fluctuation  of  the  current  density  was  not  larger  than  20  %.  The  current  density  of  the 
electron  beam  was  about  2  pA/cm3  and  the  irradiation  doses  were  lx  10“’  or  lxlOr/cm2.  One  of 
our  samples  was  irradiated  by  keeping  its  temperature  at  90  K  and  in  situ  Hall  measurements 
were  performed  at  the  same  temperature  just  before  and  after  the  irradiation.7 


RESULTS 

Figure  2  shows  the  d 
energy,  when  the  electron 


of  the  mobility  degradation  as  a  function  of  the  incident  electron 
is  lxl0H  /cm2.  The  mobility  degradation  is  defined  by 


[mobility  degradation]  =  Im-PkndVl** »  C1) 

where  p,  is  the  mobility  before  irradiation  and  p^  is  the  mobility  after  irradiation.  Even  at  the 
incident  energy  of  3.5  keV,  the  mobility  degrades  sughtly  and  the  degree  of  mobility  degradation 
increases  roughly  superlinearly  with  an  increase  in  die  incident  energy  at  least  up  to  8  keV.  At  the 
8  keV  irradiation,  the  mobility  degrades  by  more  than  20  %,  but  the  2D  carriers  decreases  only 
by  a  small  amount  When  a  sample  is  irradiated  by  8-keV  electrons  with  the  dose  of  1x10'  /cm , 
the  mobility  degrades  by  95  %  and  the  2D  carriers  decreases  by  40  %  .  On  the  other  hand,  in  the 
case  of  the  sample  which  is  irradiated  by  keeping  to  temperature  at  90  K,  the  rate  of  mobility 
degradation  decreases  by  15  %  and  the  rate  of  2D  carrier  removal  diminishes  by  30  %  as 
compared  with  thoSc  for  the  sample  iiradiated  at  room  temperature. 

The  results  obtained  from  the  2 DEG  jsochronaily  annealed  for  the  time  periods  of  15  min  are 
illustrated  in  Fig.  3,  where  the  annealed  sample  was  irradiated  at  room  temperature  by  foe  1x10 
electrons/an2  with  the  incident  energy  of  8  keV.  The  degree  of  mobility  and  2D  carrier  recovery 
is  estimated  by  the  fraction  not  annealed  L,  defined  by 
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Fig. 3.  The  temperature  dependences  of  the 
recovery  of  mobility  and  2D  carriers  by  the 
isochronal  anneal. 


Fig. 4.  The  depth  profiles  of  the  electron 
energy  loss  in  an  AlGa/WGaAs  heterostructurc 
obtained  by  the  Monte  Carlo  simulation. 


fNA=K-mCDl/Am,  (2) 

where  nig  is  the  mobility  or  the  sheet  carrier  concentration  before  irradiation.  Am  is  the  change  in 
mobility  or  sheet  carrier  concentration  due  to  the  irradiation,  and  m(T)  is  the  mobility  or  the  sheet 
carrier  concentration  after  annealing  at  a  temperature  T.  The  degraded  quality  of  the  2DEG  by  the 
electron  irradiation  recovers  gradually  between  100  and  2S0  °C  but  the  recovery  proceeds  only 
slightly  above  250  ■  The  degraded  mobility  and  the  removed  2D  carriers  do  not  recover 

completely  below  400  3C .  The  situation  is  quite  different  from  the  results  obtained  from  the 
1-MeV-clectron-irradiated  bulk  GaAs,4  where  the  induced  degradation  recovers  completely  by  the 
annealing  below  400  t. 


DISCUSSION 

In  order  to  examine  the  correlation  between  the  incident  energy  dependence  of  the  mobility 
degradation  and  the  election  energy  loss  in  an  AlGaAs/GaAs  heterostructurc,  the  distributions  of 
electron  energy  losses  were  simulated  by  the  Monte  Carlo  method.  The  calculation  procedures  are 
essentially  the  same  as  those  published  elsewhere.1''’  Figure  4  shows  the  simulated  depth 
profiles  of  electron  energy  losses  in  the  structure  shown  in  Fig.  1.  In  this  simulation,  the 
scattering  processes  of  1x10*  incident  electrons  were  traced.  When  the  lower  energy  (3.5,  5  keV) 
electrons  are  irradiated,  most  of  energies  are  lost  in  the  shallower  region,  that  is,  around  the 
2DEG  region;  on  the  other  hand,  when  the  higher  energy  (8,  10  keV)  electrons  are  irradiated, 
electrons  lose  their  energies  much  more  broadly  and  the  peaks  of  energy  loss  shift  to  the  deeper 
region.  The  peak  value  of  the  energy  loss  profile  also  becomes  smaller  when  the  incident  energy 
becomes  higher.  The  amounts  of  election  energy  loss  at  the  2DEG  region  are  plotted  against  the 
incident  electron  energy  in  Fig.  2.  In  the  sample  with  the  2 DEG  depth  of  80  nm,  the  energy  loss 
at  the  2 DEG  region  reaches  maximum  when  the  incident  electron  energy  is  around  4  keV;  on  the 
other  hand,  the  observed  degradation  of  electron  mobility  increases  at  least  up  Co  8  keV  in  our 
experiments.  As  far  as  we  can  judge  from  the  depth  profiles  of  the  whole  electron  energy  losses, 
the  mobility  degradation  seems  to  be  caused  not  by  the  scaiterers  formed  in  the  2DEG  region  due 
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Depth(nm) 

Fig.  5.  The  number  of  collisions  by  which 
electrons  lose  encrg:es  larger  than  1  keV. 


Fig.  6.  The  number  of  collisions  by  which 
electrons  lose  energies  larger  than  1.3  keV. 


to  the  electron  irradiation  but  by  the  charged  defects  formed  in  the  remote  region,  if  the  created 
defects  move  very  little  at  room  temperature  during  and/or  after  electron  irradiation,  partly 
affirming  Finketal.'s  conjectures.2  However,  the  distance  of  around  80  nm  from  the 
heterointerface,  where  electrons  with  the  incident  energy  of  8  keV  deposit  energies  most 
frequently,  seems  to  be  rather  too  far  to  cause  the  mobility  degradation  effectively. 

In  the  above  discussion,  we  considered  the  amounts  of  the  energy  loss  due  to  electron 
irradiation  in  order  to  compare  them  with  the  incident  energy  dependence  of  the  mobility 
degradation.  However,  in  such  a  case,  where  we  must  consider  the  electron  collisions  by  which 
defects  are  created,  it  is  not  the  amount  of  energy  loss  but  the  number  of  collisions  by  which 
electrons  deposit  energies  larger  than  a  certain  threshold  energy  that  has  physical  meaning.  Fig.  5 
illustrates  one  example  of  histograms  of  the  collisions  by  which  electrons  deposit  energies  larger 
than  1  keV,  where  1x10s  electrons  with  the  incident  energy  of  8  keV  were  traced  by  the  Monte 
Carlo  simulation.  100  times  of  collisions  in  the  2.5  nm-thick  layer  correspond  to  the  defect 
density  of  4x10“  /cm3  by  the  incident  electrons  of  1x10“  /cm2,  if  we  suppose  that  all  collisions 
create  defects  and  that  they  do  not  diffuse.  Such  too  frequent  collisions  with  energy  deposition 
larger  than  1  keV  correspond  to  the  excitations  of  l^shell  electrons  of  Ga  atoms,  since  most  of 
these  collisions  deposit  energies  between  1  keV  and  1.3  keV  according  to  the  simulated  results  by 
the  Monte  Carlo  simulation,  and  the  mea-  'lectron  binding  energies  are  1.56  keV  for  the  A1 
K-shell  electron,  1.38  keV  for  the  As  L-shc  electron,  and  1.17  keV  for  the  Ga  L-shcll  electron. 
Figure  6  illustrates  the  histogram  of  the  collisions  by  which  electrons  deposit  energies  larger  than 
1.3  keV  as  a  function  of  depth,  for  the  incident  electron  energy  of  8  keV.  As  shown  in  this 
figure,  when  we  choose  E*  of  1.3  keV,  which  is  in  between  the  binding  energies  of  the  As 
L^sheU  electron  and  Ga  L-snell  electron,  electrons  are  shown  to  deposit  energies  larger  than  E4 
with  relatively  reasonable  frequency. 

It  has  been  suggested  that  the  low-temperature  mobilities  of  2DEG’s  in  AlGaAs/GaAs 
heterostructures  are  primarily  determined  by  the  scattering  by  ionized  impurities. 10  The  scattering 
rate  at  the  heterointerface  due  to  an  ionized  defect  that  resides  at  a  distance  r  from  the  interface  is 
approximately  inversely  proportional  to  r2.  According ;y,  we  estimate  the  effects  of  collisions  on 
the  electron  mobility  of  a  2DEG  using  the  effective  collision  factor  defined  by 

F=ZNa4(r)/r2,  (3) 
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Fig. 7.  The  incident  electron  energy  dependence  of  the  normalized 
effective  collision  factor  which  is  defined  in  the  text. 


where  Nod(r)  represents  the  number  of  collisions  at  a  distance  r  from  the  hetcrointerface.  The 
summations  were  done  separately  in  the  AlGaAs  spacer  layer  and  in  the  GaAs  buffer  layer  using 
the  obtained  results  by  the  Monte  Carlo  simulation  with  die  incident  electrons  of  1x10*  and  the 
threshold  energies  of  1  k  and  1.3  keV.  Figure  7  shows  the  incident  energy  dependence  of  the 
effective  collision  factors  normalized  by  die  factors  at  the  incident  energy  of  8  keV.  Although  an 
increase  of  ionized  centers  in  the  spacer  layer  was  shown  to  decrease  the  2DEG  mobility 
effectively  by  the  theoretical  mobility  calculation,3  the  factor  F  in  the  spacer  layer  becomes 
maximum  when  the  incident  energy  is  S  keV.  The  situation  conflicts  with  the  experimentally 
observed  energy  dependence  of  the  mobility  degradation.  On  the  other  hand,  the  factor  F  that  is 
obtained  in  the  buffer  layer  with  the  threshold  energy  of  1.3  keV  increases  with  an  increase  in 
the  incident  energy.  The  tendency  is  the  same  as  found  in  the  experiment  Because  most  of  the 
collisions  in  the  AlGaAs  spacer  layer  deposit  energies  larger  than  1.5  keV,  such  collisions  excite 
A1  K-shell  electrons.  Therefore,  the  excitations  of  the  A1  K-shell  electron  seem  to  be  only  slightly 
related  to  the  formation  of  ionized  centers.  Collisions  which  deposit  energies  between  1.3  keV 
and  1.5  keV  in  the  buffer  layer  can  be  attributed  to  the  As  L-shell  electron  excitations. 

Therefore,  we  can  speculate  on  the  analogy  of  the  bond-breaking  mechanism  of  Si-O  by 
synchrotron  radiation"  as  follows.  The  irradiated  electrons  excite  the  core  electrons  of  As  in  the 
GaAs  buffer  layer.  The  excited  electrons  and  interatomic  Auger  transitions  break  bonds  between 
As  and  Ga,  creating  complex  defects  which  act  as  ionized  centers.  These  defects,  thus,  become 
scattering  centers  against  2D  carriers  in  the  AlGaAs/GaAs  heterostructure,  resulting  in  a  decrease 
in  the  mobility  and  2D  carriers.  This  kind  of  defect  is  thought  to  be  formed  even  at  90  K.  In  fact, 
the  mobility  degrades  considerably  by  the  90  K  irradiation.  However,  the  rate  of  the  mobility 
degradation  by  the  room  temperature  irradiation  increases  by  15  %  as  compared  with  the  rate  for 
the  90  K  irradiation.  This  result  suggests  that  another  kinds  of  scatterers  must  be  created 
probably  with  the  assistance  of  diffusion  at  room  temperature.  The  results  obtained  by  the 
isochronal  anneal  experiments  also  suggest  that  at  least  two  kinds  of  defects  are  created:  one  kind 
of  defect  is  easily  annealed  below  400 “C  and  the  other  one  is  rather  hard  to  anneal  thermally. 
Because  large  energies  are  frequently  deposited  around  the  AlGaAs/GaAs  heterointerface  as 
shown  in  Fig.  6,  such  short-range  scatterers  as  are  due  to  the  precipitations  of  ALAs  could  also  be 
formed  in  the  hetcrointerface.  These  scatterers  will  cause  further  decrease  in  the  mobility. 
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CONCLUSIONS 

The  effects  of  the  low-energy  electron  eradiation  on  the  2 DEG's  in  AlGaAs/GaAs 
heterostructures  have  been  studied.  Not  only  the  electron  mobility  of  the  2DEG's  but  also  the  2D 
earners  were  found  to  be  reduced  by  the  electron  irradiation  with  the  incident  energies  between 
3.5  k  and  8  keV  and  the  electron  dose  of  1x10“  and  lxlQ11  /cm2.  The  degraded  mobility  and  the 
removed  carriers  by  the  low-energy  electron  irradiation  were  shown  to  recover  by  isochronal 
annealing  to  some  extent,  but  not  completely  below  400 It  was  also  found  that  considerable 
amount  of  scattercrs  which  are  created  by  an  electron  irradiation  at  room  temperature  are  also 
created  by  an  irradiation  at  90  K.  Con^aring  die  experimental  results  with  the  Monte  Carlo 
simulation,  we  speculate  that  the  mobility  degradation  and  the  2D  carrier  compensation  are  partly 
caused  by  the  formation  of  complex  defects  in  the  GaAs  buffer  layer  which  are  due  to  die 
excitations  of  core  electrons  of  As,  and  that  the  mobility  is  further  degraded  by  the  formation  of 
short-range  scattereis  in  the  heterointerface. 
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ABSTRACT 

Magnetooptical  studies  have  been  performed  on  the  shallow  Be  acceptor  confined 
in  the  central  region  of  narrow  GaAs/AlGaAs  quantum  wells  (QWs)  with  the  magnetic 
field  along  the  growth  direction.  The  magnetic  field  dependence  of  the  acceptor  transition 
between  the  1S(T<j)  hh-like  ground  state  and  the  excited  hh-like  2S(l6>  state  has  been 
investigated  by  means  of  two  independent  techniques:  Two-hole  transitions  of  the 
acceptor  bound  exciton  (BE)  and  resonant  Raman  scattering.  The  lS(r<5)  -  2S(T<s) 
transition  energy  as  a  function  of  the  magnetic  field  has  been  measured  for  central 
acceptors  in  QWs  of  widths  in  the  range  50  - 150  A.  The  energy  levels  for  the  IS  ground 
states  and  2S  excited  states  of  the  confined  acceptor  with  a  magnetic  field  as  a 
perturbation  have  also  been  calculated.  These  calculations  predict  a  larger  splitting 

between  the  mj=+3/2  and  mj=-3/2  components  of  the  acceptor  1S(T6)  ground  state  in 
comparison  with  the  corresponding  splitting  of  the  excited  2S(T6)  state.  The  experimental 
results  are  in  good  agreement  with  the  theoretical  predictions  derived  without  any  fitting 
parameters.  Furthermore,  the  Zeeman  splitting  of  the  acceptor  BE  emission  has  been 
measured  and  it  is  concluded  that  the  J  =  5/2  BE  state  is  lowest  in  energy,  similar  to 
shallow  acceptor  BEs  in  bulk  GaAs. 


INTRODUCTION 

The  energy  level  spectrum  of  a  hydrogenic  potential,  when  going  from  3D  to  2D 
is  a  topic  of  fundamental  interest  Both  acceptors  and  donors  have  been  extensively 
studied  in  the  case  of  bulk  GaAs.  While  states  close  to  the  conduction  band  edge,  e.g. 
donor  states,  can  be  well  described  with  a  angle  effective- mass  approximation  (EMA), 
the  corresponding  description  of  states  close  to  the  valence  band  edge,  e.g.  acceptor 
states,  is  more  demanding  because  of  the  degenerate  valence  band  edge.  A  multi-band 
EMA  model  has  to  be  employed  [1]  for  a  proper  treatment  of  acceptors. 

If  we  now  turn  to  an  acceptor  state  in  the  quantum  well  (QW)  case,  the  fourfold 

degenerate  Tg  level  splits  into  a  twofold  degenerate  heavy  hole  (hh)-like  state  with  r<; 

symmetry  and  a  twofold  degenerate  light  bole  (lh)-like  state  with  T7  symmetry.  However, 
there  is  an  appreciable  coupling  between  these  states,  which  has  to  be  taken  into  account 
in  a  proper  description  of  these  acceptor  states.  Also,  the  Coulomb  coupling  between 
different  subbands  should  be  included,  since  the  acceptor  energy  is  larger  than  the 
intersubband  separation.  The  first  calculations  coping  with  the  complicated  valence  band 
structure  were  presented  by  Masselink  et  at  [2,  3],  Later  on,  extensive  calculations 
involving  the  multi-band  EMA  [4  -  6]  or  the  effective  band-orbital  model  [7]  have  been 
performed. 

We  present  in  this  work,  a  combined  experimental  and  theoretical  investigation  of 
the  dependence  of  the  confined  acceptor  states  on  the  applied  magnetic  field.  The 
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computational  method  used  is  an  extension  of  the  calculations  previously  reported  by 
Fraizzoli  and  Pasquaiello  [5,  6]  for  the  zero  field  case.  The  experimental  results  are 
derived  from  spectroscopic  studies  of  acceptor  doped  QWs  involving  partly  two-hole 
transitions  (THTs)  of  the  acceptor  bound  exciton  (BE)  observed  in  selective 
photoluminescence  (SPL)  and  partly  resonant  Raman  scattering  (RRS)  in  the  presence  of 
a  magnetic  field. 


THEORY 

The  dependence  of  the  IS  ground  state  together  with  the  2S  excited  states  for  a 
confined  acceptor  on  a  magnetic  field  applied  parallel  to  the  growth  direction  has  been 
computed  by  extending  the  comprehensive  theory  given  by  S.  Fraizzoli  and  A. 
Pasquaiello  for  zero  field  conditions  [S,  6].  A  vector  potential  A  including  the  magnetic 
field  strength  B  according  to 

A  =  lBxr=  l(-yB,xB,0)  (1) 

is  introduced  into  the  Hamiltonian  for  an  acceptor  in  a  single  QW.  Considering  a  single 
quantum  well,  grown  in  the  [001]  direction,  which  we  take  as  the  quantization  axis  z,  the 
acceptor  Hamiltonian  then  is  given  by  a  4x4  matrix  operator 

H  =  H>“>  +  H<»w  +  Hc  (2) 

Here  Hkin  represents  the  kinetic  energy  of  the  holes,  H4W  the  confinement  potential 
originating  from  the  valance-band  discontinuity,  and  Hc  corresponds  to  the  potential  of 
the  acceptor  and  of  the  image-charges  due  to  the  mismatch  of  the  dielectric  constant.  The 

lrinetic-energy  term  H1™,  quadratic  in  k=-iV  +  lelA/(ftc),  describes  the  dispersion  of 


Fig.  1  The  predicted  development  of  the 
energy  spectra  for  IS  and  2S  states  of  a 
central  acceptor  in  a  100  A  wide  QW 
with  an  applied  magnetic  field. 


PHOTON  ENERGY  (eV) 


Fig.  2  SPL  spectra  at  zero  field  conditions 
with  the  excitation  dose  to  the  FE  (at  1.5378 
eV)  and  the  BE  (at  1.5335  eV). 


74 


the  r8  valence  band  with  the  applied  magnetic  field  B=V  x  A,  and  is  given  by  the 
Luttinger-Kohn  Hamiltonian  [8] 
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The  yi,  72,  y$  ,  k  and  qaie  the  Luttinger  parameters  describing  the  Tg  valence  band.  The 
same  Luttinger  Hamiltonian  has  earlier  been  successfully  used  to  calculate  the  zero 
magnetic  field  case  [5, 6]. 

If  we  let  the  Hamiltonian  given  in  (2)  act  on  the  acceptor  wave  function  written  as 
a  four-component  envelope  function,  we  derive  the  energy  spectrum  for  the  acceptor. 
Fig.  1  shows  an  example  on  the  predicted  dependence  of  the  energy  spectrum  on  the 
magnetic  field  including  the  IS  ground  stales  and  the  corresponding  2S  excited  states  for 

an  acceptor  in  the  center  of  a  100  A  wide  well.  The  fourfold  degeneracy  of  the  lS(Tg) 
ground  state  in  die  3D  case  is  lifted  and  splits  into  the  hh-like  lSfTg)  and  lh-like  1S(T7) 
states  already  at  zero  magnetic  field  for  the  2D  case.  The  twofold  degeneracies  of  the 
lS(r6)  (mj  =  ±3/2)  and  1S(T7>  (my  =  ±1/2)  Kramers  doublets  are  in  turn  lifted  in  the 
presence  of  a  magnetic  field.  It  should  be  noted  that  a  similar  splitting  occurs  for  the 
2S(T6)  and  2S(T7)  excited  states,  but  die  magnitudes  of  the  splittings  are  very  different 
(Fig.  1).  The  Zeeman  splitting  of  the  ISCTg)  ground  state  is  significantly  larger  than  die 
corresponding  splitting  for  the  2S(T<0  excited  state,  while  the  reverse  situation  applies  for 
the  lh-like  F7  states. 


EXPERIMENTAL 

Be  doped  QW  structures  grown  by  MBE  have  been  used  in  this  study.  Multiple 
(n=  50)  QW  structures  with  well  widths  in  the  range  50  to  150  A  sandwiched  between 
ISO  A  wide  AlojQfGao  ToAs  barriers  were  grown.  The  samples  were  selectively  doped 
with  Be  in  the  central  20%  of  the  QW  with  1  concentration  ranging  from  3xl016cm'3  for 
the  wide  wells  to  lxlO17  cm'3  for  the  mote  narrow  QWs.  For  the  SPL  and  PL 
excitation  (PLE)  measurements  an  Art-  k»  laser  pumped  Titanium  doped  Sapphire  solid- 
state  laser  was  employed.  The  magnetooptical  measurements  were  performed  in 
magnetic  fields  up  to  16  T  applied  perpcrwtinilar  to  the  QW  layers.  The  same  optical  fiber 
was  used  for 


MAGNETIC  FIELD  (T) 

Fig.  3  The  experimentally  determined  ISfFe]  Fie.  4  Calculated  dependence  of  the  lS(r<s)  - 
-  2S[r6]  transition  energy  as  a  function  of  an  2S[l6]  energy  on  the  applied  magnetic  field, 
applied  magnetic  field  for  three  different  QW  The  splitting  of  the  1S06)  and  2S(T<>)  states 
widths  in  a  magnetic  field  is  schematically  illustrated 

in  the  insert  together  with  the  four  posable 
transitions. 


coupling  the  excitation  light  from  the  laser  onto  the  sample  ami  for  collecting  the  emission  light 
from  the  sample  onto  the  monochromator. 


ACCEPTOR  STATES  IN  THE  PRESENCE  OF  A  MAGNETIC  FIELD 

The  quantity  mesaured  in  our  experiments  is  the  energy  separation  lS(r<s)  - 
2S(r6)  with  an  applied  magnetic  field.  This  quantity  is  achieved  from  the  energy 
separation  between  the  principle  BE  peak  related  to  the  lS(r^)  ground  state  and  the 
2S(T<s)  related  satellite  state.  The  former  is  derived  directly  from  the  PL  spectrum,  while 
the  latter  is  obtained  via  two  different  optical  techniques:  THTs  of  the  acceptor  BE 
observed  in  SPL  or  RRS.  The  THT  satellite  is  found  to  dominate  when  the  excitation  is 
close  to  or  resonant  with  the  FE,  while  the  RRS  satellite  is  as  strongest  with  excitation 
close  to  or  resonant  with  the  BE  as  illustrated  in  Fig.  2  for  a  150  A  wide  QW  for  the 
aero-field  case. 

The  dependence  of  the  acceptor  lS[r<s]  -  2S06]  transition  energy  on  the  applied 
magnetic  field  up  to  16T  for  three  different  QW  widths  is  shown  in  Fig.  3.  In  the 
presence  of  an  applied  magnetic  field,  both  the  acceptor  BEs  and  the  satellite  peaks  are 
blueahified.  but  at  a  different  rate.  Accordingly,  the  energy  separation  between  the 

acceptor  BEs  and  the  satellites,  Le.  the  ISOg]  -  2S[T6l  energy  separation,  increases  with 
increasing  magnetic  field.  The  same  trend  is  found  for  all  QW  widths  investigated, 
although  at  a  afferent  rate  as  shown  in  Fig.  3. 

From  our  calculations,  we  have  already  concluded  that  the  predicted  magnetic  field 
splitting  between  the  mj  s  ±3/2  components  of  the  Kramers'  doublet  states  is 

significantly  larger  for  the  ISO's)  ground  state  than  for  the  excited  2S06)  state  as 
schematically  illustrated  in  the  insert  in  Fig.  4.  There  are  four  possible  transitions 
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between  between  the  acceptor  lSlIfi)  ground  state  and  the  excited  2S(F6)  state,  denoted 
A,  B,  C  and  D  in  the  insert  in  Fig.  4,  of  which  two  transitions,  mj  =  +/-3Z2  «mj  = 
-/+3/2,  involve  spin- flip  (9].  The  predicted  transition  energies  for  the  four  transitions 
between  the  lS(T<s)  and  2S(rg)  states  are  given  in  Fig.  4  for  the  case  of  acceptors  in  the 
center  of  a  100  A  wide  QW.  Two  major  branches  (related  to  mj  =  +3/2  and  mj  =  -3/2, 
respectively,  of  the  IS(rg)  ground  state)  of  predicted  transition  energies  are  derived. 
The  resolution  in  our  experiment  will  not  allow  us  to  draw  any  conclusions  whether  the 
spin-conserving,  mj  =  +/-3Z2  ++  mj  =  +/- 3/2,  or  the  spin-flip,  mj  =  +/-3Z2  ++  mj  = 
-/+3/2,  transitions  dominate.  Also,  only  transitions  corresponding  to  the  high  energy 
branch  are  observed  in  our  experiments.  Possible  explanations  for  the  absence  or  low 
intensity  of  die  low  energy  branch  could  be  a  low  oscillator  strength  for  RRS  or  THT 
transitions  related  to  this  branch  or  a  limited  thermal  population  of  the  initial  BE  state. 
Next,  we  will  compare  the  experimentally  derived  data  for  the  high  energy  branch  for  the 
acceptor  lStF*]  -  2S[F<j]  transition  energy  as  a  function  of  the  applied  magnetic  field 
with  the  theoretically  predicted  results  derived  from  the  computations  described  above.  It 
should  be  emphasized  that  no  adjustable  input  parameter  is  used  in  our  calculations 
except  for  the  Luttinger  parameter.  From  our  computations  we  conclude  that  the 
experimentally  determined  lS(r^]  -  2S[r$]  acceptor  transition  energies  are  very  sensitive 
for  the  Luttinger  parameter  and  we  derive  an  accurate  determination  of  k  =  1.2  for  the 
hole  of  the  confined  acceptor.  It  should  be  pointed  out  that  even  for  bulk  GaAs,  the 
repotted  values  on  the  Luttinger  parameter,  k,  diverge  significantly,  from  0.8  up  to  1.9 
[10], 


PHOTON  ENERGY  (<V) 


Zeeman  spectra  for  an  acceptor  doped 
wideQW. 


Fig.  6  A  summary  of  the  acceptor  BE  peak 
positions  as  a  function  of  the  magnetic  field  for 
two  QW s  in  comparison  with  bulk  GaAs. 
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ZEEMAN  MEASUREMENTS 


The  development  of  the  PL  spectra  with  increasing  magnetic  field  have  been 
invesogaaed  up  to  1ST.  The  acceptor  BE  splits  into  two  resolved  components  for  higher 
fields  at  shown  in  Fig.  5.  From  this  linear  Zeeman  splitting,  AE,  of  the  BE  observed  in 
PL,  an  effective  g- value,  gtfr,  is  derived  from 

AE  =*  guff  B  Pjb  (S) 

where  B  is  die  applied  magnetic  field  and  its  is  the  Bohr  magneton.  The  evaluated 
effective  g- value,  t*rr.  from  the  observed  splitting  in  PL  is  found  to  be  strongly 
dependent  on  the  degree  of  confinement:  For  the  QWs  used,  an  effective  g-value,  of 

geff  -  1-52U  estimated  for  the  ISO  A  wide  QW,  which  is  further  increased  to  geff  =  1.89 
in  a  100  A  wide  QW  to  be  compared  with  a  g-value  of  geff  =  0.66  for  the  shallow 
acceptor  in  bulk  GaAs  (Fig.  6). 

The  splitting  observed  in  PL  is  a  combination  of  the  splitting  in  the  initial  state, 
the  BE  state,  and  the  splitting  in  the  final  state  of  the  emission,  i.e.  between  the  mj  = 
±3/2  states  of  the  acceptor.  The  splitting  in  the  initial  state  is  confirmed  by  Zeeman 
measurements  performed  at  elevated  temperatures,  in  which  the  two  components  of  the 
acceptor  BE  are  strongly  therm alized.  The  intensity  of  the  low  energy  component 
increases  with  increasing  temperatures.  This  fact  is  not  consistent  with  a  J  =  1/2  BE  state 
at  lowest  energy  assuming  that  the  electron  g-value,  ge  <  0,  Le.  the  ge  =  -0.4  in  bulk 
GaAs  remains  negative  also  in  QWs.  The  observed  thennalization  behavior  implies 
instead  that  the  J  =  5/2  BE  state  is  lowest,  similarly  to  what  is  concluded  for  shallow 
acceptors  in  GaAs. 


SUMMARY 

The  magnetooptical  properties  of  the  acceptor  in  varying  degree  of  confinement  has 
been  studied.  The  experimentally  determined  dependence  of  the  acceptor  1S[I6]  -  2S[r<5] 
transition  energy  on  the  magnetic  field  is  compared  with  theoretical  predictions.  An 
accurate  determination  of  the  Luttinger  parameters  for  the  bound  hole  is  derived  from 
these  calculations.  Also  the  behavior  of  the  acceptor  BE  in  the  presence  of  a  magnetic 
field  is  studied.  The  effective  g-factor  is  found  to  be  strikingly  dependent  on  the  degree 
of  confinement  We  conclude  dial  the  J=5/2  BE  state  is  lowest  in  energy. 
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ABSTRACT 

Far  infrared  spectroscopic  studies  of  electron-density-  and  magnetic-field-dependenceof  many- 
electron  effects  on  silicon  donor  impurities  confined  in  GaAs  quantum  wells  are  presented.  At 
low  excess  electron  densities,  transitions  from  D-  singlet  and  triplet  states  are  observed. 
Temperature-  and  polarization-dependence  measurements  show  that  the  relative  absorption 
strengths  of  various  spectroscopic  features  (D'1,  D~,  and  CR)  are  in  qualitative  agreement  with 
a  statistical  calculation  in  thermal  equilibrium  in  high  magnetic  fields.  At  large  excess  electron 
densities,  the  "D_"  transition  energy  shifts  to  higher  energy  when  electron  density  is  increased, 
and  the  magnetic-field  dependence  of  the  transition  energy  exhibits  discontinuities  in  slope  at 
integer  filling  factors.  The  spectroscopic  features  and  their  relation  to  excess  free  carriers  and 
the  role  of  screening  and  correlation  are  presented  and  discussed. 


INTRODUCTION 

Shallow  impurities  in  quasi-2D  semiconductor  structures  are  important  from  both  scientific  and 
technological  perspectives.  The  binding  energies  of  shallow  impurities  are  strongly  affected  by 
confinement;  the  binding  energies  of  neutral  donors  can  be  easily  increased  by  a  factor  of  about 
3  for  donors  located  in  the  centers  of  GaAs  wells  in  GaAs/AIGaAs  quantum-well  (QW) 
structures.  Recently,  it  has  been  shown  that  in  addition  to  the  neutral  donor  state,  a  long-lived 
negative  donor  ion  (Si  donor  binding  two  electrons)  can  be  metastably  created  in  the  GaAs  wells 
of  GaAs/AIGaAs  multiple-QW  (MQW)  structures  [1,2].  For  a  number  of  years  there  has  also 
been  interest  in  the  effects  of  a  quasi-2D  electron  gas  in  screening  the  bound  states  of  neutral 
donors  in  such  systems  [3].  MQW  structures  doped  in  both  the  wells  and  barriers  with  shallow 
donors  provide  a  convenient  testing  ground  for  investigating  these  phenomena.  From  the 
(essentially  classical)  screening  point  of  view,  since  screening  by  a  quasi-2D  electron  gas  is  an 
oscillatory  function  of  applied  magnetic  field  (a  maximum  at  fields  corresponding  to  half-filled 
Landau  levels  and  a  minimum  at  filled  Landau  levels)  [4],  the  impurity  binding  and  transition 
energies  should  also  oscillate.  On  the  other  hand,  an  alternative  quantum  mechanical  point  of 
view,  more  appropriate  for  large  excess  quasi-2D  electron  densities,  is  to  consider  the  effects  of 
a  positive  charge  (a  donor  ion)  on  the  states  of  a  2DEG  in  a  targe  magnetic  field.  The  single 
particle  energy  spectrum  is  modified  by  the  positive  charge,  and,  in  addition,  since  the  Coulomb 
interaction  between  an  electron  and  the  impurity  ion  destroys  the  translational  invariance  in  the 
plane  of  the  2DEG,  the  effects  of  correlation  among  the  electrons  on  the  many  electron  states  can 
be  detected  optically  [5J.  Anomalies  in  the  cyclotron  resonance  (CR)  spectrum  of  quasi-2DEG 
systems  have  been  reported  [6]. 
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We  present  systematic  electron-density  and  magnetic-field  dependence  studies  of  many-electron 
effects  on  quasi-2D  shallow-donor  impurities.  In  the  low  electron  density  region,  temperature- 
dependence  study  clearly  show  the  existence  of  the  two-electron  (D~)  impurity  bound  state,  and 
the  evolution  of  the  electron  occupancy  process  from  the  one-electron  (D°)  and  the  two-electron 
(D~)  bound  states  to  free  electron  Landau  states.  In  the  high  electron  density  region,  "D  " 
transition  energy  increases  with  increasing  electron  density,  and  whose  slope  exhibits 
discontinuities  versus  magnetic  field  near  the  integer  LL  filling  factors  [7].  Recent  calculation  of 
static-screening  of  a  non-interacting  electron  gas  can  only  explain  part  of  the  experimental 
observation  [8],  The  direct  and  exchange  interactions  have  to  be  included  to  account  for  the 
energy  shift  of  the  impurity  states  [9], 


EXPERIMENTAL 

The  samples  (grown  by  molecular  beam  epitaxy)  consist  of  20  wells,  200A  GaAs  separated  by 
600A  AlojGagjAs  barriers  with  silicon  donors  planar-doped  at  both  the  well  and  barrier  centers. 
The  important  sample  parameters  are  given  in  Table  I.  The  wide  barriers  are  intended 

TABLE  I.  Summary  of  sample  parameters.  All  parameters  are  nominal  dimensions  or 
densities,  except  the  barrier-doping  densities  for  samples  4  and  S.  which  were  determined  from 
quantum  Hall  measurements  of  free  elections  in  the  wells. 


Sample 

Well-doping  Nw 
l()l0/cm; 

Barrier-doping  N, 
10“7cnr 

1 

2 

3.5 

2 

2 

4 

3 

2 

8 

4 

2 

15 

5 

2 

28 

to  prevent  electrons  in  the  well  from  binding  to  their  parent  donors  in  the  barriers.  The  free 
electron  densities  for  samples  4  and  5  were  determined  from  quantum  Hall  effect  measurements 
and  Shubnikov-de  Haas  oscillations;  these  are  the  values  listed  in  the  table.  Other  parameters 
listed  in  the  table  are  nominal. 

Far  infrared  (FIR)  magneto-transmission  measurements  were  carried  out  with  Fourier 
transform  spectrometers  and  a  CO:-pumped  FIR  laser  in  conjunction  with  9T  and  17T 
superconducting  magnets. 


RESULTS  AND  ANALYSIS 
Occupancy  Process  of  D  Impurities 

Previous  photon-dose  experiments  [2]  have  clearly  shown  that  at  low  temperature  excess 
electrons  introduced  from  the  barrier  regions  will  first  bind  to  the  neutral  donors  and  form 
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negatively  charged  D~  ions  before  they  populate  the  free  electron  states.  As  a  result,  one  can 
not  observe  screened  neutral  donors  at  low  temperature. 

A  unique  and  fundamental  property  of  D~  impurities  is  the  existence  of  both  singlet  and 
triplet  bound  states  and  the  associated  optical  transitions  in  the  presence  of  a  magnetic  field. 
Theoretical  calculations  [10, 1 1]  for  strict  2D  D~  impurity  in  the  high  field  limit  indicate  that  the 
triplet  ground  state  is  depopulated  at  low  temperature  because  it  is  higher  than  the  singlet  ground 
state  energy  by  the  amount  AE=0.1464<(0),  where  e(0)  is  the  magnetic-field-dependent  binding 
energy  of  D®  in  the  2D  limit.  For  200A  quantum  wells  at  8T,  <(0)  is  approximately  15  meV 
[12].  If  it  is  assumed  that  all  transition  energies  can  be  scaled  by  e(0)  as  the  system  deviates 
from  the  strictly  2D  condition,  then  AE  is  approximately  2.2  mev  or  -25K. 

To  search  for  the  triplet  state  transitions,  we  have  performed  magneto-transmission 
experiments  at  various  sample  temperatures.  In  Fig  1,  transmission  spectra  for  sample  2  (upper) 
and  sample  4  (lower)  are  shown.  These  data  were  taken  with  a  FIR  laser  at  118.3  pm  and  a 
circular  polarizer  placed  in  front  of  the  sample.  The  laser  beam  after  the  polarizer  was  90% 
circular  polarized  as  determined  from  electron  CR  in  the  two  different  senses  of  circular 
polarization.  For  sample  2,  strong  CR  and  D~  singlet  transition  are  observed  at  4.2K;  at  1  IK, 
a  new  feature  (labeled  A)  appears  at  7.  IT,  which  is  -0.9T  higher  than  CR  absorption  line. 
Since  the  magnetic  field  dependence  of  feature  A  is  similar  to  CR,  i.e.  13.2  cm  '/T,  feature  A 
is  approximately  12  cm'1  below  CR.  From  the  tilted  field  measurement,  this  feature  is 
confinement  related,  and  is  only  active  in  the  electron  CR  active  sense  of  circular  polarization. 
While  the  D~  line  diminishes  rapidly  with  increasing  temperature,  feature  A  grows  with 
temperature  up  to  20K,  and  then  decreases  in  strength  at  higher  temperature.  This  behavior  is 
indicative  of  a  population  process  in  which  electrons  are  thermally  excited  to  a  higher  bound 
state.  For  a  barrier  doping  density  at  ~  1 .5  x  10"  cm4,  a  feature  in  the  same  field  position  as 
A  is  clearly  seen  on  the  shoulder  of  strongly  broadened  CR  absorption  profile  at  4.2K.  The 


FIG.  1.  Magneto-transmission  spectra  for 
sample  2  (upper):  Ng=4x  10'°  cm'3,  and  sample 
4  (lower):  N„=  1 .5  x  10"  cm'5  at  laser  frequency 
of  U8.8pm.  Data  were  taken  in  Faraday 
geometry. 
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intensity  of  this  line  decreases  rapidly  with 
increasing  temperature. 

In  strong  magnetic  field,  the  states  of  the 
two-electron  D-  impurity  can  be  described  as 
the  symmetric  (singlet)  and  anti-symmetric 
(triplet)  combinations  of  the  two  single-particle 
states,  where  the  single-particle  states  are 
denoted  by  the  Landau  quantum  number,  1,  and 
the  azimuthal  angular  momentum  quantum 
number,  m,  for  electron  1  and  2  as  (1,  ml(  12 
m2).  In  this  notation,  the  singlet  ground  state  is 
(00, 00)  because  electrons  are  most  tightly  bound 
with  zero  angular  momentum;  the  triplet  ground 
state  is  (00,  0-1)  because  it  is  a  state  with  the 
lowest  angular  momentum  among  all  available 
states  associated  with  the  lowest  Landau  level. 

The  state  (00,  0-1)  is  a  bound  state  only  in  the 
presence  of  a  magnetic  field  [10,11,13}.  The 
dipole-allowed  transitions  are  those  that  conserve 
the  total  angular  momentum,  M=m,  +  m2  (a 
good  quantum  number  of  the  system).  Since  the 
circular  polarizer  only  selects  out  transitions 
with  AM=  + 1,  an  electron  in  the  M=0  singlet 
ground  state  (00,  00)  can  make  transitions  only  to  the  M  =  1  singlet  state  (00,  11),  and  an 
electron  in  M=-l  triplet  ground  state  (00,  0-1)  can  make  transitions  only  to  the  M=0  triplet 
states  (00,  10)  and  (1 1,  0-1).  Note  that  there  are  two  final  states  for  triplet  transitions,  both 
are  associated  with  L=  1  (L=l,  +lj)  Landau  level.  Since  higher  angular  momenta  are  less  likely 
to  bind  in  the  Coulomb  potential,  (11,  0-1)  is  expected  to  have  higher  energy  than  (00,  10). 
Analytical  solutions  for  the  strictly  2D  system  in  the  high  field  limit  [10, 1 1]  show  that  the  singlet 
transition  (00,  00)-»(00,  11)  occurs  at  ftwc+e(0)/2  (tio>c  is  the  CR  energy);  one  of  the  triplet 
transition,  (00,  0-l)-*(ll,  1-1),  also  occur  at  flwc+t(0)/2;  the  other  triplet  transition,  (00,  0- 
1M00,  10),  takes  place  at  ftwc-«(0)/4,  which  is  below  CR  absorption  line.  The  energy  levels 
and  the  associated  transitions  with  AM=  + 1  are  shown  schematically  in  Fig.  2.  From  the  above 
discussion,  it  is  likely  that  feature  A  is,  in  fact,  the  triplet  transition  4  in  the  figure.  At  high 
excess  electron  densities,  this  simple  description  is  not  adequate,  and  a  many  electron  state 
perturbed  by  the  potential  of  an  isolated  positive  charge  is  more  appropriate  [9,14]. 

To  explore  further  the  statistical  population  of  the  two  electrons  in  various  impurity  states 
in  thermal  equilibrium,  we  have  studied  the  temperature  dependence  of  the  absorption  intensity 
of  CR,  D°  and  D~  transitions.  Data  were  iaken  with  a  Fourier  transform  spectrometer.  To 
extract  information  about  the  number  carriers  for  each  transitions,  the  absorption  profiles  were 
fitted  with  Lorentzian  lines.  The  area  of  each  absorption  profile  (proportional  to  tv  oscillator 
strength,  f,  and  the  electron  density,  N(T))  is  ratioed  to  the  corresponding  area  at  4.2K  (« 
fN(4.2K}).  Since  f  is  not  a  function  of  temperature,  the  ratio  gives  the  relative  density  at  T  with 
respect  to  the  density  at  4.2K.  The  ratio  N(T)/N(4.2K)  vs.  temperature  is  plotted  in  Fig.  3. 
It  can  been  seen  that  the  initial  increase  in  temperature  depopulates  the  D~  state  rapidly.  While 
one  of  the  two  electrons  in  the  D~  site  is  thermally  excited  to  the  conduction  band,  the 
remaining  electron  that  still  binds  to  the  D*  forms  a  D°.  The  population  of  D°  drops  and  that 
of  LL  increases  as  temperature  is  further  increased.  Shown  in  the  insert  of  Fig.  3  are  results 
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FIG.  2.  Schematic  energy  level  diagram 
(of  the  'outer*  electron)  for  the  D~  impurity 
states  and  the  associated  allowed  transitions 
for  AM=  +  1.  States  are  labeled  with  the 
single-particle  notation,  (l,m„  IjinJ,  and 
L“l|+lj,  M=m,+mj. 
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FIG.  3.  The  relative  occupancy  of  D~  and  D° 
impurities,  and  free  electrons  in  Landau  levels  as 
a  function  of  temperature.  Solid  lines  are  guide 
to  the  eye.  Numerical  results  from  a  statistical 
calculation  is  shown  in  the  insert. 


FIG.  4.  Magnetic  fielu  dependence  of  "D  " 
singlet  transition  energies  for  sample  2  and  5. 
The  position  of  integer  filling  factor  are  marked 
by  arrows.  Solid  and  dashed  lines  are  guide  to 
the  eye. 


from  a  statistical  calculation  in  which  a  donor  impurity  was  modeled  as  having  only  three  possible 
states:  no  occupancy,  single  occupancy  and  double  occupancy.  The  number  densities  of  these 
states  were  obtained  numerically  from  the  conservation  of  total  number  of  electrons.  The  binding 
energies  at  8T  were  taken  as  14  meV  for  D°  [12]  and  4  meV  for  D-  [15],  The  calculated  results 
are  in  qualitative  agreement  with  the  measurements. 


Electron-Density  and  Filling  Factor  Dependence 

Previous  experiments  [7]  have  shown  that  the  crossover  value  of  excess  electron  density  for 
the  present  set  of  samples  can  be  defined  to  be  roughly  nc=3.5  —  4  x  1010  cm  2.  Below  nt  the 
added  electrons,  n„,  will  not  substantially  contribute  to  many-electron  effects.  Plotted  in  Fig. 
4  is  the  singlet  transition  energy  for  sample  2  (NB=4xlO‘°  cm’2)  and  sample  5  (N„=2.8xl0” 
cm-2).  The  position  of  the  filling  factors  i>=l  and  v—2  were  determined  from  quantum-Hall- 
resistance  and  Shubnikov-de  Haas-effect  measurements.  There  are  two  distinct  effects:  (1)  the 
transition  energy  is  blue-shifted  for  sample  5;  the  shift  is  -  13.5  cm 1  at  v=2  and  - 10  cm 1  at 
»  =  1;  (2)  the  transition  energy  vs.  magnetic  field  changes  slope  at  magnetic  fields  corresponding 
to  integer  filling  factors.  A  discontinuity  of  slope  is  also  seen  at  v=\  from  sample  4  (N„ 
=  1.5x10"  cm 2).  For  other  low-density  samples,  there  is  no  discemable  slope  change  in  this 
field  region,  since  they  remain  within  the  quantum  limit  (v<  1). 

The  transition  energies  of  D°  and  D~  including  effects  of  linear  static  screening  by  free 
electrons  in  disordered  LLs  have  been  calculated  recently  [8].  The  screening  was  taken  into 
account  with  a  simple  static  dielectric  function  for  a  non-interacting  electron  gas:  c(q)  =  1  +<^/q, 
where  the  screening  parameter  q,,  being  proportional  to  the  density  of  states  in  a  magnetic  field, 
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is  maxima  when  LL  is  half-filled,  and  minimum  when  LL  is  filled.  The  calculated  change  of  the 
slope  of  D~  transition  energy  vs  magnetic  field  at  even  filling  factor  is  in  qualitative  agreement 
with  experimental  observation.  However,  the  transition  energy  of  the  screened  D-  is  always 
lower  (red  shifted)  compared  to  that  of  the  unscreened  D~,  in  contradiction  to  the  data.  It  is  clear 
that  this  simple  picture  is  inadequate  and  that  correlation  effects  among  electrons  and  possibly 
dynamical  screening  are  important  in  determining  the  energy  levels  and  transition  energies  of  the 
system  [9, 14].  Hawrylak  has  performed  a  calculation  of  the  excitation  energy  of  the  donor-bound 
inter-LL  excitons  from  a  filled  LL  (v=2)  in  strong  magnetic  field  limit  with  all  electrons  treated 
on  the  same  footing  [9].  A  blue  shift  of  approximately  0.15e(0)  from  the  bare  D~  singlet 
transition  has  been  found,  which  comes  predominately  from  the  inter-LL  and  intra-LL  exchange 
interactions  among  electrons.  The  estimated  shift  AE  at  i<=2  is  approximately  16  cm1 11,  higher 
than  the  experimental  value  at  12  cm  *.  The  agreement  is  expected  to  improve  when  LL  mixing 
at  finite  field  is  taken  into  account. 


SUMMARY  AND  CONCLUSIONS 

We  have  carried  out  temperature  and  electron  density  dependence  measurements  of  magneto¬ 
transmission  for  D~  impurities  in  QWs.  A  new  transition  line  with  energy  less  than  CR  line  has 
been  identified  as  transition  between  triplet  states.  The  relative  occupancy  of  D~  ions,  D°  neutral 
donors  and  Landau  levels  as  a  function  of  temperature  has  revealed  the  process  of  creating  both 
free  electrons  and  D°  impurities  from  D~  centers.  The  blue  shift  of  the  "D~"  singlet  transition 
energy  with  increasing  excess  electron  density  and  the  discontinuous  slope  changes  at  integer 
filling  factors  have  demonstrated  the  importance  of  many-electron  effects. 

We  are  grateful  to  P.  Hawrylak  for  helpful  discussions  and  preprints  of  work  prior  to 
publication.  This  work  was  supported  by  ONR  under  Grant  No.  N00014-89-J-1673,  and 
ONR/MFEL  under  Grant  No.  N0001 4-9 1-J 1939. 
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ABSTRACT 

Quantum  wires  structures  were  fabricated  by  patterning  quantum  well  samples  with  > 

electron  beam  lithography  and  various  wet  chemical  etching  procedures.  Wire  structures 
with  800A  wire  width  were  achieved  by  wet  etching  in  NH4OH  /  HjOj  /  H20  (20:7:973). 

These  samples  were  characterized  by  scanning  electron  microscopy  (SEM),  photolumines¬ 
cence  (PL),  and  polarization-dependent  photoluminescence  excitation  (PLE)  measurements. 

The  PL  spectra  show  significantly  stronger  peaks  than  that  taken  from  an  en -etched  quan¬ 
tum  well  sample.  A  wire  width  of  400A  was  estimated  from  the  blue  shift  of  PL  peaks. 

A  22%  anisotropy  was  observed  from  polarization-dependent  PLE  spectra,  further  corro¬ 
borating  the  existence  of  two-dimensional  quantum  confinement 


INTRODUCTION 

The  quantum  confinement  of  carriers  in  a  reduced  dimensional  structure  such  as 
quantum  wires  (QWR’s)  and  quantum  dots  (QD’s)  inherit  some  interesting  electrical  and 
optical  phenomena  [1].  Theoretical  calculations  predict  attractive  properties  of  these  nanos¬ 
tructures  for  optoelectronic  applications  [2-8].  With  the  reduction  in  dimensionality,  one 
expects  for  example  die  narrowing  of  the  gain  spectrum  of  lasers  as  well  as  an  increase  in 
the  exi tonic  oscillator  strength  [9,10].  These  quantum  confined  structures  are  therefore 
highly  favorable  in  making  high-performance  semiconductor  lasers. 

Fabrication  of  high-quality  QWR  and  QD  semiconductor  heterostructures  is  still  a 
major  challenge  for  die  current  nano-fabrication  and  crystal  growth  technology.  Quantum 
confinement  along  die  growth  direction  can  be  easily  achieved  with  growth  techniques 
such  as  molecular  beam  epitaxy  (MBE)  or  metal-organic  chemical  vapor  deposition 
(MOCVD).  Lateral  confinement  are,  however,  much  more  difficult  to  control.  The  most 
commonly  used  approach  is  firstly  to  define  a  mask  by  electron  beam  lithography  on  quan¬ 
tum  well  sample;  die  masked  sample  are  then  patterned  by  dry  etching  techniques  such  as 
reactive  ion  etching  (RIE).  Alternatively,  focused  ion  beam  (FIB)  can  be  used  to  directly 
pattern  the  quantum  well  sample. 

Dry  etching  techniques  can  provide  better  controlled  aspect  ratios  and  finer  line 
definition  for  nanostructures;  however,  the  damages  result  from  ion  bombardment  usually 
lead  to  reduced  luminescence  efficiency  and  degraded  electrical  properties  [11-13].  The 
alternative  approach  to  fabricate  nanostructures  by  wet  chemical  etching  is  therefore  worth 
exploiting.  In  this  paper  we  report  our  results  of  fabricating  quantum  wires  with  wet  etch¬ 
ing  techniques. 


EXPERIMENTAL  TECHNIQUES 

The  quantum  well  samples  were  grown  in  a  Varian  GEN  II  MBE  system  at  National 
Thing  Hua  University.  Semi-insulating  (100)  GaAs  substrates  obtained  from  Sumitomo 
Electronics  Co.  were  used.  These  substrates  were  degreased  in  trichlroethj'lene,  acetone, 
and  methanol  baths  for  15  minutes  each  and  rinsed  m  DI  water  for  20  minutes  without 
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surface  etch.  They  were  blown  dry  with  filtered  nitrogen  gas.  In-bonded  to  the  Mo  blocks, 
and  immediately  loaded  into  the  load-lock  chamber,  where  they  wi«  outgassed  at  150°C 
for  2  hours.  Toe  samples  were  then  transferred  into  die  buffer  chamber  and  were  further 
outgassed  at  400“C  for  20  minutes.  After  the  outgaasing,  they  were  transferred  to  the  MBE 
growth  chamber  for  the  growth  of  the  single  quantum  well.  To  remove  the  thin  oxide  on 
the  substrates,  the  substrates  were  heated  at  600°C  for  20  minutes  in  an  As*  beam  flux. 
During  the  growth,  an  Aa/Ga  beam  equivalent  pressure  ratio  of  20  was  chosen.  The  epi¬ 
taxial  layers  consist  of  a  3000a  of  GaAs  buffer  layer,  a  80A  GaAs  quantum  well 
sandwiched  between  two  Alo^GaQjjAs  layers  of  500A  followed  by  a  50a  GaAs  capping 
layer. 

After  the  growth,  the  samples  were  removed  from  the  MBE  system  and  were 
mounted  to  Si  wafers  for  handling.  They  were  baked  to  170°C  for  20  minutes  to  desorb 
HjO.  500A  photoresis  layer  of  polymethylmethacrylate  (PMMA)  with  a  OBER-100  to 
thinner  ratio  of  1:2  was  spin  coated  on  the  samples.  The  coated  samples  were  then  baked 
at  170°C  for  20  minutes  before  die  electron  beam  exposure.  The  PMMA  resist  layers 
were  exposed  directly  by  electron  beam  with  various  combinations  of  electron  dosage 
(W  200pC/cm2)  and  beam  energy  (25/50KeV)  to  search  for  the  optimal  condition.  In 
order  to  prevent  the  floating  of  PMMA  layer,  which  would  degrade  the  line  resolution,  the 
exposed  samples  were  kept  in  a  dedcator  far  more  than  16  hours  prior  to  development 
without  postbakksg.  Parts  of  the  exposed  samples  were  then  examined  by  SEM  to  study 
the  effects  of  different  exposure  conditions.  The  other  samples  were  then  subject  to  wet 
chemical  etching. 

Two  different  wet  chemical  etching  processes  were  employed.  For  the  first  group  of 
masked  samples,  die  etching  process  is  the  two-step  etching  procedure  proposed  by  Katoh 
et  al.  [14  ],  which  consiat  of  etching  in,  (1).  HjSO*  /  HjOj  /  HzO  (8:l:120y  solution  at 
3.5°C  for  20  seconds,  and  (2).  a  BryCH3OH  (1:1000)  solution  at  17°C  for  4  seconds.  The 
second  group  of  samples  were  etched  in  NH*OH  /  HjOj  /  HjO  (20:7:973)  for  various 
time  duration  (2-5  seconds).  The  pH  value  measured  for  the  latter  solution  is  9.3. 

After  the  etching,  the  samples  were  subject  to  SEM  observation  to  study  die  surface 
structures,  to  PL  and  polarization-dependent  PLE  characterization  to  investigate  the  elec¬ 
tronic  structures.  The  SEM  micrographs  were  recorded  with  a  JXA-840A  electron  probe 
microanalyer  made  by  JEOL  Co.  All  die  SEM  observation  was  done  on  bare  sample  sur¬ 
faces  without  conductive  layer  coating  in  order  to  reveal  the  real  structures  on  the  surface. 
PL  spectra  and  PLE  spectra  were  taken  from  samples  with  different  etching  conditions. 
These  samples  were  mounted  on  a  cold  finger  of  a  closed-cycle  He  cryostat,  and  were 
cooled  down  to  19K  (9K)  for  PL  (PLE)  characterization.  For  the  PLE  investigation,  both 
polarization  of  incident  light  perpendicular  and  parallel  to  the  wire  structures  were 
employed  to  determine  the  optical  anisotropy. 


RESULTS  AND  DISCUSSION 

The  effects  of  various  combination  of  electron  dosage  and  beam  energy  on  the  expo¬ 
sure  and  development  of  the  PMMA  lavas  were  examined  by  SEM.  We  found  a  combi¬ 
nation  of  electros  dosage  of  170[lC/cm2  and  electron  energy  of  25KeV  is  satisfactory  to 
expose  die  500A  PMMA  layer,  sufficient  to  achieve  a  line  resolution  of  4000A  (fig.  1). 
Furthermore,  the  dosage  required  for  50KeV  electron  energy  is  about  three  times  of  that 
required  for  25KeV  electron  beam  to  achieve  the  same  exposure.  However,  to  avoid  the 
undesirable  damages  induced  by  high  energy  electron  beam,  25KeV  electron  beam  energy 
was  chosen  for  all  die  samples  used  in  later  experiments. 

With  the  two  etching  processes  employed,  we  found  that  the  etching  rate  of 
BryMethonal  system  is  much  too  high  that  it  lead  to  overetch  in  seconds  (fig.  2). 
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Table  1  Summery  of  PL  characterization 
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Table  2  Summary  of  PLE  characterization 


Fig.  1:  SEM  micrograph  of  a 
PMMA  layer  expoaed 
with  25KeV,170p.C/cm  2. 


Hg.  2:  SEM  micrograph  of  a 
GaAa  sample  overetched 
in  Brj/CHjOH. 


Therefore  the  two-step  etching  procedure  woe  not  fond  to  produce  wire  etructuree  in  our 
emri— M.  We  believe  tbet  due  difficulty  might  be  overcome  by  cooling  the  etching 
solution  to  lower  temperature.  On  the  other  hand,  the  etching  rate  of  NH4OH  /  HjOj  / 
HjO  ia  dower  and  wire  array  of  0.08um  wire  width  can  be  achieved  (fig.  3).  However, 
with  finer  line  reaohrtion.  the  adhesion  problem  more  and  more  aevere.  We  found 

that  alight  dining  of  the  the  samples  in  the  solution  could  lift  the  PMMA  resist  m—lt  The 
etching  must  therefore  be  done  in  stagnant  solution. 

The  results  of  PL  investigation  on  the  wire  array  achieved  with  NH4OH  /  HjOj  / 
H3O  etching  described  above  for  different  duration  (23,44  seconds,  denoted  as  WRB1.  2, 
3  and  4)  and  an  un-etch  controlled  sample  are  summarized  in  table  1.  A  typical  spectrum 
from  WIRE3  ia  also  shown  in  fig.  4.  Single  symmetric  peaks  were  observed  in  all  these 
PL  spectra.  Compared  to  the  un-etched  quantum  weU,  the  PL  peaks  of  the  ones 
exhibit  slight  blue  shifts  (about  4meV)  and  are  significantly  stronger  with  increasing  etch¬ 
ing  time  investigated.  Calculation  with  a  simple  particle- in-box  (PEB)  model,  dm  energy 
dim  with  a  800a  lateral  confinement,  as  observed  from  SEM  micrograph*,  should  be  only 
1.0meV  or  roughly  8A.  The  fact  that  we  have  larger  blue  shift  might  be  explained  by  the 
depletion  from  the  wire  edge  which  leads  to  narrower  linewidth  than  that  expected  from 
SEM  observation.  Fitting  thm  energy  shift  of  4meV  with  the  simple  P1B  model,  our  wire 
width  should  be  around  400A.  This  narrowing  correspond*  to  a  depletion  width  of  20QA 
at  each  side,  which  is  not  mi  unreasonable  estimate  to  our  knowledge.  The  FWHM 
peak  width  decreases  slightly  from  13.7meV  for  die  quantum  well  to  12.9meV  for 

all  the  four  etched  wires.  The  fact  thet  the  PL  spectra  for  the  etched  samples  show 
stronger  and  narrower  peaks  suggest!  that  the  damage  problem,  usually  encountered  in 
fabrication  processes  involving  dry  etching,  is  less  severe  m  wet  chemical  etching. 

Polarization-dependent  PUB  was  employed  to  farther  characterize  these  wire  struc¬ 
tures.  The  results  of  PLE  characterization  is  summarized  in  table  2  and  typical  spectra  for 
W1RE3  are  shown  in  fig.  4.  Two  peaks  were  observed  with  in  the  PLE  spectra.  These 
two  peaks  for  die  etched  samples  were  about  88meV  and  llSmeV  higher  than  the 
bandgap  of  bulk  GaAs  at  9K,  which  is  13188eV.  Assume  that  all  the  electron  and  hole 
effective  masses  remain  isotropic,  die  energy  shifts  due  to  quantum  confinement  tor  transi¬ 
tions  from  heavy  (light)  hole  to  conduction  band  should  be  inversely  proportional  to  the 
reduced  masses  of  heavey  (light)  hole  and  electron.  Taking  die  bulk  values,  the  ratio 
energy  shift  for  transitions  involving  heavy  and  light  hole  should  be  about  1.6;  however, 
because  the  transition  which  involve*  light  hole  will  increase  more  than  that  involves 
heavy  hole,  fluctuation  in  wire  width  wifi  change  this  ratio  of  energy  shifts.  Our  measured 
value  is  around  13,  which  is  18%  leas.  However,  because  die  ratio  of  these  two  peaks 
exhibits  the  expected  optical  anisotropy,  as  will  be  described  below,  we  tentatively  attri¬ 
bute  these  two  peaks  to  the  n=l  heavy  hole  and  light  hole  to  conduction  band  transition 
(denoted  as  lehh  and  ldh).  The  fact  that  we  have  a  ratio  18%  less  than  erpected  indi¬ 
cates  that  we  may  have  large  fluctuation  of  die  wire  width;  the  actual  reason  is  not  clear  to 
us  at  this  point  Comparing  the  peak  positions  of  the  PL  and  PLE  spectra  and  taking  into 
account  the  shift  of  bandgap  doe  to  change  in  temperature,  we  observed  a  small  Stoke 
shift  of  about  3meV,  indicating  the  presence  of  dawg—  or  imperfections.  Because  of 
different  laser  power  used  in  characterizing  these  aamplea,  we  have  normalized  the  inten¬ 
sity  of  lelh  to  lehh.  As  is  the  characteristic  of  woes,  the  normalized  lelh  should 

increase  as  the  incident  light  changes  from  horizontal  to  vertical  polarization  [IS],  This  ia 
indeed  the  case  with  our  measured  data.  Far  *  qualitative  comparison,  we  calculated  the 
degree  of  anisotropy,  which  we  tentatively  define  as  / 

(IpaosadfcnbK+Ipvflfei)*  where  I  is  dm  normalized  transition  intensity  of  lelh.  As  expected, 
ere  found  no  anisotropy  for  the  un-etched  quantum  well  sample.  On  the  other  hand,  this 
anisotropy  increases  with  the  etching  time,  indicating  a  better  defined  line  structures,  and 
it  reaches  a  maximum  value  of  22%  tor  sample  4.  This  22%  anisotropy  may  roughly  be 
compared  to  the  comparable  linear  polarization  «*uai«wd  by  Mirin  el  al  [16]  with  quantum: 
wires  grown  by  migration-enhanced  epitaxy  regrowth  on  patterned  substrates.  The 


existence  of  anisotropy  evidently  corroborate  the  existence  of  two-dimensional  quantum 
confinement. 


CONCLUSION 

We  have  investigated  the  fabrication  of  quantum  wires  by  patterning  quantum  well 
samples  with  electron  beam  lithography  and  wet  chemical  etching.  The  optimal  parameters 
for  electron  beam  lithography  were  found  to  be  170nC/cm2  and  25KeV.  Array  structures 
with  wire  width  of  800A  were  obtained  with  wet  etching  in  NH4OH  /  H2Oj  /  H20 
(20:7:973).  These  samples  were  that  characterised  by  PL,  and  polarization-dependent 
PL£  measurements.  The  PL  spectra  show  significantly  stronger  peaks  than  that  taken  from 
an  en-etched  quantum  well  sample,  indicating  less  severe  damage  problems,  as  compared 
to  wires  obtained  from  dry  etching  techniques.  From  the  blue  shift  of  PL  peaks,  the  actual 
wire  width  of  these  wires  were  estimated  to  be  400 A.  A  22%  optical  anisotropy  was 
observed  from  polarization-dependent  PLE  spectra,  further  corroborating  the  existence  of 
two-dimensional  quantum  confinement. 
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ABSTRACT 

We  investigate  the  occurrence  of  impurity  density  of  states  of  hydrogenic  impurities  placed 
on  the  axis  of  a  cylinder  quantum-well  wire  of  GaAs/GaAlAs  structure.  The  effects  of 
disorder  are  taken  into  account  in  the  calculation.  It  is  shown  that  for  a  specific  radius  of 
the  wire,  the  peak  energy  of  the  density  of  states  as  a  function  of  the  impurity  concentration 
increases  very  fast  enlarging  the  bandwidth.  The  impurity  bands  are  considered  for  the 
observed  binding  energy  and  radius  as  well  as  for  the  impurity  concentration  of  experimental 
interest. 


Theoretical  investigations  of  the  impurity  density  of  states  in  quantum-well  wire  (QWW) 
of  GaAs/GaAlAs  are  important  for  the  design  and  interpretation  of  optical  and  transport 
measurements  [1-9].  Following  recent  works  [6-9],  we  present  a  though  analysis  of  the  density 
of  states  of  on-axis  hydrogenic  impurities  in  these  structures  with  circular  cross  section. 

The  system  is  described  by  the  tight-binding  Hamiltonian  [6,7]  , 


i+Ewxil  d) 

*  i±j 

where  <  r  |  i  >=  ij>(r  —  Ri)  is  the  ground-state  wave-function  of  an  electron  bound  to  an 
impurity  at  position  Ri-  The  values  of  e*  presents  a  small  variation,  and  will  be  consider  as 
a  constant.  is  the  hopping  integral  given  by 

ViS  =  ('«  |r-R,|U) 
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(2) 


where  c  is  the  G&As  background  dielectric  constant.  We  assume  all  impurities  laying  on  the 
z  axis  and  the  structure  of  circular  cross-section  wire  with  radius  R  as  shown  in  Pig.  1.  We 
calculate  the  density  of  states  from  the  Green’s  functions 


Figure  1:  Schematic  of  a  quantum- well  wire  with  circular  cross-section  of  radius  R.  The 
impurities  are  randomly  distributed  on  the  z  axis. 


D(E)  =  ——Im  <  Gij(e  +  «0+)  >, 

JT 

where  averaged  diagonal  elements  of  the  propagator  <  ....  >  are  given  by 


<  Gu(e  +  *0+)  >=  £(w)/u>, 


(3) 


(4) 


with  (( u> )  obtained  from  [6,7] 


r?(w)  = 


N((u)  r  V2(K)dK 

2 J  l  -  Nt(w)/uV(K) 


(5) 


where  N  is  the  impurity  concentration  per  unit  length  and  V(K)  is  the  Fourier  transform 
of  Vv. 

The  variational  solutiom  for  a  single  point  charge  donor  impurity  is  given  by  [8] 


where  V(p)  is  the  confining  potential,  i.e.,  V(p)  =  oo  for  p  >  R  and  zero  for  p  <  R.  Here 
p  =  (x2  +  and  z  the  direction  along  the  axis  of  the  wire.  We  use  the  wave  functions 
for  the  cylindrical  confining  potential  [8,9]  , 
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(7) 


4(p,z)  =  N0J0(Kup)  exp  \-\{pi  +  zi))'l\p<R 

=  0  ,  p  >  R 

where  N0  is  the  normalization  constant  and  A  the  variational  parameter.  In  order  to  solve 
Eq.(5)  we  need  V(K),  which  is  obtained  as 

V(K)  =  -{Eb  +  K’WKfalR;.  (8) 

The  value  of  the  binding  energy  Eg  is  obtained  from  Eq.(6)  as  a  function  of  A  and  the 
radius  of  the  wire  in  units  of  the  effective  Bohr  radius  R/a J.  We  adopt  a0  =  100A  and  the 
effective  Rydberg  =  5.3  meV . 

The  Fourier  transform  of  ij>(K)  is  given  by 

(9) 

where  Ki  is  the  modified  Bessel  function  of  the  second  kind. 

In  Fig.  2  we  show  the  Fourier  transform  V(K)  for  Eg  =  2.8J7J  and  R  =  1.132aJ.  As  we 
can  see  it  has  a  localized  behavior. 


Figure  2:  Fourier  transform  of  the  hopping  energy  for  a  cylindrical  quantum-well  wire. 

With  the  same  values  for  Eg  and  R  we  calculated  the  density  of  states  for  different  con¬ 
centrations  and  show  in  Fig.  3.  We  choose  R  =  1.13«S  because  it  corresponds  approximately 


to  &  QWW  of  square  cross-section  wire  of  L  —  200A  which  is  the  experimental  interest  [1,2] 
and  also  for  this  radius  it  does  not  depend  of  the  magnetic  field,  as  shown  by  Branis  et 
al.  [9],  In  Fig.  3  we  show  that  the  peak  of  the  bands  increases  with  the  concentration 
broadening  the  impurity  bandwidth.  These  effects  will  be  of  importance,  for  instance,  in  the 
understanding  of  optical  and  transport  measurements. 


Figure  3:  The  calculated  density  of  states  for  a  cylindrical  quantum-well  wire  of 
GaAs/GaAlAs  structure.  The  origin  energy  is  that  of  the  bound  electrons. 
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ABSTRACT 

Reoendy,  it  was  found  that  semi-insulating  behavior  of  undoped  InP  can  be  realized  by  high  pressure 
annealing  of  undoped  high  purity  InP.  In  the  present  work,  studies  related  with  the  achievement  of  the 
semi-insulating  state  ate  reviewed.  Purification  of  raw  materials,  effect  of  native  defects,  effect  of  high 
pressure  annealing,  contamination  ofFeare  discussed.  The  semi-insulation  mechanism  is  explained  by 
the  Shockley  diagram.  The  semi-insulating  state  is  supposed  to  be  achieved  by  the  annihilation  of  shal¬ 
low  donors  (presumably  phosphorus  vacancies)  and  the  compensation  of  die  residual  donors  with  a 
small  amount  of  Fe  deep  acceptor. 


INTRODUCTION 

Semi-insulating  InP  is  a  key  material  for  high-frequency  devices  and  OEICs  which  are  indispensable 
for  high  speed  computers,  satellite  communications  and  fiber  communications.  Semi-insulating  InP  is 
usually  produced  by  doping  Fe  atoms,  which  act  as  deep  acceptors,  up  to  concentrations  above 
lxl0,6cm'3.  This  high  Fe  concentration  is  however  undesirable  since  it  has  a  possibility  of  deteriorating 
the  device  performances.  In  fact,  the  disadvantages  of  Fe-doped  InP  have  been  reported.  The  decrease  of 
activation  efficiency  of  ion  implantation  [1],  the  out-diffusion  ofFe  to  the  epitaxial  layers  [2],  the  forma¬ 
tion  of  slip  line  defects  in  epitaxial  layers  due  to  Fe  in  substrates  [3]  are  these  disadvantages.  It  seems  that 
Fe  doping  is  a  large  obstacle  for  the  rapid  development  of  InP  devices.  The  realization  erf  undoped  semi 
insulating  InP  is  therefore  strongly  desired. 

Regarding  the  possibility  of  semi-insulation  of  undoped  InP,  various  studies  have  been  reported. 
Klein  et  al  have  first  repotted  that  midoped  high  resistive  InP  (resistivity  of  about  10s  Gem)  was  pre¬ 
pared  by  bulk  annealing  under  phosphorus  vapor  pressure  [4],  Hofmann  et  al  have  found  that  undoped 
semi-insulating  InP  can  be  obtained  when  high  purity  undoped  InP  is  annealed  [5].  Hiranoet  al  showed 
that  the  resistivity  is  increased  when  Zn-doped  InP  wafers  are  anneakd  [6].  Kainosho  et  al  reported  that 
undoped  2  inch  diameter  semi-insulating  InP  with  uniform  electrical  properties  across  the  wafer  can  le 
obtained  when  high  purity  undoped  InP  is  annealed  at  high  temperatures  and  under  high  phosphorus 
pressures  [7]. 

In  the  present  paper,  the  related  studies  leading  to  the  semi-insulation  of  InP  are  reviewed  and  t^e 
mechanism  of  semi-insulating  behavior  of  InP  is  discussed 


PURITY  OF  UNDOPED  InP  AND  ELECTRICAL  PROPERTIES 
Pdvcrvstals  and  Single  crystals 

Since  Fe  atoms  which  act  as  deep  acceptors  are  doped  for  compensating  shallow  donors,  it  was 
believed  to  be  important  to  reduce  the  content  of  shallow  donor  impurities  in  InP  material.  In  the  case  of 
InP  single  crystal  growth,  pdycrystals  are  synthesized  by  the  HB  method  in  advance  for  single  ctysKi 
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growth.  This  is  because  dirot  synthesis  which  is  common  for  GaAs  is  extremely  difficult  for  InP  due  to 
high  decomposition  pressure  of  phosphorus.  The  purification  of  InP  polyoystals  was  extensively  stud¬ 
ied  in  die  beginning  of  InP  material  developments.  Fig.  1  shows  the  relationship  between  the  carrier 
concentration  and  die  mobility  of  various  InP  polycrystals  [1],  Polycrystals  synthesized  by  the  HB 
method  using  SiOjboats  show  the  carrier  concentrations  of  the  level  of  ltficm~3.  When  pBN  boats  were 
used  instead  of  Si02  boats,  the  carrier  concentration  was  reduced  to  the  level  of  10*scm'3.  From  these 
facts,  it  was  concluded  that  the  main  shallow  donor  impurity  during  polycrystal  synthesis  was  silicon.  In 
fact,  there  was  a  good  linear  relationship  between  the  carrier  concentration  and  die  Si  concentration  [8]. 
After  having  improved  die  synthesis  conditions,  the  best  carrier  concentration  of  the  level  of  SxlO14 
cm'3  could  be  obtained.  This  level  was  comparable  to  the  best  purity  reported  for  liquid  phase  epitaxial 
growth  [9]  and  the  photoluminescence  Has  first  shown  free  exciton  peaks  for  bulk  InP  materials  [10]. 

By  using  these  poly¬ 
crystals  with  various  car¬ 
rier  concentrations, 
undoped  single  crystals 
have  been  grown  by  the 
LEC  technique.  The  car¬ 
rier  concentration  of 
undoped  LEC  InP  was  ap¬ 
proximately  3xlO,5cm'3 
having  no  relationship 
with  the  purity  of  i.ic 
polycrystalline  starting 
material  as  shown  in  Fig. 
2.  This  fact  was  very  re¬ 
producible  and  the  same 
phenomena  have  been  re¬ 
ported  by  Morioka  et  d 
[11].  The  reason  why  the  carrier  concentration  is  decreased  from  a  level  of  lO^cm'3  to  the  level  of 
SxlO^cm'3  after  crystal  growth  can  be  explained  by  assuming  that  residual  silicon  in  the  polycrystals  is 


Fig.  1  Mobility  and  carrier  concentration  of  various 
polycrystals 


reduced  by  the  reaction  of  silicon  in 
the  melt  with  the  encapsulant  of 
BjOj.  It  is  well  known  that  B203  has 
a  strong  effect  on  purification  due  to 
the  gettering  effect.  In  fact,  the 
chemical  analysis  supported  this 
speculation.  What  was  surprising 
was  that  the  carrier  concentration  of 
the  pure  polycrystals  is  increased 
from  10ucm'3  to  3xl013cm'3  after 
crystal  growth.  Hus  was  intuitively 
explained  by  the  contamination  dur¬ 
ing  crystal  growth  but  the  results  of 
chemical  analysis  show  no  signifi¬ 
cant  increase  of  the  impurity  content, 
a  fact  which  was  observed  in  other 
studies  below  [12].  It  is  also  known 
from  the  crystal  growth  of  GaAs  that 
such  a  level  of  silicon  contamination 


S  -8 


Carrier  concentration  of  polycrystal  (cm*3) 

Fig.  2  Carrier  concentrations  of  undoped  InP  single 
crystals  grown  by  using  polycrystals  with  various  car 
ricr  concentrations 
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does  not  occur  during  LEC  crystal  growth.  The  fact  that  the  carrier  concentration  of  all  single  crystals 
show  the  same  value  is  therefore  speculated  as  being  due  to  not  only  impurities  but  also  native  defects. 

Wafer  Annwiliny 

In  oeder  to  clarify  this  open  question,  Inoue  et  al  have  annealed  undoped  InP  wafers  with  the  earner 
concentration  of  3xl015ctn'3,  which  are  prepared  from  high  purity  polycrystals  with  the  carrier  concen¬ 
trations  of  5xl0*4cm'3  under  phosphorus  vapor  pressure  of  0.5  atm  in  the  temperature  range  between 
520°C  and  820°C  [13].  It  was  found  that  the  carrier  concentration  and  the  mobility  are  drastically 
dunged  when  they  are  annealed  at  temperatures  higher  than  620°C.  The  carrier  concentration  is  de¬ 
creased  to  2-3xl014 
cm  3,  one  order  of  mag¬ 
nitude  lower  than  that 
of  the  as-grown  crys¬ 
tals.  At  temperatures 

higher  than  720°C  the 
carrier  concentration  is 
slightly  increased  and 
die  mobility  is  slightly 
decreased.  These  data 
have  however  been  ob¬ 
tained  only  for  crystals 
grown  from  high  purity 
polycrystals.  Single 
crystal  wafers  prepared 
from  low  purity  poly- 
crystals  do  not  show  this  behavior  as  drown  in  Table  I. 

These  phenomena  could  be  explained  by  a  change  of  the  concentration  of  phosphorus  vacancies 
which  act  as  shallow  donors  [14].  Single  crystals  grown  by  the  LEC  technique  probably  contain  a 
significant  concentration  of  phosphorus  vacancies  in  the  as-grown  state.  By  wafer  annealing  under 
phosphorus  overpressure,  the  concentration  of  phosphorus  vacancies  will  be  decreased.  Under  a  phos¬ 
phorus  overpressure  of  0.5a tm,  the  phosphorus  vacancies  have  minimum  concentrations  at  620°C. 
When  the  annealing  temperature  is  increased  under  a  constant  phosphorus  overpressure,  the  phosphorus 
vacancy  concentration  is  increased  and  the  carrier  concentration  is  increased.  This  increase  may  be  due 
to  the  constant  phosphorus  overpressure  even  for  high  temperatures.  Then  an  appropriate  increase  of  the 
phosphorus  overpressure  would  suppress  the  increase  of  the  carrier  concentration.  The  decrease  of  the 
carrier  concentration  was  not  observed  for  single  crystals  prepared  from  low  purity  polyciystals  as  seen 
in  Table  L  The  reason  may  be  due  to  the  residual  silicon  concentrations  which  can  not  be  changed  by 
annealing. 

SEMI-INSULATION  OF  UNDOPED  InP  BY  HIGH-PRESSURE  ANNEALING 
Semi-Insula  ting  Behavior  of  Undooed  InP 

Table  JJ  shows  the  research  activities  for  undoped  semi-insulating  InP  by  high-pressure  annealing. 
Klein  et  al  have  first  reported  that  the  resistivity  of  undoped  InP  could  be  increased  to  10s  Ocm  by 
annealing  at  900-940°C  for  about  3  weeks  under  a  phosphorus  vapor  pressure  of  6bara  [4].  Hofmann  et 
al  have  reported  that  undoped  semi-insulating  InP  with  the  resistivity  higher  dun  107  Ocm  can  he 
obtained  by  annealing  at  900°C  for  about  80h  under  a  phosphorus  vapor  pressure  of  5bars  [5],  Tne 


Table  L  Electrical  Properties  of  Various  InP 


Polycrystalline 

LEC  Single  Crystal 

LEC  Single  Crystal 

Starting  Material 

Aa-grown 

Wafer 

Annealed 

Carrier 

Concentration 

(cm'3) 

Carrier 

Mobility  Concentration 
(em*/Va) 

(cm-3) 

Mobility 

(em*/Va) 

Carrier  ..  .... 

^  Mobility 

Concentration  / 

(cm'3,  ('m2,V‘> 

2.3xl0,J 

49000 

3.4xl015 

38900 

3.8xl0M 

86400 

l.lxlO16 

16300 

3.6xlOIJ 

37100 

1.6xl015 

34400 
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Table  n.  Activities  for  undoped  semi-insuiating  InP 


mobilities  of  the  semi-insu¬ 
lating  undoped  InP  an¬ 
nealed  under  these  condi¬ 


tions  are  very  high  (> 
4000cm2/Vs)  and  can  be 
compared  to  undoped  con¬ 
ducting  InP  [IS].  They  also 
found  that  this  semi-insula¬ 
tion  takes  place  only  for 
high  purity  undoped  InP 
materials  as  shown  in  Fig.  3 
[16].  Kainosho  et  al  per¬ 
forated  high-pressure  an¬ 
nealing  at 900°C  for  2(M0h 
under  a  higher  phosphorus 
vapor  pressure  of  15  atm  for 
2  inch  diameter  undoped 
InP  wafers  [7].  This  anneal¬ 


Resistivity 

(Qcm) 

Annealing 

Conditions 

Sample  Size 

Reference 

3.6x10s 

900-940  *C 

3  weeks 
Pp^-6bsr 

900-930  *C 

[41 

ixlO7 

SO  hr 

PpjzSbsr 

900  *C 

lSxlSmm^ 

[51 

1.3xl07 

20  hr 

Pp^xlSatm 

2  inch  wafer 

[71 

ing  produced  semi-insulating  InP  wafers  with 
die  resistivity  higher  than  107Qcm  and  the  mo¬ 
bility  greater  than  4000cm*/Vs  and  with  good 
uniformity  as  shown  in  Fig.  4. 


Effect  of  Stoichiometry 

Table  III  shows  the  results  of  stoichiometry 
measurements  of  as-grown  and  annealed  InP 
wafers  by  ooulometric  titration  for  In  concentra¬ 
tion.  High-pressure  annealing  was  found  to  be 


aHil  darting  material 


Fig.  3.  Resistivity  p  of  annealed 

undoped  btP  samples  of  different  ori-  Fig.  4  Resistivity  and  mobility  of  2  inch 

gin  versus  the  net  carrier  concentra-  undoped  semi-insulating  InP. 

that  mm  of  the  starting  material. 
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Table  m.  Stoichiometry  measurement  results  of  InP  by 
oouhNBetric  titration  for  In  content 


effective  to  convert  In-ridi  crys¬ 
tals  to  stoichiometric  crystals 
but  the  conversion  of  crystal 
composition  did  not  depend  on 
phosphorus  vapor  pressure 
ranging  from  7.5  atm  to  20  aim. 

On  the  other  hand,  the  phospho¬ 
rus  vapor  pressure  ranging  from 
15  aim  so  25  aim  did  not  affect 
the  crystal  composition  of  sto¬ 
ichiometric  crystals  within  the 
detection  limit  of  the  coulomet- 
ric  titration  method.  The  compo¬ 
sition  of  crystals  grown  by  the 
HB  method  under  different 
phosphorus  vapor  pressure  [16] 
didnot  vary  within  the  detection 
limit  neither  [17].  These  frets 
are  not  coincident  with  the  case 
of  GaAs  wafer  annealing  [18], 

The  present  results  indicate  that 
the  phosphorus  vapor  pressure 

has  not  a  large  effect  on  changing  the  composition  within  the  detection  limit  This  suggests  that  the 
nonstoichiometric  region  in  the  phase  diagram  of  InP  is  very  narrow  compared  with  the  case  of  GaAs  ji 
which  the  nonstoichiometric  region  is  sufficiently  large  to  be  studied  by  the  coulometric  titration  analy 
sis.  This  however  does  not  exclude  the  possibility  that  die  phosphorus  vapor  pressure  is  related  with 
intrinsic  defect  concentrations.  It  is  con¬ 


Sample 

Photphores 
vapor  pressor 

_ (»t«) _ 

In/lnP 
as  atomic 

fraction 

Standard 

deviation 

(n-41 

HB  polycryatali  frown  nader  various  phosphorus 

vapor  pressure 

A(25atm) 

- 

0.50003 

±0.00005 

B(17atm) 

- 

0.49998 

±0.00003 

C(40utm) 

- 

0.49995 

±0.00004 

Single  crystals  frown  from  In-rich  melt 

as-grown 

- 

0.50020 

±0.00009 

annealed 

7.5 

0.50002 

±0.00005 

annealed 

15 

0.50002 

±0.00007 

annealed 

20 

0.50005 

±0.00003 

Single  crystals  grown  from  stoichiometric  melt 

as-grown 

- 

0.49999 

±0.00003 

annealed 

IS 

0.50004 

±0.00004 

annealed 

25 

0.50002 

±0.00004 

cluded  that  the  nonstoichiometric  region  of 
InP  is  too  narrow  to  detect  it  by  the  titration 
analysis. 

Contribution  of  Residual  Fc 

Fig.  5  shows  the  relationship  between  the 
Fe  concentrations  of  undoped  and  Fe-doped 
InP  wafers  before  and  after  high-pressure  an¬ 
nealing.  For  InP  wafers  with  low  Fe  concen¬ 
trations  before  annealing,  a  Fe  contamina¬ 
tion  with  a  level  of  5xlOucm'3  after  anneal¬ 
ing  is  clearly  seen.  This  Fe  contamination 
level  is  much  lower  than  the  doping  level  of 
conventional  Fe-doped  semi-insulating  InP 
which  is  above  lxlO^cm'3.  Hirt  et  al  have 
reported  similar  results  concerning  the  Fe 
contamination  of  undoped  InP,  which  was 
annealed  at  900°C  for  80hrs  under  a  phos¬ 
phorus  vapor  pressure  of  up  to  8atm.  A  total 
Fe- incorporation  of  0.8-3.5xl0,5cnr3  was 
found  by  chemical  trace  analysis  [16]  and  the 


Fe  concentration 
before  annealing  (cm*3) 

Fig.  5  Relationship  between  the  Fe  con¬ 
centrations  of  undoped  and  Fe-doped 
InP  wafers  before  and  after  annealing. 
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Phosphorus  vapor  prsssurs  (atm) 

F1(.iFe  concent ratiom  of  undoped  conduc¬ 
tive  InP 


concentration  of  electrically  active  Fe 
could  be  proven  to  be  in  die  range  of 
lxlO^cnr3  by  optical  and  electrical  spec¬ 
troscopy  [16, 19]. 

Fig.  6  shows  the  Fe  concentration  of 
undoped  conductive  InP  wafers  after  high- 
pressure  annealing,  ft  is  seen  that  the  level 
of  Fe  contamination  is  dependent  on  the 
phosphorus  vapor  pressure  and  the  purity 
of  red  phosphorus.  This  result  suggests 
that  the  origin  of  the  Fe  contamination 
may  be  due  to  the  vapor  source  of  red 
phosphorus.  It  is  assumed  that  Fe  atoms 
are  contained  as  phosphides  in  red  phos¬ 
phorus,  and  they  are  transported  from  the 
vapor  source  to  InP  wafers,  since  the  vapor 
pressure  of  Fe  phosphide  is  known  to  be 
sufficiently  high  [20].  There  is  however 


the  other  possibility  that  die  con¬ 
tamination  stems  from  ampoule 
materials.  The  purity  of  ampoul 
material  may  be  also  a  point  to  be 
considered  for  preventing  the  Fe 
contamination. 

Fig.  7  shows  the  relationship 
between  the  resistivity  and  the  Fe 
concentration  after  high-pressure 
annealing  of  undoped  conductive 
InP  and  low  Fe-doped  InP.  The 
resistivity  of  Fe-doped  as-grown 
crystals  is  also  shown  for  com¬ 
parison.  It  is  clearly  seen  that 
semi-insulating  behavior  of 
undoped  InP  wafers  after  anneal¬ 
ing  is  due  to  slight  Fe  contamina¬ 
tion.  The  minimum  Fe  concen- 


Fe  concentration  (cm-3) 


Fig.  7  Resistivity  of  InP  as  a  function  of  Fe  concen¬ 
trations 


oration  for  realizing  semi-insulation  of  undoped  InP  by  annealing  was  found  to  be  about  5xlOucm3, 
which  is  much  lower  than  that  of  conventional  Fe-doped  semi-insulating  InP. 


Coottihuiwo  of  Shallow  Daws 

Table  IV  shows  the  electrical  properties  of  undoped  conductive  InP  wafers  after  high-pressure  an¬ 
nealing.  When  undoped  conductive  InP  wafers  were  not  contaminated  by  Fe  during  annealing,  they 
remained  conductive  but  die  carrier  concentration  was  surprisingly  lowered  to  below  2xlOI3cm3 
(samplesNo.  8, 9).  This  very  low  carrier  concentration  is  not  due  to  an  increase  of  acceptors  and  sub¬ 
stantial  compensation  of  residual  donors.  It  was  found  that  the  photoluminescence  spectra  of  undoped 
semi- insulating  InP  were  highly  resolved  with  increased  intensities,  and  the  emission  of  excitons  bound 
to  shallow  residual  neutral  donor  in  the  rotational  states  are  clearly  seen  (Fig.  8)  (21,  22].  These 
photoluminescence  spectra  are  comparable  to  die  spectra  of  the  purest  MOCVD  epitaxial  layers  [23] 
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PL  intensity  (a.u.) 


Table  VI  Electrical  properties  of  InP  wafers  after  annealing. 


Sample  Phosphorus 

No.  vapor  pressure 
(atm) 

Fe 

concentration 

(cm'5) 

Resistivity 

(Q*cm) 

Carrier  Mobility 

concentration 

(cm'5)  (cm2/V-s) 

1 

as-grown 

i  1.0xl014 

3.2x10'  * 

4.5x10* 5 

4340 

2 

25 

1.2x10* 5 

4.7X106 

3.2x10* 

4220 

3 

25 

6.6xl014 

2.0xl07 

9.3xl07 

4460 

4 

25 

3.6x10* 4 

l.lxlO6 

1.4x10* 

4300 

5 

25 

8.2x10* 4 

1.3xl07 

1.2x10* 

4020 

6 

25 

2.1x10* 5 

5.0x10® 

3.1x10* 

4000 

7 

25 

2.0x10* 5 

9.5X106 

1.4x10* 

4560 

8 

25 

3.6x10* 4 

lJxlO2 

9.3x10* 2 

4510 

9 

25 

S  1.0x10* 4 

l.lxlO2 

1.3x10* 5 

4470 

and  are  the  best  data  ever  reported  for  InP  bulk  material.  These  pbotoluminescence  experiments  there 
foie  proved  that  the  material  purity  was  not  deteriorated  during  high  pressure  annealing. 

Another  proof  for  the  reduction  of  shallow  donors  arises  from  Fig.  9  and  Fig.  10  [19],  showing  that 


Fig.  8  Phosoluminescence  (2K)  of 

(a)  undoped  conductive  InP  and 

(b)  undoped  semMnsuiating  InP. 


the  net  shallow  level  concentration  derived  from 
CV  measurements  at  300K  is  affected  by  the 
change  of  the  net  carrier  concentration  due  to  an¬ 
nealing.  Furthermore  this  change  of  shallow  lev¬ 
els  can  be  attributed  to  a  change  of  shallow  do 
nors  by  an  evaluation  of  the  mobility  and  the 


Abm*  [cm -3] 


Fig.  9  Change  of  the  net-concentration  of 
shallow  levels,  detected  by  CV-  measure¬ 
ments  at  300K,  versus  the  change  of  the  car¬ 
rier  concentration  Amus. 
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compensation  ratio  respectively.  As 
the  main  effect  of  high-pressure  an¬ 
nealing  is  a  reduction  of  the  residual 
donor  concentration  it  follows  clearly 
that  this  is  very  effective  way  for  pre¬ 
paring  high-purity  bulk  material  with 
extremely  low  earner  concentration. 

Contribution  of  Deep  Levels 

It  is  pointed  out  that  deep  levels 
with  the  activation  energy  of  about 
0.4eV  are  formed  during  annealing. 
Hirano  et  al  reported  that  the  deep 
level  of  the  activation  energy  of 
0.44eV  is  formed  by  annealing  in 
slightly  Zn-doped  InP  wafers  at 
650°C  for  3  hrs  under  phosphorus  va¬ 
por  pressure  of  0.2  atm  [6], 
Bardeleben  et  al  also  reported,  that  an 
electron  trap  with  an  activation  en¬ 
ergy  of  0.4eV  was  formed  by  wafer 
annealing  at  720°C  [14],  Hirt  et  al  have  investigated  the  deep  levels  and  the  compensation  mechanism 
of  annealed  InP  by  DLTS  measurements  in  detail  [19],  It  could  be  shown  that  two  deep  levels  with 
activation  energies  of  0.4eV  and  0.6eV  are  incorporated  or  created  in  undoped  annealed  InP  (Fig.  1 1) 
The  deeper  level  at  0.6eV  could  be  identified  as  Fe,  acting  as  the  dominant  compensating  level  in  the 
annealed  semi-insulating 
InP.  The  origin  of  the  deep 
level  at  0.4eV  is  not  known 
yet  It  is  speculated  as  being 
related  with  native  defects, 
since  it  was  found  in  mate¬ 
rial  annealed  under  a  variety 
of  conditions.  Though  it  can 
be  identified  as  a  deep  ac¬ 
ceptor  it  does  not  contribute 
to  the  compensation  mecha¬ 
nism  of  semi-insulating  InP 
as  it  is  not  occupied  due  to  its 
location  well  above  the 
Fermi  level.  Without  suffi¬ 
cient  Fe  it  can  either  partially 
compensate  the  residual  net 
carrier  concentration  or  it 
can  fully  compensate  the  re¬ 
maining  carriers  giving  activation  energies  of  about  0.4eV  for  the  material,  as  observed  by  Hirano  et  al. 

We  can  conclude  that  there  is  an  intrinsic  defect  in  annealed  InP  as  in  the  case  of  GaAs  but  the 
compensation  in  undoped  semi-insulating  InP  is  caused  by  incorporated  Fe. 
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Fig  II  DLTS- spectra  of  undoped  InP,  annealed  for 
80h  at  900  °C  under  phsophorus- pressure  (5atm). 
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Fig  10.  Decrease  of  the  donor  (AN^  and  increase  of 
the  total  acceptor  (ANa+ANaa)  concentration  versus 
the  change  of  the  carrier  concentration  Anna  ac¬ 
cording  to  an  evaluation  of  mobility. 
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Diffusion  and  Bulk  Effects 


The  origin  of  die  changes  in  die  bal¬ 
ance  of  electronic  levels  was  studied  by  a 
detailed  study  on  short  time  annealed  InP 
samples  by  Hiit  and  Millkr  [24].  From 
DLTS  measurements  in  the  surface  re¬ 
gion  of  samples  annealed  under  a  slight 
phosphorus  pressure  (O.Q5atm)  for  2.5hrs, 
the  behavior  of  deep  and  shallow  levels 
can  be  clearly  distinguished  (Fig.  12). 

Within  a  depth  of  about  ISO  pm,  an  out- 
diflusion  of  a  part  of  the  shallow  donors 
(ANd=  5.1xl0,5cm‘3)  can  be  detected. 

Approximately  within  the  same  scale  an 
in-diffusion  of  Fe  can  be  found.  Though 
there  is  a  drop  of  the  Fe-concentration 
near  the  surface  not  understood  by  now, 
it  can  be  seen  quite  clearly  that  the  Fe  con¬ 
centration  is  decreasing  about  two  orders 
of  magnitude.  From  the  nearly  constant 
distribution  of  the  deep  level  with  0.4eV 
activation  energy,  it  seems  very  likely  that  this  level  is  created  within  the  volume  and  is  not  related  to 
any  diffusing  species. 

Talcing  into  account,  that  semi-insulating  behavior  occurs,  when  the  Fe  concentration  exceeds  the 
concentration  of  shallow  donors,  the  simultaneous  out-diffusion  of  donors  and  the  in-diffusion  of  Fe  is 
equivalent  to  an  in-diffusion  of  a  region  which  shows  semi-insulating  behavior  or  at  least  high  resistiv¬ 
ity  (Rg.  13). 

From  the  analysis  of  the 
diffusion  profiles  it  can  be  con¬ 
cluded,  that  both  the  mechanisms 
for  the  out-diffusion  of  donors 
and  for  the  in-diffusion  of  Fe 
show  diffusion  coefficients  in  the 
range  of  0.5-lxl0'7cm2/s.  Al¬ 
though  these  values  are  signifi¬ 
cantly  higher  than  any  previously 
reported  values  for  diffusion  of 
Fe  or  P,  rapid  diffusion  mecha¬ 
nisms  are  possible  for  low  con¬ 
centrations  of  the  involved  spe¬ 
cies  and  especially  in  the  pres¬ 
ence  of  intrinsic  defects  [25, 26]. 

Fig.  13  Resistivity  distribution  p(x)  near  the  surface  of 
short-time  annealed  samples  measured  by  differential 
Hal-effect  measurements.  The  samples  were  annealed  for 
different  time  (2h,  6b,  24h)  at  900  °C  under  phosphorus 
atmosphere. 


Depth  from  surface  x  [pm] 


i  aaaamtatawai 


Fig.  12  Profile  of  the  shallow  and  deep  levels  near  the 
surface  of  a  sample,  annealed  for  23h  under  phospho¬ 
rus  atmosphere.  The  bulk  concentration  of  shallow 
levies  was  TxIOW. 


109 


Cfflvridmtfinn  by  Shockley  Piaaams 

For  consideration  of  the  compensation  mechanism,  the  Shockley  diagram  [27,28]  is  convenient  In 
die  case  of  very  pure  undoped  InP,  we  have  to  consider  three  levels,  shallow  donors  due  to  Si,  shallow 
acceptors  due  to  Zn,  deep  accepters  due  to  Fe  contamination.  It  is  distinctive  that  the  main  shallow 
acceptor  is  Zn.  It  is  known  that  the  D-A  pair  peak  due  to  Zn  is  clearly  seen  while  D-A  pair  peaks  due  to 
other  acceptor  impurities  such  as  Mg  and  Ca  which  can  be  observed  in  InP  polycrystals  are  not  seen 
[29,30].  The  fact  that  the  carrier  concentration  of  the  pure  InP  is  SxlO^cm'3  and  the  compensation  ratio 
is  about  (X2  suggests  that  the  concentration  of  Zn  (Nh)  is  less  than  lxlO^cm'3. 

Fig.  14(a)  shows  a  typical  case  of  conventional  Fe -doped  material.  The  compensation  takes  place 
between  shallow  donors  and  doped  Fe  with  higher  concentration  ranges.  In  the  case  of  undoped  semi- 
insulating  InP  by  high  pressure  annealing,  the  Shockley  diagram  may  become  as  shown  in  Fig.  14(b). 
There  are  three  facts  that  1)  the  Fe  concentration  must  be  higher  than  SxlC^cm3  for  semi-insulation,  2) 
the  residual  shallow  acceptor  concentration  is  less  than  lxl014cm3, 3)  when  it  does  not  become  semi- 
insulating  with  low  Fe  concentration,  the  carrier  concentration  is  lxlO,3cm‘3.  The  fact  that  the  room 
temperature  earner  concentration  is  lxlO,3cm  3  with  a  very  low  Fe  concentration  can  be  explained  by 
the  pinning  of  the  Fermi-level  by  die  deep  acceptor  of  0.4eV  under  the  condition  that  the  concentration 
of  shallow  donors  is  higher  than  that  of  shallow  acceptors  as  shown  by  dotted  lines.  Here,  the  concentra¬ 
tion  of  the  shallow  donors  (Nd)  which  will  be  due  to  phosphorus  vacancies  is  supposed  to  be  SxlO14 
cm'3  and  that  Of  shallow  acceptors  (Na)  is  lx  10,4cm'3.  The  concentration  of  0.4eV  deep  acceptor  (Naa1) 
must  be  higher  than  4xlOMcm'3  to  obtain  the  experimental  net  carrier  concentration  of  lxlO,3cm'3. 


Fig  14  Schockley  diagrams,  (a)  Conventional  Fe  doped  InP.  (b)  Undoped 
semi-insulating  InP. 
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Under  this  basis,  if  we  have  a  slight  amount  of  residual  Fe  exceeding  the  net  concentration  of  shallow 
levels,  semi-insulating  behavior  will  occur  for  Fe  concentrations  above  5xlO“cm3  as  shown  in  Fig. 
14(b). 

POSSIBLE  MECHANISMS  OF  SEMI-INSULATION 

From  above  mentioned  experimental  results,  it  is  first  concluded  that  high-pressure  annealing  is 
effective  to  reduce  the  net  concentration  of  residual  defects  by  reducing  die  shallow  donor  concentra¬ 
tion  which  is  probably  due  to  phosphorous  vacancies. 

It  was  also  found  that  the  semi-insulating  state  was  only  achieved  if  the  Fe  concentration  is  higher 
than  5xl0,4cm'3,  a  concentration  which  is  much  lower  than  that  for  conventional  semi-insulating  Fe- 
doped  InP.  The  semi-insulating  behavior  of  annealed  InP  is  thus  concluded  to  be  due  to  slight  Fe 
contaminations  and  a  large  reduction  of  the  concentration  of  shallow  donors  during  high-pressure  an¬ 
nealing. 

Without  sufficient  Fe  concentration,  semi-insulating  state  cannot  be  achieved.  However,  due  to 
compensation  with  the  deep  acceptor  of  an  energetic  level  of  0.4eV  below  the  conduction  band,  low 
residual  carrier  concentrations  can  occur. 

The  reproducibility  of  undoped  semi-insulating  InP  is  affected  by  the  scattering  of  Fe  contamination 
from  run  to  run.  The  appropriate  control  of  Fe  contamination  with  the  level  of  more  than  5xlOI4cm~3is 
therefore  believed  to  be  important  for  the  reproducible  preparation  of  "undoped"  semi-insulating  InP. 
Since  die  Fe  contamination  level  for  semi-insulation  is  extremely  low,  these  semi-insulating  materials 
can  be  called  "undoped  semi-insulating  InP",  as  in  the  case  of  "undoped  semi-insulating  GaAs”  for 
which  it  is  known  that  the  precise  control  of  carbon  contamination  is  important  for  stable  production  of 
semi-insulating  crystals. 

SUMMARY 

Undoped  semi-insulating  InP  was  found  to  be  obtained  by  high  pressure  annealing  of  high  purity 
undoped  InP.  Residual  Fe  atoms  which  act  as  deep  acceptors  are  originated  by  contamination  during 
annealing.  The  minimum  Fe  concentration  for  realizing  the  semi-insulation  of  undoped  conductive  InP 
was  found  to  be  5xl014  cm  '3.  By  detailed  investigation  of  the  balance  of  electronic  levels,  it  was  found 
that  the  donor  concentration  is  reduced  by  annealing.  Furthermore,  the  undoped  semi-insulating  InP 
shows  a  highly  resolved  photoluminescence  spectrum,  comparable  to  the  best  data  reported  for 
MOCVD  material  From  these  results,  it  is  concluded  that  the  occurence  of  undoped  conductive  InP  to 
semi-insulating  state  by  high-pressure  annealing  is  due  to  the  compensation  of  shallow  donors,  the 
concentration  of  which  is  reduced  by  annealing  significantly  and  the  slight  Fe  contamination  during 
high-pressure  annealing. 
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ABSTRACT 

Low  temperature,  resonantly  excited  photoluminescence  (PL)  has  proven  to  be  the 
method  of  choice  for  impurity  identification  in  GaAs.  InP  has  suffered  from  insufficient 
impurity  binding  energy  data  to  benefit  similarly.  We  will  report  results  of  selectively-excited 
donor-acceptor  pair  spectroscopy  for  acceptor  identification  in  InP.  Ion  implantation  doping 
of  high  purity  InP  is  used  for  generation  of  known  impurity  samples.  Progress  toward  a 
complete  database  of  acceptor  binding  energies  in  InP  is  reported.  We  will  discuss  the  results 
of  high  magnetic  field  low  temperature  resonant  photoluminescence  spectroscopy  for  donor 
identification  in  InP.  The  success  of  donor  ion  implantation  studies  will  be  included.  This 
data  should  provide  direction  for  efforts  in  growing  high  purity  InP  by  MOCVD  and  gas 
source  MBE. 

INTRODUCTION 

Indium  phosphide  and  related  compounds  are  candidate  materials  for  high  speed 
electronics  and  optoelectronic  devices  in  telecommunication  networks.  In  order  to  achieve  the 
hign  purity  base  material  upon  which  devices  depend,  identification  of  residual  impurities  is 
important.  Low  temperature  (2K)  photoluminescence  (PL)  is  a  sensitive  tool  for  use  in 
determining  the  active  impurities  in  similar  material.  Previous  work  using  the  observation  of 
free-to-bound  (FB)  and  donor-acceptor  pair  (DAP)  transitions  have  led  to  assignment  of  bind¬ 
ing  energies  for  the  chemical  species  of  several  acceptors0'5*.  The  difficulty  with  these  data  is 
recombination  of  pairs  with  different  separations  contribute  to  the  DAP  PL  signal,  and  the 
dopant  level  dependant  FB  transitions  involving  electrons  with  a  distribution  of  kinetic  energy. 
Consequently,  substantial  uncertainty  exists  in  these  binding  energies,  with  attendant  uncer¬ 
tainty  in  identification^’.  Selective  Pair  Luminescence  (SPL)  overcomes  this  ambiguity  in 
three  important  ways.  Only  specific  pair  spacings  are  excited  and  detected,  yielding  narrow 
peaks.  All  excited  and  emitting  states  are  bound,  overcoming  the  energy  uncertainty  of  free 
carriers.  Finally,  several  (typically  2-4)  excited  states  from  each  acceptor  are  observable, 
reducing  the  possibility  of  incorrect  peak  assignment.  SPL  has  been  demonstrated  for  identifi¬ 
cation  of  a  few  acceptors  in  InP*9""’.  These  experimental  advantages  are  enhanced  by  the 
availability  of  effective  mass  theory02'13’,  which  permits  the  determination  of  any  excited  state 
energy  from  any  correctly  assigned  peak  or  measured  binding  energy.  Thus  interfering 
phonon  Raman  spectral  features,  or  overlapping  SPL  peaks  can  be  confidently  assigned. 
Some  difficulties  remain,  such  as  the  possibility  of  lattice  defects  with  energies  similar  to 
shallow  impurities.  This  is  illustrated  by  the  recent  report  of  phosphorus  antisites  defects 
which  are  resonant  with  the  bottom  of  the  conduction  band04'15’. 

Donor  identification  is  more  difficult  due  to  the  small  binding  energy  of  the  donors 
(7.4  meV  vs.  35-55  meV  for  acceptors),  and  the  attendant  larger  wave  functions.  The 
expected  range  of  binding  energies  for  different  chemical  species,  referred  to  as  the  chemical 
shift,  is*0. 1  meV0*’.  Donor  identification  has  been  successfully  performed  using  far  infrared 
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photoconductivity  (FRPC)  in  high 
(3.6  T  and  6.3  T)  magnetic  field07' 

In.  The  dooor  ls-2p  transition  is 
detected  by  direct  absorption.  As 
many  as  12  distinctly  different 
donor  binding  energies  haye  been 
observed,  but  only  five  have  been 
assigned  to  specific  donor  species 
(Si,  S,  Ge,  Te,  and  Se/Sn:  these 
last  having  nominally  identical 
binding  energies)07'1”.  Donor 
identification  has  also  been  success¬ 
fully  performed  using  resonantly 
excited  donor  bound  exciton  PL  in 
high  (9.7  T)  magnetic  field0”®. 

The  donor  ground  state  and  excited 
states,  known  as  two  electron  satellites  (TES),  are  observed  separately.  Spectral  separation 
between  these  two  features  is  directly  comparable  to  the  FIRPC  data.  While  the  PL  spectra 
are  more  complex,  this  method  is  more  versatile.  Impurity  identification  has  only  been  based 
on  doping  during  growth.  We  will  explore  the  applicability  of  implantation  doping  to  donor 
identification  by  resonantly  excited  magneto-photoluminescence. 

EXPERIMENTAL  SECTION 

The  samples  used  for  this  study  were  grown  by  hydride  VPE,  chloride  VPE,  and 
MOCVD,  1-3  urn  thick.  Doping  standards  were  prepared  by  implanting  these  samples  in  a 
non -channeling  direction  (7°  tilt, 

43°  rotation)  to  a  dose  less  than 
10“  /cm*,  giving  a  peak  level 
between  200-300  nm  deep  in  the 
sample  and  the  active  range  up  to 
300  nm.  The  samples  were  then 
rapid  thermal  annealed  in  a  graphite 
susceptor  for  10s  at  750°C.  The 
atmosphere  was  a  phosphorous 
overpressure  ina  flowing  argon 
ambient.  Implants  discussed  here 
on  various  as  grown  material  are 
Mg,  C,  Zn,  Be,  Ca,  and  Cd. 

For  the  SPL  experiments, 
the  samples  were  mounted  in  a 
strain  free  manner  within  a  Janis 
flowing  helium  cryostat,  and  sub¬ 
mersed  in  superfluid  helium  (2K). 

A  tunable  titanium  sapphire, 

(Ti:SA),  laser  was  used  for  the 
excitation  source.  The  light  was 
collected  and  focussed  into  a  Spex 
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Figure  2  SPL  peak  position  plotted  vs.  laser  excitation 
energy  for  as  grown  and  Mg  implanted  InP. 


Figure  1  Non  resonant  and  selective  pair  luminescence 
of  as  grown  and  C  implanted  InP. 
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triple  monochromator,  dispersion  1.3  am/mm,  and  detected  using  a  LN2  cooled  Princeton 
Instruments  CCD  camera. 

Magnetic  photoluminescence  (MPL)  spectroscopy  was  used  for  donor  spectroscopy. 
The  samples  were  mounted  strain  free  within  a  Jams  magnetic  flowing  helium  cryostat.  The 
laser  source  was  a  Ti.SA  laser  tuned  slightly  above  band  gap  (0.002W/cm*>  for  donor  ground 
state  observation,  or  to  the  (D°,X),^  transition  (0.02W/cm*)  for  TES  observation.  Emission 
was  collected  and  focussed  into  an  0.85  meter  focal  length,  double  monochromator,  disper¬ 
sion  0.4  nm/mm,  and  detected  using  a  LN2  cooled  Photometrix  CCD  camera. 

DISCUSSION 

The  recombination  energy  of  a  DAP  is  given  by 

hv  ,  =E,-  (EA+E*)  +  e2/(e r)  +f(r)  equation  (1) 

while  the  energy  of  absorption  into  a  DAP  is  given  by 

hv  2=E,-  (Ea+E*)  +  eV(er)  +f(r)„  4-E^  equation  (2) 

Where  f(r)  is  the  van  der  Waals  forces  between  the  donor  and  acceptor,  and  EtI  is  the  accep¬ 
tor  excited  state  shift.  For  pair  separations  with  f(r)~0  the  energy  diffr  ',nce  between  equa¬ 
tions  (1)  and  (2)  is  then  an  accurate  measure  of  the  acceptor  groum  ,tate  to  excited  state 
energy.  This  condition  holds  for  pair  separations  greater  than  the  sum  of  the  donor  and 
acceptor  Bohr  orbits.  A  typical  spectrum  which  illustrates  this  me  if  'ement  is  shown  in 
Figure  1.  For  each  excitation  wavelength,  there  is  a  specific  pair  separation  resonant  for 
each  excited  state  of  each  acceptor  present  in  addition  to  Raman  scattering  from  the  optical 
phonons.  Spectra  of  the  sample 
as  grown  and  after  carbon  implan¬ 
tation  are  shown.  For  reference  a 
PL  spectrum  of  the  as  grown 
sample  excited  with  above  gap 
energy  is  included  in  Figure  1. 

The  enhanced  visibility  of  accep¬ 
tor  transitions  gained  by  resonant¬ 
ly  exciting  DAP  transitions  is 
obvious.  At  least  three  new 
transitions  are  detected  in  the  im¬ 
planted  sample.  That  these  new 
features  are  selectively  excited 
pair  luminescence,  SPL,  transi¬ 
tions  can  be  assured  by  plotting 
their  energy  position  against  the 
laser  energy  for  a  range  of  laser 
energies,  as  shown  in  Figure  2, 
for  as  grown  and  Mg  implanted 
samples.  Substrate  SPL  signals 
can  overwhelm  the  epilayer 
signal.  We  see  no  significant  SPL 


CARBON  IMPLANTED  InP 


F%ure  3  Donor  bound  exciton  and  resonantly  excited 
TES  spectra  at  both  zero  field  and  high  field  for  C 
implanteed  InP. 
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from  substrate  alone  and  no  change  in  SPL  for  as  grown,  annealed  InP  epi layers. 

Mg  was  chosen  specifically  because  it  is  among  those  few  acceptors  for  which  accu¬ 
rate  excited  state  energies  have  been  determined0 These  are  indicated  by  the  extra  peaks 
detected  after  implantation.  In  addition  to  those  peaks  expected  from  the  known  excited  state 
positions  of  Mg,  a  well  behaved  set  of  acceptor  excited  states  with  much  smaller  binding 
energy  than  any  previously  is  reported. _ 
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Y,  =  4.952  y,  =  1.652  Yj  =  2.352 

This  low  binding  energy  acceptor  was  present  in  all  implant  doped  samples,  independent  of 
the  implanted  chemical  dement.  These  data  indicate  that  either  the  low  binding  acceptor 
arises  from  implant  induced  lattice  damage  or  implant  activation  of  an  as  grown  inactive 
acceptor.  Since  the  acceptor  is  identical  in  three  different  as  grown  and  implanted  samples, 
die  former  seems  more  likely  and  is  thus  labeled  damage  induced  acceptor, (DIA). 

Given  that  each  acceptor  present  will  exhibit  two  to  four  SPL  features  in  addition  to 
optical  phonon  Raman  scattering,  peak  overlap  is  inevitable.  Fortunately,  a  valid  effective 
mass  theory  can  predict  the  positions  of  all  excited  states  for  an  acceptor  from  the  measured 
energy  of  each  excited  state02-1®.  This  redundancy  of  binding  energy  determination  for  SPL 
spectroscopy  is  among  its  most  important  advantages.  Unfortunately  no  experimental  verifi- 
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cation  of  acceptor  effective  mass  theory  has  been  published  Ax’  InP.  In  addition  the  range  of 
published  valence  band  parameters  fen:  InP  is  large,  with  no  obvious  method  of  choosing 
those  most  applicable  to  the  problem  at  hand.  Effective  mass  theory  has  been  shown  to  be 
quantitatively  accurate  for  acceptors  in  GaAs<2l>.  This  model  can  not  predict  chemical  shifts. 
Rather,  effective  mass  theory  predicts  the  position  of  each  excited  state  as  a  fraction  of  the 
acceptor  binding  energy,  in  addition  to  the  binding  energy  of  the  acceptor  with  zero  chemical 
shift.  There  is  no  a  priori  reason  to  expect  such  an  acceptor.  For  GaAs,  C  is  a  true  effec¬ 
tive  mass  acceptor.  For  InP,  the  effective  mass  binding  energy  calculations  range  from  20 
to  50  meV. 

In  Table  1  on  the  preceding  page  is  a  summary  of  acceptor  data  taken  by  us  to  date. 
In  addition  we  include  calculated  excited  state  energies  using  the  most  widely  used  band 
parameters.  The  most  reliable  acceptor  binding  energies  published  previously  are  for  Mg 
and  Zn.  Our  results  are  in  excellent  agreement  for  these  elements.  We  show  data  here  for 
Be,  Ca  and  C  which  we  believe  to  be  of  similar  accuracy  and  certainty.  For  Cd,  the  as 
grown  material  was  of  marginal  purity  for  implant  doping.  Since  only  the  2S  excited  state 
was  detected  there  is  still  some  uncertainty  for  the  correct  Cd  binding  energy.  Work  is  in 
progress  to  complete  data  for  Si,  Ge,  Sn,  and  Pb. 

The  high  spectral  resolution  required  for  donor  identification  can  be  enhanced  by 
using  both  low  temperature  mid 
high  magnetic  field.  The  field  in¬ 
duced  donor  wavefunction  com¬ 
pression  reduces  line  broadening 
by  isolating  the  wavefunction 
from  surrounding  charged  sites  in 
the  lattice  while  simultaneously 
increasing  the  binding  energy 
chemical  shift.  The  magnet  used 
in  this  study  is  capable  of  12T 
fields,  9.7T  was  used  for  compar¬ 
ison  to  existing  magneto  PL  data. 

Spectra  of  donor  ground  and 
excited  states  at  both  zero  field 
and  9.7  T  are  shown  in  fig  3. 

We  rely  on  the  prior  studies  for 
spectra  assignments0*2®.  In 
figure  4  is  an  expanded  view  of 
the  2p  TES  for  the  as  grown  and 
C  implanted  samples.  Each 
donor  results  in  a  doublet  emission  pattern.  Peak  positions  agree  well  foT  the  donors  identi¬ 
fied  on  the  figure.  The  small  differences  in  the  two  spectra  can  be  attributed  to  small  differ¬ 
ences  in  the  energy  of  excitation  for  the  spectra.  No  new  donor  peaks  can  be  detected  for 
this  sample.  C  doped  InP  is  always  n  type  as  grown.  Despite  this  unanimity  of  growth 
results,  C  acceptors  are  easily  created  by  implant  doping  and  we  have  failed  to  observe  C 
donors.  Several  conclusions  can  be  drawn  and  tested. 

First,  the  implanted  layer  is  less  than  500  nm  thick  while  the  epitaxial  layer  for  this 
sample  is  3500  nm.  Perhaps  the  C  donor  signal  is  too  weak  to  detect.  This  possibility  can 
be  tested  either  by  implanting  thin  epitaxial  layers  or  by  implants  with  a  sufficient  energy 
range  to  dope  the  majority  of  the  thicker  layers.  Implant  doping  by  our  procedure  may  not 
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be  ineffective  for  donor  formation  in  InP.  Since  no  C  donor  chemical  shift  data  exists,  the 
bat  alternative  is  to  implant  the  only  identified  group  IV  donor  not  present  in  our  as  grown 
material,  Ge.  Implant  doping  studies  with  Ge  will  permit  confirmation  of  the  implant  activa¬ 
tion  procedure. 

CONCLUSIONS 

We  report  the  first  precise  binding  energies  for  Be,  C,  and  Ca,  and  confirm  those 
previously  reported  for  Zn,  and  Mg.  The  excited  state  energies  of  these  acceptors  with  the 
exception  of  Zn  do  not  conform  to  effective  mass  theory  with  existing  band  parameters. 
Finally,  implant  conditions  which  give  strong  acceptor  signals  have  not  created  observable  C 
donor  levels.  These  conditions  are  best  understood  by  Ge  donor  doping  studies. 
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ABSTRACT 

<100)  -semiinsulating  InP  was  implanted  with  600  keV  Se-ions  at  temperatures  between 
300K  and  425K  with  an  ion  dose  of  1  x  1014  cm'2.  After  capping  the  samples  with  about  120 
nm  silkonoxynitride  annealing  was  performed  at  700°C  up  to  973°C  using  a  graphite  strip 
heater  system.  The  annealed  samples  were  analyzed  with  Rutherford  backscattering,  electron 
microscopy  and  conventional  Hall  measurements.  The  results  show,  that  a  strong  correlation 
exists  between  defects  remaining  after  annealing  (for  instance  dislocations,  loops,  microtwins) 
and  the  measured  electrical  properties.  An  implantation  temperature  ^  395 K.  and  annealing  at 
least  at  800°C  for  50  s  is  necessary  to  obtain  high  performance  electrically  active  layers.  The 
activation  of  selenium  in  InP  can  be  well  described  using  a  simple  thermodynamical  model. 
The  model  yields  an  activation  energy  of  EA  =  (1.0  ±  0.1)eV  which  can  be  understood  as  the 
energy  necessary  to  split-up  selenium-vacancy-complexes  and  a  diffusion  energy  of  Ej  =  (2.0 
±  0.2)  eV  representing  material  transport  of  the  semiconductor  material. 


INTRODUCTION 

Besides  the  well  investigated  GaAs,  InP  becomes  more  and  more  attractive  for  fabrication 
of  microwave  devices  and  semiconductor  lasers1.  As  for  the  other  III-V-compounds  also,  the 
most  promising  dopant  technology  seems  to  be  ion  implantation  in  combination  with  subsequent 
thermal  processing  to  eliminate  implantation  damage  and  to  create  high  performance  electrically 
active  layers.  The  implantation  and  annealing  processing  of  InP,  however,  should  differ  some¬ 
what  of  that  of  GaAs,  because  of  the  relative  stability  of  defects  produced  during  ion  implanta¬ 
tion,  its  lower  melting  point  (lower  annealing  temperatures  should  be  applied)  and  the  redistri¬ 
bution  of  Fe  in  semiinsulating  InP  during  annealing.  Because  of  this,  a  careful  adjusting  of  the 
desired  damage  introduced  by  ion  implantation,  which  is  primarily  dependent  on  the  dose  and 
implantation  temperature,  to  the  structural  change  in  InP  and  therefore  for  the  annealing 
conditions  is  necessary. 

Different  elements  have  been  implanted  into  InP  to  get  n-type  conducting  layers,  like  Si  , 
Se2-3,5  and  Ge6,7.  A  comparison  of  the  results  obtained  by  different  authors  shows  that  better 
electrical  properties  of  the  annealed  InP-layers  can  be  achieved  if  ion  implantation  is  performed 
at  elevated  temperatures  and  amorphi  ration  is  prevented.  But  a  consequent  investigation  of  the 
structural  and  electrical  properties  of  InP-layers,  implanted  at  temperatures  between  room 
temperature  (300K)  and  425 K  (implantation  in  the  so  called  ’transition  region"),  and  the 
resulting  correlation  of  these  properties  is  missing  up  to  now. 

This  paper  deals  with  ion  implantation  of  Se  into  semiinsulating  InP-crystals  at  implantation 
temperatures  mentioned  above.  The  resulting  implantation  damage  and  the  residual  damage 
after  rapid  thermal  annealing  (RTA)  is  the  subject  of  investigation.  Furthermore,  the  electrical 
properties  of  the  annealed  samples  are  presented  and  compared  with  their  structural  properties. 
Attempts  were  made  to  apply  an  activation  model  developed  for  Se- implanted  GaAs*-9  for  InP. 
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EXPERIMENTAL  CONDITIONS 

<100>  -semiinsulating,  Fe-doped  InP-wafers  were  implanted  in  a  nonchanneling  direction 
with  600  keV  Se-ions  at  temperatures  between  300K  and  425K.  The  implanted  dose  was  kept 
constant  at  1  x  1014  Se  cm'2.  After  implantation  part  of  the  samples  was  capped  with  a  silicon- 
oxynitride  caplayer  (thickness  •  120  nm)  produced  by  dc-sputtering  of  silicon  in  an  atmo¬ 
sphere  containing  a  mixture  of  Ar  and  N2.  the  following  annealing  was  performed  by  means 
of  a  graphite  strip  heater  system10  at  temperatures  from  TO 0”C  up  to  975 °C  for  different  times 
(20  s  to  180  s).  The  given  temperatures  are  the  heater  temperatures  because  these  can  be 
exactly  measured.  The  typical  sample  temperature  is  estimated  to  be  10*  below  that  of  the 
heater.  This  was  taken  into  account  for  the  calculation  of  activation  energies  from  the  time  and 
temperature  dependent  annealing. 

After  annealing  the  caplayer  was  removed  using  buffered  HF-acid.  Part  of  the  samples  was 
prepared  for  electrical  measurements  (van  der  Pauw  technique11).  For  this  purpose  a  »  1  /un 
thick  mesa  structure  was  etched  at  the  surface  of  the  samples  and  ohmic  contacts  were  alloyed 
at  400°C  for  10  min  using  an  eutectic  mixture  of  Au-Ge. 

The  investigation  of  the  as-implanted  as  well  as  of  the  annealed  samples  was  performed  with 
channeling  Rutherford  Rackscattering  Spectrometry  (RBS)  by  means  of  1.4  MeV  He4  at  a 
bockscattering  angle  of  170”.  Further  information  about  the  kind  of  defects  was  obtained  from 
Transmission  Electron  Microscopy  (TEM)  at  1  MeV  accelerating  voltage. 


RESULTS  AND  DISCUSSION 


Fig.  1  RBS  -  spectra  obtained  on  Se-implanted  InP  for 
different  implantation  temperatures. 


Figure  1  shows  the  backscatte- 
ring  spectra  obtained  on  the  as-im- 

S anted  InP.  The  implantation  at 
)0K  generates  an  amorphous  sur¬ 
face  layer  of  “  480  nm  thickness 
for  ti»e  given  dose  of  1  x  1014  Se 
cm'2.  An  increase  of  the  implanta¬ 
tion  temperature  up  to  365K  leads 
already  to  a  thinning  of  the  amor- 
phized  layer  down  to  a  thickness 
of  •  350  nm.  A  further  increase 
of  the  temperature  during  ion  im¬ 
plantation  up  to  395K  results  in  a 
drastic  decrease  of  the  damage, 
i.e.  amorphization  is  prevented 
and  weakly  damaged  layers  are 
created.  Such  layers  contain  main¬ 
ly  a  mixture  of  point  defects  and 
point  defect  clusters,  but  we  as¬ 
sume  that  also  a  certain  concentra¬ 


tion  of  larger  defects  (dislocations/dislocation  loops)  is  present  because  this  has  been  proved  by 
means  of  energy  dependent  RBS- measure  merits  for  Si-implanted  into  InP  performed  at  elevated 
temperatures’ . 

Figure  2  shows  the  RBS  -  spectra  obtained  on  annealed  room  temperature  implanted  InP- 
layers.  An  epitaxial  recrystallization  starting  from  the  buried  amorphous/crystalline  (a/c-) 
interface  is  observed,  however,  only  an  approximately  160  nm  thick  layer  recrystallizes 
perfectly  at  an  annealing  tempendure  of  750”C  for  50  s.  In  the  near  surface  region  the  back- 
scattering  signal  is  nearly  random-like  indicating  the  presence  of  highly  disorded  structures 
within  this  layer.  The  TEM  bright  field  micrograph  (see  fig.  3)  shows  an  irregular  structure 
which  is  identified  as  a  microtwin  structure  of  high  density,  indicated  by  extra  cross-like  spots 
in  the  diffraction  pattern  (inset  of  fig.  3).  These  microtwin  clusters  grow  along  the  <1 1 1)  - 
direction,  seeding  from  defects  originated  during  implantation  on  the  a/c-interface13. 
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RBS  -  spectra  obtained  on  annealed  room  tempera¬ 
ture  implanted  InP  samples. 


A  further  increase  of  the  annea¬ 
ling  temperature  up  to  975°C  (see 
fig.  2)  enhances  only  the  thickness 
of  the  perfectly  recrystallized 
layer:  the  high  backscattering 
yield  in  the  near  surface  region 
remains.  A  cross-section  micro- 

rt  made  on  this  sample  (see 
4)  shows  a  high  density  of 
defects,  consisting  of  a  network  of 
dislocations  and  microtwins  ex¬ 
tending  from  die  surface  up  to  a 
depth  of  •>  300  nm.  A  second  de¬ 
fect  band  (dislocation  loops)  can 
be  observed  in  a  depth  region  of 
420  to  300  nm,  i.e.  in  the  region 
of  the  former  a/c-interface. 

A  somewhat  different  annealing 
behavior  is  seen  in  fig.  3  for  the 
implantation  at  365 K.  Epitaxial 


recrystallization  occurs,  but  now  from  the  depth  and  the  surface,  indicating  that  die  near 
surface  region  was  not  felly  amorphized.  In  this  case  a  buried  remaining  damage  peak  occurs 
*  middle  of  ^  omAmhAiif  A  «  Ikamam  tho  > _ a _ _ *_ 
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in  the  middle  of  the  former  amorphous  layer.  An  increase  of  the  annealing  temperature  up  to 
975 °C  does  not  lead  to  a  perfectly  restored  crystalline  layer. 


Fig.  3  TEM  -  bright  field  image  for  an  annealed  (750#C/50s)  room  temperature  implanted 
sample.  The  inset  shows  the  diffraction  pattern. 

The  annealing  of  the  samples  implanted  at  higher  temperature  was  also  investigated.  Due  to 
the  absence  of  amorphous  layers  for  implantation  temperatures  >  395K  the  crystallization  is 
going  on  without  microtwin  formation.  This  results  in  perfectly  recrystallized  layers  with  a 
backscattering  yield  nearly  equal  to  that  of  the  virgin  material. 
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Fig.  4  Cross-section  TEM  -  bright  field  image  for  an  annealed  (975°C/S0  s)  room 
temperature  sample. 


Fig.  5  RBS  -  spectra  obtained  on  annealed  InP  samples  implanted  at  335K. 
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Electrical  properties  of  the  annealed  layers 

Figure  6  represents  the  electrical  properties  of  the  Se-implanted  samples  as  a  function  of 
annealing  and  implantation  temperature  for  a  fixed  time  of  30  s.  Additionally,  time  dependent 
annealing  experiments  at  different  annealing  temperatures  were  also  performed,  but  the  results 
are  not  shown  here. 

Comparing  the  results  for  samples  implanted  at  different  temperatures  it  becomes  obvious 
that  the  higher  the  implantation  temperature,  i.e.  the  lower  the  defect  density  after  ion  implan¬ 
tation,  the  better  are  the  electrical  properties  of  the  annealed  InP-layers.  When  increasing  the 
implantation  temperature  from  300K  to  425K  the  sheet  carrier  concentration  (left  part  of  fig.  6) 


Fig.  6  Electrical  properties  (left:  sheet  carrier  concentration,  right:  sheet  mobility)  of  the 
annealed  InP  samples  as  a  function  of  implantation  and  annealing  temperature. 

is  enhanced  by  a  factor  of  4  from  1 X 1013  cm"2  to  4x  1013  cm"2,  respectively,  if  the  annealing 
is  performed  at  975°c  for  50  s.  A  more  drastic  result  was  obtained  for  the  sheet  mobility  (right 
part  of  fig.  6).  For  the  samples  containing  an  amorphous  layer  after  implantation  the  mobility 
remains  nearly  constant  at  »  1200  cm2/ Vs  or  decreases  slightly  with  increasing  annealing 
temperature.  In  die  case  of  weakly  damaged  layers  which  were  created  for  implantation  tem¬ 
peratures  Sr  395K  there  is  a  strong  increase  of  the  mobility  up  to  »  1500  cm2/Vs,  indicating, 
that  the  nonperfect  annealing  (compare  figs.  2  to  5)  should  be  responsible  for  low  mobilities 
resulting  from  additional  scattering  at  defects. 

An  attempt  was  made  to  describe  the  annealing  and  activation  behavior  of  Se  in  InP.  For  this 
purpose  a  simple  thermodynamical  model  developed  by  Sealy  et  al.8,9  for  the  activation  of 
dopands  in  GaAs  was  applied.  In  this  model  the  activation  behavior  is  considered  to  be  time 
and  temperature  dependent.  The  increase  of  activation  with  time  at  a  given  annealing  tempera¬ 
ture  results  in  a  saturation  value  of  the  activation  at  long  times.  From  the  latter  results  of  the 
time  independent  region  an  activation  energy  E*  can  be  deduced,  suggesting  that  this  energy 
is  required  to  split-up  Se-vacancy-complexes  (in  GaAs:  Se  -  Vq,)  which  are  responsible  for  the 
inactivity  and  to  place  the  Se-atoms  on  nearby  group  V-vacancies  (in  GaAs:  As,  in  InP:  P), 
where  they  can  act  as  donors.  A  careful  analysis  of  the  time  dependent  region  of  activation 
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produces  a  kind  of  diffusion  energy  E^  of  the  donor  and/or  of  the  semiconductor  constituents. 
The  application  of  this  model  to  our  results  for  Se-implanted  InP  yields  values  for  E^  =  (2.0 
±  0.2)  eV  and  EA  *  (1.0  ±  0.1)  eV.  The  same  value  for  E,,  has  been  obtained  for  Si-implant¬ 
ed  InP14  indicating  that  the  diffusion  energy  should  be  connected  with  material  transport  of 
semiconductor  constituents  and  not  primarily  with  the  diffusion  of  the  donor.  We  propose  that 
the  value  of  EA  =  1  eV  is  connected  (similar  like  in  the  case  of  GaAs)  with  the  split-up  of 
donor-vacancy  complexes. 


SUMMARY 

For  the  creation  of  high  performance  electrically  active  InP-layers  ion  implantation  should 
be  carried  out  in  such  a  way,  that  amorphizadon  and  strong  damaging  of  the  crystals  is 
prevented.  Perfect  annealing  can  only  take  place  if  ion  implantadon  leads  to  weakly  damaged 
layers.  The  application  of  the  activation  model  results  in  a  very  good  description  of  the  time 
and  temperature  dependent  activation  behavior  of  implanted  Se  in  InP. 
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ABSTRACT 

Deep  levels  in  MOCVD  grown  p-InP  on  GaAs  substrates  have  been  investigated  by 
Deep  Level  Transient  Spectroscopy  (DLTS).  The  effect  of  hydrogenation  on  the  electrical 
activity  of  these  levels  has  been  studied  through  a  combination  of  DLTS  and  Photolu¬ 
minescence  (PL)  measurements.  DLTS  measurements  indicate  a  drop  of  trap  density 
from  ~  5  x  1014  cm-3  to  ~  1  x  1013  cm-3  after  hydrogenation.  Annealing  at  400°C  reac¬ 
tivated  only  the  dopants,  while  temperatures  above  600°C  were  necessary  for  deep-level 
reactivation.  This  combined  with  a  logarithmic  dependence  on  fill  pulse  time,  indicate 
that  at  least  one  broad  DLTS  peak  is  associated  with  dislocations.  The  PL  the  DLTS 
results  show  that  the  dislocation  related  traps  are  passivated  by  hydrogen,  preferentially 
over  the  dopants  and  that  a  wide  annealing  window  exists  for  dopant  reactivation. 

INTRODUCTION 

InP  is  a  material  of  considerable  interest  for  optoelectronic  and  photovoltaic  appli¬ 
cations.  InP  devices  grown  on  Si,  Ge  or  GaAs  substrates  are  promising  approaches  to 
reduce  weight,  increase  cell  area  and  mechanical  strength  of  InP  based  solar  cells  for 
space.  However  large  lattice  mismatch  between  these  materials  leads  to  the  formation  of 
misfit  dislocations  at  the  interface  and  subsequent  threading  into  the  growinglnP  layer. 
This  leads  to  increased  carrier  recombination  and  lowers  the  cell  efficiency.  Dislocation 
densities  less  than  104  cm-3  are  necessary  to  achieve  solar  cell  efficiencies  of  20%,  in 
order  to  compete  with  their  homoepitaxial  counterparts  [1].  Although  a  number  of  ap¬ 
proaches  have  been  proposed  to  reduce  their  concentration,  dislocation  densities  are  still 
far  from  the  104  cm-3  level.  An  alternative  approach  is  to  utilize  hydrogen  passivation, 
which  is  well  known  to  passivate  the  electrical  activities  of  both  point  defects  and  dis¬ 
locations  in  many  semiconductors.  This  paper  describes  the  identification  of  deep  levels 
associated  with  dislocations  in  InP  and  preliminary  work  on  their  passivation  by  plasma 
hydrogenation. 


EXPERIMENTAL  DETAILS 

Figure  1  shows  the  structure  of  the  heteroepitaxial  p-InP  grown  on  GaAs  substrate. 
P-type  InP  about  1.9  /im  thick,  and  doped  to  1  x  10,7cm-3  was  grown  in  a  low  pressure 
MOCVD  chamber  on  a  (100)  oriented  n+GaAs  substrate.  TMIN  and  TBP  were  used  for 
the  In  and  P  sources,  respectively  and  DEZn  and  SiHt  were  used  for  Zn  (p)  and  Si  (n) 
dopants.  A  layer  of  n-InP  doped  to  5  x  1017cm-3  was  grown  prior  to  the  growth  of  p-InP 
to  form  a  junction  for  DLTS  measurement.  Ohmic  contacts  to  the  p-InP  and  n+GaAs 
were  obtained  by  evaporating  and  alloying  Au/Zn/Au  and  Ni/Ge/Au  dots.  The  top 
ohmic  contexts  were  mesa  etched  in  a  HCL/fsPO^iDI  solution  (2:2:1),  to  reduce  the 
capacitance  and  facilitate  DLTS  measurements.  Etch  depths  were  confirmed  using  a 
DEKTAK  profiler.  Hydrogenation  was  performed  in  a  plasma  reactor  chamber  at  30 
KHz,  using  a  power  density  of  0.08  W/cm2,  temperature  of  250°C,  flow  rate  of  530 
mTorr  for  periods  between  45  minutes  to  2  hours.  All  the  samples  were  capped  with 
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Figure  1:  Device  structure  of  heteroepitaxial  p-InP. 

100  -  200  A°  thick  SiNt  layer,  prior  to  H-exposure  to  prevent  surface  degradation  and 
preferential  loss  of  phosphorous.  The  nitride  layer  was  removed  in  10  %  HF  solution 
prior  to  metallization. 
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RESULTS 

Figure  2  shows  the  DLTS  plot  obtained  for  a  10/s  rate  window,  measured  on  a  Biorad 
DL4602  spectrometer  for  the  heteroepitaxial  sample.  Three  peaks  Tl,  T2  and  T3  are 
clearly  distinguishable.  It  was  not  possible  to  isolate  the  smaller  peak  situated  on  the 
shoulder  of  Tl  due  to  its  proximity  to  the  much  stronger  Tl  peak.  Arrhenius’  plots 
gave  activation  energies  of  ~  0.80,  0.35  and  0.25  eV  above  the  valence  band  ,  for  Tl,  T2 
and  T3  respectively,  noting  that  the  broad  Tl  peak  may  in  fact,  be  comprised  of  many 
smaller  subpeaks.  Depth  resolved  DLTS  was  performed  by  sequential  variation  of  bias 
conditions.  It  was  found  that  the  concentration  of  Tl  and  T2  decreased  sharply  as  we 
probe  away  from  the  buried  interface  towards  the  top  surface  in  the  +z  direction  [2]. 
In  contrast,  T3  remained  unchanged  with  respect  to  the  bias  variations.  These  results 
suggest  that  Tl  and  T2  may  be  related  to  dislocations  threading  to  the  surface  [31. 

To  gain  further  understanding  about  the  nature  of  the  traps,  we  performed  DLTS 
under  different  fill  pulse  times  amd  plotted  the  DLTS  signal  strength  against  the  fill 
pulse  time.  Figure  3  shows  that  while  T3  saturates  quickly  within  10  ps,  T2  saturates 
after  0.1  ms  amd  Tl  does  not  saturate,  even  alter  100  ms.  Furthermore  Tl  has  a  much 
broader  DLTS  peak,  than  T2  or  T3.  A  number  of  reports  have  been  published  on  the 
capture  dynamics  of  the  dislocations  as  opposed  to  simple  point  defects  for  plastically 
deformed  materials  [4,  5].  Isolated  point  defects  saturate  quickly  at  very  low  fill  pulse 
values,  whereas  traps  located  within  the  dislocation  core  or  strain  field  give  rise  to  broad 
DLTS  peaks,  whose  amplitude  has  a  logarithmic  variation  with  the  fill  pulse  time  [4]. 
The  capture  rate  for  such  traps  axe  limited  by  a  barrier  height  which  increases  with 
the  number  of  captured  carriers,  making  it  difficult  to  saturate.  Thus  while  Tl  can  be 
classified  as  a  dislocation  related  trap  by  the  ’barrier  model’,  the  observed  saturation  of 
T2  needs  further  investigation.  The  logarithmic  dependence  on  tjm  however,  suggests 
that  T2  also  may  be  related  to  dislocations.  DLTS  data  taken  at  very  short  fill  pulse 
times  and  TEM  studies  are  underway  currently  to  obtain  further  insight  into  the  nature 
and  origin  of  these  traps. 

Next  we  hydrogenated  these  samples  amd  studied  the  effect  of  different  hydrogen 
plasma  exposure  times  on  the  passivation  of  these  traps.  The  hydrogenated  samples 
were  annealed  at  progressively  higher  temperatures,  to  track  the  dopant  and  defect 
reactivation. 

Figure  4  shows  the  effect  of  hydrogen  exposure  time  on  the  electrical  activity  of  the 
traps  detected  earlier  through  DLTS.  A  2  hour  hydrogenation  effectively  passivated  all 
the  traps  resulting  in  a  drop  of  trap  concentration  from  10M  to  1013  cm-3  range.  The 
carrier  concentration  was  reduced  from  ~  1  x  1017  to  8  x  1015  cm-3.  It  may  be  noted  here 
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Figure  2:  DLTS  spectra  for  lo'/eec  rate  window  (or  buried  interface  junction  for  het- 
eroepitaxial  p-InP. 


Figure  3:  Variation  of  DLTS  capacitance  with  fill  pulse  lime  for  lieteroepilaxial  p-InP 
measured  for  1000/s  rate  window 
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Figure  4:  DLTS  spectra  for  1000/s  rate  window  as  a  function  of  hydrogenation  time. 
Note  that  the  curves  D  and  E  are  almost  coincident  with  the  temperature  axis. 

that  the  depletion  region  extends  from  the  buried  junction  upwards  in  the  +z  direction. 

Annealing  at  380°C  for  ~  7  minutes  was  found  to  reactivate  the  carrier  concentra¬ 
tion  to  its  original  value.  However  the  concentration  of  all  the  detected  traps  showed 
negligible  increase  as  summarized  in  Table  I.  This  is  very  noteworthy  as  the  unwanted 
deep  levels  remain  passivated  while  the  desired  doping  concentration  is  recovered. 

from  Table  I,  a  number  of  conclusions  are  apparent.  First,  the  traps  appear  to  be 
much  more  easily  passivated  than  the  dopants,  as  a  function  of  exposure  time.  This 
is  consistent  with  work  of  Hseigh  et  al  [6J,  which  reported  enhanced  hydrogen  diffusion 
along  dislocations  in  heteroepitaxial  GaAs  on  Si.  As  can  be  seen  from  the  Table,  T1  and 
T2  drop  to  ~  5%  of  their  initial  values  after  90  minute  exposure,  whereas  the  carrier 
concentration  drop  to  ~  40%  of  its  original  value.  In  addition,  the  reactivation  anneal 
temperature  of  380°C  is  consistent  with  reports  for  Zn  reactivation  in  homoepitaxial 
p-InP  [7]. 

Secondly,  it  is  seen  from  Table  I  that  a  650°C  anneal  is  necessary  to  achieve  significant 
trap  reactivation  (anneals  between  400  and  600°C  were  attempted,  but  did  not  show 
appreciable  reactivation).  A  SiNz  cap  layer  was  grown  on  the  samples  prior  to  the  650°C 
anneal  to  prevent  phosphorous  loss.  This  relatively  high  temperature  is  indicative  of 
hydrogen  -  extended  detect  complexes  and  has  previously  been  attributed  to  dislocation- 
hydrogen  complex  behavior  in  GaAs-Si  and  other  systems  [8].  This  allows  an  extremely 
wide  annealing  window  for  subsequent  device  processing. 

PL  measurements  were  taken  to  support  the  results  based  on  DLTS  data.  Figure  5 
shows  the  PL  spectra  for  a  heteroepitaxial  sample  after  various  passivation  and  anneal¬ 
ing  treatments.  The  sample  was  first  hydrogenated  for  2  hours  and  then  subsequently 
annealed  at  400  and  then  at  050°C. 

The  peak  C  at  1.38  eV  is  due  to  the  bound  Zn  acceptor  to  conduction  band  transition 
[9].  The  broad  band  (marked  A)  around  1.3  eV  has  previously  attributed  to  closely 
packed  levels  in  the  band-gap  introduced  as  a  result  of  dislocations  [10].  The  peak  B  is 
a  replica  of  the  Zn  peak  shifted  by  a  LO  phonon.  The  peak  D  situated  higher  than  C 
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Table  I:  Effect  of  hydrogenation  and  subsequent  annealing  on  the  trap  concentration. 
The  post-hydrogen  annealing  was  done  only  for  samples  hydrogenated  for  2  hours.  The 
dashes  ( -)  in  the  table  represents  data  too  small  tolbe  read  accurately. 


Hydrogen.  Anneal  Trap  Concentration  Doping  Cone. 
Tine  Teap.  (z  1E12  ca-3)  (z  1E15  ca-3) 
(  ain.  )  (  C  )  T1  T2  T3 


None 

- 

600 

540 

50 

100 

45 

- 

236 

75 

10 

91 

60 

- 

75 

33 

- 

86 

90 

- 

35 

31 

- 

40 

120 

- 

3.3 

2.3 

- 

8 

120 

300 

3.1 

2.8 

- 

40 

120 

380 

3.8 

3.2 

- 

100 

120 

640 

510 

260 

20 

100 

at  1.42  eV  is  due  to  the  transition  across  the  band  gap. 

Although  it  is  evident  from  the  figure  that  the  acceptor-  conduction  band  peak  C 
increases  very  sharply  after  hydrogenation,  in  order  !  '  get  an  accurate  quantitative 
comparison  between  the  various  measurements,  it  is  necessary  to  measure  the  ratios  of 
the  peaks  C  and  A.  This  method  takes  care  of  any  differences  introduced  due  to  sample 
mounting  and  recalibration  between  the  various  measurements.  It  is  seen  from  the  figure 
that  the  ratio  C/A  increases  from  ~  2  to  ~  92  after  hydrogenation,  which  is  an  increase 
of  one  order  of  magnitude.  The  400°C  anneal  reduced  the  ratio  slightly  to  ~  75,  but 
the  650°C  anneal  reduced  the  ratio  to  ~  13.  These  results  clearly  indicate  that  hydro¬ 
genation  leads  to  very  effective  passivation  of  the  dislocation  related  levels,  decreasing 
the  overall  non-radiative  recombination.  Furthermore  the  PL  results  support  our  earlier 
claim  that  very  high  temperature  anneals  (  >  600°C)  are  necessary  to  reactivate  these 
levels.  Such  high  temperature  dissociation  is  further  proof  that  the  PL  peak  A  is  related 
to  dislocations. 


CONCLUSIONS 

In  conclusion  it  has  been  shown  through  PL  and  DLTS  measurements,  that  the  dis¬ 
locations  are  effectively  passivated  by  hydrogen  and  a  wide  annealing  window  exists 
within  which  it  is  possible  to  reactivate  the  dopants  without  reactivating  the  disloca¬ 
tions.  Fill  pulse  measurements  identified  T1  as  a  dislocation,  and  T3  as  point  defect 
related  peaks  ,  corroborating  tne  depth  profile  results.  The  PL  characteristics  showed  a 
sharp  increase  in  the  band-acceptor  transition  and  very  sharp  decrease  in  the  dislocation 
assisted  transition  with  hydrogenation.  The  dislocations  reappeared  only  after  anneals 
at  temperatures  above  600°C. 

Further  studies  need  to  be  conducted  to  pinpoint  the  exact  nature  of  these  traps  and 
the  complexes  formed  with  these  defects  by  the  diffusing  hydrogen.  These  results  will 
be  reported  elsewhere  [11]. 

Tne  work  for  this  project  was  supported  by  NASA  Lewis  Research  Center  through 
contract  No.  NAG3-1461. 
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Figure  5:  PL  spectra  of  heteroepitaxial  p-InP,  hydrogenated  for  2  hours  and  subsequently 
annealed  under  different  temperature  conditions.  Measurement  taken  at  13“K  and  with 
an  incident  (argon)  laser  power  of  lOmW. 
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Abstract 

Spontaneously  laterally  entered  (GaP>2/(InP)2  short  period  superlattices  (SPS)  grown  by 
Molecular  Beam  Epitaxy  (MBE)  on  nominal  (100)  GaAs  substrates  have  been  studied  by 
photoluminescence  (PL)  spectroscopy.  The  samples  studied  included  SPS  comprising  1 10  pairs 
of  (GaP)2/(InP)2  (total  thickness  -90  run)  and  multiquantum  well  structures  in  which  quantum 
wells  comprising  12  pairs  of  (GaP>2/(InP)2  SPS  layers  (thickness  -10  nm)  are  alternated  with 
lattice-matched  GalnP  random  alloy  barrier  layers.  The  5K  PL  spectra  include  a -1760  meV  near¬ 
band  edge  band,  and  a  much  broader,  lower  energy  (-1670  meV)  luminescence  band  that  exhibits 
an  unusual  fatiguing  behavior;  its  intensity  diminishes  monotonically  during  continuous 
illumination  by  the  exciting  light  This  fatigued  PL  state  is  metastable  at  low  temperatures.  In  the 
quantum  well  structure,  although  Ok  relative  intensity  of  the  lower  energy  band  is  significantly 
weaker  in  comparison  to  the  higher  one,  the  fatiguing  behavior  still  exists.  However  the  fatiguing 
rate  is  slower  in  quantum  well  structures  than  that  observed  in  die  thick  SPS  film. 


Recently,  it  has  been  demonstrated^)  that  long  range,  laterally  ordered  structures  can  be 
formed  spontaneously  during  growth  by  a  strain-induced  lateral-ordering  (SILO)  process.  For 
example,  in  the  vertical  short-period  superlattices  (SPS)  of  (GaP)2/(InP)2  grown  by  molecular 
beam  epitaxy  (MBE)  on  nominally  (100)  on-axis  GaAs  substrates,  dark  field  cross  sectional 
transmission  electron  microscopy  (TEM)(^1  reveals  that  the  vertical  SPS  structure  exhibits 
periodic  dark  and  light  fringes  along  die  [1 10]  direction  with  periodicities  of  the  order  of  -  20  nm. 
The  fringes  are  due  to  laterally  periodic  modulation  of  the  averaged  GalnP  alloy  composition  as 
examined  by  energy  dispersive  x-ray  (EDX)  microanalysis.  Lateral  quantum  wells  perpendicular 
to  the  growth  axis  —  effectively  quantum  wires  along  the  [-110]  direction  —  are  therefore 
spontaneously  formed  in  such  laterally  ordered  vertical  SPS  structures.  The  deviation  of  the 
vertical  SPS  periodicity  from  2ao  caused  by  the  large  misfit  strain  between  GaP  and  InP  is 

believed!*)  to  be  the  major  driving  force  of  the  lateral  alloy  composition  modulation. 
Photoluminescence  (PL)  from  die  SILO  structures  exhibits  strong  linear  polarization  in  the 
direction  parallel  to  die  long  axis  of  the  wires.  This  SILOlH  phenomenon  has  also  been  applied  in 
fabricating  strained  quantum  wire  (QWR)  GalnP  devices,  including  QWR  light-emitting  diodes!3! 
(LED)  and  multiple  QWR  lasers!*).  The  laterally  ordered  quantum  wires  in  these  devices 
manifested  themselves  in  the  strong  linear  polarization  of  the  spontaneous  emission  from  the 
LEDs  and  strongly  anisotropic  laser  threshold  current  density  for  contact  stripes  oriented  in  the 
[110]  and  [-110]  directions. 

hi  this  purer  we  present  a  study  of  PL  spectroscopy  at  different  temperatures  and 
excitation  intensities  in  a  (GaP)2/(InP)2  SILO  vertical  SPS  structure  with  total  thickness  of  -90 
nm  and  a  multiple  quantum  well  laser  structure  composed  of  SILO  materials.  The  5  K  PL  spectra 
of  the  SPS  sample  exhibit  a  band  at  higher  energy  and  two  broad  bands  at  lower  energies.  While 
all  bands  showed  very  similar  pump-power  dependent  energy  shifts  to  higher  energies,  the  lower 
energy  bands  display  an  unusual  fatiguing  behavior  their  PL  intensities  diminish  monotonically 
during  continuous  illumination  by  the  exciting  light  The  fatigued  PL  band  is  metastable _att  low 
temperatures,  but  the  PL  efficiency  is  recovered  gradually  as  tire  temperature  is  elevated.  For  the 


quantum  well  laser  structure,  qualitatively  similar  PL  results  are  obtained  with  the  PL  energies 
blue-shifted  due  to  quantum  confinement  in  the  vertical  (growth)  direction.  The  relative  intensity 
of  the  fatiguing  band  is  much  weaker  in  comparison  with  the  higher  energy  band  edge 
luminescence.  The  fatiguing  rate  as  a  function  of  exposure  time  from  the  quantum  well  laser 
structure  is  also  much  slower  than  that  from  the  SPS  film.  The  observed  pump-power  dependent 
energy  shift  and  the  remarkably  broad,  deep  PL  bands  that  exhibit  the  highly  unusual  fatiguing 
behavior  in  the  SPS  film  are  interpreted  in  terms  of  the  inevitable  disorder  associated  with  the 
vertical  SPS  and  the  lateral  alloy  composition  modulations.  The  quantum  confinement  effects  are 
invoked  in  explaining  the  quantitative  differences  between  the  PL  spectra  observed  in  the  quantum 
well  laser  sample  and  those  from  the  SPS  film. 

The  samples  used  in  this  study  were  grown  by  MBE  on  (001)  on-axis  GaAs  substrates. 
The  SPS  SILO  structure  (Sample  #983)  includes  1 10  pairs  of  (GaP)2/(InP)2,  corresponding  to  a 
total  thickness  of  -90  nm.  The  multiple  quantum  well  laser  structure  (Sample  #900)  consists  of 
five  wells  sandwiched  by  18  nm  bulk  Gao.5Ino.5P  alloy  barriers.  Each  well  includes  12  pairs  of 
(GaP)2/(InP)2  SPS  layers,  making  the  thickness  of  the  quantum  well  ~  10  nm.  Surrounding  the 
five  quantum  wells  are  the  two  heavily  doped  lpm- thick  AlGalnP  alloy  and  180-nm-thick  graded 
cladding  layers  commonly  found  in  a  laser  structure.  Similar  structures  and  demits  of  the  growth 
procedure  have  been  reported  previously!^].  Cross-sectional  TEM  confirmed  the  formation  of 
QWRs  within  the  SILO  materials  oriented  along  the  [-1 10]  direction  with  lateral  periodicity  of  the 
order  of  -  20  am  along  [110].  In  addition,  strong  linear  polarization  was  obtained  in  low 
temperature  PL  spectra  with  PL  polarized  primarily  parallel  to  the  king-axis  of  the  QWRs. 

The  excitation  source  used  in  the  PL  experiments  reported  here  was  provided  by  either  the 
514.5  nm  line  of  an  Ar-ion  laser  or  monochromatic  light  created  by  a  ISO  W  xenon  arc  lamp  and  a 
0.22  m  double  paring  monochromator.  The  luminescence  spectrum  was  dispersed  by  a  1.0  m 
single-grating  spectrometer  and  detected  by  a  GaAs  photocathode  photomultiplier  tube  (PMT)  in 
the  photon-counting  mode.  The  samples  were  mounted  in  a  variable  temperature  optical  cryostat 
and  experiments  were  performed  at  liquid  helium  temperatures  in  a  vapor-cooled  environment 

Figure  1  shows  the  PL  spectra  obtained  from  the  SILO  film  sample  #983  at  SK  excited 
with  a  low  intensity  (~  10  pW)  515  nm  monochromatic  light  before  and  after  the  sample  was 
exposed  to  a  1.2  W  unfocused  514.5  nm  laser  line  for  five  minutes.  The  use  of  an  unfocused 
laser  beam  rather  than  a  focused  one  was  to  ensure  uniform  exposure  coverage  of  the  sample  area 
from  which  the  PL  was  excited.  The  spectrum  exhibits  a  high  energy  band  (tend  1)  at  -1760  meV 
(linewidth  -35  meV)  and  a  broad  (-100  meV)  band  centered  at  -1670  meV  (band -II)  with  low 
energy  tail  extending  to  -1370  meV  (band-III).  These  three  bands,  each  of  which  exhibits  strong 
linear  polarizations  along  the  wire  directions,  all  arise  from  the  QWR  layer  in  the  SILO  structure. 
The  relatively  sharp  luminescence  band  at  -1490  meV  is  attributable  to  transitions  associated  with 
shallow  acceptors  in  the  GaAs  substrate.  While  this  substrate  feature  and  band-I  from  the  SPS 
film  do  not  show  any  characteristic  change  before  and  after  the  strong  laser  exposure,  the  PL 
intensities  of  bands  II  and  III  are  remarkably  reduced  (fatigued)  after  the  sample  is  exposed  to  the 
intense  light.  In  the  quantum  well  laser  sample  (#900),  the  PL  spectrum  (Fig.  1)  is  dominated  by 
a  strong  luminescence  band  with  an  energy  blue-shifted  by  ~  35  meV  from  band-I  in  the  SPS  film 
sample.  The  relative  PL  intensity  of  the  lower  energy  tail  in  the  quantum  well  sample  is  much 
weaker,  apparently  an  effect  due  to  the  quantum  confinement  Its  intensity  also  exhibits  fatiguing 
behavior,  but  to  a  somewhat  lesser  degree.  Before  examining  further  this  novel  PL  fatiguing 
phenomenon!^]  which  is  believed  to  be  associated  with  defects  and  dislocations  in  the  materials, 
we  first  discuss  the  non-fatiguing  1750  meV  PL  band-1. 

The  behavior  of  band-I  in  the  SPS  film  (#983)  and  its  highest  energy  position  in  the 
spectrum  suggest  that  it  is  related  to  the  energy  gap  of  the  laterally  ordered  SPS  film.  Its  energy 
position,  1750meV,  is  about  250  meV  below  a  typical  "random"  GalnP  alloy  lattice-matched  to 
the  GaAs  substrate!^  wife  identical  alloy  composition.  It  should  be  noted  feat  fee  magnitude  of 
this  energy  difference  (250  meV)  is  much  greater  than  fee  band  gap  narrowing  effects  (< 


132 


150meV)  that  have  been  observed  in  the  so-called  spontaneously  ordered  GalnP  alloy  (CuPt 
structure)^]  with  similar  composition  in  which  ordered  monolayer  S  PS  domains  are  embedded  in 
the  alloy.  In  addition  to  the  further  band  gap  narrowing  expected  for  a  strained  SPS  as  explained 
by  Zunger  and  co-worken,M  one  has  to  invoke  the  lateral  ordering  to  explain  the  large  (~ 
lOOme V)  extra  band  gap  reduction.  Interestingly,  the  energy  position  of  band-I  is  very  close  to 
the  band  edge  energy  expected  for  a  GalnP  alloy  with  composition  corresponding  to  the  In-rich  (~ 
56%)  regions  of  the  lateral  periodic  modulation  of  composition  caused  by  the  SILO  process,^  as 
determined  by  EDX  microscopy.  This  suggests  that  die  red-shifted  band  edge  luminescence  bond 
in  these  structures  involves  photoexcited  carriers  which  thermalize  to  the  lowest  band  gap, 
indium-rich  ("56%  In)  volumes  of  the  SPS  (quantum  wires  with  lateral  confinement)  before 
recombining  radiatively.  The  relative  blue-shift  of  the  corresponding  PL  band  in  the  quantum  well 
laser  sample  (#900)  is  presumably  attributable  to  additional  quantum  confinement  by  the  GalnP 
alloy  barriers  in  the  vertical  dimension. 


PL  Energy  (meV) 

Fig.  1  PL  spectra  from  the  thin  Film  sample 
#983  taken  with  -  10  pW  of  515  nm  light  at 
5  K.  Data  are  acquired  before  and  after  the 
sample  is  exposed  to  a  1.2  W  unfocused 
514.5  nm  laser  line  for  five  minutes.  The  PL 
spectrum  from  the  multiple  quantum  well 
laser  structure  sample  #900  is  also  shown. 
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Fig.  2  Normalized  peak  intensity  plots  of 
the  fatiguing  luminescence  bands  as  a 
function  of  exposure  time  for  the  thin  film 
sample  #983  and  the  multiple  quantum  well 
laser  structure  sample  #900  at  5  K.  The 
extent  of  fatiguing  is  slower  in  the  quantum 
well  sample  than  that  in  the  thin  film, 
although  a  stronger  power  is  used  for  the 
former. 


In  marked  contrast  to  band-I,  the  luminescence  bands  II  and  III  are  fatigued  (diminished  in 
intensity)  dramatically  under  continuous  excitation  by  intense,  above-gap  light  as  is  evident  in 
Fig.  1.  Although  the  overall  luminescence  intensities  of  the  bands  are  reduced,  their  lineshapes 
remain  unaltered.  Thus  the  PL  peak  intensities  are  good  measures  of  the  fatiguing  phenomenon. 
We  have  determined^]  that  die  amount  of  intensity  reduction  depends  on  the  "dose"  of  die 
exposure  light  (Le.,  the  photon  flux  defined  as  Power  x  time).  Therefore,  die  observed  fatiguing 
rate  is  qualitatively  proportional  to  the  intensity  of  the  above-gap  exciting  tight.  The  fatiguing  was 
barely  detectable  at  5K  in  these  samples  for  exposures  of  several  hours  to  illuminating  powers 
below  "  20pW.  In  Fig.  2  we  show  the  normalized  peak  intensity  of  band-II  from  sample  #983 
and  the  corresponding  1680  meV  band  from  sample  #900  as  a  function  of  continuous  exposure  to 
focused  laser  tight  with  excitation  powers  of  lOOmW  and  300mW,  respectively.  In  both  cases, 
the  FL  peak  intensity  exhibits  a  steep  initial  drop  followed  by  a  more  gradual  decrease  during  an 
extended  continual  exposure.  However,  the  rate  of  the  intensity  diminution  is  much  slower  in  the 
case  of  the  multiple  quantum  well  laser  sample  than  that  observed  in  the  SILO  SPS  film,  in  spite 


of  die  fact  that  three  time*  mote  excitation  power  was  used  in  the  former  case.  This  implies  that  in 
the  quantum  well  case  there  are  fewer  defect  centers  contributing  to  the  fatiguing  process. 
Apparently  the  disorder  in  spatial  variation  of  composition  and  periodicity  of  lateral  ordering 
which  accompany  the  SILO  process  is  somewhat  suppressed  in  the  1 10  nm  thick  multi-quantum 
well  SPSs  hi  conqwison  so  the  disorder  in  the  900  nm  thick  continuous  SPS. 


EXPOSURE  TIME  (sec) 


Fig.  3  Fatiguing  and  thermal  recovery  of 
the  PL  band  in  the  thin  film  sample  #983  at 
(a)  30  K  and,  (b)  100  K.  Off  and  on  indicate 
the  times  at  which  the  laser  light  is 
interrupted  and  resumed,  respectively. 
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Fig.  4  PL  energy  shifts  of  bands  I  and  II 
from  the  thin  film  sample  #983  as  a  function 
of  excitation  power  at  3  K.  The  solid  lines 
are  guides  to  the  eye. 


It  has  been  shown  that  the  fatigued  state  of  the  PL  is  metastable  at  low  temperatures  as 
shown  in  Fig.  1.  However,  the  PL  efficiency  is  recoverable  at  elevated  temperatures  after  the 
illtmiination  is  terminated,  as  demonstrated  in  Fig.  3.  We  display  in  Fig.  3  the  time  dependence  of 
die  fatigue  induced  by  lOOmW  of  the  514.5  nm  laser  tine  at  two  different  temperatures  with  the 
exposure  source  interrupted  and  then  resumed  during  the  data  acquisition.  It  should  be  noted  that 
the  fatiguing  experiments  were  performed  on  a  sample  that  was  freshly  cooled  down  in  a  dark 
environment  Alignments  and  other  preparations  were  done  with  minimal  exposure  to  excitation 
light  Experiments  st  different  temperatures  were  done  with  the  excitation  beam  moved  to  different 
spots  on  the  sample  surface  to  eliminate  possible  effects  from  the  previous  exposures.  At 
relatively  low  temperature  (30K,  Fig.  3a),  the  luminescence  showed  a  typical  sharp  drop  at  die 
beginning  of  the  exposure.  We  then  interrupted  die  laser  illumination  and  resumed  it  about  three 
minutes  later.  The  luminescence  intensity  appeared  to  have  recovered  only  slightly  relative  to  its 
fatigued  level  just  before  the  interruption  of  excitation.  This  shows  that  there  is  no  further 
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fatiguing  in  the  absence  of  excitation,  and  only  minimal  thermal  recovery  of  the  PL  efficiency  at 
low  temperatures.  When  the  same  experiment  is  performed  at  100K  (Fig.  3b),  a  rather  different 
picture  is  revealed.  The  luminescence  intensity,  after  the  resumption  of  the  excitation,  has 
recovered  to  a  level  which  greatly  exceeds  the  fatigued  one  just  before  the  laser  was  blocked  about 
three  minutes  earlier,  and  is  nearly  equal  to  its  initial  value. 

Similar  luminescence  fatiguing  phenomena^ U)  with  low  temperature  metastable 
characteristics  have  been  observed  in  other  semiconducting  materials  and  a  variety  of  mechanisms 
involving  metastable  deep  levels  have  been  proposed!’"^!.  These  mechanisms  invoke  the 
presence  of  defects  or  disorder  in  the  material.  Although  the  mechanism  for  the  PL  fatigue 
observed  in  our  samples  cannot  be  specified  definitively,  it  is  apparent  that  the  SILO  structures 
contain  disordered  regions  which  could  incorporate  metastable  deep  levels.  For  example,  die 
lateral  ordering  is  caused  by  the  deviation  of  the  vertical  SPS  periodicity  from  n*2.  EDX 
spectroscopy  has  shown  that  the  interfaces  of  the  compositionaUy  modulated  lateral  alloy  layers 
are  not  abrupt  but  graded,  and  involve  some  disorder.  In  addition,  the  lateral  period  of  the 
ordering  exhibits  irregularities.  One  can  envision  deep  traps  or  localized  mid-gap  states  associated 
with  the  lateral  interfaces  in  the  SPS  that  could  give  rise  to  the  metastable  PL  fatigue  in  these 
samples. 

Fig.  4  shows  the  energy  shifts  of  bands  I  and  II  of  sample  #983  as  a  function  of  laser 
pump  power  at  5K.  Because  band  n  has  the  property  of  fatiguing  under  strong  laser  tight,  a 
special  procedure  was  adopted  in  acquiring  the  data.  The  procedure  takes  advantage  of  the  fact 
that  with  high  excitation  power,  die  fatiguing  rate  was  much  faster  at  the  beginning  of  the 
illumination  and  gradually  slowed  down  (saturated)  after  the  sample  had  been  exposed  for  some 
time.  The  sample  was  first  given  a  prolonged  exposure  to  the  highest  laser  power  we  were  to  use 
in  order  to  saturate  the  fatiguing  effect;  the  spectral  shift  as  a  function  of  excitation  intensity  data 
were  acquired  after  the  fatiguing  effect  had  s  saturated".  This  step  was  to  preclude  the  possibility 
of  a  fatigue-related  tineshape  distortion  during  data  acquisition  which  would  affect  the  accuracy  of 
peak  position  determination  for  band  II.  Subsequent  to  the  saturation  of  the  PL  fatigue,  the 
metastability  of  the  fatigued  PL  state  allowed  us  to  acquire  spectral  data  with  sequentially 
decreased  excitation  powers.  As  shown  in  Fig.  4,  both  bands  behave  similarly  with  an  energy 
shift  of  -  4meV  for  each  decade  of  power  increase.  This  shift,  although  much  smaller  than  the 
"moving  band"!?)  observed  in  the  spontaneously  ordered  CuPt  GalnP  structure,  is  explicable  in 
terms  of  the  disordered  lateral  variation  in  the  average  composition  and  band  gap  of  the  SPS.  At 
low  excitation  intensities,  photexcited  carriers  thermalize  to  the  lowest  band  gap  volumes  of  the 
laterally  ordered  SPS  before  recombining  radiatively.  With  increasing  pump  power,  some  of  the 
photoexcited  carriers  undergo  "hot  carrier"  recombination  in  higher  band  gap  volumes  of  the  SPS 
giving  rise  to  a  blue  shift  in  the  PL  spectrum.  It  is  conceivable  that  the  relatively  broad  PL 
linewidths  in  our  samples  (Fig.  1),  compared  with  random  alloys, are  also  caused  by  the 
irregular  nature  of  the  SILO  SPS  layers. 

In  conclusion,  we  have  observed  a  low-temperature  metastable  PL  fatiguing  phenomenon 
in  structures  containing  laterally  ordered  vertical  (GaP)2/(InP)2  SPS  epilayers.  The  fatiguing 
phenomenon  is  believed  to  relate  to  deep  metastable  states  associated  with  defects  and  disorder 
present  in  our  samples.  In  samples  comprising  1 10  nm  thick  SPS  quantum  wells  separated  by 
GalnP  alloy  barrier  layers,  the  intensity  of  the  fatiguing  PL  bands  and  their  fatiguing  rates  are 
significantly  lower  than  those  observed  in  a  continuous  900  nm  thick  SPS  layer.  This  implies  that 
the  disorder  in  spatial  variation  of  composition  and  periodicity  of  lateral  ordering  which 
accompany  the  SILO  process  is  somewhat  suppressed  in  the  quantum  well  case  and, 
consequently,  there  are  fewer  defect  centers  contributing  to  the  fatiguing  process.  Although  the 
fatigued  stale  is  metastable  at  low  temperatures,  its  PL  efficiency  is  recoverable  as  the  temperature 
is  increased.  The  existence  of  defects  and  compositional  disorder  is  also  evident  from  the  spectral 
energies  and  linewidths  of  the  PL  spectra  and  the  studies  of  energy  shifts  as  a  function  of  pump 
power.  The  relatively  broad  PL  linewidths  and  the  pump-power  dependent  energy  shifts  are 
explained  in  terms  of  variations  in  the  lateral  periodicity  of  the  quantum  well  layers,  and  in  the 
compositional  disorder  within  the  layers. 
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ABSTRACT 

Deep  levels  in  lattice  matched  Casino  agP/GaAs  heterostructure  have  been  investigated 
by  thermal-electric  effect  spectroscopy(TEES )  and  temperature  dependent  conductivity  mea¬ 
surements.  Four  samples  were  grown  by  molecular  beam  epitaxy  with  various  phosphorus  (Pj) 
beam  equivalent  pressure(BEP)  of  0.125,  0.5,  2,  and  4xl0'4Torr.  We  report  for  the  first  time,  to 
our  knowledge,  an  electrical  observation  of  phosphorus  vacancy  point  defects  in  the  GalnP/GaAs 
material  system.  The  phosphorus  vacancies  ,  Vp  behave  as  an  electron  trap  which  is  located  at 
Ec-0.28+0.02  eV.  We  have  found  that  this  trap  dominates  the  conduction  band  conduction  when 
T>  220K,  and  is  responsible  to  the  variable-range  hopping  conduction  when  T  <  220K.  Its  con¬ 
centration  decreases  with  die  increasing  phosphrous  BEP.  Successive  rapid  thermal  annealing 
showed  that  its  concentration  increases  with  die  increasing  annealing  temperature.  Another  elec¬ 
tron  trap  at  Ec-0.5  leV  was  also  observed  only  in  samples  with  P2  BEP  less  than  2xl0'4  Torr.  Its 
capture  cross  section  is  4.5x1  O' 15  cm2  as  obtained  from  the  illumination  time  dependent  TEES 
spectra. 


INTRODUCTION 

The  lattice-matched  Gsqj  i  Ino49P/GaAs  heterojunction  system  has  received  extensive 
attention  as  an  important  alternative  to  the  AlGaAsA?aAs  system  in  many  applications^1'^.  Cur¬ 
rently  much  attention  is  focused  on  die  growth  conditions,  structural  analysis  and  device  evalu¬ 
ation.  Although  a  few  empirical  studies  have  been  done  on  defects  in  GalnP^4^,  almost  no 
identification  of  point  defects  was  done  by  these  previous  studies.  In  view  of  its  potential  techno¬ 
logical  applications,  it  is  therefore  worthwhile  to  perform  a  study  of  its  basic  properties  in  relation 
to  defects.  Such  fundamental  questions  as  the  location  of  native  defect  levels  in  die  gap,  the  iden¬ 
tity  of  major  native  defects,  and  die  effect  of  impurity  incorporation  on  the  crystal  under  various 
stoichiometric  conditions  have  not  been  answered. 

In  this  paper,  we  report  some  systemetic  studies  on  deep  levels  in  molecular  beam  epitaxy 
(MBE)  grown  Gao.31Ino.49P/GaAs  heterojunctions  by  varying  the  phosphorus  (P2)  beam  equiva¬ 
lent  pressure  (BEP)  during  the  epitaxial  growth.  The  thermo-electric  effect  spectroscopy  (TEES) 
and  the  temperature  dependent  conductivity  measurement  were  employed  for  the  characteriza¬ 
tion.  The  variable-range  hopping  conduction  was  observed  at  T<  22QK  in  this  material  system. 
Two  electron  traps  were  observed  with  die  activation  energies  at  0.28±0.02eV  and  at  0.5  leV. 
Their  behaviors  during  various  heat  treatments  and  the  origins  will  be  discussed. 
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SAMPLE  PREPARATION 


Four  G*o  5iIno,«jI7G*As  betcrojuncdom,  G41, 042,  G43,  and  G44,  were  grown  by  MBE 
with  varied  P2  BEP  of  0.125,  0.5,  2.0  and  4-OxlO"4  Terr,  respectively.  We  used  a  valved,  solid 
phosphorus  cracker  source  for  the  phosphide  growth®.  A  0.5pm  thick  undoped  Ga^ilno^ 
layer  was  grown  on  an  n-type  GaAs(100)  substrate,  misariented  4°  towards  (lll)A.  The  carrier 
concentration  for  the  GaAs  substrate  is  about  9x  1017cm'3.  The  growth  temperature  was  475°C  for 
the  OalnP  layer.  Samples  were  grown  at  ~  1  pm/hr  with  a  PjfHI  BEP  ratio  of  approximately  150 
to  250.  The  samplea  we  studied  in  this  paper  have  relatively  high  resistivity  ranging  from  103  to 
lO5*!  .cm  at  room  temperature.  Ohmic  contact  on  the  GaAs  back  surface  was  made  by  evaporat¬ 
ing  AuGe/Au  and  annealing  at  420°C  for  15s.  The  Schottky  diodes  (  area  3  6.4x1  O' 3  cm2)  were 
fabricated  an  the  front  GalnP  surface  by  evaporating  Au  under  die  base  pressure  of  lxlO"6  Torr. 

Temperature-dependent  conductivity  measurement  was  performed  using  a  standard  sys¬ 
tem  from  MMR  Technologies,  Inc.  Our  setup  for  the  TEES  measurement  was  described  in  Ref. 7. 
Date  were  taken  undo-  zero  bias  condition  and  under  sufficient  illumination  time  (5 min.)  when  the 
samples  were  at  the  lowest  temperature  (60K).  The  heating  rate  was  kept  at  0.35  K/s.  The  illumi¬ 
nation  was  performed  by  He-Ne  laser(1.96mW).  The  rapid  thermal  annealing  (RTA)  was 
employed  using  a  commercial  rapid  thermal  furnace  (Heatpulse  Mod. 2 10)  in  a  N2  atmosphere  by 
the  proximity  capping  method  for  30s. 

RESULTS  AND  DISCUSSION 

The  temperature  dependent  conductivity  date  ,  o(T),  for  four  GalnP/GaAs  samples  are 
shown  in  Ftg.l.  The  o(T)  curves  clearly  shows  two  different  types  of  conduction.  For  1000/ 
T>4.5,  the  defect  band  hopping  conduction  dominates,  the  conductivity  due  to  the  hopping  con¬ 
duction  obeys  the  relationship®  erf  <r»  agexp(-  b/T1^4),  where  b  is  a  constant.  Therefore,  the  con¬ 
duction  at  1000/T  >  4.5  is  due  to  variable-range  hopping191.  For  1000/T<4.5,  the  conduction 
band(CB)  conduction  becomes  dominant.  At  room  temperature,  the  Hall  Effect  measurement 
showed  that  the  carrier  mobility  was  about  l650-33Q0cnr/V s  in  our  samples,  indicating  that  the 
electrons  are  the  conduction  carriers  in  all  samples.  Thus  the  CB  conduction  in  the  220-350K  ( or 
2. 8< 1000/T  <  4.5)  region  is  due  to  the  electrons  excited  from  the  deep  donor  levels  whose  energy 
level  lies  below  the  conduction  band.  The  activation  energies  E,,  obtained  from  ct(T)=  ct0  exp(- 
EJkT),  are  0.26,  0.26,  0.27  and  0.29eV  for  samples  G41,  G42,  G43  and  G44,  respectively. 
Although  the  conductivity  difference  between  samples  varies  by  a  factor  of  100  at  the  same  tem¬ 
perature,  their  activation  energies  are  very  close  to  each  other,  suggesting  that  their  CB  conduc¬ 
tion  is  due  to  the  same  donor  level  with  an  activation  energy  at  Ec-0.28iO.02eV. 

Because  of  the  relatively  high  resistivity,  a  TEES  technique  under  the  zero  bias  condition 
was  employed  for  defects  characterization  in  these  four  samples.  In  TEES  the  driving  force  is  the 
temperature  gradient  rather  than  the  applied  bias.  The  detailed  method  of  TEES  data  analysis  was 
described  in  Ref.7.  Here  the  positive  peak  represents  electron  trap.  The  TEES  spectra  for  four 
samples  in  the  temperature  range  of  60-300K  are  shown  in  Fig.2.  No  traps  were  observed  above 
300K(up  to  400K).  Two  main  election  traps,  trap  A(128-  145K)  and  trap  B(255K),  were  observed. 
The  trap  A  was  observed  in  four  samples,  with  slightly  different  peak  position  in  each  sample. 
Trap  B  was  observed  in  samples  G41  and  G42 ,  but  not  observed  in  samples  G43  and  G44.  Their 
activation  energies  can  be  obtained  approximately  from  Ej-kT^fT^/P  )[7],  where  Tm  is  the 
peak  temperature,  P  is  heating  rate,  and  k  is  Boltzman  constant.  The  obtained  activation  energies 
for  trap  A  are  0.25,  0.26,  0.27  and  0.29eV  for  sample  G41,  G42,  G43  and  G44,  respectively. 
These  values  are  very  close  to  the  activation  energy  of  the  donor  level  obtained  from  the  conduc¬ 
tivity  measurement  in  the  temperature  range  of  1000/T<  4.5.  We  believe  that  it  is  trap  A  that 
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Figure  1.  Conductivity  vs  temperature  for  four  Gao.jiIflo.49IVG*As  samples. 
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Figure  2.  The  TEES  spectra  for  sample  041, 042, 043  and  044. 
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dominates  the  CB  conduction  in  the  range  of  KXXYT<  4.5  in  all  samples.  Trap  B  has  an  activation 
energy  of  0.51eV.  The  absence  of  trap  B  in  sample  G43  and  G44,  and  the  different  peak  positions 
of  trap  A  in  each  sample  imply  that  these  two  traps  are  not  originated  from  the  GaAs  substrate. 

The  trap  concentration  may  be  estimated  from  Q  *>  qN,AL  ,  where  Q  is  the  total  charge 
released  from  the  trap  which  is  equal  to  the  area  under  a  peak  in  TEES  spectra  (=  17/ p  dT ),  N,  is 
the  trap  concentration,  q  is  electronic  charge,  A  is  the  area  collecting  the  charge,  and  L*  is  the 
effective  depth  which  depends  on  the  experimental  conditional  In  the  TEES  measurement,  we 
assume  that  only  the  traps  located  within  the  light  absorption  length  contribute  to  the  released 
charge  Q.  We  take  L*  »  0.25  pm  for  the  estimation  of  the  trap  concentration.  The  obtained  trap 
concentrations  from  the  TEES  spectra  in  each  sample  are  listed  in  Table  I.  The  TEES  signal  was 
normalized  by  substracting  the  dark  current  Table  I  shows  that  ihe  concentration  of  trap  A  is  in  a 
range  of  0.9-2.4xl015un ,  and  the  concentration  of  trap  B  is  about  12.3xlo'^cnT3  and 
8xl015cm'3  in  samples  G41  and  G42,  respectively.  It  is  well  known  that  the  concentration  of 
native  defects  depends  on  the  composition  of  MBE  layer.  The  concentration  of  trap  A  decreases 
with  increasing  die  P2  BEP  (as  can  be  seen  in  Table  I),  suggesting  that  this  trap  may  originate 
from  the  phosphorus  vacancies,  Vp,  the  antisites  I  tip  or  Gap  the  interstitials  Gai  or  In;,  or  their 
complexes  because  the  increase  of  P2  BEP  during  the  sample  growth  will  decrease  the  concentra¬ 
tions  of  these  defect  species.  However,  the  interstitials  and  the  antisites  are  less  probable  causes 
for  trap  A  as  can  be  seen  from  the  following  considerations:  i)  It  was  reported  that  the  interstitials, 
Ga;  or  In,,  in  the  MBE  grown  samples  are  only  present  in  Ga-rich  or  In-rich  samples  and  found 
most  in  low  temperature  grown  samples^11 1  During  our  sample  growth,  the  BEPs  for  Ga  and  for 
In  were  kept  the  same  and  die  growth  temperature  was  475°C.  ii)  The  antisites.  InP  or  Gap  are 
acceptors,  and  the  theoretically  pridicted  energy  level  is  less  than  0.12eV^  which  is  much 
smaller  than  the  activation  energy  of  trap  A.  in  InP,  the  emission  band  around  1.10-1.20eV  is 
attributed  to  the  phosphorus  vacancies  (Vp)  or  Vp  paired  with  an  impurity  atom  which  is  a  donor¬ 
like  cefect^13'14l  Therefore,  we  suggest  that  the  phosphorus  vacancies  are  responsible  for  the 
observed  electron  trap  A. 

In  order  to  test  the  above  idea  further,  a  successive  rapid  thermal  annealing  was  per¬ 
formed  on  each  sample  at  various  temperatures.  One  could  expect  an  increased  concentration  of 
VP  after  RTA  because  of  the  likely  out-diffusion  of  phosphorus  and  an  increased  concentration  of 
trap  A  if  it  is  indeed  due  to  Vp  As  Fig.  3(a)  shows,  the  TEES  peak  height  of  trap  A  increased  with 
increasing  the  annealing  temperature  for  sample  G41,  and  the  peak  height  of  trap  B  was  almost 
constant  after  RTA  at  600°C,  but  the  peak  position  shifted  to  a  higher  temperature.  Fig.3(b)  shows 
the  concentration  of  both  trap  A  and  trap  B  vs  the  annealing  temperature.  It  shows  that  the  con¬ 
centration  of  trap  A  increases  with  increasing  the  annealing  temperature  in  ail  samples,  and  there 
is  more  increase  in  trap  concentration  in  the  sample  with  a  higher  P2  BEP  (during  growth).  This 
is  consistent  with  our  argument  that  Vp  is  involved  in  trap  A.  It  seems  that  trap  B  is  also  related 
to  phosphorus  vacancies  or  Vp-related  complexes  in  view  of  the  facts  that  its  concentration 
decreases  with  the  increasing  P2  BEP  in  samples  G4 1  and  G42  as  can  be  seen  in  Fig.  1  and  that  it 
disappeared  when  P2  BEP  >  2x1c4  Torr  ( in  samples  G43  and  G44).  However  the  annealing  did 
not  affect  its  concentration,  but  only  changed  its  energy  position.  This  behavior  is  similar  to  the 
annealing  behavior  of  EL6  group  in  GaAs^l  Its  configration  may  change  due  to  the  annealing.  It 
might  be  a  complex  of  several  native  defects  rather  than  an  isolated  point  defect.  The  identifica¬ 
tion  of  this  trap  needs  further  study. 

It  is  noted  that  although  trap  B  has  a  larger  concentre toin  than  trap  A  in  samples  G41  and 
G42,  the  CB  conduction  at  1<XXVT<  4.5  (or  T>220K)  is  still  dominated  by  trap  A,  as  can  be 
seen  from  the  activation  energy  in  Fig.l.  In  order  to  investigate  the  responsible  trap  for  the  hop¬ 
ping  conduction  for  1000/T  >  4.5  (or  T  <  220K) ,  we  examined  the  TEES  spectra  and  the  conduc¬ 
tivity  under  different  illumination  time.  The  illumination  time  dependent  TEES  spectra  in  sample 
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Figure  3(a).  Comparison  of  TEES  spectra  between  as-grown  and  600°C  annealed  sample  G41. 


Figure  3(b).  The  estimated  concentration  of  Jap  A  and  trap  B  vs  annealing  temperature  in  four 


Figure  4.  The  illumination  time  dependent  TEES  spectra  for  sample  G42. 


Figure  5.  The  plot  of  Ipeafc/Qpeak'It )1  vs  At  of  trap  B  for  sample  G41  (circle)  and  G42  (square). 
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G42  are  shown  in  Fig.4.  It  shows  that  the  trap  filling  rates,  i.e.,  their  free -carrier  capture  cross  sec¬ 
tions  are  different  for  these  two  traps.  The  concentration  of  trap  A  is  almost  independent  of  the 
illumination  time.  Trap  B,  however,  is  very  sensitive  to  the  illumination  time,  it  needs  consider¬ 
ably  longer  illumination  to  be  completely  filled.  Similar  results  woe  observed  in  the  other  three 
samples.  We  did  not,  however,  observe  any  change  of  conductivity  under  different  illumination 
time.  These  results  suggest  that  trap  B  has  no  contribution  to  the  hopping  conduction  for  T<220K. 
This  can  also  be  seen  from  Fig.l,  in  which  the  hopping  conductivity  has  a  similar  temperature 
dependence  in  all  samples,  it  does  not  matter  whether  trap  B  is  present  (in  sample  G41  and  G42) 
or  absent  (in  sample  G43  and  G44).  Therefore  we  conclude  that  the  trap  A  is  responsible  for  the 
hopping  conduction.  The  absence  of  any  change  for  trap  A  under  different  illumination  time  can 
not  be  explained  by  the  carrier  trapping  process  t16,171.  Analogous  phenomina  were  also  observed 
by  Fang  et  al^  and  Desruca  et  al*1*  in  the  semi-insulating  GaAs  (  T3  in  ref.  18  and  T5in 
ref.  19). 

The  capture  cross  section  o„  of  trap  Bean  be  obtained  by  the  method  suggested  by  Tomo- 
zane  et  al^l6l  This  method  is  based  on  the  dependence  of  peak  height  on  illumination  period.  The 
o„  is  given  by 

^n-eMIpht,) . (1) 

where  Lh  is  the  maximum  photocurrent  during  foe  illumination  through  the  sample,  A  is  the  area 
of  tire  electrode,  and  xt  is  the  time  constant  of  the  trap  which  can  be  obtained  from 

It m  Ipeak  U  *  exp(-At/x,)] . (2) 

where  is  the  maximum  photocurrent  of  the  trap  under  sufficient  illumination  time,  ^  is  the 
photocurrent  level  of  the  trap  under  illumination  period  At.  As  shown  in  Fig.  5,  a  good  linear  rela¬ 
tion  was  obtained  from  the  plot  of  ln[  U.^Op^-I,)]  vs  At  for  trap  B  in  sample  G41  and  G42, 
from  which  a  time  constant  of  32s  was  obtained.  The  capture  cross  section  of  trap  B  was  then  cal¬ 
culated  to  be  4.5xlO'IS  cm2.  In  equations  (1)  and  (2),  we  have  ignored  the  effect  of  trap  A  due  to 
its  independence  on  illumination  time.  For  the  same  reason,  we  could  not  get  the  capture  cross 
section  value  for  trap  A  from  this  method. 


CONCLUSIONS 

we  observed  two  electron  traps  at  0.28  and  0.51eV  in  MBE- grown  Gao.5iIno49P/GaAs 
heterostructures  by  TEES  measurement.  We  attribute  the  0.28  eV  trap  to  phosphorus  vancancies, 
Vp,  which  are  responsible  for  both  CB  conduction  at  T>220K  and  for  the  variable  hopping  con¬ 
duction  at  T<220K.  Its  concentration  decreases  with  the  increasing  phosphorus  BEP  and  increases 
with  the  increasing  annealing  temperature.  The  illumination  time  dependent  TEES  showed  that 
this  trap  at  0.28eV  has  a  very  fast  filling  rate.  The  0.5  leV  trap  was  found  only  in  the  samples  with 
P2  BEP  less  than  2x10"*  Torr.  This  could  be  related  to  a  Vp-related  complex  rather  than  a  single 
native  defect  The  capture  cross  section  of  0.3  leV  trap  was  4.5xl0'15cm  . 
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ABSTRACT 

Deep  levels  and  luminescence  in  SiGe/Si  heterostructures  and  quantum  wells  have 
been  investigated.  We  have  studied  the  effects  of  Be-  and  B-dopmg  on  the  luminescent 
properties  o?Sii-,Ge,/Si  single  and  multiquantum  wells.  No  new  levels,  or  enhancement 
of  luminescence,  from  that  in  undoped  samples,  is  detected  in  samples  which  are  selec¬ 
tively  doped  in  the  well-regions,  implying  that  the  observed  luminescence  in  the  undoped 
quantum  wells  is  a  result  iff  alloy  disordering.  Slight  enhancement  of  luminescence  is 
observed  in  disordered  wells  and  in  quantum  wires  made  by  electron  beam  lithography 
and  dry  etching.  Deep  levels  have  been  identified  and  characterized  in  undopedbi,-rOex 
alloys.  Hole  traps  in  the  p-type  layers  have  activation  energies  ranging  from  0.029-0.45eV 
and  capture  cross  sections  (ov*,)  ranging  from  10“  to  10  cm.  Possible  origins  of  th 
centers  are  discussed.  Some  possibilities  of  obtaining  enhanced  electro-optic  coefficients 
in  SiGe/Si  heterostructures  are  discussed. 


INTRODUCTION 

There  is  a  lot  of  current  interest  in  the  development  of  Sij-.Ge,  alloys  for  use 
in  electronic  and  optoelectronic  devices  and  circuits*.  It  is  of  particular  interest  to 
integrate  optoelectronic  devices,  in  particular  light  sources,  with  Si-based  digital  or  analog 
integrated  circuits.  The  Si^.Ge,  alloys  are  promising  materials  in  this  context  In  order 
to  realize  electroluminescent  devices  with  these  alloys,  it  is  important  to  grow  high-qualitv 
materials  and  to  understand  and  characterize  their  luminescent  properties  lo  this  end, 
some  recent  reports  have  been  made  on  the  luminescence  from  Sit_xGex  and  bi]_xUex/Di 

quantum  wells*-14  grown  by  a  variety  of  techniques. 

SiGe  crystals,  like  other  semiconductors,  will  have  intentional  and  unintentional 
impurity  species  at  substitional  or  interstitial  sites  native  defects,  or  combinations  of 
both,  whichmay  give  rise  to  deep  levels  in  the  forbidden  energy  bandgap.  Deep  levels 
can  act  as  carrier  trapping  and  recombination  centers  and  are  known 
electronic  properties  and  radiative  efficiency  of  semiconductors,  which  will  ultimately 
affect  device  performance.  To  our  knowledge,  there  has  been  no  explicit  report  on  the 
properties  of  deep  levels  in  undoped  SiGe  alloys.  ..  ,  . 

In  addition  to  sources  and  detectors,  it  is  important  to  have  electro-optic  devicra 
with  SiGe.  The  electro-optic  properties  of  SiGe  are  also  largely  unknown.  We  report 
here  results  from  our  recent  studies  of  some  of  thero  fundamental  matenal  properties  of 
the  SiGe  alloys  grown  by  gas-source  MBE  (GSMBE)  using  disilane  and  solid  Ge. 

SiGe  GROWTH  BY  GAS  SOURCE  MBE 

A  two-chamber  RIBER  32  MBE  with  a  vacuum  load  lock  is  used  for  our  experiments. 
The  growth  chamber  is  provided  with  an  ion  pump  which  maintains  a  background  vacuum 
of  10“10  Torr.  The  cryoehroud  temperature  is  fixed  at  77K  and  additional  pumping  is 
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Figure  1:  Double  crystal  x-ray  rocking  curves  for  pseudomorphic  Sii_*Gez  layers  with 
various  Ge  compositions  and  thicknesses. 


provided  during  growth  by  a  turbomolecular  pump.  The  SijH*  flow  rate  is  controlled 
by  a  precision  mass  flow  controller.  Elemental  germanium  is  effused  from  a  resistively 
heated  cell  with  a  PBN  crucible.  During  growth  the  substrate  temperature  is  monitored 
by  a  pyrometer. 

Sij-xGe*  epitaxial  layers  were  grown  on  (lOO)-oriented,  boron-doped,  p-type  or 
phosphorus-doped,  n-type  silicon  wafer  with  a  resistivity  between  2-5x10*  ohm-cm.  The 
substrates  were  sequentially  cleaned  in  (1)  1 N H4 OH:  1  H^Oj .-5H2O,  (2)  lHCl.-lHjOj.-SHjO, 
and  (3)  lHF:50HjO  solutions  for  10  min,  10  min,  and  30  s,  respectively.  They  were  rinsed 
in  deionized  HjO  between  each  solution.  Prior  to  growth,  the  surface  oxide  was  removed 
by  heating  to  840°C  for  10  min.  At  this  point  a  clear  (2  x  1)  reflection  high  energy 
electron  diffraction  (RHEED)  pattern  is  observed. 

Cukai(004)  x-ray  rocking  curve  measurements  were  performed  with  a  double-crystal 
x-ray  diffractometer  (XRD).  Pendelosung  oscillations  were  observed  in  the  data.  FYom 
these  oscillations,  both  the  perpendicular  lattice  constant  and  the  layer  thickness  can  be 
simultaneously  determined”.  Representative  data  obtained  from  single  pseudomorphic 
layers  are  shown  in  Figure  1. 

Typical  surface  morphology  of  the  Sii-*Gez  layers  grown  by  SijHg/Ge  MBE  is  illus¬ 
trated  in  Figure  2  for  the  thin  pseudomorphic  layers.  It  is  nearly  featureless.  Only  a  few 
germanium  clusters  are  observed.  The  density  of  these  clusters  increases  with  increasing 
layer  thickness.  We  believe  that  they  originate  from  the  germanium  cell.  Comparable 
clusters,  originating  from  the  gallium  cell,  having  1  en  observed  during  the  growth  of 
GaAs. 

DEEP  LEVELS  IN  UNDOPED  Si,_zGez 

1-pm  thick  undoped  Sii_zGez  layers  were  grown  on  (100)-  oriented,  B-doped 
^t^pe  Si  substrates  for  deep  level  measurements.  Deep  level  transient  s 
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Figure  2:  Surface  morphology  for  a  thin  (650A),  pseudomorphic  SiojjGeo.u/Si  layer. 
Germanium  duster*  are  sometimes  observed,  as  shown  in  this  photomicrograph. 


photolithographic  techniques.  The  diodes  were  formed  by  an  electron  beam  evaporated 
bilayer  of  Ni(100A)/Au(5000A).  The  nickel  layer  increased  the  adhesion  sufficiently  to 
allow  the  application  of  a  gold  bonding  layer  to  the  surface.  Aluminum  ohmic  contacts 
were  formed  on  both  the  surface  of  the  epitaxial  layer  and  the  substrate  backside.  The 
diodes  exhibited  rectifying  characteristics,  with  a  typical  reverse  breakdown  voltage  of 
15V. 

The  DLTS  signal  as  a  function  of  temperature  for  a  fixed  rate  window  is  shown  in 
Figure  3,  for  a  sample  with  x  =  0.14.  The  reverse  bias  applied  to  the  diode  is  sufficient 


Figure  3:  Deep  level  transient  spectroscopy  data  showing  peaks  due  to  hole  traps  in 
p-type  Sio.aeGeo.14. 


to  ensure  that  the  deep  levels  that  have  been  identified  are  bulk  traps.  The  data  indicate 
the  presence  of  at  least  four  majority-carrier  (hole)  traps.  Arrhenius  plots  of  these  traps 
in  different  samples,  from  which  the  trap  characteristics  are  derived,  are  shown  in  Figure 
4.  The  characteristics  of  the  traps  are  listed  in  Table  I.  It  is  apparent  that  most  of 
the  centers  have  either  very  small,  or  very  large  values  of  the  capture  cross  section, 
< Too •  Large  capture  cross  sections  are  normally  associated  with  recombination  centers, 
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Figure  4:  Arrhenius  plots  of  three  clearly  identified  hole  traps  in  Sio.86Geo.14- 


while  very  small  capture  cross  sections  are  usually  attributed  to  traps  that  have  a  large 
lattice- relaxation ,  such  as  the  D-X  center  in  Al*Gai_xAs18. 

The  measurements  reported  above  have  been  made  on  nominally  undoped  material. 
Capacitance-voltage  (C-V)  measurements  have  shown  this  material  to  be  p-type.  Since 
gennanium  is  a  Group  IVA  element,  substitutional  atoms  should  be  isoelectronic  with 
silicon.  When  the  alloy  is  grown  in  the  silicon-rich  condition,  germanium  atoms  occupy 
sites  in  the  silicon  diamond  lattice  structure.  No  deep  levels  are  expected  to  arise  from 
this  incorporation  of  germanium  atoms  into  the  silicon  lattice. 

Since  the  Sii-*Gez  alloys  were  not  intentionally  doped,  one  would  first  attribute 
the  existence  of  deep  levels  to  native  defects.  However,  the  number  of  candidates 
are  extremely  small.  Self-interstitials  anneal  at  temperatures  well  below  300K,  as 
do  most  vacancies.  Vacancy  complexes  can  exist  at  higher  temperatures  and  are 
known  to  give  rise  to  deep  levels  in  silicon17.  An  aluminum-vacancy  complex  and  an 
aluminum-interstitial-aluminum  substitutional  pair  were  identified  as  having  energies 
of  E.+0.45eV  and  E»+0.25eV,  respectively,  in  electron  irradiated,  p-type  silicon18. 
Dislocations  are  not  considered  to  be  a  potential  origin,  since  they  produce  a  continuous 
band  of  levels,  with  high  densities,  rather  than  discrete  states. 

It  is  possible  that  unintentional  dopants  may  be  complexing  with  germanium  atoms 
to  produce  these  deep  levels  in  Sii_xG>er.  Even  though  these  films  are  relaxed,  there  is 
a  small  residual  strain  due  to  the  difference  in  the  size  of  the  germanium  atom.  This 
is  evident  by  the  use  of  carbon  to  bring  the  lattice  back  to  the  silicon  parameters.  The 
extremely  small  extrapolated  capture  cross  sections  of  some  of  the  traps  are  similar  to 
the  vanishingly  small  cross  sections  reported  for  the  DX  centers  in  AlGaAs18  due  to  a 
large  lattice  relaxation.  It  may  be  noted  in  Table  I  that  some  of  the  traps  have  very  large 
values  of  Qoo,  usually  associated  with  recombination  centers. 

STEADY  STATE  AND  TIME-RESOLVED  PHOTOLUMINESCENCE 
FROM  PERIODIC  AND  DISORDERED  QUANTUM  WELLS 

Doping  by  isoelectronic  impurities  was  proven  to  be  a  successful  technique  for 
enhancing  the  luminescence  in  indirect  bandgap  compound  semiconductors  such  as  GaP 
and  GaAsP1*.  In  the  case  of  these  compounds  nitrogen  (N)  was  found  to  be  very  suitable. 
Doping  with  N  produced  a  series  of  deep  levels  in  the  energy  bandgap  and  the  k-selection 
rules  for  transitions  involving  these  levels  are  relaxed.  There  are  no  suitable  isoelectronic 
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Table  I.  Measured  Characteristics  of  Majority-Carrier 


Alloy 

Comp. 

w 

Measured 

Activation 

Energy, 

ErM 

Trap 

Concentration 

(cm-s)(xl0‘s) 

Capture 

Cross 

Section 

<r«,(cmJ) 

0.06 

No  traps  detected 

0.14 

0.029 

1.4 

1.96x10-*° 

0.065 

3.67 

8.5x10"* 

0.314 

1.3 

1.3x10-“ 

0.19 

0.041 

8.0 

1.6x10“* 

A  deeper  trap 

not  well  resolved 

0.26 

<0.2 

not  well  resolved 

0.261 

1.2 

8.55x10-'* 

0.45 

1.3 

5.0x10-* 

dopants  in  Group  IV  of  the  Periodic  Table  for  the  SiGe  alloys.  We  therefore  chose  to 
investigate  the  effects  of  doping  with  Be(Gr  II)  and  B(Gr  III).  The  latter  is  a  well-behaved 
acceptor  dopant  for  these  materials.  Similar  relaxation  of  the  k-selection  rules  can  be 
obtained  in  disordered  superlattices.  We  report  here  the  luminescence  measured  in 
high-quality  undoped  and  Be-  and  B-doped  Sii_*Gex/Si  quantum  wells  and  disordered 
superlattices. 

The  QW  structures  typically  consist  of  a  100  nm  undoped  Si  buffer  layer,  Sii_*Ger/Si 
single  quantum  well  (SQW)  or  multi-quantum  well  (MQW)  and  top  undoped  Si  layer, 
typically  500Athick.  Two  sets  of  samples  were  grown  and  studied.  In  the  first,  the  entire 
SQW  or  MOW  structure  was  undoped.  In  the  second,  the  well  regions  were  selectively 
doped  with  Be  or  B  to  a  level  of  1  x  I0,T  cm-8.  Well  and  barrier  thicknesses  vary  from 
20-100A  and  50-200A,  respectively. 

High-resolution  (~2A)  photoluminescence  (PL)  spectra  of  these  samples  were 
measured  using  the  488  nm  One  of  an  argon-ion  laser  of  variable  intensity.  Luminescence 
signals  were  processed  in  a  standard  configuration  using  a  1-m  Jarell-Ash  spectrometer 
and  a  lock-in  detection  system  with  a  liquid  Nr  cooled  Ge  detector.  Samples  were  cooled 
down  to  18K  with  a  closed-loop  variable  temperature  He  cryostat. 

We  will  first  present  and  discuss  the  PL  spectra  observed  for  the  undoped  QW 
samples.  For  clarity  of  presentation,  the  data  will  be  presented  in  two  regimes  of 
photon  energy.  These  correspond,  respectively,  to  the  spectral  regions  of  the  Si  and 
SiGe  bandedges.  Figure  5(a)  shows  luminescence  from  the  Si  buffer  and  QW  barrier 
regions  (and  possibly  with  some  contribution  from  the  Si  substrate)  in  a  MQW  sample 
with  10  periods.  The  spectra  are  characterized  by  a  series  of  sharp  excitonic  lines  with 
linewidths  ranging  from  6-8  meV.  These  lines  originate  from  free-  and  bound-exciton 
transitions  with  phonon  participation  (longitudinal  and  transverse  acoustic  and  optical 
phonons).  They  are  labeled  by  analogy  with  data  published  in  the  literature3.  The 
broad  transition  labeled  EHD  is  due  to  the  electron-hole  droplet  and  is  not  seen  in  all 
the  samples.  The  transition  at  0.998  eV  is  seen  in  all  our  samples  and  we  believe  it 
originates  from  a  defect  or  impurity  in  the  Si  layers.  All  these  transitions  were  identified 
in  the  PL  spectra  of  an  undoped  Si  wafer.  Figure  5(b)  shows  typical  luminescence 
observed  from  a  40A  Sio.75Geo.35/75A  Si  MQW  with  10  periods.  Note  that  the  samples 
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Figure  5:  Measured  low-temperature  photoluminescence  from  (a)  Si  barrier  and  buffer 
layers,  and  (b)  40A  Sio.7sGe0.as  well  regions  of  10-period  SiGe/Si  undoped  multi-quantum 
wells. 

in  Figures  5(a)  and  (b)  are  not  the  same.  The  peaks  labeled  A,  B,  C,  and  D  correspond 
to  the  peaks  a,  b,  c  and  d,  observed  and  discussed  by  Vescan,  et  al.12  Lines  C  and  D 
are  due  to  no-phonon  (NP)  transitions  of  bound  excitons  due  to  relaxation  of  k-selection 
rules  by  alloy  scattering.  From  analysis  of  high-field  transport  data  in  SiI_IGeI  alloys 
we  have  calculated  the  alloy  scattering  potential  U„  in  the  valence  band  to  be  0.6  eV20. 
The  transitions  C  and  D  are  believed  to  be  a  split  doublet  (~20  meV)  caused  by  2-3 
monolayers  intra-layer  and  interlayer  well  thickness  variations.  Transitions  labeled  A  and 
B  are  due  to  TOsi-si  phonon  replicas  (D-B  and  C-A  are  ~59  meV)  of  the  NP  transitions2. 
No  dislocation  or  defect  related  transitions12  were  observed  at  lower  energies,  indicating 
that  all  our  sample  had  pseudomorphic  quantum  wells.  The  bandgap  energies  of  the 
Sii-xGe*  alloys  can  be  estimated  from  the  NP  transition  energies,  taking  into  account 
the  exciton  binding  energy.  We  have  measured  the  shift  in  energy  of  the  NP  transitions 
as  the  well  thickness  is  changed.  A  blue  shift  is  observed  with  reduction  of  well  width, 
confirming  quantum  confinement  effects. 

The  photoluminescence  spectra  observed  from  the  Be-doped  sample  are  discussed 
next.  Measurements  were  made  with  100A  SiosGeo.i/Si  SQW  and  MQW  samples  with 
different  Si  barrier  thicknesses.  The  spectra  are  essentially  the  same  and  are  shown  in 
Figure  6.  The  NP  transition  is  observed  at  1.041  eV  and  may  primarily  be  band-to-band 
in  nature  due  to  the  doping.  The  transition  at  1.022  eV  is  possibly  a  doublet  of  the  NP 
transition  or  a  TA  phonon  replica.  The  peak  at  0.998  eV  is  seen  again.  The  TOsi-s.- 
phonon  replica  is  observed  at  0.977  eV.  The  overall  intensity  of  the  luminescence  is 
approximately  three  times  smaller  than  that  of  the  undoped  samples.  Unlike  N-doping  in 
GaAsP,  the  luminescence  intensity  is  not  enhanced,  or  new  transitions  are  not  produced. 
These  results  suggest  that  the  effect  of  alloy  disordering  to  relax  the  selection  rules  is 
far  more  dominant  in  these  alloys  than  the  effect  of  doping,  in  as  far  as  luminescence 
is  concerned.  In  the  B-doped  samples  (~5xl0is  -  1x10”  cm-3)  the  luminescence  was 
quenched  more  severely  and  is  not  bang  shown  here. 
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Figure  6:  Low-temperature  PL  spectra  of  Be- doped  10-period  Sio.gGeo.j/Si  MQW. 


To  summarize,  we  have  made  a  detailed  study  of  high-resolution  PL  spectra  measured 
in  undoped  and  doped  Sii_*Ge*/Si  MQW  and  SQW  samples.  The  results  suggest  that 
doping  in  these  alloys  will  not  enhance  PL  efficiencies.  Improvement  of  material  quality 
or  other  techniques  such  as  disordered  quantum  wells  and  quantum  wires  need  to  be 
explored. 

Disordered  superlattices  with  multiple  periods  were  grown  for  PL  measurements.  The 
schematic  of  a  typical  structure  is  shown  in  Figure  7(a).  The  sequence  number  n  is 
randomly  varied  between  1  and  3.  The  probability  of  each  number  is  1/3.  The  average 
quantum  well  structure  has  85A  SiGe  wells  and  260A  Si  barriers.  Luminescence  from 
such  a  sample  is  shown  in  Figure  7(b).  No  significant  enhancement  is  observed  in  the 
low  temperature  PL  which  agrees  with  previous  data  J1-23.  However,  some  enhancement 
is  observed  at  77K  and  higher  temperatures. 
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Figure  7:  (a)  Structure  of  undoped  disordered  superlattice,  where  n  is  a  random  integral 
number  between  1  and  3.  The  probability  of  each  number  is  1/3;  (b)  Low  temperature 
PL  observed  from  disordered  superlattice. 
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Figure  8:  Schematics  for  fabrication  of  SiGe/Si  quantum  wires. 

It  is  equally  important  to  note  that  the  radiative  recombination  times  have  to  be  short 
enough  (~1  ns)  for  such  radiative  transitions  to  be  useful  for  a  light  source.  We  have 
therefore  measured  the  steady  state  and  transient  luminescence  properties  of  SiGe/Si 
quantum  wells.  Tim  excitation  source  was  a  mW  pulsed  GaAs/ AlGaAs  laser  with  100  ps 
pulse  width  and  50  KHz  repetition  rate.  The  temporal  variation  of  the  photoluminescence 
was  measured  with  a  New  Fbcus  InGaAs  detector  with  large  gain  and  response  time  of 
1  ns.  No  significant  decay  signal  could  be  observed,  since  the  photoluminescence  is  very 
weak.  The  recombination  lifetime  in  Si  is  ~lps.  Unless  there  is  a  significant  reduction 
in  the  value  of  this  parameter  in  SiGe,  these  materials  will  not  be  useful  for  practical 
luminescent  devices. 

LUMINESCENCE  FROM  SiGe/Si  QUANTUM  WIRES: 

A  possible  technique  for  enhancing  the  oscillator  strength  of  optical  transitions  is 
to  use  disordered  quantum  wires.  Recently  reported  work  on  porous  Si  suggests  that 
optical  processes  can  be  enhanced  in  quasi-one  dimensional  (quasi-ID)  systems34.  It 
has  been  shown35  that  electronic  states  can  be  localized  in  quasi- ID  systems  even  with 
a  small  disorder.  The  disorder  is  expected  to  strongly  localize  electronic  states  near 
the  band  edges  and  this  will  enhance  the  optical  transition  rates.  Multiquantum  well 
samples,  consisting  of  85  A  wells  and  260  A  barriers  were  first  grown.  The  quantum 
wires  are  defined  by  reactive  ion  etching  through  nickel  masks  patterned  by  electron 
beam  lithography  (Figure  8).  The  wires  so  defined  in  a  sample  are  shown  in  the 
photomicrograph  of  Figure  9(a) .  The  width  of  such  quantum  wires  made  in  our  laboratory 
vary  from  400-1000A. 

The  steady-state,  low-temperature  photoluminescence  spectrum  observed  from  a  typ¬ 
ical  quantum  wire  sample  is  shown  in  Figure  9(b).  The  transition  observed  at  1.1  eV 
is  believed  to  be  due  to  no-phonon  (NP)  transitions  in  the  wire.  For  comparison,  the 
NP  transitions  from  the  quantum  wells  of  this  particular  wafer  is  shown  by  the  dashed 
profile.  A  blue  shift  of  35  meV  is  clearly  observed,  indicating  the  existence  of  quasi-ID 
effects  in  a  900  nm  wire. 
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Figure  9:  (a)  SEM  micrograph  of  Sio.aGeo.i  quantum  wires;  (b)  measured  low-temperature 
photoluminescence  spectra. 


ELECTRO-OPTIC  EFFECTS  IN  SiGe 


It  is  well  known  that  because  of  the  presence  of  inversion  symmetry,  the  electro-optic 
effect  in  bulk  Si  (and  Ge)  is  negligible.  However,  in  quantum  wells  made  from  the  SiGe/Si 
system,  we  expect  a  larger  electro-optic  effect.  It  is  important  to  note  that  the  dielectric 
constant  of  Si  is  11.9ea  while  that  of  Ge  is  16.2e„.  This  is  an  extremely  large  difference 
and  if  proper  quantum  wells  were  designed  a  large  electro-optic  effect  can  be  expected.  By 
using  asymmetric  quantum  well  structures,  as  shown  in  Figure  10,  the  linear  electro-optic 
effect  can  be  very  strong.  Experiments  are  in  progress  to  measure  these  effects. 
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Figure  10:  Schematic  illustration  of  symmetric  and  asymmetric  SiGe/Si  quantum  wells 
and  the  corresponding  electro-optic  effects. 


CONCLUSIONS 

Luminescence  in  quantum  wells  and  quantum  wires  made  with  SiGe/Si  heterostruc¬ 
tures  and  deep  levels  in  single  SiGe  layers  have  been  characterized.  It  is  clear  that 
although  luminescence  is  observed  from  the  wells  and  wires,  some  mechanism  to  enhance 


the  oscillator  strength  of  the  transitions  is  required.  Deep  levels  have  been  identified 
and  characterized  in  undoped  Sii-cGe*  alloys  grown  on  silicon  substrates.  Hole  traps 
in  the  p-type  layers  have  activation  energies  ranging  from  0.029-0.45  eV  and  capture 
cross  sections  (o*,)  ranging  from  10~*  to  10-”  cm  .  Possible  origins  of  these  craters  are 
discussed. 
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ABSTRACT 

Carrier  trapping  and  recombination  activity  have  been  studied  with  DLTS  and  EBIC  in 
RTCVD  grown  compositionally  graded  Ge^Sio ySi  heterostructures .  DLTS  peak  height  is  found 
to  vary  with  applied  bias,  and  the  bias  conditions  used  indicate  that  at  least  one  peak  is  present 
in  the  hnmncpitaxial  Si  buffer  layer  and  perhaps  the  substrate  as  well.  Variations  in  EBIC 
contrast  as  a  function  of  reverse  bias,  and  DLTS  fill  pulse  experiments  both  indicate  that  the 
DLTS  peaks  observed  arc  dislocation  related.  Moreover,  the  bias  dependent  decrease  in  DLTS 
peak  height  is  observed  to  occur  at  different  rates  for  different  peaks,  indicating  a  possible 
connection  between  certain  DLTS  peaks  and  dislocation  orientation  or  type.  Activation  energies 
of  one  electron  trapping  center  and  one  hole  trapping  center  add  up  to  roughly  the  expected 
handgap  in  a  relaxed  Ge„Sil  x  alloy  with  x  S  0.3,  indicating  that  the  electron  and  hole  trapping 
centers  observed  with  DLTS  may,  in  fact,  be  associated  with  the  R-G  center  observed  by  EBIC. 


INTRODUCTION  AND  EXPERIMENT 

Geb  jSi,,,  alloys  were  grown  by  RTCVD  on  p-type  Si  (100)  using  the  graded  layer  epitaxy 
(GLE)  technique.  Specifically,  a  1  /im  Si  buffer  layer  was  grown,  followed  by  a  step-graded 
structure  consisting  of  10  discrete  steps  with  a  3%  change  in  Ge  mole  fraction  at  each  interface. 
Finally,  a  1  pm  Ge^Si,,,  cap  layer  was  grown.  An  average  grading  rate  of  20%  Ge/pm  was 
maintained  throughout  the  step  graded  region.  GeSi  epitaxy  occurred  at  800  °C,  and  all  alloy 
thicknesses  exceeded  the  equilibrium  theory  critical  thickness.  Subsequent  material 
characterization  indicates  that  the  GeSi  alloy  layers  t,x  completely  relaxed.1 

All  epitaxial  films  were  nominally  undoped,  but  C-V  dopant  profiling  revealed  a  p-type 
conductivity  at  a  concentration  -  2  x  1014  cm'3.  P-n  junctions  were  formed  in  these  samples  by 
ion  implantation  with  a  dose  of  5  x  1013  As+/cmJ  at  50  kV,  resulting  in  an  As  concentration  -  1019 
cm  3  at  a  projected  range  of  300  A.  The  As  dopant  was  activated  by  a  60  sec.  RTA  at  700  °C. 
TEM  and  EBIC  data  clearly  indicate  the  presence  of  a  three-dimensional  dislocation  network  in 
the  compositionally  graded  region,  as  well  as  threading  dislocations  in  the  cap  region  and 
dislocation  half  loops  (which  have  originated  from  misfit  segments)  in  the  Si  buffer  layer.1  A 
more  complete  description  of  sample  growth  and  processing  conditions  is  reported  elsewhere.1 

Ohmic  contacts  were  formed  on  these  samples  by  evaporation  of  1500  A  of  A1  on  the  p-type 
Si  back  surface  and  the  Ge^Sio  ,  n+  implanted  cap  layer.  Following  metallization,  I-V  and  C-V 
characterization  were  performed  to  ensure  device  integrity  prior  to  performing  DLTS  and  EBIC 
measurements.  On  those  samples  which  exhibited  satisfactory  I-V  and  C-V  characteristics, 
DLTS  was  performed  with  a  Bio-Rad  model  4602  Deep  Level  Transient  Spectrometer,  using  Che 
double  boxcar  method.  EBIC  data  was  obtained  with  a  JEOL  6400  SEM  which  has  been 
modified  for  EBIC  measurements.  SEM  beam  current  was  —  1  nA,  with  an  accelerating  voltage 
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of  20  kV.  Bias  values  used  for  EBIC  range  from  +0.5  volts  to  -4  volts,  so  the  excitation 
volume  extended  beyond  the  depletion  region  edge  in  all  EBIC  measurements  reported  here. 

RESULTS 

In  figure  1  a,  we  illustrate  the  deep  level  spectrum  of  the  GeSi/Si  GLE  sample,  which 
indicates  the  presence  of  at  least  two  hole  traps,  D1  and  D2.  The  bias  conditions  w«t  to  obtain 
this  data  were  Vt  =  -1.1  volts,  and  VP  =  -0.1  volts,  where  V,  is  die  quiescent  reverse  bias,  and 
VF  is  the  diode  bias  during  the  fill  pulse  portion  of  die  DLTS  cycle.  It  should  be  noted  that  the 
Debye  length  in  these  low  doped  samples  is  -  0.4  pm,  and  the  zero  bias  depletion  width  is  -  2  pm. 

Figure  1  b  illustrates  the  DLTS  spectrum  of  the  same  sample  with  an  applied  bias  of  V,/Vp 
*  -1.50  volts/ -0.50  volts.  Clearly,  die  DLTS  peak  height  has  decreased  in  figure  1  b,  relative 
to  that  in  figure  1  a.  Moreover,  the  relative  intensity  of  peaks  D1  and  D2  has  inverted.  That 
is,  peak  D1  is  dominant  in  figure  1  a,  while  peak  D2  is  dominant  in  figure  1  b. 

In  figure  1  c,  taken  at  bias  conditions  of  VK/VF  =  -6.00  volta/-5.00  volts,  peak  D2  has 
disappeared  completely,  and  peak  D1  has  decreased  further  in  intensity.  This  trend  is  observed 
to  continue  with  increasing  reverse  bias,  as  illustrated  in  figure  2. 

As  mentioned  above,  the  zero  bias  depletion  width  in  these  samples  is  -  2  pm,  while,  for  an 
applied  bias  of  -0.5  volts,  the  depletion  layer  width  is  -  2.5  pm.  This  depletion  width  data 
indicates  that  the  near-zero  bias  DLTS  data  in  figure  1  a,  where  peak  D1  is  dominant, 
emphasizes  die  compositionally  graded  region,  which  contains  a  three-dimensional  network  of 
dislocations.  However,  for  the  DLTS  data  indicated  in  figure  1  b,  where  peak  D2  dominates, 


Fig.  1 .  DLTS  spectrum  under  bias  conditions  of  a.)  V„/VF  =  -1.10  v/-0. 10  v  (depletion  width, 
W  »  2  pm)  b.)  V,/VF  =  -1.50  v/-0.50  v  (W  *  2.5  pm  =  alloy  film  thickness),  and  c.) 
V»/Vp  =  -1.10  V/-0.10  v  (W  ►  alloy  film  thickness). 


ISO 


Fig.  2.  DLTS  peak  height  as  a  function  of  reverse  bias  magniturV- 


the  depletion  region  width  indicates  that  DLTS  measurements  will  tend  to  emphasize  trapping 
near  die  edge  of  die  compositionally  graded  region,  as  well  as  the  Si  buffer  layer  and  may 
therefore  be  more  sensitive  to  misfit  dislocations  lying  in  the  (100)  growth  plane.  For  much 
larger  reverse  bias,  i.e. ,  |  V,  |  >4  volts,  all  mismatched  interfaces  are  deep  within  the  depiction 
region,  and  the  trapping  centers  associated  with  misfit  dislocations  in  the  compositions liy  graded 
region  are  not  filled  by  the  majority  carrier  injection  pulse.  Hence,  for  such  a  large  reverse 
bias,  as  in  figure  1  c,  DLTS  is  sensitive  to  dislocation  half  loops  in  the  Si  buffer  layer  and 
substrate  (which  have  been  observed  in  these  samples  with  TEM)1,  and  peak  D1  is  again 
dominant.  The  overall  bias  dependence  of  the  DLTS  peak  height  is  summarized  in  figure  2. 
While  the  ion  implantation  discussed  above  is  expected  to  cause  damage  in  the  top  1000  A  of 
the  Ge  3Si7  cap  region,  these  DLTS  measurements  probe  the  sample  at  a  depth  £  2  /an.  The 
DLTS  results  presented  above  are  therefore  not  believed  to  be  related  to  implant  damage. 

To  further  corroborate  Hr*  DLTS  depth  dependence,  we  have  investigated  EBIC  contrast  as 
a  function  of  bias.  In  figures  3  a  and  b,  we  display  EBIC  images  obtained  at  zero  bias,  and  at 
-4  volts,  respectively.  Note  that  the  contrast  was  optimized  individually  for  each  EBIC  image, 
hence  figures  3  a  and  b  should  be  interpreted  as  showing  only  qualitative  trends  in  EBIC 
contrast.  A  more  quantitative  comparison  is  shown  in  figure  4,  where  the  relative  EBIC  contrast 
has  been  corrected  for  gain  and  brightness  adjustments  at  each  applied  bias.  Clearly,  the  relative 
EBIC  contrast  decreases  with  applied  bias,  in  agreement  with  the  DLTS  results  presented  above. 

EBIC  is  a  well  established  technique  for  the  identification  of  dislocations  in  electronic 
materials.  Hence  the  correlation  between  EBIC  and  DLTS  bias  dependence  indicates  that  DLTS 
is  most  likely  probing  dislocation  related  trapping  centers  in  the  GeSi  alloy  layers  and  the  Si 
buffer  layer  and  substrate. 

To  better  identify  the  physical  sources  of  the  observed  DLTS  peaks,  we  have  examined  the 
dependence  of  DLTS  peak  height  on  fill  pulse  time,  t,.  For  dislocation  related  trapping  centers, 
it  is  well  established  that  the  DLTS  peak  height  varies  as  log(tp).2'7  As  illustrated  in  figure  5, 
we  have  indeed  observed  this  same  logarithmic  dependence  for  the  hole  trapping  cotters  D1  and 
D2,  as  well  as  an  electron  trapping  center,  D4.  The  observed  saturation  of  DLTS  peak  height 
in  figure  5  for  tp  >  1  ms  is  in  agreement  with  the  results  of  Omling  et  al.,  on  plastically 
deformed  Si,4  and  this  result  will  be  discussed  in  more  detail  elsewhere.' 
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Diode  Bias  (V) 

Fig.  4.  EBIC  relative  defect  contrast  as  a  function  of  applied  bias. 


Figure  5.  DLTS  peak  beigbt  vs.  log^.  The  linear  relationship  indicates  that  the  observed 
DLTS  peaks  are  dislocation  related. 


Arrhenius  plots  of  DLTS  peaks  D1  (hole  trapping  center)  and  D4  (election  trapping  center) 
indicate  activation  energies  of  Eq,  *  0.43  eV  and  Em  *>  0.64  eV.  The  charge  trapping 
characteristics  of  DLTS  allow  us  to  observe  the  electron  trapping  center  under  forward  bias 
iiqection  and  the  hole  trapping  cotter  under  reverse  Mas  injection.  However,  additional  DLTS 
data  not  repented  here  leads  us  to  believe  that  the  minority  carrier  electron  trap  is  still  present 
and  active  under  reverse  bias.*  If  trapping  centers  D1  and  D4  are  due  to  the  same  physical 
defect,  then  Eo,  +  Em  *  E,(GeSi),  indicating  feat  the  trapping  centers  detected  wife  DLTS 
may,  in  feet,  be  related  to  fee  R-G  center  which  we  detect  wife  EBIC. 
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CONCLUSIONS 


In  conclusion,  we  have  used  DLTS  to  observe  several  trapping  centers  in  compos  itionally 
graded  RTCVD  grown  Gc^jSioVSi.  Both  the  individual  DLTS  peak  heights  and  the  ratio  of 
peak  taigtug  is  observed  to  vary  with  applied  bias,  indicating  that  the  observed  peaks  are 
associated  with  the  spatially  varying  dislocation  structure  in  these  samples. 

EBIC  contrast,  which  is  a  well  established  technique  for  the  detection  of  dislocations  in 
semiconductors,  i~iir«ti»«  a  bias  dependence  which  is  in  qualitative  agreement  with  that  observed 
through  DLTS.  Moreover,  DLTS  peak  height  is  observed  to  vary  as  log(^),  and  the  activation 
energies  of  one  electron  trapping  center  and  one  hole  trapping  center  add  up  to  approximately 
the  bondgap  of  a  relaxed  Ge^Si,.,  alloy  with  x  S  0.3. 

The  above  facts  indicate  that  the  trapping  centers  observed  by  DLTS  are  related  to 
dislocations,  and  may  be  related  to  the  R-G  centers  observed  by  EBIC.  We  are  currently 
extending  this  research  to  include  other  alloy  compositions  and  grading  schemes,  and  to  present 
a  more  detailed  treatment  of  the  results  given  here.  These  results  will  be  reported  elsewhere.* 
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ABSTRACT 

The  small-pulse  DLTS  had  been  developed  to  measure  distribution  of  deep  levels  in 
CVD  grown  SiGe/Si  heterostructure  before  and  after  thermal  processing  at  800°C. 
Changes  of  defect  states  was  found  and  after  processing  the  original  single  deep  level 
0.62eV  under  the  condition  band  split  into  two  separated  traps.  A  new  weak  deeper  trap 
signal  was  found  only  in  the  just  relaxed  region.  It  could  be  Ge- related  defect  complex 
with  misfit  dislocations. 


I.  INTRODUCTION 

SiGe/Si  heterostructures  have  absorbed  much  attention  of  semiconductor  scientists  and 
engineers.  Because  of  their  novel  properties,  many  new  devices  such  as  heterojunction 
bipolar  transistor(HBT)[lj,  modulation  doped  field  effect  transistor  (MODFET)[2], 
infrared  detector[3-4],  waveguide[5]  and  light  emitting  diode[6]  have  been  fabricated.  In 
these  new  device  structures,  the  energy  band  of  SiGe  alloy  layer  can  be  controlled  not 
only  by  changing  composition,  but  also  by  altering  thickness  and  strain  in  the  layer.  They 
are  bases  for  Si  "band-gap  engineering*.  With  the  great  progress  in  growth  and  band-gap 
engineering  techniques  further  interesting  devices  are  expected  to  be  developed. 

Deep  traps  in  semiconductor  have  great  influences  on  device  properties.  In 
semiconductor  heterostructures,  especially  in  the  strained  layer  heterostructures,  because 
of  existence  of  misfit  dislocations  and  different  deep  traps  in  different  sublayer,  both  deep 
levels  and  their  distribution  are  very  important  for  understanding  the  behavior  of 
heterostructure  devices.  A  versatile  and  widely-used  method  to  determine  the  deep  levels 
in  bulk  semiconductor  materials  is  deep  level  transient  spectroscopy  (DLTS).  But  it  can 
not  give  the  space  distribution  of  heterostructures,  especially  in  the  case  of  interfaces  and 
ultrathin  multilayers.  In  this  paper  a  new  method-small  pulse  DLTS  is  developed  to 
characterize  deep  levels  and  their  space  distribution  in  semiconductor  heterostructures. 
Using  the  method,  we  report  here  for  the  first  time  the  experimental  results  of  the 
SiGe/Si  heterostructure. 

The  DLTS  spectra  showed  a  majority-carrier  trap  in  the  SiGe/Si  ML.  In  order  to 
study  the  origin  of  this  deep  level,  the  sample  was  thermally  processed  at  800°C.  After 
processing,  the  original  trap  split  into  two  separated  deep  levels.  A  new  weak  deeper 
level  signal  was  found  only  in  the  SiGe  region,  while  the  strong  shallower  level  signal 
was  found  in  whole  sample.  When  reverse  bias  varied  from  0.3V  to  3.6V,  and  the 
magnitude  of  filling  pulse  maintain  a  constant  of  lOOmeV,  it  was  found  that  the  active 
energy  of  the  deeper  level  varied  between  0.54eV  to  0.63eV  and  vanished  when 
Vr<0.4eV  and  Vr>  1 .5eV.  A  model  was  proposed  to  interpret  the  experimental  results. 
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U.  EXPERIMENTS 


The  small-pulse  DLTS  method  was  put  forward  by  Wendell  D.  Eadeas  and  Richard 
M.  Swan  son  in  1984(7]  in  order  to  determine  the  distribution  of  interface  state  density  in 
the  forbidden  gap.  By  choosing  appropriate  magnitude,  the  authors  distinguished 
contribution  from  interface  states  with  different  energy  in  the  forbidden  gap.  Detailed 
they  set  a  small  constant  difference  of  Vr-Vp,  varied  Vr  (and  Vp)  to  measure  the 
interface  states  with  different  energy.  The  small-pulse  DLTS  was  a  powerful  tod  to  study 
the  distribution  of  interface  states  with  high  sensitivity,  high  resolution  and  high  signal 
to  noise  ratio. 

The  semiconductor  heterostructure  was  different  from  homogenous  bulk  material,  and 
its  deep  traps  behave  differently  in  different  sublayers  and  at  interfaces,  so  traditional 
DLTS  technique  can  not  distinguish  distributions  from  different  sublayers.  By  using 
small-pulse  DLTS,  we  can  control  proper  filling  pulse  to  modulate  "sampling  space 
window'  and  measure  the  profile  of  deep  levels  in  the  depletion  region.  If  the  amplitude 
of  reverse  pulse  was  low  enough,  we  may  theoretically  get  a  very  thin  "sampling  space 
window'  and  distinguish  different  contribution  of  sublayers  in  the  heterostructures  from 
DLTS  spectra.  The  calculated  results  showed  that  for  Si  under  the  lO'Vcm3  doping 
condition,  a  60m V  smallgwulse  corresponded  to  a  6nm  "sampling  space  window",  it  is 
enough  to  detect  special  signal  of  deep  levels  in  each  sublayer  in  the  semiconductor 
heterostructure  multilayers. 

The  structure  of  measured  sample  was 
shown  in  Fig.l.  The  unintentional  doped  Si 
caplayer  and  the  SiGe/Si  multilayers  were 
grown  on  3-5  Qcm  n-type  (100)Si  substrate 
by  RTP/VLP-CVD  at  600°C(8].  SiH4  and 
GeH,  were  used  as  reactant  source  gases, 
and  the  deposition  chamber  was  kept  with 
2-8mTorr  during  growth.  For  distinguishing 
signal  contributions  between  the 
metal/semiconductor  interface  and  the  ML 
region,  a  thick  Si  caplayer  had  been  grown 
on  the  top  of  the  SiGe/Si  heterostructures. 

The  X-ray  diffraction  spectrum  was  shown 
in  Fig.2. 


III.  RESULTS  AND  DISCUSSIONS 

The  typical  DLTS  spectrum  of  SiGe/Si  heterostructure  as  prepared  was  given  in 
Fig.3a.  We  can  see  a  strong  signal  at  T„=  250K.  The  deep  level  parameters  had  been 
summarized  in  Table  1.  In  order  to  study  the  origin  of  the  deep  trap,  the  sample  was 
thermally  processed  in  vacuum  at  800°C  for  15min.  The  DLTS  spectrum  of  the  sample 
after  annealing  was  figured  out  in  Fig. 3b.  It  is  obviously  that  the  original  peak  had  split 
into  two  separated  peak  named  A  and  B  respectively.  The  small-pulse  DLTS  spectrum 
with  pulse  height  of  200mV  and  different  reverse  was  bias  shown  in  Fig.4,  Peak  B 
appeared  only  in  the  region  between  0.9V  and  1.5eV.  The  finer  measurements  with  pulse 
height  of  lOOmV  gave  active  energy,  capture  cross-section  and  intensity  in  Fig.5,  Fig.6, 
Fig.7  and  Fig.8. 
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Figure  l  Schematic  structure  of  the 
sample 
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Prom  Fig. 5  and  Fig.6,  we  could  see  that 
both  energy  level  and  capture  cross 
section  varied  in  different  sublayers,  and 
the  interfaces  between  sublayers  could  be 
clearly  seen.  The  traps  in  sublayer  a  and 
c  were  located  at  0.42eV  under  the 
conduction  band  edge,  and  the  trap  in 
sublayer  b  was  located  at  0.53eV  under 
the  conduction  band  edge,  while  in  Si  the 
trap  was  0.62eV  under  the  CB.  Similarly, 
the  capture  cross  section  of  the  trap 
behaved  differently  in  different  sublayers 
and  showedsame  trends.  A  shallower  trap 
had  smaller  capture  cross  section  than  a 
deeper  one  indicated  that  they  had 
different  defect  microstructure.  We  took 
attention  to  Fig.  7  and  Fig.8,  and  found 
that  both  trap  A  and  B  concentrated  in 
sublayer  b.  This  fact  indicated  that  the 
produced  defect  complex  related  to  misfit 
dislocations. 

In  the  heterostructure  as  prepared,  the 
thickness  of  sublayer  c  was  much  larger 
than  the  critical  value  about  I2nm,  so 
sublayer  c  was  fully  relaxed  and  sublayer 
b  were  strained.  After  thermally 
processing,  the  sublayer  b  became 
relaxing,  and  the  defects  in  the  sublayer  b 
combined  with  misfit  dislocation  to  form 
defect  complex,  while  the  deep  level 
moved  from  0.62eV  to  0.60eV  and 
0.56eV  respectively.  The  deep  trap  in 
sublayer  a  and  c  changed  from  0.62eV  to 
0.42eV,  the  stable  defect  state  in  SiGe 
alloyP]. 

Table  n  listed  the  intensity  of  deep 
level  before  annealing  and  sum  of 
intensity  of  trap  A  and  trap  B  after 


Figure  2  X-ray  diffraction 
.spectrum  of  Sio^Ge^/Si 


sublayer  was  relaxed  during  annealing  and 
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Figure  3 


annealing.  The  near  number  of  deep  traps 
before  and  after  annealing  indicated  that 
both  peak  A  and  B  were  originated  from 
die  deep  trap  existing  in  the  sample  as  prepared,  and  the  misfit  dislocation  didn’t 
introduced  new  deep  traps  and  only  combined  with  original  traps  to  form  defect  complex. 
Fig.9  gave  the  relative  magnitude  of  peak  A  and  B  as  a  function  of  depth.  It  is  constant 
of  0.37  confirmed  that  trap  A  and  trap  B  were  Si  and  Ge  related  respectively. 

Nagesh[9]  et  al.  found  that  the  mid-gap  level  was  pinned  to  the  valence  band,  so  the 
composition  of  alloy  could  be  deduced  ffom  the  energy  level  data  of  DLTS.  Using  this 
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method,  we  calculated  the  composition  of 
SiGe  alloy  as  x=0.42  for  both  sublayer  a 
and  ct  and  x=  0.22  for  sublayer  b.  The 
data  of  sublayer  b  was  lower  than  the 
designed  x  value  maybe  because  that  the 
defect  in  the  sublayer  b  was  the  defect 
complex  and  differed  from  those  in 
sublayer  a  and  c. 


IV.  CONCLUSIONS 
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Figure  4  Small-pulse  DLTS 
a**i  (~>)  spectrum  with  different  bias. 

Figure  5  Enery  level  of  trap  A  and  B 

It  had  been  demonstrated  that  the 
small-pulse  DLTS  method  were  a  useful  experimental  tools  for  studying  the  deep  traps 
and  their  distribution  in  the  SiGe/Si  heterostructures.  These  properties  allowed  a 
comprehensive  analysis  of  the  defect  in  different  space  region.  Using  the  method  we  had 
measured  the  trap  profile  in  the  SiGe/Si  multilayer,  resulting  in  distribution  of  energy 
level  and  capture  cross  section  as  well  as  trap  densities.  The  results  of  pre-  and  post 
annealing  suggested  that  thermal  processing  could  change  the  state  of  deep  traps  and  form 
defect  complex.  By  using  the  small  pulse  DLTS  we  also  obtained  the  composition  in 
different  sublayers. 


Vr-Vp(V)  N,/Nd  (N,A+N,B)/Nd  D«puur»mj 

0.4-0. 8  6.4%  6.1%  Figure  6  Capture  cross  section  of  trap  A 

0.6-1. 2  15.6%  15.1%  F 

1.2-1. 9  7.6%  5.5%  and  B 


Table  zz  Data  of  deep  trap  before  annealing 


Vp-Vr(V)  Ec-Et(eV)  Nt/N4  o.(  ca,) 

1  0.4-0. 8  0.60  6. 4«  1.3e-12 

2  0.6-1. 2  0.62  15.6%  7.5e-12 

3  1.2-1. 9  0.58  7.6%  1.2e-12 


Reverse  bias  (V) 


Figure  9  Ratio  of  intensity  of  A  to  B 
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ABSTRACT 


The  l-54pm  emission  of  erbium  implanted  SiGe  alloys  was  investigated  as  a 
function  of  oxygen  and  germanium  concentrations  as  well  as  defect  densities.  Sam¬ 
ples  of  SiGe  layers  grown  by  atmospheric  pressure  chemical  vapor  derwntkm  tech¬ 
nique  which  contain  high  concentrations  of  grown-in  oxygen  in  the  10 1  - 10  20  cm  ^ 
range  and  2  -  24  %  Ge  were  chosen  for  the  experiments.  By  using  rapid  thermal  an¬ 
nealing  in  nitrogen  atmosphere,  a  high  optical  activation  offer  was  found  by  photolu¬ 
minescence.  In  samples  with  low  detect  densities  nearly  one  third  of  the  implanted  Er 
ion  dose  could  be  detected  in  form  of  electrically  active  donors  by  spreading  re¬ 
sistance  measurements.  The  behavior  of  different  SiGe  :  Er  layers,  based  on  sample 
property  and  annealing  condition,  suggests  that  more  than  only  one  type  of  lumine¬ 
scent  Er-eomplex  is  present. 


INTRODUCTION 

Erbium  is  proposed  to  be  a  very  promising  candidate  for  the  development  of  opti¬ 
cal  elements  like  waveguides,  light  emitting  diodes  or  lasers .  The  emission  of  Er3*  is 
the  result  of  an  internal  4f  transition,  it  is  centred  at  about  1-54  pm  near  the  absorption 
minimum  of  optical  fibres,  and  is  therefore  of  great  interest  for  optical  communication 
technologies.  A  lot  of  investigations  was  performed  to  study  the  optical  and  electrical 
properties  of  Er-implanted  Si  and  to  enhance  the  efficiency  of  Er  related  lumi¬ 
nescence.*'1®  In  tiw  results  it  was  shown  that  the  intensity  of  the  Er-related  1.54  pm 
emission  depends  significantly  on  the  presence  of  additional  impurities  such  as  C,  N, 
F  or  especially  O.  Er  -  impurity  complexes  are  formed  and  the  electrical  properties  m 
well  as  the  concentration  of  optically  active  centres  are  remarkably  influenced  '  . 

Up  to  now  only  little  information14  is  available  about  the  properties  of  Er  doped 
SiGe  alloys  although  it  should  have  the  potential  as  optoelectronic  material.  The  for¬ 
mation  of  Si/SiGe:Er/Si  quantum  wells  (QW)  should  increase  the  efficiency  of  Er 
pumping  due  to  the  higher  concentrations  of  excitons  bound  to  the  Er  atoms  in  the 
QW.  However,  at  first  some  more  knowledge  of  Er-luminescence  excitation  and 
quenching  mechanisms  in  SiGe  is  needed.  , 

In  this  study  we  investigate  the  FL  spectra  of  Er  implanted  atmospheric  pressure 
chemical  vapor  deposition  (APCVDVSiGe  layers,  containing  high  grown-in  oxygen 
content  in  the  3  x  10 59  -  5  x  10  20  cm-3  range.  Changes  of  the  PL  spectra  and  the  inten¬ 
sities  of  the  main  Er  lines  as  well  as  the  Er-related  donor  concentrations  are  studied  in 
dependence  on  the  SiGe  layer  properties  and  the  rapid  thermal  annealing  (RTA)  con¬ 
ditions. 


EXPERIMENTAL 


The  main  characteristics  of  the  SiGe/Si  samples,  used  in  our  experiments,  are  given 
in  Table  1.  The  epitaxial  SiGe  layers  were  grown  in  an  APCVD  process  at  1000  K  on 
four  inch  (100)  p-type  silicon  wafers  *5.  Erbium  ions  were  implanted  at  room  temper¬ 
ature  with  70  KeV  using  the  *“  Er  isotopes.  The  Er  dose  was  1.3  x  10  cm"  ,  re¬ 
sulting  in  a  peak  Er  volume  density  of  about  5  x  1018  cm’3  in  the  SiGe  layer  in  a  depth 
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Table  1.  CbamctertatfexofSlO  a— phi  aeed  for  Er 


of  about  40  *  45  nm.  RTA  was  per¬ 
formed  in  dry  nitrogen  or  argon- 
hydrogen  atmosphere  at  tempera¬ 
tures  of  850  -  950  °C  for  10  -  600 
seconds. 

The  Er-related  photoluminescence 
(PL)  spectra  were  investigated 
using  the  488  nm  line  of  a  6WCW 
argon  ion  laser.  The  samples  were 
immersed  in  liquid  helium.  The 
emitted  light  was  dispersed  in  a 

mator  and  detected  by  a  Uquid-nitrogen-cooled  ge^nSm^cteT^' Erprofiles 
as  well  as  the jgrown-tn  oxygen  content  were  controlled  by  secondary  ion  mass  spec¬ 
troscopy  (SIMS).  The  Er  mated  carrier  concentrations  were  determined  by  means  of 
spreading  resistance  (SR)  and  Hall  measurements.  Au  Schottky  diodes  were  prepared 
fcr  deep  level  transient  spectroscopy  (DLTS). 
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RESULTS  AND  DISCUSSION 


Figure  la  shows  die  typical  SIMS  profile  of  Er  dis¬ 
tribution,  measured  for  the  as-implanted  state  of 
sample  C.  The  profile  remains  nearly  unchanged  af¬ 
ter  RTA  under  fire  conditions  usea  in  our  experi¬ 
ments.  The  distribution  of  Er-related  donors,  which 
are  attributed  to  the  formation  of  electrically  and  op¬ 
tically  active  Er-O  complexes,  is  also  demonstrated 
(Figure  lb).  It  is  seen  mat  both  profiles  are  located 
inside  the  SiGe  layer. 

The  PL  spectra  of  an  Er-implanled  SiGe  layer  with 
low  Ge  concentration  (sample  A)  which  was  an¬ 
nealed  in  1SU  at  900 °C  foe  50, 100  or  400  s,  are  shown 
in  Figure  2.  More  than  8  emission  lines  are  seen, 
leading  to  the  assumption  that  the  Er  atoms  are  loca¬ 
ted  in  a  lower  than  tetrahedral  (Td)  symmetry 16  and 
form  different  types  of  luminescent  Er  complexes. 
The  arrows  give  the  energy  positions  which  corre¬ 
spond  to  the  first  four  lines  measured  by  Tang  et  al. 
17  for  CZ-Si  with  Er  incorporated  in  Tj  symmetry. 
Besides  the  most  intense  emission  line  at  i536nm  the 


Hg- 1-  SIMS  profile  of  Er  distri¬ 
bution  in  foe  SiGe  layer  of  sam¬ 
ple  C  (a)  and  SR  profile  of  Er- 
related  donors  measured  after 
RTA  at  900°  C  for  50  sec  (b). 


other  lines  -t  1555, 1574,  and  1598  nm  are  detected 
with  much  lower  intensity  than  in  Si,  often  visible  in 
the  shoulder  of  a  neighboured  line  only.  Some  essen¬ 
tial  lines  which  are  typical  for  our  Er-implanted  SiGe 
layers  are  found  at  wavelengths  of  1544, 1552, 1566, 
and  1572  nm.  Comparing  the  spectra  in  Figure  2,  we 
observe  changes  in  the  luminescence  intensities  after 
longer  annealing^  A  time  dependent  decrease  of  the  lines  at  1544  or  1552  nm,  which 
follow  the  main  Er  line  at  1536  nm  next  in  intensity,  is  found.  The  intensity  reduction 
follows  the  square  root  of  annealing  time  ta ;  the  slope  depends  on  foe  temperature 
(Figure  3).  Obviously,  the  intensity  reduction  is  stronger  m  samples  with  higher  Ge 
and  O  concentrations.  The  dependence  on  the  Ge  content  is  shown  in  Figure  4  for  the 
samples  A,B  and  D,  having  oxygen  in  the  same  order  of  magnitude. 

Samples  with  high  grown-in  oxygen  content  had  been  used  in  our  experiments  to 
2*  5ure_„  *  *  large  amount  of  Er  atoms  is  able  to  link  with  O,  forming  hign  concentra¬ 
tions  optically  active  Er-O  complexes  and  the  corresponding  electrically  active  donor 
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Fig.  2.  Er-related  PL  spectra  of  sample  A,  after  RTA 
inNjM  900 °C  for  50  s  (a),  100  s  (b),  and  400  s  (c). 


(Annedng  Tim*  |»))'»* 


Fig.  3.  PL  intensity  of  emissions  at  1544  nm  (1),  (2) 
and  1552  nm  (3),  (4),  normalized  on  the  most  intense 
Er  line  at  1536  nm  as  a  function  of  annealing  time 
and  temperature.  ( 900°C :  (1),  (3),  850 °C :  (2),  (4)  ) 


states.  The  correlation  between  the  Er-related  donors 
formed  during  annealing  in  N2  at  850  or  900  °C  for 
'  25  -  600  s,  and  foe  PL  intensity  of  foe  1536  nm  Er  line  is  shown  in  Figure  5  (curve  1) 
for  sample  A.  A  nearly  linear  dependence  is  found,  supporting  foe  assumption  that 
foe  formation  of  high  donor  concentrations  is  a  key  for  increased  Er  luminescence. 
The  distribution  of  the  donors  in  foe  SiGe  layer  of  sample  A  is  shown  in  Figure  6  for 
one  of  foe  best  activation  results  obtained  after  RTA  at  850  °C  for  200  s.  It  results  in  an 
electrically  active  Er  dose  of  4.5  x  10 12  cm"2,  about  one  third  of  foe  implanted  Er  ion 
dose  of  1.3  x  10 13  cm  .  The  maximal  Er-related  donor  concentrations  of  foe  different 
samples  are  listed  in  Table  2.  Large  differences  of  some  orders  of  magnitude  and  even 
.  concentrations  below  foe  detection  limit  were  found  for  the  same  annealing  con- 


Oa  Cental*  (K) 


Hg  4.  PL  intensity  of  1544  nm  (1)  and  1552 
nm  lines  (2)  normalized  on  the  most  intense 
Er  line  at  1536  nm  in  dependence  on  the  Ge 
concentration  of  foe  SiGe:Er  samples,  mea¬ 
sured  after  RTA  at  900  °C  for  50  s. 


Fig.  5.  PL  intensity  vs.  maximal  Er  donor 
concentration,  as  extracted  from  SR  profiles 
of  sample  A  after  RTA  in  N2 :  (1)  at  850 9C 
and 900 °C  for  25-600S,  (5) at 950 °C for 
10  s. 
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ditions.  If  it  Is  comet  to  correlate  electri¬ 
cal  with  optical  activations,  one  has  to  ex¬ 
pect,  that  the  concentrations  of  optically 
active  Er  (and  therefore  the  lumi¬ 
nescence  intensity)  must  be  quite  low  in 
samples  with  low  (or  even  without)  Er- 
related  donor  concentrations.  But,  com¬ 
paring  die  luminescence  in  dependence 
on  die  pump  power,  less  differing  inten¬ 
sities  are  observed  (Figure  7).  The  lumi  - 


T fete  2.  Maximal  Er-telued  donor  cooceianUoa* 

Sample  Donor  Concentration  (cm’3) 

A  )-8xl0*7 

B  S  2.5xl015 

C  0.4- lx  10  17 

D  4-5x10*5 


nescence  intensity  increases  continuously  with  the 
pump  power  in  all  samples.  Powers  higher  than  500 
mW  were  avoided  to  be  on  the  safe  side  that  the  sam- 


8  w 17  ■  might  rive  some  more  informations  cm  the  differ- 

~  *  ences  of  optically  active  rites  in  the  samples,  could 

Inot  be  determined.  The  results  suggest  that  the  pum- 
,  ping  efficiency  is  a  very  deciding  tactor  for  high  hi- 

minescence  intensity  at  a  fixed  power  below  the  satu- 
*•"  -  ,  ration  level.  Crystallographic  defects  and  oxygen  at¬ 

oms  in  too  high  concentrations  which  are  not  linked 
1  to  Er  atoms  provide  additional  centres  for  nonradiati- 

I  '  ve  e-h  recombination,  reducing  the  pumping  efficien- 

J  jj  •  cy  of  Er  luminescence.  This  should  also  explain  the 

*  different  behavior  of  samples  B  and  D  (having  higher 

- 1 — ^ — 1 — —  defect  densities  and  very  high  oxygen  content)  in 

•  _  **  *  comparison  to  sample  C  with  low  defect  density  and 

*■■*  an  order  of  magnitude  lower  O  concentration. 

One  should  expect  that  the  formation  of  disloca- 
Fig.  6.  Distribution  of  Er-rela-  tions  (detected  bv  the  defect  related  Mines  in  the  PL 
ted  donors  in  the  SiGe  layer  of  »!*ctr«)  due  to  the  relaxation  of  SiGe  during  RTA  is  a 
sample  A,  obtained  after  RTA  tod*1  ^ason  for  a  strongly  reduced  Er  pumping  ef- 
inN^ at  850%  for 200 s.  ^jency.  But,  as  recently  retried18  the  appearance  of 

L  D-lines  is  not  a  guarantee  for  the  disappearance  of  Er 

luminescence.  Additional  broad  band  lu¬ 
minescence  (BBL)  is  also  not  sufficient  to  7  - — - - — 

suppress  tire  Er  luminescence,  as  shown  in  _  „  x  c 

Figure  8.  I  T«4*K  X 


T-4.8K 


cy  of  our  SiGe  umples.  1.  Yassievich  and 
L-C.  Kimeriing19  have  shown  by  calcula- 
tions  that  the  excitation  mechanism  of 
rare-earth  atoms  in  semiconductors  occurs 
most  likely  through  a  resonant  Auger  pro¬ 
cess  in  which  an  e-h  pair  recombines  and, 
as  a  result,  the  excitation  of  a  4f  shell  elec¬ 
tron  in  the  Er  atom  is  achieved.  1fr?y  con¬ 
cluded,  if  Er  has  a  charge  or  exists  in  a 
charged  complex,  free  carriers  acquire  a 
greater  probability  to  occur  in  the  vicinity 
of  the  charged  Er  atoms  and  therefore  also 
the  probability  of  Er  excitation  must  be  in- 
creased.Taking  into  account  these  consid- 


100  too  000  400  BOO  #00 
Pump  Power  (iriW) 


Fig.  7.  PL  intensity  of  the  1536  ran  line  of 
samples  A  -  D,  measured  at  4.2  K  in  de¬ 
pendence  on  the  pump  power  ( after  RTA 
biNi  a 1 850 °C  for  200  s  ). 
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Nations  we  have  to  expect  that  in  samples  A 
and  C  the  pumping  efficiency  should  De  in¬ 
creased  also  due  to  the  much  higher  Er- 
related  donor  concentrations  compared  to 
samples  B  and  D. 

But  the  fact  that  Er  luminescence  is  also 
round  in  samples  without  Er-fdated  donors 
suggests  that  these  donors  are  not  imperative 
for  luminescence.  The  results  let  us  assume 
the  existence  of  more  than  one  type  of  lumi¬ 
nescent  Er.  This  is  in  agreement  with  experi¬ 
ments  where  Er  was  introduced  in  p-  or  n- 
type  Si  bydiffasion  from  Er-oontairang  sur¬ 
face  films.  "Instead  of  donors,  acceptor  states 
were  formed,  but  nevertheless  Er  lumines¬ 
cence  coukl  be  measured. 

We  have  no  hint  from  our  experiments  that 
Er -related  acceptors  are  possibly  formed  dur¬ 
ing  longer  annealing,  compensating  the  donor 
states.  Therefore  we  assume  that  uncharged 
luminescent  Er  might  be  at  least  coexistent  in 
our  SiGe  layers. 


Fig- 8.  PL  spectra  of  sample  E  after  RTA  la 
N2  at  900  °C  for  400  «.  The  Er-  related  le¬ 
nd nescience  Is  coexistent  with  BBL  sad  D- 
Unehanlnescence. 

the  donor  formation  after  an¬ 
nealing.  Figure  9  shows  the  DLTS 
spectra  of  sample  C  measured  at 
reverse  bias  V»«  -IV  for  different 
pulse  biases,  indicating  that  the 
deep  level  concentration  N-  is  ma¬ 
ximal  near  foe  surface.  Assuming  a 
shallow  donor  concentration,  in¬ 
duced  by  Er  implantation  and  an¬ 
nealing,  of  about  10  17  cm"3  as  re¬ 
vealed  by  the  SR-measurements  for 
this  sample  (see  Figure  lb),  a  level 
concentration  Nj.  or about  10®  ari^ 
is  roughly  estimated.  The  thermal 
activation  energy  of  the  electron 
emission  rate  obtained  from  the 
Arrhenius-plot  of  en  /Pis  about 
034  eV.  In  difference  to  our  results 
foe  Er-implanted  Si  samples  inves¬ 
tigated  by  }.L.Benton  et  ai.  * exhibit 
nine  levels  in  relative  high  concert- 

ffgh/mc  W atilan  1  it 


Additionally,  de«p  level  transient  spectro- 
scopy  was  performed  to  study  foe  electrically 
active  defects  which  are  related  to  Er  implan¬ 
tation  in  SiGe.  Au-Schottky  diodes  were  used 
for  tiie  DLTS  -investigations  of  the  Er-implan¬ 
ted  SiGe  layer  of  n-type  conductivity  due  to 
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Fig.  9.  DLTS  spectra  of  sample  C,  measured  at  Au 
Scbottky  diodes  for  reverse  bias  VR  *  - 1  V  and  pulse 
biases  V. «- 0.5(a).  V,«0V(b).  V. -0.5  V(c). 
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trations.  Maybe  that  in  our  case  the  RTA  procedure  leads  to  a  more  complete  an¬ 
nealing  of  Er-implantation  induced  defects  (which  might  be  less  severe  due  to  lower 
implantation  energy)  compared  to  the  furnace  heat  treatment  used  by  Benton. 


SUMMARY 


Er  implanted  APCVD  SiGe  layers  show  similar  PL  spectra  as  they  are  found  in  CZ-Si 
co-implanted  with  Er  and  O.  The  similarities  concern  the  energetic  positions  of  the 
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spectra,  not  the  intensity  ratios.  Less  resolution  and  line  broadening  are  seen  with  in¬ 
creased  Ge  content.  As  expected,  the  high  grown-in  oxygen  content  of  the  SiGe 
layers  enhances  the  formation  of  optically  active  Er-O  complexes.  In  samples  with 
low  crystallographic  defect  densities  a  nearly  linear  correlation  was  found  between 
the  PL  intensity  of  the  main  Er  line  at  1536  nm  and  the  Er-related  shallow  donor  con¬ 
centration.  Using  appropriate  RTA  conditions  to  annihilate  implantation  damage 
and  to  activate  Er,  maximal  donor  concentrations  as  high  as  8x10  "  an"3  are  ob¬ 
tained.  About  one  third  of  the  implanted  Er  ion  dose  of  13  x  10 13  cm'2  is  electrically 
activated  in  this  case.  The  results  obtained  for  our  different  SiGe:Er  samples  suggest 
the  existence  of  more  than  one  luminescent  Er-complex  and  show  that  tne  formation 
of  Er-related  donor  states  is  not  imperative  for  Er  luminescence.  We  assume  that  un¬ 
charged  luminescent  Er-complexes  are  at  least  coexistent  in  the  SiGe  :Er  layers. 
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ABSTRACT 

Amorphous  silicon  nitrogen  alloy  (a-Si:Nx)  thin  films  have  been  deposited  using  a 
novel  hot  filament  chemical  vapor  deposition  (HFCVD)  technique.  In  this  method,  a  hot 
tungsten  filament  is  used  to  decompose  ammonia  to  obtain  highly  reactive  nitrogen  precursor 
species  which  further  react  with  disilane  to  form  silicon  nitride  thin  films.  This  allows  for 
very  high  deposition  rates  ranging  from  600  A/min  to  2500  A/min  at  low  substrate 
temperatures.  These  films  deposited  at  high  rates  show  strong  photoluminescence  (PL)  at 
room  temperature  in  the  visible  region  when  excited  with  the  457  nm  line  of  Ar+  ion  laser. 
Intrinsic  defects  introduced  into  the  amorphous  silicon  nitride  matrix  due  to  the  rapid 
deposition  rates  seem  to  give  rise  to  the  visible  PL.  The  PL  intensity  is  at  least  8-10  times 
stronger  than  silicon  nitride  films  deposited  by  conventional  plasma  enhanced  CVD.  PL  peak 
position  of  this  broad  luminescence  was  varied  in  the  visible  region  by  changing  the  film 
stoichiometry  (Si/N  ratio).  The  PL  peak  energy  also  scales  predictably  with  the  refractive 
index  and  optical  band  gap  of  the  films.  These  samples  showed  reversible  PL  fatigue  and 
also  have  band  edge  tail  states  characteristic  of  amorphous  materials. 

INTRODUCTION 

Amorphous  silicon  nitride  (a-SiNx:H)  is  widely  used  in  the  microelectronics  industry 
for  various  applications  including:  oxidation  mask,  dopant  diffusion  barrier,  gate  dielectric  in 
field  effect  and  thin  film  transistors,  encapsulant  for  III-V  semiconductors,  interlevel 
dielectric,  charge  storage  layer  in  MNOS  non-volatile  memories  and  final  passivation  layer 
for  device  packaging.  Low  temperature  (25-400°C)  deposition  schemes  have  been 
particularly  important  due  to  the  increasing  complexity  of  semiconductor  processing  and  a 
need  for  thermal  budgeting.  Several  different  low  temperature  deposition  methods  have  been 
employed  in  the  past,  which  include  plasma  enhanced  CVD,  remote  plasma  CVD,  ECR- 
plasma  and  sputtering.  Another  novel  deposition  technique  has  also  been  reported  that 
employs  a  hot  metal  filament  to  activate  the  reactant  gases.  The  hot  filament  activation  of 
gases  allows  low  temperature  deposition  (200-400°C)  of  a  variety  of  films,  including 
amorphous  silicon,  boron  nitride,  gallium  nitride,  silicon  nitride  and  silicon  carbide.  We  have 
deposited  good  quality  silicon,  aluminum  and  titanium  nitride  films  in  the  past  with  the  hot 
filament  method  [1-3]. 

The  properties  of  silicon  nitride  films  obtained  are  strongly  dependent  on  the  method 
of  deposition.  The  deposition  parameters  such  as  deposition  temperature,  reactor  pressure, 
film  deposition  rate,  and  plasma  conditions  (rf  power,  substrate  bias)  significantly  affect  the 
film  properties.  Various  characterization  techniques  have  been  utilized  to  study  the  relevant 
properties  of  these  films.  Electron  spin  resonance  (ESR)  has  been  a  useful  technique  in 
measuring  the  density  of  dangling  bond  centers  (both  silicon  and  nitrogen)  in  a-SiNx:H.  The 
electron  and  hole  trapping  centers  associated  with  dangling  bonds  in  these  films  have  also 
been  studied  [4,5].  Some  studies  have  reported  visible  photoluminescence  (PL)  from  silicon 
nitride  films  deposited  by  the  plasma  enhanced  method  [6,7].  The  bonding  configuration  (and 
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hydrogen  content)  in  the  films  has  been  measured  with  infrared  absorption.  The  hydrogen 
content  has  also  been  determined  from  elastic  recoil  detection  measurements  [8].  The 
hydrogen  content  in  the  films  is  known  to  affect  their  etch  rates  in  standard  etchants  such  as 
buffered  hydrofluoric  acid  (BHF). 

In  the  present  study,  various  properties  of  silicon  nitride  films  deposited  by  Hot 
Filament  assisted  CVD  (HFCVD)  method  are  being  reported.  The  films  have  been 
characterized  by  FTIR,  elastic  recoil  detection,  BHF  etch  rates,  photoluminescence,  and 
optical  band  gap  measurements.  The  properties  of  our  HFCVD  films  have  been  compared 
with  those  of  films  deposited  by  a  conventional  plasma  enhanced  CVD  technique. 

DEPOSITION  AND  CHARACTERIZATION  OF  FILMS 

The  experimental  system  used  in  this  study  was  the  same  as  reported  earlier  [1,2]. 
Briefly,  the  reactor  consists  of  a  cold-wall,  six-inch,  six-way  stainless  steel  chamber  capable 
of  processing  a  single  two-inch  wafer.  The  reactor  pressure  was  measured  with  a  capacitance 
manometer  and  controlled  by  an  exhaust  throttle  valve.  Reactant  gases  were  fed  into  the 
reactor  via  two  inlets:  one  to  feed  ammonia  which  flowed  over  the  filament  and  the  other  was 
a  gas  dispersal  ring  that  bypassed  the  hot  filament  to  deliver  disilane  along  with  the  carrier 
gas.  The  substrates  were  clamped  to  a  stainless  steel  susceptor  heated  by  two  cartridge 
heaters.  The  substrate  temperature  was  monitored  using  a  type  C  thermocouple  clamped  to 
the  susceptor  surface  close  to  the  substrate.  The  filament  was  a  resistively  heated  tungsten 
wire  (dia~0.25  mm)  placed  4  cm  away  from  the  substrate.  The  filament  temperature  was 
measured  with  an  optical  pyrometer  through  a  quartz  viewport  on  the  reactor.  The  silicon 
nitride  films  were  deposited  onto  2-inch  p-type  silicon  (100)  wafers.  The  substrates  were 
cleaned  with  solvents  and  stripped  of  the  native  oxide  with  10%  HF  just  prior  to  deposition. 
The  deposition  parameters  used  in  this  study  are  summarized  in  Table  I. 


Table  I.  Deposition  parameters  for  a-SiNx:H  Thin  Films 


Parameter 

Set  points) 

Reactor  pressure 

0.5  tore 

Substrate  temperature 

245  -  375 °C 

Filament  temperature 

1500-1 700 °C 

Ammonia  Flow  rate 

80  seem 

Carrier  gas  flow  rate: 
Hydrogen 

230  seem 

Disilane  flow  rate 

1.1  -  3.2  seem 

The  hydrogen  content  in  the  films  was  measured  by  infrared  absorption  of  the  NH- 
and  SiH-stretching  bands  and  also  with  elastic  recoil  detection  (ERD)  from  a  2.0  MeV  He2* 
beam  line.  The  film  etch  rates  in  buffered  HF  solution  were  determined  by  monitoring 
thickness  change  with  an  ellipsometer.  Photoluminescence  experiments  were  performed 
using  an  ISA  THR  1000  spectrometer  with  S  A  resolution.  The  PL  was  excited  with  the  4S7 
run  line  of  an  Ar+  laser  at  100  mW  power.  The  PL  intensity  was  measured  in  a  back- 
scattering  geometry.  The  optical  band-gap  of  the  films  was  determined  by  depositing  films 
on  UV- grade  quartz  and  measuring  absorption  with  a  Cary  UV-Visible  spectrophotometer. 
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RESULTS  AND  DISCUSSIONS 


Table  II  summarizes  the  properties  of  films  deposited  at  three  different  substrate 
temperatures.  The  hydrogen  content  in  the  films  was  determined  from  the  infrared  absorption 
crossections  reported  elsewhere  [9].  These  measurements  were  compared  with  the  hydrogen 
concentrations  measured  with  elastic  recoil  scattering  (using  2  MeV  He2*  ions).  As  shown  in 
Table  II,  the  hydrogen  content  measured  with  the  two  techniques  are  in  close  agreement.  The 
film  etch  rates  in  buffered  HF  correlate  well  with  the  hydrogen  content  (and  substrate 
temperatures)  in  the  films.  The  low  etch  rates  of  these  films  indicate  that  the  films  are  of 
higher  density  than  the  PECVD  films. 


Table  II.  Effect  of  Substrate  Temperature  on  Film  Properties 


Substrate 

Temperature 

Deposition 
Rate  (A/min) 

Refractive 

Index 

FT® 
Hydrogen 
Content  (%) 

ERD 

Hydrogen 
Content  (%) 

BHF  Etch 
Rates 
(A/min) 

375°C 

630.0 

2.08 

6.0 

9.5 

25.2 

300°C 

585.0 

2.04 

7.5 

13.4 

51.7 

245°C 

540.0 

2.04 

14.6 

17.7 

79.7 

350°C 
(PECVD  1) 

56.0 

1.88 

12.0 

— 

518.0 

The  a-SiNx:H  films  deposited  by  HFCVD  has  shown  strong  visible 
photoluminescence  at  room  temperature.  The  PL  peak  energy  can  be  shifted  to  the  blue  by 
increasing  the  optical  band  gap.  This  was  accomplished  by  decreasing  the  disilane  flow  rate, 
and  therefore,  decreasing  the  silicon  content  (or  Si/N  ratio)  in  the  films.  The  changes  in  film 
properties  with  disilane  flow  rate  are  included  in  Table  III.  As  shown  in  Figure  1,  the  PL 
peak  shifts  to  the  blue  with  increasing  band  gap  of  the  films.  Also  the  relative  PL  intensity 
decreases  with  the  increasing  optical  band  gap.  This  may  be  due  to  two  possible  reasons:  1) 
the  excitation  at  457  nm  is  not  as  efficient  for  wider  band  gap  films,  or  2)  there  are  larger 
number  of  non-radiative  decay  paths  in  these  films.  Annealing  studies  at  a  temperature 
(800°C)  much  higher  than  deposition  temperature  have  revealed  that  these  defects  are  very 
stable  even  after  4.25  hrs.  of  annealing  in  both  argon  and  hydrogen  atmosphere  (see  Figure  2). 
It  should  be  noted  that  the  PL  intensity  of  the  HFCVD  films  is  at  least  8-10  times  stronger 
than  the  PECVD  films. 

Further  studies  are  needed  to  understand  the  exact  origin  of  these  optically  active 
defects.  We  have  also  observed  weak  electroluminescence  (red  color)  from  these  films  using 
a  simple  p-i-n  diode  structure.  We  could  not  fabricate  bright  luminescent  structures  due  to  the 
lack  of  appropriate  doped  wide  band  gap  layers  for  efficiently  injecting  carriers  into  the 
intrinsic  silicon  nitride  layer.  One  study  has  recently  reported  the  fabrication  of  LED's  with 
silicon  nitride  as  the  active  layer  [10].  These  optically  active  defects  could  be  potentially 
useful  for  use  in  large  area  electroluminescent  displays. 
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Figure  1 .  Optical  band  gap  and  room  temperature  PL  intensity  of  SiNx  films. 
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Figure  2.  Effect  of  high  temperature  annealing  on  PL  from  HFCVD  and  PECVD  films. 
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Table  Ill.  Effect  of  Silicon  source  gas  flow  rate  on  room  temperature 
Photoluminescence  in  Silicon  Nitride  Films 


Film# 

Disilane  Flow  Rate 
(seem) 

Optical  Band 
Gap  (eV) 

PL  Peak 
Position(s) 
(eV) 

Relative 

intensity 

S2N1 

1.1 

4.74 

2.2  &  1.92 

0.07 

S2N2 

1.6 

4.39 

2.08 

0.20 

S2N3 

2.1 

4.17 

2.05 

0.56 

S2N4 

2.7 

3.03 

2.01 

0.64 

S2N5 

3.2 

2.43 

1.76 

1.0 

PECVD  1 

(Low  silane) 

5.33 

2.23 

0.41 

PECVD2 

(High  silane) 

4.40 

1.98 

1.0 

SUMMARY 

In  this  paper,  we  have  shown  that  silicon  nitride  thin  films  deposited  with  a  novel 
HFCVD  process  have  low  hydrogen  content  compared  to  films  obtained  by  conventional  low 
temperature  plasma  deposition  and,  therefore,  have  low  etch  rates  in  BHF.  The  optical  band 
gap  can  be  varied  by  changing  the  film  stoichiometry.  These  films  show  strong  visible 
photoluminescence.  The  optically  active  defects  are  stable  even  after  prolonged  high 
temperature  annealing.  The  nature  of  the  luminescence  centers  in  these  films  is  presently 
being  studied  in  further  detail  and  will  be  presented  in  the  near  future. 
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ABSTRACT 

We  investigate  the  effects  of  charged  impurities  in  n-type  Silicon  inversion  layers.  We 
show  the  occurrence  of  ground  and  excited-state  impurity  bands  as  a  function  of  electric 
field  and  concentration.  Also  the  effects  of  disorder  and  for  given  impurity  concentrations, 
the  lowest  excited  band  play  an  essential  role  in  the  optical  and  transport  measurements. 
For  high  electric  fields  the  impurity  bands  go  to  the  ideally  2D  separated  bands. 


Impurities  in  Silicon  inversion  layers  have  been  the  subject  of  considerable  experimental 
and  theoretical  interest  [1,2].  The  main  purpose  of  this  work  is  to  investigate  the  ground 
and  excited-state  impurity  bands  as  a  function  of  electric  field  and  impurity  concentration, 
subject  to  disorder  in  comparison  to  the  unperturbed  first  conduction  subband  (UFCS) 
edge.  In  the  wake  of  a  recente  work  on  ground  charged  impurities  n-type  Si-inversion  layers 
[2],  we  assume  the  Hamiltonian  in  a  random,  one-body  tight-binding  approximation,  with 
monovalent  impurities  as 


H  =  E*  £  |*><i|  +  (l) 

where  Ef  is  the  binding  energy,  which  is  taken  as  our  energy  origin  below  the  edge  of  the 
UFCS,  A  are  the  states  (ground  and  lowest  excite  states)  to  be  considered,  and  VJj  is  the 
random  energy  integral,  i.e.,  hopping  integral. 

The  impurity  bandwidths  and  the  density  of  states  are  calculated  from  the  Green’s  func¬ 
tions 


ejf'M  =<  °l“- 


1 


—  H  ±ie 


a,]0  > 
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(2) 
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with  configuration  averaging  over  the  random  distribution  of  impurities  [2].  The  density  of 
states  is  given  by 


=  Z±  <  GSWH  >, 

where  <  ...  >  means  configuration  averaging  and  Z±  =  u>  ±  it,  and 

f _ niw _ 

4*2u>2  J  1  -  Nalt{u>)/u>V(K)' 


(3) 


(4) 


where  Nox  is  the  inversion  layer  impurity  concentration  and  V(I\)  is  the  Fourier  transform 

of  vs,. 

Defining 


^  =  {Ara*2[u(w)  +  fs(w)]}' 


(5) 


where  a"  is  the  effective  Bohr  radius,  given  by  a *  =  22A,  we  easily  found  the  bandwidth 
values  and  the  density  states,  now  in  the  form 


D(u>)  =  — -Im 

it 


(H 


(6) 


For  the  Si-SiOj  system  we  adopt  R"y  =  42meV'.  We  get  the  binding  energy  from  variational 
solution  for  the  isolated  impurity  as  [3] 

Ef  =<  0Aj  -  V2  „  -  vVj  +  6-  +  ez  -  2<J>(r)|0A  >  (7) 

where  e  is  the  external  electric  field,  6  e  v  are  related  the  dielectric  constant  and  the  effective 
mass  respectively  and  $(r)  is  the  screened  Coulomb  potential  [3]. 

Then  we  get  Ef  from  the  relation 

Ef  =  Eo  -  Ex  ,  A  =  2p0  ,  3d±i ,  (8) 

where  Eo  is  the  energy  value  without  impurity.  The  wave  functions  are  described  by 

^x(r)  =  $x(x,y)v(z),  (9) 
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where 


P.{R)  =  exp(—  a0R/2)  (10) 

represents  the  ground  state,  and 

/  a*  \  *^2 

{x±iy)exp(-atR)  (11) 

represents  the  lowest  excited  state  and  R  =  R(x,y).  The  function 

<?(*)  =  exp(-ftz),  (12) 

is  the  lowest  electric  subband.  The  parameters  a0,  a,  and  b  are  determined  variationally  by 
Bq.(7). 

The  Fourier  transforms  of  the  hopping  terms  Vx]  are  obtained  for  these  states  respectively 


V,„AI<) 


(EL  +  ^i,<2) 


2 


a'2R'y 


(13) 


and 


W*)  =  -(*&.+« 


'2K2)  *  | 


1 


3a?F(/C)3 


[16  F(I<Y  4F(K) 


-]} 


(14) 


where 


In  Fig.  1  we  show  the  density  of  states  for  2 p0  and  3d±\  bands  for  different  impurity  concen¬ 
trations  (N„)  with  an  electric  field  of  e  =  103  esu  and  depletion  concentration  Nd  =  1.9x  1012 
cm~2  presented  in  the  Si-Si02  inversion  layer.  Increasing  NOI  the  bandwith  will  enlarge  and 
eventually  cross  the  UFCS.  The  3d±!  band  will  overlap  more  with  the  2p„  band,  increasing 
faster  its  peak  and  crossing  the  UFCS  first  than  the  2 p0  band.  These  behaviour  will  play 
an  essential  role  in  the  optical  and  transport  measurements  [1-4,5].  For  high  electric  fields 
the  impurity  bands  go  to  the  ideally  2 D  separated  bands  [6,7]  with  no  screening  as  shown 


DENSITY  OF  STATES  (a 


* 


-5  -A  -3  -2  -I  0 


ENERGY  (Ry*> 

Figure  2.  Density  of  states  for  high  electric  field  e  =  1010  esu  with  Nox  =  10  x  1011  cm-*. 


in  Fig.  2.  We  found  for  e  =  1010  esu,  EfD  a*  4/E*  and  E^d±l  =  as  in  the  previous  works 
[6,7]. 
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ABSTRACT 

We  report  preliminary  results  of  a  study  of  the  activation  volume  for  diffusion  of  arsenic  in 
germanium.  High-temperature  high-pressure  anneals  were  performed  in  a  liquid  argon  pressure 
medium  in  a  diamond  anvil  cell  capable  of  reaching  5  GPa  and  750s  C,  which  is  externally  heated 
for  uniform  and  repeatable  temperature  profiles.  The  broadening  of  an  ion-implanted  arsenic 
profile  was  measured  by  Secondary  Ion  Mass  Spectrometry.  Hydrostatic  pressure  retards  the 
diffusivity  at  575°  C,  characterized  by  an  activation  volume  that  is  +15%  of  the  atomic  volume  of 
Ge.  Implications  for  diffusion  mechanisms  are  discussed. 

INTRODUCTION 

Bulk  diffusion  in  crystalline  solids  is  mediated  by  point  defects,  such  as  vacancies  in  metals.  The 
diffusivity  can  be  perturbed  by  changing  the  equilibrium  concentration  of  point  defects  with 
hydrostatic  pressure.  High  pressure  typically  reduces  the  diffusion  constant  in  metals,  suggesting  a 
vacancy  mechanism  for  diffusion  [1-3].  High  pressure  techniques  can  also  be  used  to  study  the 
defects  mediating  diffusion  in  semiconductors.  The  slow  rate  of  diffusion  in  elemental 
semiconductors  however,  requires  very  high  temperatures  to  achieve  measurable  diffusivities. 
High  temperature,  high  pressure  devices  suitable  for  these  experiments  have  proved  difficult  to 
make.  Werner  et  at  [4]  used  a  compressed  gas  cell  to  measure  the  activation  volume  of  self 
diffusion  of  germanium  in  intrinsic  and  doped  germanium.  However  they  were  limited  to  a 
maximum  pressure  of  0.6  GPa.  In  this  paper  we  report  preliminary  results  of  a  technique  capable 
of  attaining  much  higher  pressures  with  less  ride  of  contamination,  applied  to  the  diffusion  of 
arsenic  in  germanium. 

The  diffusivity  of  a  random-walking  species  in  a  cubic  system  is: 

D  =  iX’r  (1) 

where  X  is  the  jump  distance  and  T  is  the  jump  rate.  In  the  transition  state  theory  [5]  the  jump  rate 
is: 

r  =  Pvexp(-AG„/*r)  (2) 
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Fig.  1.  Standard  free  energy  vs.  system  configuration  as  atom  jumps  across  barrier  to  new 
position.  A Gm  is  the  barrier  to  migration. 
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where  AG.  is  the  free  energy  of  migration  v  is  the  attempt  frequency,  kT  has  the  usual  meaning 
and  P  is  the  probability  that  there  is  a  defect  in  a  position  for  the  jump  to  take  place.  Assuming 
random  site  occupation,  the  probability  that  the  defect  exists  next  to  the  jump  site  is: 

P  =  exp(-AG°/kT)  (3) 

where  A G°  is  the  standard  free  energy  of  formation  the  defect  in  the  process  depicted  in  Fig.  2. 
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Fig  2.  Vacancy  Formation 


The  final  form  the  diffusivity  is: 


D  =  avX*  exp(-AG'Ar)  (4) 

where  AG*  =  AG°  +  AG„  and  a  is  a  geometrical  factor  that  takes  into  account  the  crystal 
structure  and  die  diffusion  mechanism  [6]. 

The  familiar  activation  enthalpy  comes  from  the  dependence  of  AG’  on  reciprocal  temperature. 
The  activation  volume  comes  from  the  dependence  of  AG’on  pressure  using  the  thermodynamic 
identity 


V 


3G 


(5) 


which,  when  applied  to  Eq.  (4),  yields 


av*= -tr¬ 


ain  D\ 


dP 


+tr- 


dln(avX2) 


dP 


(6) 


where  AV*  is  the  activation  volume.  The  second  term  is  has  been  shown  to  be  small  [4],  Hence 
the  activation  volume  is  determined  experimentally  by  a  measurement  of  the  pressure-dependence 
of  the  diffusivity: 


AV*  -  -kT- 


3  In  D 

a  p  , 


(7) 


and 
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AV‘=AV?+AV.  (8) 

where  AV^,  die  formation  volume,  is  the  volume  change  in  the  system  upon  formation  of  one 
defect  in  its  standard  state.  At',,  the  migration  volume,  is  the  additional  volume  change  when  the 
defect  reaches  the  saddle  point  in  its  migration  path. 

For  the  above  analysis  we  have  assumed  that  the  defects  are  in  thermodynamic  equilibrium  at 
the  temperatures  and  pressures  under  which  the  experiment  is  conducted.  If  the  time  scale  of  the 
experiment  is  too  short  for  the  defects  to  equilibrate,  then  the  volume  of  migration  term  will 
become  disproportionately  important  For  example,  in  the  extreme  case  where  the  concentration 
of  defects  is  constant  the  measured  activation  volume  will  be  equal  to  the  volume  of  migration. 

EXPERIMENTAL  METHOD 

The  experimental  procedure  is  to  anneal  germanium  samples  with  known  initial  arsenic  depth 
profiles  at  various  pressures  for  a  fixed  temperature.  Diffusion  is  measured  ex  situ  by  sputter 
sectioning  using  Secondary  Ion  Mass  Spectrometry  (SIMS). 

Samples  are  prepared  by  ion  implantation  of  As+  at  500  keV  with  a  dose  of  2  x  10l4  ions/cm^ 
at  77  K  into  Ge  (100)  wafers  50  pm  thick.  The  resultant  depth  profile  of  As  is  shown  by  SIMS  to 
be  approximately  gauss ian  in  shape  with  a  peak  concentration  of  7  x  10^  atoms/cm 3  at  215  nm 
depth,  with  a  FWHM  of  67  nm.  The  wafers  are  subsequendy  implanted  at  77  K  with  71Ge+  at 
250  keV  to  a  dose  of  5  x  lO^4  ions/cm^  and  at  500  keV  to  a  dose  of  8  x  10*4  ions/cm^,  in  order 
to  completely  amorphize  the  implanted  layer  which  is  necessary  for  the  subsequent  restoration  of 
defect-free  crystal  by  Solid  Phase  Expitaxial  Growth  (SPEG).  SPEG  occurs  at  temperatures  too 
low  for  measurable  diffusion  to  occur;  we  found  that  approximately  15  minute  anneals  at  450°  C 
restores  crystallinity  in  our  samples  [7].  The  samples  are  then  cleaved  into  small  pieces 
approximately  150  pm  by  150  pm  to  fit  into  the  Diamond  Anvil  Cell  (DAC).  Diffusion  anneals 
were  for  various  pressures  at  575  degrees  C  for  30  minutes. 


Fig  3.  Pressure  Chamber  in  Diamond  Anvil  Cell 


The  high  pressure  device  is  a  modified  Merrill-Bassett  [8)  DAC.  The  cell  body  is  constructed 
from  Haynes  230,  a  nickel  based  superalloy.  The  pressure  is  generated  by  forcing  two  diamonds 
together  on  a  metal  'gasket'  with  a  hole  in  it,  which  serves  as  a  pressure  chamber  (Fig  3).  The 
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gasket  deforms  plastically,  simultaneously  forming  a  seal  and  the  chamber  walls.  We  use  rhenium 
as  a  gasket  material  due  to  its  high  strength  and  ductility  at  both  ambient  and  high  temperature. 
The  pressure  chamber  is  loaded  cryogenically  with  liquid  argon  as  a  pressure  transmitting 
medium  Liquid  argon  is  both  chemically  inert  and  hydrostatic  because  it  does  not  solidify  until 
7  GPa  at  575°  C,  the  temperature  of  our  experiment.  The  cell  is  externally  heated  in  an  inert 
atmosphere.  The  furnace  has  an  optical  window  for  in  situ  pressure  measurement 

Pressure  is  measured  using  fluorescence  peak  shifts  of  samarium  doped  yttrium  aluminum 
garnet  (SmtYAG).  Typically  pressure  is  measured  in  a  DAC  by  using  ruby  fluorescence  peak 
shifts,  but  these  peaks  are  not  visible  beyond  about  250°  C.  Hess  and  Schiferl  [9]  have  shown 
that  SmtYAG  may  be  used  to  measure  pressure  at  least  up  to  800°  C.  The  SmtYAG  is  excited  by 
the  488  nm  line  of  Ar  km  laser.  The  spectrum  is  acquired  using  a  spectrometer  and  a  diode  amy. 
Pressure  was  calculated  by  simultaneously  fitting  the  617  nm,  616  nm  and  610  nm  lines.  The  fit 
was  based  on  Hess  and  Schiferl's  calibration  of  the  617  nm  and  616  nm  lines.  The  610  nm  line  was 
calibrated  against  the  other  two  at  room  temperature  and  ambient  pressure.  By  assuming  that  the 
temperature  and  pressure  shifts  add  linearly  we  developed  a  protocol  for  fitting  all  three  lines. 
This  procedure  was  necessary  for  robust  and  repeatable  fits  of  the  Sm:YAG  spectrum. 


Fig.  4.  Arsenic  depth  profiles  for  two  samples  annealed  at  different  pressures  for  identical 

temperatures  and  durations. 

Diffusion  is  measured  by  Secondary  Ion  Mass  Spectroscopy  (SIMS).  We  used  a  VG  Ionex 
1170X  magnetic  sector  SIMS.  The  primary  beam  was  16  keV  Cs+,  rastered  to  produce  a  flat 
crater  bottom.  To  remove  crater  wall  effects,  the  secondary  ions  were  collected  from  an  area  that 
was  gated  electronically  to  cover  only  the  central  5%  of  the  area  of  the  crater.  The  AsGe*  ion, 
which  has  a  stronger  signal  than  the  As*  ion,  was  tracked  for  the  arsenic  concentration  profile. 
The  as  implanted  depth  profiles  are  gaussian  within  our  experimental  resolution.  Typical  profiles 
are  shown  in  Fig.  4.  The  top  100  nm  of  the  profiles  are  lost  due  to  a  surface  transient  artifact  of 
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SIMS.  The  amount  of  diffusion  was  determined  by  fitting  gauss ians  to  the  broadened  depth 
profiles,  using  a  no-flux  boundary  condition  at  the  surface.  The  solid  curve  in  Fig.  4  is  a  fit  to  the 
3.5  GPa  anneal  and  it  gives  a  diffusivity  of  1.5  x  10" 14  cm  2/sec.  The  dashed  curve  is  a  fit  to  the 
0.1  GPa  anneal  and  gives  a  diffusivity  of  3.7  x  10* 14  cm  2/sec.  Pressure  clearly  reduces  the 
diffusivity  of  As  in  Ge. 

RESULTS 

We  summarize  our  preliminary  results  in  Fig.  5.  The  error  bars  on  the  point  at  2.0  GPa  are 
unusually  large  because  the  SIMS  primary  beam  spontaneously  changed  its  intensity  in 
mid-profile,  reducing  the  depth  calibration  accuracy.  A  least-squares  fit  of  Eq.  (7)  to  the  data 
yields  AV*  to  be  +2.011.0  cm^/mole,  which  is  15%  ±7%  of  G^,  *1*  atomic  volume  of 
germanium. 


Fig.  5.  Diffusion  of  As  in  Ge  vs.  pressure  for  30  minute  anneals  at  575  degrees  C 

DISCUSSION 

We  have  found  AV*  »  +0.15  G^  for  As  diffusion  at  575°  C.  Dopant  diffusion  in  Ge  is 
generally  believed  to  occur  by  a  vacancy  mechanism  [6],  The  vacancy  formation  volume  has  been 
calculated  in  Si,  and  various  calculations  result  in  formation  volumes  (AV,®)  between  +0.75  ft$i 
and  +1.1  G$j  [10-14],  One  might  then  expect  a  similar  sized  formation  volume  for  vacancies  in 
germanium,  in  which  case  Eq.  (8)  would  imply  a  migration  volume  of  about  -0.6  Gqc  to 
-0.95  OQe  for  the  Ge  vacancy.  Negative  migration  volumes  for  point  defects  in  covalent 
networks  are  consistent  with  the  effects  on  pressure  on  SPEG  of  Si  and  Ge  [15,16],  and  the 
interdiffusion  of  amorphous  Si-Ge  multilayers  [17],  Our  result  would  then  be  consistent  with  a 
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vacancy  n^rhani«m  if  the  vacancy  mobility  is  enhanced  by  pressure,  out  not  as  strongly  as  the 
vacancy  concentration  is  reduced  by  pressure. 

Werner  et  al  [4]  found  A  V'  for  self  diffusion  in  intrinsic  germanium  to  vary  from  0.24  flQg  at 
603°  C  to  0.41  Qqc  at  803°  C.  Combined  with  the  effects  of  doping  on  self  diffusion  they 
concluded  that  self  diffusion  in  Ge  is  mediated  by  two  charge  states  of  vacancies,  and  inferred 
activation  volumes  of  +0.28  Ggg  for  the  negatively  charged  vacancy  and  +0.56  flge  for  the 
neutral  vacancy.  They  do  not  separate  the  migration  and  formation  components  of  the  activation 
volume.  Note  that  as  a  donor  the  arsenic  atom  in  our  study  will  be  positively  charged  and  will 
tend  to  associate  with  the  negatively  charged  vacancy,  which  has  the  smaller  activation  volume. 
Work  is  in  progress  to  determine  whether  the  defect  concentrations  are  in  equilibrium  during 
these  experiments,  by  repeating  the  experiments  at  the  same  temperatures  for  significantly  longer 
times.  If  the  defect  concentrations  are  in  equilibrium  then  there  should  be  no  change  in  the 
apparent  diffusivity  with  time. 
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ABSTRACT 

Carbon  has  gained  wide  acceptance  as  a  p-type  dopant  for  GaAs-based  device  structures 
due  to  its  low  atomic  diffusivity.  Carbon  doping  of  InGaAs,  however,  is  complicated  by  the 
amphoteric  nature  of  C  and  difficulty  in  incorporating  C  efficiently  during  epitaxial  growth.  We 
have  achieved  hole  concentrations  as  high  as  7xl019  cm*3  in  CCI4 -doped  InGaAs  grown  at  low 
temperature  by  MOCVD.  Growth-related  issues  include  the  effect  of  CCI4  on  the  alloy 
composition  due  to  etching  during  growth,  and  the  incorporation  of  hydrogen,  which  passivates 
the  C  acceptor  and  reduces  the  hole  concentration  during  growth  and  during  the  post-growth 
cool-down.  The  effect  of  H  passivation  on  minority  carrier  transport  has  been  characterized  by 
the  zero-field  time-of-flight  technique.  High  frequency  InP/InGaAs  HBTs  with  a  C -doped  base 
have  been  demonstrated  with  ft  *  62  GHz  and  fmu  =  42  GHz,  which  is  comparable  to  the  best 
performance  reported  for  MOCVD -grown  InP/InGaAs  HBTs. 


1.  INTRODUCTION 

Heavily-doped  p-type  GaAs  and  Ino.53Gao.47As  are  important  for  use  in  GaAs/AlGaAs 
and  InGaAs/InP  n-p-n  heterojunction  bipolar  transistors  (HBTs),  where  a  thin,  low-resistance 
base  region  is  required  for  high-speed  operation.  Recently,  metalorganic  molecular  beam 
epitaxy  (MOMBE)1  and  metalorganic  chemical  vapor  deposition  (MOCVD)2  have  been 
shown  to  be  capable  of  producing  heavily  carbon-doped  GaAs.  Carbon  has  been  shown  to  have 
a  significantly  lower  atomic  diffusion  coefficient  in  GaAs  than  has  been  measured  for  other  p- 
type  dopants.3’4  Consequently,  carbon  p-type  doping  in  GaAs-based  HBTs  has  been  adopted  as 
a  solution  to  base  dopant  redistribution  and  degradation  problems  encountered  with  Be  and  Zn. 

While  the  use  of  a  p-type  C-doped  Ino.53Gao.47As  base  in  InP/InGaAs  HBTs  is  of  great 
interest,  prior  to  this  work  it  was  not  known  if  high  doping  levels  could  be  obtained,  or  if 
carbon  has  a  low  diffusivity  in  InGaAs  as  in  GaAs.  Initial  attempts  at  C-doping  of 
Ino.53Gao.47As  by  MOMBE  resulted  in  highly  compensated  n-type  material,  which  was 
attributed  to  the  amphoteric  nature  of  carbon.3  Subsequent  studies  by  Ito  and  Ishibashi6 
employing  a  heated  graphite  strip  as  the  carbon  source  for  MBE-grown  InxGai-xAs  (0  s  x  s  1) 
resulted  in  p-type  material  for  x  <  0.6,  and  n-type  conduction  for  x  >  0.6.  The  hole 
concentration  near  x  =  0.53  was  limited  to  about  1017  cm*3.  Abernathy  et  al.7  found  that  n-type 
or  p-type  conduction  could  be  obtained  in  MOMBE-grown  InGaAs  using  TMGa  as  the  source 
of  Ga  and  C.  The  conduction  type  was  dependent  on  whether  TMIn  or  elemental  In  was  used  as 
the  In  source.  More  recent  investigation  of  carbon  doping  by  MOMBE8  using  TMGa  and  solid 
In  found  a  type  conversion  from  p  to  n  occurring  at  x  *  0.8.  A  bole  concentration  of  1.2xl018 
cm*3  was  reported  for  x  *  0.54,  and  was  in  approximate  agreement  with  the  carbon 
concentration  deduced  using  SIMS,  indicating  that  the  hole  concentration  may  be  limited  by 
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carbon  incorporation  during  growth  rather  than  self-compensation.  Chin  et  al.9  have  achieved 
hole  concentrations  as  high  as  3xl019  cm*3  for  x  ■  0.5  using  CCI4  during  growth  by  gas  source 
molecular  beam  epitaxy  (GSMBE).  They  found  that  low  growth  temperatures  produced  the 
most  heavily  doped  layers,  and  short  post-growth  anneals  lead  to  an  increase  in  the  hole 
concentration.  They  speculated  that  reversible  carbon  acceptor  passivation  by  hydrogen  during 
growth  was  responsible  for  the  observed  annealing  behavior.9 


2.  GROWTH  OF  CARBON-DOPED  InGaAs  BY  MOCVD 

In  the  work  described  here,  carbon  doped  InxGai  ,x  As  (0  <  x  s  0.53)  has  been  grown  by 
LP-MOCVD  using  CCI4  as  the  carbon  source.10  Trimethylindium  (TMIn),  trimethylgallium 
(TMGa)  or  triethylgallium  (TEGa),  and  100%  AsHs  were  used  as  the  growth  precursors,  and  a 
mixture  of  2000  ppm  CCI4  in  H2  was  used  as  the  carbon  source.  Carbon-doped  layers  were 
grown  at  425*C  %  Tg  s  575‘C,  and  V/III  ratios  as  low  as  five  were  employed.  All  growths 
were  carried  out  on  semi-insulating  (100)  GaAs  or  InP  substrates  misoriented  2°  toward  (110). 
The  In  composition  of  the  layers  was  determined  by  double  crystal  x-ray  diffraction  (DCXD). 
The  hole  concentration  and  mobility  were  determined  by  van  der  Pauw  -  Hall  effect 
measurements. 


The  etch  rates  for  GaAs  and  InAs  due  to  CCI4  in  the  MOCVD  reactor  have  been 
measured  under  conditions  similar  to  those  used  for  growth.  InAs  and  GaAs  substrates  were 
capped  with  Si02  using  a  low-temperature  plasma-enhanced  chemical  vapor  deposition 
(PECVD)  process.  Standard  photolithographic  procedures  were  then  used  to  define  Si02  dots, 
which  were  used  as  a  mask  for  the  CCI4  etching  of  the  substrates.  Samples  were  etched  by 
injecting  CCU  under  typical  growth  conditions  (ASH3  flow  and  substrate  temperature),  except 
for  the  absence  of  column  III  sources.  After  etching  with  CCI4,  the  Si02  was  removed  using  a 
buffered  HF  solution,  and  the  etched  depth  was  measured  using  a  surface  profilometer. 


The  etch  rates  for  InAs  and  GaAs  are  plotted  as  a  function  of  reciprocal  temperature  in 
Figure  1  for  CCI4  and  ASH3  flow  rates  of  4.5x1  O'6  mol/min  and  l.lxlO'3  mol/min, 
respectively.  The  etch  rate  for  InAs  is  significantly  higher  than  for  GaAs,  and  varies 
exponentially  with  substrate  temperature.  The  etch  rate  can  be  described  by 


f^tch  * 


1 cc'«l  e-(l  ,7eV)/kT 


and  appears  to  be  similar  to  the  etching  of  GaAs11  and  InP12  which  occurs  in  the  presence  of 
CCI4.  We  have  found  no  evidence  of  significant  gas-phase  reaction  between  CCI4  and  the 
organometallic  column  III  sources.  Etching  during  growth  of  CCU-doped  InGaAs  results  in 
reduced  incorporation  efficiency  for  In. 

The  incorporation  of  carbon  in  InGaAs  is  approximately  proportional  to  the  CCI4  partial 
pressure  ([CCI4])  and  inversely  proportional  to  the  ASH3  partial  pressure  ([AsHs]).  This  trend 
is  similar  to  that  observed  in  GaAs,  with  the  exception  that  much  lower  growth  temperatures 
are  required  to  achieve  significant  C  concentrations  in  InGaAs.  However,  a  high  [CCI4]  and 
low  V/ffl  ratio  (low  [A5H3})  also  contribute  to  rapid  etching  of  In  from  the  surface  during 
growth,  as  shown  in  Equation  (1),  making  compositional  control  difficult.  Thus,  a  trade-off 
between  C  incorporation  and  etch  rate  must  be  considered  when  choosing  the  CCI4  flow  rate 
and  V/III  ratio.  The  incorporation  of  C  in  InGaAs  is  also  extremely  temperature-dependent. 
Low  substrate  temperatures  result  in  increased  carbon  doping  levels.  The  etch  rate  also 
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Figure  1.  Etch  rate  for  (100)  GaAs  and  InAs  substrates  in  the  presence  of  CCI4  as  a  function  of 
reciprocal  temperature.  The  ASH3  and  CCI4  partial  pressures  were  typical  of  those  used  for 
growth  of  heavily  C -doped  GaAs.  The  InAs  etch  rate  is  significantly  higher  than  that  for  GaAs. 

decreases  with  decreasing  temperature,  so  high  C  incorporation  and  low  etch  rates  can  be 
achieved  simultaneously  by  growing  CCU-doped  InGaAs  at  low  substrate  temperatures 
(Tg<550oC). 

A  number  of  factors  influence  the  alloy  composition,  uniformity,  and  doping  level  of 
CCU-doped  InGaAs  grown  by  MOCVD.  An  Emcore  GS3100  growth  chamber  was 
employed  for  growth  on  2-inch  InP  substrates,  and  the  axis  of  rotation  (1000  rpm)  for  the 
wafer  was  coincident  with  the  center  of  the  wafer.  The  substrate  temperature  was  estimated 
using  a  thermocouple,  located  beneath  the  rotating  Mo  susceptor,  which  was  calibrated  using 
the  Al/Si  eutectic  (S77°C).  The  susceptor  was  heated  from  below  by  a  graphite  resistance 
heater.  A  slight  radial  nonunifonnity  in  temperature  (about  5°C  ±  2°C  from  the  center  to  the 
wafer  edge)  was  verified  by  observation  of  the  formation  of  the  Ai/Si  eutectic  on  2  inch  silicon 
substrates. 

The  MOCVD  growth  of  GaAs  using  TMGa  and  A8H3  is  mass-transport  limited  for 
temperatures  greater  than  575’C.  For  Tg  <  575aC,  however,  the  growth  rate  decreases  with 
decreasing  temperature  and  the  growth  of  GaAs  becomes  kinetically-limited.13  For  the  case  of 
CCU-doped  InGaAs,  a  substrate  temperature  below  550°C  is  necessary  to  achieve  efficient 
incorporation  of  C  and  In,  as  described  above.  This  makes  it  necessary  to  grow  the  ternary  alloy 
InGaAs  in  the  kinetically-limited  growth  regime.  The  lower  thermal  stability  of  TEGa  relative 
to  TMGa  enables  mass-transport-limited  growth  of  GaAs  at  lower  temperatures.13  Thus,  the 
incorporation  of  Ga  from  TEGa  is  more  efficient  and  less  sensitive  to  temperature  than  the 
incorporation  of  Ga  from  TMGa. 

The  MOCVD  growth  of  InAs  using  TMIn  (In(CH3)3)  is  mass-transport-limited  at 
lower  temperatures  than  for  GaAs  using  TMGa  (Ga(CH3)3)  due  to  the  fact  that  the  In-CH3 
bond  is  weaker  than  the  Ga-CH3  bond.14  In  the  case  of  heavily  CCU-doped  InGaAs,  however, 
die  CCU  partial  pressure  is  comparable  t-  the  TMIn  partial  pressure,  and  the  In  incorporation  is 
reduced  by  the  etching  reaction  described  above.  This  results  in  a  decrease  in  the  In 
incorporation  efficiency  with  increasing  substrate  temperature.  The  alloy  composition  of 
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InOaAs  grown  under  these  conditions  is  highly  temperature-dependent  due  to  the  fact  that  In 
incorporation  becomes  less  efficient,  while  Ga  incorporation  becomes  more  efficient,  with 
increasing  temperature.  For  growth  of  heavily  CCU-doped  InxGai.xAs  (x  -  0.53, 
Ptanoled  -  lxlO19  cm*3)  at  Tg  -  520°C,  Rg  ~  1 .5  pm/hr,  and  V/III  ~  5,  using  TMGa  as  the  Ga 
source,  the  lattice  mismatch  (Aa/a)  changes  by  approximately  -6xl(H  for  an  increase  in 
substrate  temperature  of  1°C.  This  is  equivalent  to  a  change  in  composition  with  respect  to 
growth  temperature  (Tg)  of  Ax/ATg  *  -0.009  (•Q*1.  Substitution  of  TEGa  for  TMGa  under 
these  conditions  results  in  a  reduction  of  the  sensitivity  of  alloy  composition  to  temperature. 
This  is  due  to  the  fact  that  Ga  incorporation  is  less  temperature  dependent,  and  Ax/ATg  is 
reduced  to  -0.005  (°C)*1. 

The  fact  that  the  alloy  composition  (x)  of  CCU-doped  InxGai.xAs  is  dependent  on  the 
growth  conditions  (Tg,  CCI4  flow,  ASH3  flow)  means  that  each  time  one  of  these  parameters  is 
changed  to  achieve  a  different  doping  level,  the  flow  rate  of  TMIn  or  the  Ga  source  must  also  be 
adjusted  to  obtain  x  -  0.53.  For  the  conditions  used  here,  the  dependence  of  x  on  Tg  places 
severe  restrictions  on  the  degree  of  control  over  substrate  temperature  stability,  reproducibility 
and  uniformity  which  are  required  in  order  to  repeatably  achieve  lattice  match  to  InP  over  large 
areas.  Fluctuation  in  Tg  of  less  than  1°C  during  growth  of  a  thick  (0.5- 1.0pm)  CCU-doped 
InGaAs  layer  results  in  significant  broadening  of  the  epitaxial  layer  peak  when  the  sample  is 
analyzed  using  double  crystal  x-ray  diffraction  (DCXD).  In  addition,  very  tight  control  over  Tg 
is  required  to  achieve  run-to-run  reproducibility  in  terms  of  lattice  match  to  InP. 

Figure  2  shows  the  effect  of  a  small  variation  in  substrate  temperature  across  a  2  inch 
(50  mm)  diameter  InP  wafer  on  the  compositional  uniformity  for  three  cases.  The  lattice 
mismatch  is  plotted  as  -Aa/ao  where  ae  is  the  lattice  constant  of  the  epitaxial  layer  in  the  center 
of  the  wafer  (r  =  0  mm),  rather  than  -Aa/ao,  where  ao  is  the  lattice  constant  of  the  InP  substrate, 
so  that  changes  in  lattice  constant  across  the  wafer  can  be  directly  compared.  The  data  were 
compiled  from  DCXD  rocking  curves  taken  at  several  locations  on  a  series  of  HBT  structures 
grown  on  2  inch  InP  substrates.  The  lattice  mismatch  of  the  subcollector/collector  and  the  base 
region  was  then  estimated  by  comparison  with  simulated  curves  obtained  using  dynamical 
x-ray  diffraction  theory. 

For  the  case  of  undoped  InGaAs  grown  at  -  625°C  the  composition  is  extremely 
uniform  across  the  wafer,  with  a  variation  in  Aa/ac  of  less  than  lxlO*4.  For  the  case  of  CCU- 
doped  InGaAs  grown  using  TMGa  as  the  Ga  source  (Tg  -  520°C,  V/III  -  5, 
[C]  -  lxlO19  cm*3),  a  severe  compositional  nonuniformity  is  apparent.  This  is  primarily  the 
result  of  the  slight  temperature  nonuniformity  described  above.  The  substrate  temperature  is 
5°C  (±2°C)  higher  near  the  edge  (r  -  22  mm)  than  at  the  center  of  die  wafer  (r  =  0  mm).  Thus, 
the  CCU-doped  layer  has  a  lower  InAs  mole  fraction  (x)  near  the  edge  than  at  the  center.  When 
TEGa  is  substituted  for  TMGa  for  growth  of  the  CCU-doped  InGaAs  base  region,  the 
compositional  uniformity  is  improved.  This  is  the  result  of  the  decreased  sensitivity  of 
composition  to  temperature,  as  described  above.  The  base  sheet  resistance  has  also  been 
measured  across  2  inch  wafers,  and  varies  by  less  than  10%  from  r  =  0  mm  to  r  =  22  mm, 
suggesting  that  the  doping  level  and  thickness  of  the  base  are  relatively  constant 

3.  CARBON  AND  HYDROGEN  INCORPORATION  DURING  MOCVD  GROWTH 

Figure  3  shows  the  hole  concentration  as  a  function  of  growth  temperature  for  CCU- 
doped  InxGa].xAs  (x  -  0.53)  grown  using  TMGa  or  TEGa.  The  CCU  and  TMIn  molar  flow 
rates  were  kept  constant,  and  the  flow  of  the  Ga  source  was  adjusted  for  each  growth  temper- 
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Figure  2.  Lattice  mismatch  with  respect  to  the  center  of  a  2”  diameter  wafer  for  InGaAs  grown 
on  InP.  For  the  case  of  undoped  InGaAs  grown  at  ~  625°C,  the  composition  is  extremely 
uniform,  with  a  variation  in  Aa/ac  of  less  than  lxlO-4.  For  the  case  of  CCI4 -doped  InGaAs 
grown  using  TMGa  as  the  Ga  source  (Tg~520°C,  [C]  -  lxlO19  cm-3),  a  severe  compositional 
nonuniformity  is  apparent.  When  TEGa  is  used  as  the  Ga  source  (Tg  ~  520°C,  [C]  ~  lxlO19 
cm'3),  the  uniformity  is  improved  because  the  incorporation  of  Ga  is  less  sensitive  to 
temperature  than  when  TMGa  is  employed  as  the  Ga  source. 

ature  to  achieve  lattice  match  to  InP.  When  using  TMGa  under  these  conditions,  lattice-matched 
epitaxial  layers  could  be  grown  in  the  temperature  range  of  520°C  sTgi  560°  C.  A  maximum 
doping  level  of  p  -  lxlO19  cm'3  was  achieved  for  Tg  =  520eC.  The  use  of  TEGa  allowed 
growth  at  temperatures  as  low  as  Tg  =  450°C,  where  a  maximum  doping  level  of 
p  -  7xl019  cm*3  was  achieved. 


It  is  clear  from  the  data  of  Figure  3  that  the  incorporation  of  C  in  InGaAs  is  highly 
dependent  on  the  growth  temperature.  This  trend  is  similar  to  that  observed  for  GaAs  and 
AlGaAs,  for  C  incorporation  from  TMAs4  and  CCU2-15’16  except  that  much  lower  substrate 
temperatures  are  required  to  achieve  high  C  incorporation  during  MOCVD  growth  of  InGaAs. 
Buchan  et  al15  have  proposed  that  the  incorporation  of  C  in  GaAs  from  halomethane  sources  is 
controlled  by  competition  between  decomposition  and  desorption  of  adsorbed  carbon- 
containing  species,  where  both  processes  are  temperature  dependent.  We  propose  that  in  the 
case  of  CCI4,  the  decomposition  of  adsorbed  CCL  (1  s  y  s  4)  is  not  a  rate-limiting  factor  for 
temperatures  as  low  as  450*C.  As  shown  in  Fig.  i,  the  carbon  incorporation  is  decreased  for 
increasing  substrate  temperatures  due  to  the  increased  desorption  rate  of  the  carbon-containing 
species.  The  low  substrate  temperatures  required  to  obtain  high  concentrations  of  C  acceptors  in 
InGaAs  relative  to  GaAs  and  AlGaAs  can  be  explained  by  considering  the  relative  strengths  of 
the  In-C,  Gi-C,  and  Al-C  bonds.  The  average  bond  strength  for  In-CH3  (~  47  keal/mol)  is 
significantly  lower  than  for  Ga-CH3  (-  59  keal/mol)  or  AI-CH3  (~  66  keal/mo!)  in  the  case  of 
the  metal  alkyls  TMIn,  TMGa,  and  TMA1.14>17  Desorption  of  CCly  (1  *  y  *  3)  is  more 
efficient  from  an  InGaAs  surface  than  from  GaAs,  since  the  In-CCly  bond  is  weaker  than  Ga- 
CQy,  leading  to  reduced  incorporation  orC  acceptors  (Con  As  sites).  It  has  been  reported  that 
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Figure  3.  Maxmimum  hole  concentration  achieved  for  CCU-doped  InGaAs  grown  on  InP  as  a 
function  of  growth  temperature.  The  Hall  effect  measurements  were  performed  after  a  post¬ 
growth  anneal  at  400°C  in  N2  for  5  min. 

the  addition  of  only  a  few  percent  In  to  GaAs  to  form  InxGaj.xAs  (0  <  x  *  0.03)  can  drastically 
reduce  the  incorporation  efficiency  of  C  during  MOCVD  growth  at  T  *  600°C.18  This  behavior 
may  be  explained  by  the  enhanced  surface  mobility  of  CCly  (1  *  y  *  3)  at  higher  substrate 
temperatures  and  the  efficient  desorption  of  the  carbon-containing  species  from  a  surface  site 
where  it  is  bonded  to  In,  rather  than  Ga.  These  arguments  may  be  extended  to  account  for  the 
efficiency  of  carbon  incorporation  which  we  have  observed  in  the  As-based  materials2*10’16 
grown  by  MOCVD  using  CCI4:  [CaJaia*  >  [Ca*Jaig*A*  >  [CasIosAs  >  [Cas]|i»g«As- 

Unintentional  hydrogen  passivation  of  C  acceptors  in  InGaAs  has  been  found  to  occur 
during  both  growth  and  the  post-growth  cool-down  phase.19  The  major  difference  between 
growth  of  C-doped  InGaAs  and  GaAs  is  that  lower  growth  temperatures  are  required  to  achieve 
high  carbon  incorporation  in  InGaAs.  The  fraction  of  C  acceptors  passivated  is  shown  as  a 
function  of  the  hole  concentration  after  annealing  (puneakd)  in  Figure  4.  The  passivation  was 
reversed  by  annealing  at  400°C  for  5  min  in  N2,  and  the  fraction  of  acceptors  passivated  was 
estimated  by  comparing  die  hole  concentration  before  and  after  annealing  (H  leaves  the  crystal 
through  the  surfee  during  the  anneal). 

The  effect  of  re-cooling  these  C-doped  InGaAs  layers  in  the  same  ambient  used  during 
the  original  post-growth  cool-down  was  also  studied.  Samples  were  first  annealed  at  40CTC  in 
N2  to  reverse  the  original  passivation.  They  were  then  heated  to  500°C,  held  at  that  temperature 
for  25  minutes,  cooled  to  250*C  in  ASH3/H2  ([ASH3]  3  3xl(H),  and  then  coded  the  rest  of 
the  way  to  room  temperature  in  H2.  Ohmic  contacts  were  then  made,  and  Hall  measurements 
were  performed.  As  in  the  case  of  C-doped  GaAs,  we  found  that  the  fraction  of  C  acceptors 
passivated  returned  to  nearly  the  same  value  as  that  measured  immediately  after  growth,  as 
shown  in  Figure  4. 
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Figure  4.  Fraction  of  carbon  acceptors  passivated  by  hydrogen  as  a  function  of  hole 
concentration  after  annealing  for  several  C-doped  Ino.53Gao.47As  samples.  The  layers  are  all 
between  5000  and  8000  A  thick.  The  triangles  represent  the  fraction  of  acceptors  passivated 
immediately  after  growth,  while  the  circles  represent  the  fraction  of  acceptors  passivated  after 
annealing  the  sample  in  N2  to  reverse  die  passivation,  then  heating  to  500°C  and  re-cooling  in 
an  ASH3/H2  mixture  ([ASH3I/IH2]  *  3  xlO"4). 

The  trend  of  increasing  degree  of  passivation  with  increasing  doping  level  shown  in 
Figure  4  is  similar  to  the  trend  observed  for  GaAs.19  However,  the  C-doped  InGaAs  layers  are 
much  more  highly  passivated  than  GaAs  layers  for  comparable  doping  level,  thickness  and 
cooling  ambient.  In  fact,  for  InxGa].xAs  where  x~0.7,  n-type  conduction  is  observed  after 
growth,  but  the  layers  become  strongly  p-type  (p  >  5xl017  cm'3)  after  annealing  in  N2. 
Acceptor  passivation  has  also  been  observed  to  occur  as  a  result  of  cooling  in  PH3/H2  911(1 
100%  H2  ambients,  although  PH3  is  a  less  efficient  source  of  atomic  H  than  ASH3,  and  H2  is 
less  efficient  than  both  hydride  sources. 

Hydrogen  incorporation  and  acceptor  passivation  in  InP/InGaAs  HBTs  with  a  carbon- 
doped  base  have  also  been  investigated.  The  as-grown  hole  concentration  for  an  8000A-thick 
base  doping  calibration  layer  was  3  x  1018  on'3.  After  annealing  at  400°C  in  N2,  the  hole 
concentration  increased  to  1.2  x  1019  cm'3.  The  base  sheet  resistance,  Rs,  in  an  HBT  structure 
with  a  lOOOA-thick  base  was  measured  for  three  cases.  In  the  first  case,  the  emitter  was 
removed  and  no  anneal  was  performed,  and  a  sheet  resistance  of  1350  Q/sq  was  measured. 
This  corresponds  to  an  estimated  hole  concentration  of  -  7  x  1018  an'3.  In  the  second  case  the 
HBT  was  annealed  after  etching  off  the  emitter  and  Rs  *  800  Q/sq  (p  ~  1.2  x  1018  cm*3)  was 
measured,  indicating  nearly  complete  reversal  of  the  passivation.  In  the  last  case,  the  HBT  was 
annealed  before  etching  off  the  emitter,  and  Rs,  was  1620  Q/sq.  Thus,  the  passivation  was  not 
reversed  in  the  case  where  die  n-type  emitter  structure  was  left  intact  during  die  anneal. 

The  acceptor  passivation  in  the  base  of  these  HBT  structures  is  a  result  of  incorporation 
of  H  during  growth  of  die  base  region,  and  is  unaffected  by  the  cooling  ambient  due  to  the 
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presence  of  the  n-type  InP  emitter.  It  also  appears  that  H  is  unable  to  escape  the  base  during  an 
anneal  at  400°C  if  the  emitter  is  in  place.  TTsis  is  likely  due  to  trapping  of  positively  ionized 
hydrogen  (H+)  in  die  base  region  by  die  built-in  fields  at  the  base-emitter  and  base-collector  p-n 
junctions. 


4.  CHARACTERIZATION  OF  CARBON-DOPED  InGaAs 

Majority  carrier  (hole)  transport  in  heavily  C -doped  InGaAs  lattice-matched  to  InP  was 
characterized  using  van  der  Pauw-Hall  effect  measurements,  while  minority  carrier  transport 
was  characterized  using  die  zero-field  time-of-flight  technique.  The  most  striking  results  of  this 
study  are  related  to  die  effects  of  unintentional  H  passivation  on  hole  and  electron  transport  and 
electron  lifetime.  The  ultimate  test  of  material  quality  is  die  actual  performance  of  HBTs  with  a 
C -doped  InGaAs  base,  and  this  topic  is  discussed  in  detail  below. 

The  hole  mobility  for  carbon-doped  InGaAs  layers  is  comparable  to  that  for  Be -doped 
layers  over  die  entire  doping  range  studied.  Thus,  even  for  the  most  heavily  C -doped  layers, 
where  Panneaied  -  7  x  1019  cm~3  and  [C]  - 1.7  x  1020  cm*3,  the  high  hole  mobility  suggests 
low  C  self-compensation.  Similarly,  the  high  activation  after  annealing  in  N2  (shown  in 
Figure  S)  suggests  a  maximum  possible  self-compensation  ratio  of  Nq/Na  ~  0.37  at 
[C]  -  1020  cm*3,  and  Nq/Na  ~  0.22  at  [C]  - 1019  cm*3.  In  terms  of  majority  carrier  transport, 
C  appears  to  be  a  well-behaved  acceptor  in  Ino.33Gao.47As,  as  it  is  in  GaAs,  in  spite  of  the  fact 
that  it  is  potentially  an  amphoteric  dopant  in  Inn  <-»Gao  nAs- 

Preliminary  characterization  0f  minority  carrier  transport  in  C -doped  InGaAs  has  been 
performed  using  the  zero-field  time-of-flight  (ZFTOF)  technique.  ZFTOF,  which  consists 
of  measuring  the  transient  photovoltage  generated  in  a  p+-n  diode  illuminated  by  a  picosecond 


Figure  3.  Variation  in  bole  concentration  (determined  by  Hall  effect)  with  total  carbon 
concentration  (determined  by  SIMS)  for  InGaAs  grown  on  InP.  The  line  represents  the  case  of 
100%  activation  of  C  atoms  as  acceptors.  The  as-grown  hole  concentration  is  limited  by 
hydrogen  passivation,  which  can  be  reversed  by  annealing  at  440*C  in  N2  for  5  min. 
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light  pulae  at  the  surface  of  a  thick  p+  layer,  measures  the  electron  transport  under  conditions 
similar  to  those  present  in  an  HOT,  without  the  presence  of  high  electric  fields.  This  technique 
has  been  used  to  study  electron  transport  in  heavily  Be -doped  GaAs  by  Love  joy  et  al.M  and  in 
C-doped  QaAs  by  Cokxnb  et  al.21 

The  p+-n  diodes  used  for  these  measurements  were  annealed  in  N2  to  reverse  the  H 
passivation  in  the  8000  A-thick  p+-InGaAs  layer  before  fabrication  of  mesa  diodes.  Fixed 
parameters  which  are  included  in  foe  model  to  calculate  a  theoretical  curve  for  foe  transient 
photovoltage  include  the  surface  recombination  velocity,  p+  layer  thickness,  and  device 
capacitance.  Parameters  adjusted  to  produce  a  fit  to  foe  transient  voltage  are  the  electron  lifetime 
(xa)  and  diffusion  coefficient  (Da).  We  have  measured  i,  -  0.15  ns  and  Da  -  23  cm2/s,  which 
correspond  to  a  diffusion  length  of  La  -  0.6  pm,  for  a  sample  grown  using  TMGa  as  foe  Ga 
source,  with  paaaealed  ~  1.2xl019  cm*3.  Samples  grown  with  TEGa  have  also  been 
characterized,  and  exhibit  nearly  identical  behavior.  Further  ZFTOF  studies  have  shown  that  the 
electron  transport  in  C-  and  Bendoped  InGaAs  is  comparable  for  p-type  doping  levels  as  high  as 
3xl019  cm*3.  These  preliminary  results  appear  promising  for  application  of  C-doped  InGaAs  to 
minority  carrier  devices  such  as  HBTt. 

The  room  temperature  hole  mobility  (p)  is  {dotted  as  a  function  of  foe  hole  concentration 
for  C-doped  InGaAs  samples  as-grown  and  after  a  post-growth  anneal  in  N2  in  Figure  6.  All 
samples  are  SOOO-TOOOA  thick,  and  were  cooled  in  the  same  ASH3/H2  ambient  following 
growth.  The  mobility  decreases  monotonically  with  increasing  hole  concentration  among 
samples  which  have  been  annealed  in  N2  to  reverse  foe  H  passivation.  This  behavior  is  typical 
of  heavily  doped  semiconductors,  and  is  a  result  of  increased  ionized  impurity  scattering  with 
increasing  acceptor  concentration.  In  the  as-grown  case,  the  hole  concentration  saturates  at 
-  3xl018  cm*3  as  foe  C-doping  level  is  increased,  as  described  above.  If  the  H  passivation 


Hole  concentration  (cm'3) 


Figure  6  300K  hole  mobility  as  a  function  of  bole  concentration  for  C-doped  InGaAs  as- 
grown,  and  after  annealing  in  N2  to  reverse  foe  hydrogen  passivation.  The  lines  indicate  pairs  of 
data  points  which  correspond  to  the  same  epitaxial  layer. 
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mechanism  were  purely  a  neutralization  effect  (ftxmaboe  of  a  neutral  H-C  pair),  then  the  as- 
grown  mobility  should  be  a  function  of  only  p»- grows,  ami  should  be  independent  of  the 
concentration  of  neutral  H-C  pairs.  However,  the  as-grown  mobility  continues  to  decrease  with 
increasing  C -doping  level,  even  though  Pts-gsowa  remains  constant  at  -  3xl018  cm*3.  These 
results  suggest  that  the  H-C  complex  which  passivates  the  C  acceptors  acts  as  a  scattering 
center.  Another  possibility  is  that  some  degree  of  compensation  of  C  acceptors  (C*)  by  H 
donors  (H4)  occurs,  thereby  increasing  the  total  ionized  impurity  concentration  and  reducing  the 
mobility. 

The  effects  of  partial  hydrogen  passivation  on  minority  carrier  mobility  in  C -doped 
InQaAs  are  illustrated  in  Figure  7(a).  The  data  were  obtained  using  the  ZFFOF  technique  on 
diodes  which  were  annealed  at  440*C  in  N2  before  processing  and  on  diodes  which  were 
processed  without  annealing  (as-grown).  The  electron  mobility  of  C -doped  InGaAs  after 
annealing  is  comparable  to  that  of  Be -doped  InGaAs  grown  by  GSMBE  over  the  doping  range 
studied  (pumM  -  2x10' 8  to  3.8xl019  cm*3).  However,  the  as-grown  C -doped  samples 
(Pas-growa  ~  2xl018  to  3xl018  cm*3)  have  an  electron  mobility  of  only  -  300  cm2/Vs.  For 
comparison.  Fig.  7(a)  also  shows  that  an  annealed  sample  with  PiBnciled~  2x10* 8  cm*3 
exhibits  an  electron  mobility  of  more  than  900  cn^/Vs.  These  results  indicate  that  the  presence 
of  hydrogen  passivation  in  the  most  heavily  doped  InGaAs  layers  degrades  the  minority  carrier 
mobility  through  introduction  of  additional  scattering  centers,  similar  to  the  results  for  hole 
transport  described  above.  These  results  are  somewhat  surprising,  since  partial  H  passivation 
has  been  reported  to  cause  no  degradation  in  majority  carrier  transport  in  p-type  GaAs22  and  no 
reports  on  the  effect  of  H  on  minority  carrier  transport  are  found  in  the  literature.  A  direct 
comparison  of  minority  carrier  transport  before  and  after  annealing  has  not  been  carried  out  for 
the  case  of  C-doped  GaAs,  but  the  data  described  here  for  C -doped  InGaAs  suggest  that  the 
low  electron  mobilities  previously  reported  for  heavily  C-doped  GaAs  (p  >  3xl019  cm*3)21 
may  be  related  to  the  high  degree  of  passivation  present  in  the  diode  structures. 
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Figures  7(a)  Minority  carrier  mobility  as  a  function  of  hole  concentration  of  C-doped  InGaAs 
as-grown,  and  after  annealing  in  N2  to  reverse  the  hydrogen  passivation,  (b)  Minority  carrier 
lifetime  as  a  function  of  hole  concentration  as-grown,  and  after  annealing.  The  lines  indicate 
pairs  of  data  points  which  correspond  to  the  same  epitaxial  layer.  Data  were  obtained  using  the 
ZFTOF  technique  by  Coiomb  et  al.25 
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Several  authors  have  noted  that  intentional  hydrogenation  of  GaAs  and  AlGaAs/GaAs 
quantum  well  structures  cause*  a  significant  increase  in  photoluminesocncc  intensity.23’24  They 
have  attributed  this  behavior  to  hydrogen  passivation  of  defects  which  act  as  nonradiative 
reoombination  centers.  We  have  compared  the  electron  lifetime,  t„,  for  as-grown  and  annealed 
C-doped  InGaAs  measured  using  the  ZJFTOF  technique23,  and  these  results  are  shown  in 
Figure  7(b).  The  lifetime  decreases  dramatically  upon  reversal  of  the  passivation  by  annealing  in 
N2.  Most  of  this  decrease  can  be  explained  by  an  increase  in  the  radiative  recombination  rate 
due  to  the  increase  in  the  bole  concentration.  However,  it  is  also  observed  that  x„  for  an 
annealed  sample  with  Puoaaled  ~  2x10' 8  cm'3  is  about  3  times  lower  than  for  as-grown 
samples  with  Pu-growa  ~  2xl018  cm'3-  Thus,  the  partial  hydrogen  passivation  of  C  acceptors 
appears  to  result  tn  an  increase  in  t„,  likely  as  a  result  of  passivation  of  point  defects  which 
would  otherwise  contribute  to  non-radiative  recombination.  It  is  also  plausible  that  these 
hydrogen-defect  complexes  could  contribute  additional  scattering,  thus  causing  the  degradation 
in  pa  and  p«  described  above. 


5.  InGaAs/InP  HBTs  WITH  A  CARBON-DOPED  BASE 

We  have  reported  on  the  dc  operation  of  InP/InGaAs  heterojunction  bipolar  transistors 
(HBTs)24  grown  by  MOCVD  with  a  C-doped  InGaAs  base  and  have  recently  fabricated  high- 
frequency  devices.  The  HBT  structure  used  is  shown  in  Table  I.  No  undoped  spacer  layer  was 
employed  at  the  base-emitter  junction  of  this  device  and  it  was  fabricated  with  an  all  wet  chemical 
etch,  triple-mesa  process.  The  base  metallization  was  seif-aligned  to  the  emitter  sidewall  with  a 
0.2  pm  sparing.  All  contacts  were  non-alloyed  Ti/Pt/Au.  A  maximum  common-emitter  current 
gain  of  fimax  =  230  was  typical  for  the  devices  tested.  An  f,  and  fmax  of  62  and  42  GHz 
respectively  were  measured  for  a  2x3  pm2  emitter  derice  (Figure  8).  This  cutoff  frequency  is 
comparable  to  the  best  reported  for  MOCVD- grown  InP/lnGaAs  HBTs.27  These  results  indicate 
good  electron  transport  through  the  carbon-doped  InGaAs  base  region,  and  that  carbon  is  a 
suitable  p-type  dopant  for  high-frequency  InP/InGaAs  HBTs. 


Figure  8.  Frequency  dependence  of  current  gain  Hji  and  maximum  stable  gain  (MSG)  for 
an  InP/InGaAs  C-doped  HBT  grown  by  LP-MOCVD  with  a  2  x  5  pm2  emitter.  For  Ic  * 
12.93  mA  and  Vqe  ■  1.2  V. 
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Tabte'I.  Epitaxial  Device  Structure  and  Growth  Parameters  for  C-doped  InP/InGnAa  HBT 


Layer 

Material 

Thickness 

(A) 

Dopant 

Type 

Carrier  Cone. 
(crn-3) 

Emitter  Cap 

InGaAa 

1500 

Si 

IT* 

2  x  10w 

Emitter 

InP 

1000 

Si 

N 

5  x  10*7 

Base 

InOaAa 

1000 

C 

P* 

5  x  1018 

Collector 

InOaAs 

2200 

Si 

IT 

-1015 

Etch  stop 

InP 

200 

Si 

n* 

5  x  10i8 

SubcoOector 

InOaAs 

3000 

Si 

n+ 

1  x  10» 

Substrate 

InP 

— 

Fe 

SI 

— 
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ABSTRACT 

Deep  levels  have  been  measured  in  molecular  beam  epitaxy  grown  Gsq  jilno  49PA3aAs  hetero- 
structure  by  double  correlation  deep  level  transient  spectroscopy.  GoldfAu)  and  Aluminum  (Al) 
metals  were  used  for  Schottky  contact  A  contact-related  hole  trap  with  an  activation  energy  of 
0.50-0.75eV  was  observed  at  the  Al/GalnP  interface,  but  not  at  the  Au/GalnP  interface.  To  our 
knowledge,  this  contact-related  trap  has  not  been  repealed  before.  We  attribute  this  trap  to  the 
oxygen  contamination,  or  a  vacancy-related  defect,  or  Vq„.  A  new  electron  trap  at  0.28eV 
was  also  observed  in  both  Au-  and  Al-Schottky  diodes.  Its  depth  profile  showed  that  it  is  a  bulk 
trap  in  GalnP  epil&yer.  The  temperature  dependent  current-voltage  characteristics  (I- V-T)  show  a 
large  interface  recombination  current  at  the  GalnP  surface  due  to  the  AJ-contact.  Concentration 
of  the  interface  trap  and  the  magnitude  of  recombination  current  are  both  reduced  by  a  rapid  ther¬ 
mal  annealing  at/or  above  450°C  after  the  aluminum  deposition. 

I.  Introduction 

The  lattice-matched  Gag  5  [ IiH)4gP/Ga As  system  has  attracted  much  interest  recently 
because  of  many  optoelectronic  applications.  It  is  widely  used  in  laser  diodes*1!,  solar  cells™ 
and  as  an  important  alternative  to  the  AlGaAs&aAs  system  for  the  modulation-doped  field-effect 
transistors  and  heterojunction  bipolar  transistors*3,4!.  Most  of  these  studies  have  been  concen¬ 
trated  on  the  effect  of  growth  conditions,  the  structural  characteristics  and  device  perfor¬ 
mances*5,6,721!.  Very  little  work  has  been  done  on  the  electrical  defects*9,10!.  Defects  in  this 
material  system  appear  to  be  dependent  on  the  growth  technique  and  growth  conditions.  The  deep 
levels  in  this  system  are  still  far  from  being  fully  understood. 

We  used  a  double-correlation  deep  level  transient  spectroscopy  (DDLTS)  technique  to 
investigate  the  deep  levels  in  molecular  beam  epitaxy  (MBE)  grown  Gao.51Ino.49P/GaAs  material 
by  using  gold(Au)  or  aluminum(Al)  as  die  Schottky  contact  We  report  a  contact-related  hole  trap 
at  the  Al/CalnP  interface  and  an  electron  trap  at  Ej.-0.28eV  in  the  GalnP  epiiayer.  The  current- 
voltage  (I-V)  characteristics  show  that  this  interface  trap  acts  as  a  recombination  center  in  die  as- 
deposited  diodes.  Its  concentration  could  be  reduced  through  a  rapid  thermal  annealing  (KTA). 

II.  Experiment 

The  Gsp.5 1  Ino.49P/GaAs  heterojunction  was  grown  by  MBE.  Details  of  the  MBE  growth 
method  far  this  material  have  been  reported  elsewhere*11*.  Briefly,  a  0.5pm  thick  undoped 
Gso.jiInoa^P  layer  was  grown  on  an  undoped  n-type  GaAsflOO)  substrate,  misoriented  4° 
towards  (ill)A.  The  carrier  concentration  is  about  2xl016  cm'3  fra-  the  Gao.51Ino.49P  epiiayer, 
and  is  about  9xl015  cm'3  for  the  GaAs  substrate  based  on  the  capacitance-voltage  (C-Vj  measure¬ 
ment.  Ohmic  contact  on  the  GaAs  back  surface  was  made  by  evaporating  AuGe/Au,  and  anneal¬ 
ing  at  420PC  for  15a.  The  Schottky  diodes  ( area  ■  6.4x1 0‘3  cm2)  were  fabricated  on  front  GalnP 


surface  by  evaporating  Au  or  Ai  unto  the  base  pressure  of  lxlO-6  torr.  In  canto  to  avoid  any  con¬ 
tamination  of  impurities  horn  the  source  metal,  a  shutter  was  placed  for  a  few  seconds  during  the 
initial  evaporation  before  opening  it  for  deposition. 

Our  DDLTS  system  was  described  in  detail  elsewhere^12'.  The  depth  profiles  were 
obtained  by  using  a  voltage  pulse  pair  with  a  slightly  different  amplitude  to  define  the  spatial 
observation  window^1 3l  The  current-voltage  (I-V)  measurement  was  performed  by  using  a  HB 
414SB  Semiconductor  Parameter  Analyzer.  The  annealing  was  employed  using  a  commercial 
rapid  thermal  furnace  (Heatpulse  Mod.  210)  in  Nj  atmosphere  by  die  proximity  capping  method 
for  30s. 


III.  Results  and  Discussions 


The  DDLTS  spectra  for  both  gold  and  aluminum  diodes  are  shown  in  Fig.l  (by  spec- 
trum(a)  and  spectnim(b),  respective-ly).  Both  data  were  taken  under  a  reverse  bias  of  1 .5  V,  and  a 
voltage  pulse  pair  of  0.5V  and  1.0V.  One  electron  trap  (A  at  190K)  and  one  hole  trap  (B  at  320- 
365 K)  were  observ-  ed  in  the  Al -contact  diodes  ( curve  (b)).  The  trap  A  is  also  observed  in  the  Au 
contact  diodes  (curve  (a))  at  the  same  temperature  position.  The  trap  B,  however,  is  not  present  in 
the  Au  contact  diodes. 

Absence  of  trap  B  in  the  Au-contact  diodes  indicates  that  this  trap  is  neither  from  the 
bulk  nor  from  the  GalnPAjaAs  interface.  This  trap  must  originate  from  the  Al/GalnP  interface.  To 
veryfy  this,  we  have  changed  the  voltage  pulse  pair  during  the  DDLTS  measurement.  In  Fig.l, 
the  spectrum  (c)  was  taken  from  the  Al-contact  diode,  but  under  a  pulse  pair  of  0.5V  and  1.5  V 
and  the  same  reverse  bias  (15V)  as  in  spectrum (b).  A  peak  shift  was  clearly  observed  for  trap  B, 
suggesting  that  this  trap  is  distributed  in  energy.  No  peak  shift  was  observed  for  trap  A  as  can  be 
seen  in  Fig.  1.  From  the  variation  of  the  emission  rate  with  the  inverse  of  temperature  for  trap  A , 
an  activation  energy  of  0.28eV  and  a  capture  cross  section  of  4.0xl0'16cm2  are  obtained.  Fig.2 
shows  the  depth  profile  of  trap  A  obtained  by  DDLTS  in  GainP  epilayer  as  well  as  in  GaAs  sub¬ 
strate.  It  shows  that  its  concentration  is  almost  constant  in  the  GainP  epilayer,  and  decreases  rap¬ 
idly  near  the  GalnPAjaAs  interface,  indicating  that  trap  A  is  a  bulk  trap  in  GainP  layer. 

Trap  B  has  an  activation  energy  of  0.50-0.75eV.  Feng  et  al^  have  observed  two  electron 
traps  at  0.075eV  and  at  0.9eV  in  their  MOVPE  grown  GainP  layers.  Paloura  et  al*1^  reported 
only  one  electron  trap  at  0.7-0.9eV  in  their  MOVPE  grown  Gao.5iIno.49PAjaAs  heterojunctions. 
It  seems  that  the  defects  in  this  material  system  are  dependent  on  the  growth  conditions.  To  our 
knowledge,  the  0.28eV  trap  is  reported  for  the  first  time  in  MBE-grown  GalnPAjaAs  samples.  A 
systemeuc  study  showed  that  this  trap  is  a  native  defect  in  GainP,  and  is  attributed  to  phosphorus 
vacancies,  Vp  It  dominates  the  electron  concentration  in  the  conduction  band  in  semi-insulating 
materials.  The  concentration  of  trap  A  decreased  with  increasing  the  P2  BEP  (during  the  growth) 
and  increased  with  increasing  the  annealing  temperature  (as  can  be  seen  in  Fig.6).  A  more 
detailed  study  will  be  described  elsewhere^. 

Early  X-ray  photoemission  spectroscopy  mesurements  showed  that  an  ideally  clean  sur¬ 
face  of  m-V  semiconductors  exhibits  no  intrinsic  surface  states  in  die  energy  gap.  The  presence 
of  die  hole  trap  B  in  our  Al-contact  diodes  may  be  due  to  defects  formed  near  the  interface  during 
deposition  of  the  Al  metal.  Spicer  and  co-workers^ 1 5 reported  that  less  than  a  monolayer  of  metal 
or  oxygen  was  sufficient  to  perturb  the  semiconductor,  producing  lattice  defects  at  or  near  die  sur¬ 
face,  and  these  defects  in  turn  produced  surface  states  which  pin  the  Fermi-level  in  the  resulting 
Schottky  diodes.  In  our  case,  die  formation  of  the  surface  states  depends  on  die  metal.  Although  a 
shutter  was  used  to  eliminate  the  possible  contamination  of  impurities  during  the  initial  evapora- 
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Figure  1.  The  DDLTS  spectra  for  Au-  and  A1 -contact  diodes,  (a)  Au-contact  diode,  VR=-1.5V; 
pulse  pain  0.5V,  1.0V.  (b)  Al-contact  diode,  VR=-1.5V;  pulse  pair:  0.5V,  1.0V.  (c)  Al-con- 
tact  diode,  VR-1.5V;  pulse  pair  0.5  V,  1.5  V. 
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Figure  2.  The  depth  profile  for  trap  A  obtained  from  DDLTS. 
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don  of  metal,  this  interface  trap  still  existed.  This  trap  may  have  the  same  origin  as  the  0.7-0.9eV 
trap  in  MOVPE  grown  samples  observed  by  others^’10!,  although  in  their  case  it  was  an  electron 
trap.  However,  since  the  trap  level  is  near  the  midgap,  it  could  act  as  electron  trap  or  hole  trap 
depending  on  its  capture  process  of  carriers.  We  believe  that  trap  B  is  extrinsic  and  discuss  a  few 
possible  causes  in  the  following. 

First,  the  oxygen  contamination.  It  has  been  repotted  in  GaAs^  that  Al-Schottky  may 
introduce  oxigen  contamination  at  the  interface,  and  the  measured  DLTS  signal  from  bulk  defects 
maybe  distorted  by  using  Al-Schottky  contact^.  This  oxigen  contamination  is  easier  to  form  at 
the  Al-Schottky  interface  than  at  the  Au-Schottky  interface  and  can  be  greatly  reduced  by  a  ther¬ 
mal  treatment  which  is  indeed  true  for  trap  B  in  our  samples,  as  we  will  describe  later.  Second,  a 
reaction  between  the  metal  and  GalnP.  The  hole  trap  at  the  Al/GalnP  interface  indicates  that  these 
surface  states  are  donor-like  (positively  charged  when  unoccupied).  Since  the  cation  vacancies 
are  donor-like  states,  the  vacancies  or  VGa  may  be  a  possible  origin  for  trap  B.  Brillson  et 
al‘18 1  have  reported  that  In  diffuses  into  an  overlaying  A1  or  Ni  metal  from  InP.  If  this  is  true  in 
our  case,  one  could  expect  some  or  VGg  at  the  GalnP  surface  causing  the  surface  states.  Third, 
the  limitation  of  the  measurement  system.  If  the  interface  states  are  too  fast,  they  can  not  be 
detected  by  the  DLTS  technique.  In  our  case  the  initial  delay  is  greater  than  0. 1ms.  A  simulation 
of  DLTS  based  on  our  material  system  showed  that  no  DLTS  signal  can  be  observed  if  the  time 
constant  of  the  states  is  less  than  lxl0"3s  in  the  measured  temperature  range  (300K-400K).  We 
have  assumed  that  the  DLTS  signal  can  be  detected  only  when  C(tj)-C(t2)  >  10"3  C(t)lt=o ,  where 
tt  and  t2  are  the  time  windows,  C(t)  is  transient  capacitance  at  time  t.  It  c  a  not  be  ruled  out  that 
trap  B  exists  in  both  A1  and  Au-Schottky  diodes,  and  for  Au-Schott'-y,  however,  it  cannot  be  mea¬ 
sured  becase  it  is  too  fast,  while  in  Al-Schottky  it  is  relatively  slow  because  a  thin  oxide  layer  (due 
to  the  oxygen  contamination)  may  cause  a  much  slower  capture  process^. 

These  deep  states  can  affect  the  current  transport  mechanism  in  Schottky  diodes.  Fig. 3 
shows  the  forward  I-V  characteristics  for  both  Au  and  Al-contact  diodes  at  300K.  The  ideality 
factor  for  Au-contact  diodes  was  1.03  in  the  most  linear  region  (0-0.4V)  at  300K,  indicating  that 
the  thermionic  emission  is  the  dominant  mechanism.  Whereas  for  the  as-deposited  Al-contact 
diodes  ,  the  thermionic  emision  is  valid  only  in  the  lower  voltage  region  (V« 0.3V).  In  a  higher 
voltage  range  (V>0.3V),  current  is  dominated  by  another  mechanism.  By  fitting  the  I-V-T  curves 
in  the  higher  voltage  region,  we  found  that  a  thermionic  emission  of  electrons  followed  by  inter¬ 
face  recombination  explains  the  data  well  for  the  Al-contact  diodes.  The  fitting  was  based  on  an 
interface  recombination  model  suggested  by  Rothwarf^l  For  our  Schottky  diodes,  the  interface 
recombination  current  is  given  by  v 

Jm(v)  =  qanvthNisN(jexp(-V{|n/kT)  iexP<^f)  ~  1 )  . (0 

where  an,  v^  are  the  electron  capture  cross  section  and  its  thermal  velocity,  Njs  and  are  inter¬ 
face  state  density  and  the  carrier  concentration  in  GalnP  epilayer,  respectively,  V*,  is  the  built-in 
voltage,  T  is  temperature,  and  k  is  the  Boltzman  constant.  With  the  interface  states  considered,  the 
ideality  factor  n  is  given  by. 

n«l/U-Nis(qVdl/2£nN<j)1/2] . (2) 

where  en  is  the  dielectric  contant.  A  detailed  proceture  for  the  I-V-T  fitting  using  eq.(l)  was 
described  elsewhere^.  The  best  fitting  results  are  shown  in  Fig.4  for  an  Al-contact  diode.  Only 
one  Ni,  value  can  fit  all  the  curves  obtained  at  different  temperatures.  The  interface  state  density 
was  7.5xlOu  cm"2  and  the  capture  cross  section  was  2.6xl0"16  cm2.  It  should  be  pointed  out  that 
the  equations  (1)  and  (2)  are  only  approximate,  in  which  die  recombination  currents  in  bulk  and 
at  GalnP/GaAs  interface  are  ignored.  Here  we  have  assumed  that  the  interface  recombination  cur¬ 
rent  is  the  only  current  transport  process  in  Al-contact  diodes  in  the  larger  voltage 
region(V>0.3V). 


212 


GilaTlG+M 


Fqrward  Bias  (V) 

Figure  3.  The  I-V  characteristics  at  300K  for  Au-Schottky  diodes  (dotted  line),  Al-Schottky 
diodes  (dashed  line)  and  for  450°C  annealed  Al-Schottky  diodes  (solid  line). 
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Figure  4.  The  1-V-T  fitting  for  the  Al-Schottky  diodes  (as-deposited)  by  using  the  interface 
recombination  model. 
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Figure  5.  Energy  profile  of  interface  state  density  c‘  *<uned  from  DDLTS  measurement 


Figure  6.  The  DDLTS  spectra  for  the  annealed  Al-contact  diodes,  showing  the  reduction  of  trap  B. 
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The  energy  distribution  of  the  interface  state  density  Nj,  at  Al/GalnP  interface  can  be 
obtained  approximately  by  assuming  that  all  DDLTS  signal  in  high  temperature  range  (300K- 
400K)  is  due  to  die  interface  traps.  The  energy  position  was  determined  by  the  voltage  pulse  pair 
and  N„  -  Nit  d  where,  Nj,  is  the  trap  concentration  obtained  from  die  DDLTS  signal  and  d  is  the 
effective  depletion  thickness  related  to  the  pulse  pair.  The  obtained  energy  profile  is  shown  in 
Fig  with  a  maximum  of  2.6x10* 1  eV 1  .cm'2  located  at  Ey+0.85eV.  For  comparison,  the  average 
interface  state  density  obtained  from  Fig.5  is  about  l.lxlO^cm'2  which  is  smaller  than  the  value 
obtained  from  I-V-T  fitting  (by  a  factor  of  6).  The  difference  is  probably  due  to  the  fact  that  fast 
states  do  not  contribute  to  the  DLTS  signal.  In  the  DDLTS  measurement,  only  the  states  with 
emission  time  longs-  than  lxl0‘5s  are  detected,  while  all  interface  states  contribute  to  the  recom¬ 
bination  current 

Rapid  thermal  annealing  was  performed  on  the  Al-Schottky  diodes.  The  DDLTS  spectra 
are  shown  in  Fig.  6.  After  a  400°C  RTA  the  concentration  of  the  interface  trap  B  was  greatly 
reduced.  The  trap  signal  completely  disappears  after  a  450°C  annealing.  For  the  450°C  annealed 
A1 -con tact  diodes  the  I-V  characteristics  (see  Fig. 3)  also  showed  that  the  diodes  had  an  ideality 
facts  of  1.04  in  the  most  linear  voltage  region  (0-0.4V)  at  300K,  showing  that  the  thermionic 
emission  becomes  the  dominant  mechanism  after  a  450°C  RTA.  This  is  consistent  with  the 
DDLTS  results  shown  in  Fig.6.  These  results  confirmed  that  the  interface  trap  B  acts  as  recom¬ 
bination  centers  under  a  forward  bias  condition.  The  current  level  also  increased  about  2-3  orders 


after  a  450°C  annealing  in  Al/GalnP  diodes  (see  Fig.3),  which  is  probably  due  to  the  elimination 
of  the  thin  oxide  lays  by  annealing.  Watanabe  et  al  *“*  and  we  also  have  reported  recently  the 
reduction  of  vacancy  or  oxygen  related  defects  by  thermal  annealing  in  the  GaAs/AlGaAs*23*  and 
in  the  GalnAs/GaAs*21*  heterojuctions,  respectively. 


The  Schottky  barrier  height  was  increased  slightly  after  the  thermal  annealing.  The  Schot- 
tky  barrier  height,  measured  using  the  I-V-T  method*24*,  was  0.93  and  0.92eV  for  as-deposited 
Au  and  Al  -GalnP/GaAs  diodes  ,  respectively.  For  the  450°C  RTA  annealed  Al -contact  diodes, 
die  barrier  height  was  0.95  V.  Sinha  et  al*25*  and  Chino*26*  reported  earlier  about  the  barrier  height 
increase  by  thermal  annealing  in  Ti/GaAs  and  Al/Si  diodes.  Inter-diffusion  or  dissipation  of 
impurities  by  thermal  diffusion  away  from  the  AJ/GalnP  interface  could  be  a  reason  for  the 


observed  increase  in  the  barns  height. 


IV.  Conclusions 

In  summary,  the  following  was  observed:  (1)  One  electron  trap  at  0.28eV  was  found  in 
GalnP  epilayer.  (2)  One  contact  related  hole  trap  at  0.50-0.75eV  was  observed  in  Al-contact 
diode,  but  not  in  Au-contact  diodes.  It  acts  as  recombination  centers  when  the  diode  is  forward 
biased.  The  interface  state  density  at  Al/GalnP  interface  is  about  7.5xlOu  cm'2  ,  obtained  from 
die  I-V-T  analysis  by  simulation  fitting.  (3)  Reduction  of  this  interface  trap  and  of  the  recombi¬ 
nation  current  was  observed  after  the  rapid  tliermal  annealing.  (4)  The  Schottky  barrier  height  of 
Al-GalnP/GaAs  diodes  was  increased  by  about  0.03V  after  the  450°C  RTA. 
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ABSTRACT 

The  development  of  novel  optoelectronic  devices  using  thick,  defect  free,  strain  free  buffer 
layers  mismatched  to  the  substrate  requires  an  understanding  of  the  mechanisms  responsible  for 
the  relaxation  of  the  elastic  strain.  Using  X-ray  diffraction,  we  have  studied  the  structural 
properties  of  partially  relaxed  InGaAs  layers  as  a  function  of  thickness  and  substrate 
misorientation  and  measured  the  residual  strain.  This  study  shows  that  strain  free  layers  are 
difficult  to  achieve  even  for  thicknesses  well  above  the  critical  layer  thickness.  Our 
measurements  also  show  that  the  relaxation  of  the  strain  induces  geometrical  effects  such  as  a 
triclinic  distortion  of  the  epilayer  unit  cell  and  a  tilt  with  respect  to  the  substrate.  These 
deviations  from  the  ideal  structure  may  seriously  degrade  the  quality  of  optoelectronic  active 
layers  grown  on  relaxed  InGaAs  buffer  layers. 


INTRODUCTION 

The  design  of  optoelectronic  devices  would  gain  another  degree  of  flexibility  if  the  growth 
of  low  defect  density,  strain-free  buffer  layers,  lattice  mismatched  with  respect  to  the  substrate 
could  be  routinely  achieved.  This  would  also  open  new  possibilities  in  device  structures,  since 
the  thickness  of  active  layers  would  not  be  limited.  This  improvement  would  be  particularly 
beneficial  for  the  highly  strained  InGaAs/GaAs  system  because  of  its  potential  applications  for 
HBT*  and  MODFET®  structures.  However,  due  to  a  poor  understanding  of  the  elastic  strain  relief 
mechanisms,  strain  free  buffers  are  difficult  to  optimize.  In  particular,  several  studies3-4-5  have 
shown  that  some  residual  strain  is  present  even  for  layer  thickness  well  above  the  critical  layer 
thickness  and  at  the  present  time,  it  is  difficult  to  predict  the  final  residual  strain  from  lattice 
mismatch,  layer  thickness  and  growth  conditions.  It  is  therefore  necessary  to  assess  the  quality 
of  partially  relaxed  layers  in  order  to  estimate  whether  relaxed  buffer  layers  would  be 
appropriate  for  the  subsequent  growth  of  active  layers.  In  addition,  another  difficulty  arises  from 
the  fact  that  the  structural  defects  induced  by  the  relaxation  process,  in  particular  the  final 
symmetry  of  the  epilayer  unit  cell,  have  not  been  fully  investigated.  For  this  purpose,  we  have 
carried  out  a  systematic  study  of  the  geometry  of  InGaAs  epilayers  with  different  thickness  and 
indium  composition  using  high  resolution  X-ray  diffraction.  Our  data  show  that  the 
crystallographic  symmetry  of  the  epilayer  is  no  longer  tetragonal  but  triclinic.  The  magnitude 
of  triclinic  distortion  has  been  measured  for  all  layers  as  a  function  of  substrate  misorientation 
and  layer  thickness. 


217 


EXPERIMENTAL  PROCEDURE 


The  samples  used  in  this  study  are  In.Ga^As  layers  grown  by  OMVPE  in  a  horizontal  reactor 
at  low  pressure.  The  growth  conditions  were  set  up  to  obtain  indium  composition  in  the  range 
x*  0.03-0.23.  The  GaAs  substrates  were  either  (100)  nominally  flat  or  (100)  offcut  by  2s.  The 
nominal  thickness  of  the  layers  varies  from  20  to  3000  nm. 

The  structural  properties  of  the  samples  were  measured  using  a  Rigaku  double  crystal  X-ray 
diffractometer  and  a  CuKa  radiation  (a  set  of  vertical  slits  is  used  to  eliminate  the 
wavelength).  [400]  rocking  curves  were  recorded  as  a  function  of  the  azimuthal  angle  <u  with  a 
43°  step  (in  this  study,  when  the  incident  X-ray  beam  is  aligned  along  the  [010]  direction,  the 
azimuthal  angle  is  arbitrarily  set  to  0).  The  resulting  set  of  8  different  peak  spacings  was  then 
least  squares  fitted  in  order  to  obtain  a  value  of  the  lattice  parameter  in  the  growth  direction,  Cj, 
as  well  as  the  amplitude,  a,  and  the  direction,  of  the  epitaxial  tilt  (the  direction  of  the  tilt  is 
measured  by  the  angle  between  its  projection  on  the  sample  surface  and  the  [010]  direction). 
Residual  strain  measurements  have  been  performed  by  recording  [422]  or  [311]  rocking  curves, 
in  the  low  geometry,  along  the  four  different  <01 1  >  directions.  Averaging  these  4  values  leads 
to  the  in-plane  lattice  parameter,  <Ej>.  The  indium  composition  for  each  sample  is  then  deduced 
from  Cj  and  <aj>,  as  well  as  a  relaxation  coefficient  defined  by  R  =  (<a2>-a0)/(aI-ao)<  where  as 
represents  the  substrate  lattice  parameter  and  a*  the  bulk  lattice  parameter  of  the  epilayer. 


RESULTS  AND  DISCUSSION 
Residual  strain  measurements. 

The  residual  strain  in  each  sample  has  been  measured  using  symmetrical  and  asymmetrical 
reflections.  In  order  to  compare  layers  with  different  indium  composition,  we  have  plotted  in 
Ftg.1  the  variation  of  the  relaxation  coefficient  as  a  function  of  normalized  thickness  t^h-hj/h., 
where  h  represents  the  thickness  of  the  layer  and  1^  represents  the  critical  layer  thickness*  for 
the  particular  In  composition.  In  qualitative  agreement  with  the  Dodson  and  Tsao  model  for 
strain  relaxation,7  we  note  two  different  trends  in  the  range  of  thickness  and  In  composition 
investigated.  First  a  quasi-exponential  variation  of  R,  for  small  values  of  t,  followed  by  a  region 
where  R  reaches  a  plateau,  measured  at  86%.  It  is  worth  noting  that  even  for  a  layer  thickness 
about  250  times  larger  that  the  critical  layer  thickness  a  residual  elastic  strain  of  about  13%  is 
found,  showing  that  in  that  range  of  thickness  a  strain-free,  thick  buffer  layer  is  difficult  to 
achieve. 

Comparison  with  other  similar  wotks  can  be  instructive.  Results  from  the  literature  have  been 
transposed  into  R  versus  t  data.  First  a  study  by  Dunstan*  et  al.  shows  an  excellent  agreement 
with  our  data,  in  particular  the  value  of  the  relaxation  coefficient  reached  in  the  plateau  is  within 
few  percent  of  our  experimental  value.  On  the  other  hand,  a  study  by  Krisnamoorthy  et  al.4 
indicates  for  comparable  value  of  t  a  higher  residual  strain  or  lower  value  of  the  relaxation 
coefficient  measured  at  70%.  It  is  interesting  to  note  fust  that  in  the  three  studies,  die  samples 
under  investigation  cover  about  the  same  range  of  thickness  and  In  composition  and  second  that 
neither  the  growth  temperature  nor  the  growth  technique  are  likely  explanations  for  the  observed 
differences.  This  comparison  emphasizes  again  that  for  thick  layers,  the  residual  strain  is  difficult 
to  predict  and  does  not  depend  solely  upon  layer  thickness  and  layer  composition. 
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Geometry  of  the  coilaver  unit  cell. 

1-  Epitaxial  tilt 

It  has  been  shown  for  various  systems9  that  (100)  planes  of  epitaxial  layers,  lattice 
mismatched  with  the  substrate,  are  tilted  with  respect  to  the  (100)  planes  of  the  substrate.  The 
magnitude  and  direction  of  the  tilt  in  the  samples  investigated  are  reported  in  Table  I. 

Two  models  have  been  developed  to  account  for  this  tilt.  Using  geometrical  considerations, 
Nagal40  first  proposed,  in  the  case  of  fully  strained  layers  grown  on  misoriented  substrates,  a 
mechanism  where  the  (100)  epilayer  planes  have  to  be  tilted  in  order  to  avoid  a  discontinuity 
of  the  atomic  planes  at  each  interface  between  steps.  This  model  can  be  applied  to  strained 
mismatched  layers  grown  on  misoriented  substrate.  This  is  the  case  only  for  sample  2  where 
Nagafs  model  predicts  a  tilt  of  205  arcsec  toward  the  [0-10]  direction,  assuming  a  substrate 
offeut  angle  of  2°  and  an  In  composition  of  22.5%.  These  predictions  are  in  excellent  agreement 
with  our  results. 

Second,  Olsen  and  Smith"  developed  a  model  where  the  epitaxial  tilt  is  induced  by  strain 
relaxation.  In  this  model,  the  epitaxial  tilt  is  the  result  of  an  imbalance  of  the  (mentation  of  the 
Burgers  vectors  associated  with  the  formation  of  60°  type  dislocations.  Preferential  orientation 
of  Burgers  vectors  is  due  to  substrate  misorientation,  where  the  inclined  interface  results  in 
larger  strain  relieving  component  of  Burgers  vectors  along  particular  directions.  The  magnitude 
of  the  tilt  induced  by  the  relaxation  of  the  strain  is  given  by: 

l(fR)  sin(x/4-p)] 

a  =  -  (1) 

[n  cos(p)  +  cos(x/4-p)  cos(x/4)] 

where  (fR)  is  the  portion  of  the  lattice  mismatch  accommodated  by  interface  dislocations,  n  the 
ratio  of  the  density  of  edge  type  to  60 0  type  dislocations  and  p  the  substrate  offeut  angle.  It  is 
worth  pointing  out  that  both  models  require  a  substrate  misorientation  in  order  to  explain  an 
epitaxial  tilt 
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Table  I:  Thickness  t,  nominal  substrate  misorientation  p,  tilt  magnitude  a  and  dlt  direction  £ 
measured  with  respect  to  the  [010)  direction,  fi,  y,  S  are  the  parameters  corresponding  to  the 
triclinic  distortion  described  in  Fig.2  .The  uncertainties  havt  been  estimated  to  110",  ±2°, 
±0.03°,  ±35"  and  ±10°  for  o,  5,  p,  y  and  5  respectively. 


sample 

t  (nm) 

p  (degree)  a  (arcsec) 

t,  (degree) 

p(degree) 

7(arcsec) 

Sfcfcgtoe) 

1 

20 

<0.5 

152 

47 

_ 

83 

35 

2 

20 

2 

218 

180 

- 

190 

0 

3 

40 

<0.5 

- 

- 

- 

53 

200 

4 

40 

2 

153 

159 

419 

19 

5 

80 

<0.5 

496 

26 

- 

86 

127 

6 

80 

2 

1212 

38 

0.12 

452 

10 

7 

3000 

2 

133 

18 

0.06 

54 

293 

8 

3000 

2 

370 

128 

0.12 

95 

153 

9 

3000 

2 

628 

341 

0.06 

205 

319 

Although  an  accurate  comparison  with  this  model  requires,  in  addition  to  the  X-ray 
diffraction  data,  an  identification  of  the  type  and  a  measure  of  the  dislocations  densities,  our 
results  tend  to  support  the  existence  of  another  tilting  mechanism:  first,  we  notice  that  sample 
5  exhibits  a  tilt  of  about  S00  arcsec,  despite  the  fact  that  the  offcut  angle  of  the  substrate  has 
been  measured  to  be  less  than  0.25°.  In  this  case,  the  ratio  between  strain  relieving  components 
of  the  Burgers  vectors  on  each  side  of  the  interface  is  less  than  1%  and  it  is  unlikely  that  such 
a  small  difference  would  lead  to  a  preferential  orientation  for  all  Burgers  vectors.  Therefore  an 
almost  complete  cancellation  of  the  tilt  component  of  the  Burgers  vectors  is  expected.  Second, 
Eq.(l)  shows  that  the  magnitude  of  the  tilt  is  expected  to  increase  with  the  amount  of  elastic 
strain  relieved.  This  is  clearly  not  the  case  in  our  samples  where  a  thin  layer  (sample  6)  displays 
a  tilt  which  is  about  10  times  larger  than  that  of  a  thick,  more  relaxed  layer  (sample  7).  In 
addition,  for  samples  7  to  9  the  density  of  misfit  dislocations,  which  is  derived  from  the  value 
of  R  (assuming  only  60°  type  dislocations)  is  equal  to  1.8  105,  3.3  10s  and  4  lOVcm2 
respectively,  as  the  tilt  magnitude  is  increasing  more  rapidly.  If  the  magnitude  of  the  tilt  is 
proportional  only  to  the  densities  of  60°  type  misfit  dislocations,  a  would  be  expected  to  level 
off  since  previous  studies12  have  shown  that  edge  type  dislocations  which  do  not  contribute  to 
the  tilt,  can  outnumbered  60°  type  dislocations  as  the  layer  further  relaxes.  Consequently,  these 
results  suggest  that  another  mechanism  also  contributes  to  the  epitaxial  tilt  in  our  partially 
relaxed  samples. 

2-  Triclinic  distortion 

In  order  to  characterize  the  geometry  of  partially  relaxed  unit  cell,  we  have  derived  the 
absolute  positions  of  the  substrate  and  epilayer  peaks  and  hence  the  peak  spacing  as  a  function 
of  substrate  misorientation,  epilayer  tilt  and  crystallographic  symmetry  of  the  epilayer  unit  cell 
using  the  following  equation: 

sin[6b(hkl)]  =  sin[0(hkl)l  cos[<b(hkl)|  +  cos[0(hkl))  sin[d>(hkl)J  cos[%(hkl)]  (2) 

where  0^(hkl)  is  the  Bragg  angle,  0(hkl)  the  angle  between  the  surface  and  the  incident  X-ray 
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beam,  $(hki)  the  angle  between  the  surface  normal  and  the  normal  to  the  (hkl)  planes  and  x(hkl) 
the  angle  between  the  projections  of  the  normal  to  the  (hkl)  planes  and  the  incident  beam  on  the 
surface.  The  lattice  parameter  in  the  growth  direction  c2,  the  tilt  magnitude  a  and  the  tilt 
direction  $  are  first  obtained  from  (400j  symmetrical  measurements.  The  epiiayer  unit  cell  is 
then  characterized  by  four  additional  parameters:  <a2>  the  average  in-plane  lattice  parameter,  P 
the  angle  by  which  the  angle  between  in-plane  vectors  of  the  unit  cell  differs  from  90°,  y  ami 
S,  the  magnitude  and  direction  of  a  triclinic  distortion  causing  the  [  100)  InGaAs  direction  to  be 
no  longer  perpendicular  to  the  ( 100)  InGaAs  planes.  A  diagram  of  the  unit  cell  is  represented 
in  Fig.2.  Applying  Eq.(2)  to  the  substrate  and  epiiayer  peak  positions,  die  four  parameters  <a2>, 
P,  y,  8  can  be  adjusted  to  match  the  experimental  jhki]  peak  splittings.  The  results  are 
summarized  in  Table  I. 


Fig.2.  diagram  of  the  triclinic  distortion 


The  first  deviation  from  a  tetragonal  symmetry  is  characterized  by  P  and  is  related  to  an 
asymmetry  in  the  formation  of  misfit  dislocations  along  |011|  and  10-11 1  directions. 

The  second  deviation  is  characterized  by  y  and  8.  Such  a  distortion  is  found  in  all  our  layers 
although  it  is  small  in  most  cases.  Analysis  of  the  data  presented  in  Table  1  suggests,  for  thin 
layers,  a  strong  correlation  between  y  and  the  misorientation  of  the  substrate.  A  triclinic 
distortion  has  been  observed  before  in  the  AlGaAs/GaAs  strained  system15,  with,  however  two 
major  differences.  The  amplitude  of  the  distortion  was  small  compared  to  our  results,  (about  20 
arcsec,  roughl/  the  same  value  as  the  epiiayer  lilt),  and  the  direction  of  the  distortion  was  180° 
away  from  the  direction  of  the  epitaxial  tilt,  in  this  case,  since  the  tilt  is  assumed  to  be 
equivalent  to  a  rigid  body  rotation,  the  effect  of  the  distortion  is  to  keep  the  1 100]  epiiayer 
direction  parallel  to  the  ( 1001  substrate  direction.  Sample  2  is  the  only  sample  almost  completely 
strained  and  grown  on  misoriented  substrate  and  indeed  the  results  from  this  sample  are 
consistent  with  the  study  by  Lieberich  et  al‘\  since  the  amplitude  of  the  distortion  is  almost 
equal  to  the  amplitude  of  the  tilt  and  since  the  direction  of  the  distortion  is  exactly  opposite  to 
the  tilt  direction.  However,  except  for  sample  2,  the  triclinic  distortion  measured  in  our  samples 
result  probably  from  a  different  mechanism  related  to  strain  relaxation,  because  the  magnitude 
of  the  distortion  is  different  from  that  of  the  tilt  magnitude  and  no  correlation  can  be  established 
between  the  direction  of  the  distortion  and  the  direction  of  the  tilt. 
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CONCLUSIONS 


In  conclusion,  we  have  characterized  the  structural  properties  of  partially  relaxed  layers.  Our 
results  show  a  triclinic  distortion  of  the  epilayer  unit  cell  which  has  been  correlated  to  the 
substrate  tnisorientadon  and  is  probably  induced  by  strain  relaxation.  These  deviations  from  the 
ideal  structure  may  seriously  degrade  the  quality  of  optoelectronic  layers  grown  on  thick  InQaAs 
layers,  since  they  are  related  to  strain  relaxation.  However,  it  should  be  kept  in  mind  that  the 
major  obstacle  for  device  performances  is  the  propagation  of  dislocations  through  the  active 
layers  of  the  devices. 
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The  defect  distribution  of  a  graded  composition  InGaAs  layer  grown  on  GaAs 
by  MBE  has  been  characterized  by  TEM  (XTEM,  PVTEM,  HREM).  The  observed 
configuration  does  not  correspond  completely  with  that  theoretically  predicted. 
Dislocation  misfit  segments  are  in  a  quantity  much  bigger  than  in  constant  composition 
layers.  Dislocation  density  is  quite  uniform  up  to  a  certain  layer  thickness  t,.  Few 
dislocations  are  observed  between  this  t,  thickness  and  a  larger  thickness  ^ 
Dislocation  density  is  below  the  detection  limit  of  XTEM  for  thicknesses  bigger  than 
tj.  Some  dislocations  are  observed  to  penetrate  in  the  GaAs  substrate. 

Several  mechanisms  (reactions  between  60°  dislocations,  Hagen-Strunk  and 
modified  Frank-Read  processes)  are  proposed  to  explain  the  interactions  of  dislocations 
in  the  epilayer  and  their  penetration  in  the  substrate. 


Introduction 

Though  the  linearly  graded  composition  layers  have  constituied  the  subject  of 
several  studies  for  different  materials  (GaAs,.,?,,  InGa^P2,  In,Ga,.,As\  Si,Ge,.,4), 
their  use  as  buffer  layers  has  been  much  less  intense  compared  to  the  uniform 
composition  layers  and  the  superlattices.  Nevertheless,  the  dislocation  density  measured 
in  these  layers  (uniform  composition  and  superlattices)  near  the  top  surface  is  higher 
that  this  density  in  linearly  graded  composition  layers*6. 

The  continuosly  graded  composition  layers  possess  several  advantages  to  be 
used  as  buffer  layers  for  the  dislocation  filtering.  The  dislocation  pinning  is  reduced 
because  an  interface  between  two  materials  of  very  different  composition  has  not  to 
be  present.  Also,  the  force  exerted  on  the  propagated  dislocations  is  larger  than  in 
uniform  composition  layers;  this  is  due  to  that  in  the  mentioned  graded  composition 
layers  the  residual  strain  is  much  larger  in  the  nearnesses  of  the  surface7. 

The  dislocation  distribution  of  linearly  graded  composition  InGaAs  layers  grown 
on  GaAs  has  been  studied  by  TEM  in  this  paper,  and  this  distribution  has  been 
compared  with  the  dislocation  configuration  theoretically  predicted. 


Experimental 

Graded  composition  1pm  thick  In,Ga,.,As  layers  have  been  grown  on  GaAs 
(001)  substrates  by  Molecular  Beam  Epitaxy.  The  grading  is  linear  and  the 
composition  changes  between  x=0,  at  the  surface  of  the  substrate,  and  x=0.30,  at  the 
top  of  the  grown  layers.  The  nominal  composition  profile  has  been  verified  by  SIMS 
measurements*.  The  epilayer  thickness  measured  by  XTEM  is  1031  ±  34  nm.  Figure 
1  shows  the  scheme  of  the  studied  heterostructures. 

The  specimens  studied  by  cross-sectional  TEM  (XTEM)  have  been  prepared  by 
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conventional  Ar*  ion-milling  techniques.  A  solution  of  Br^CH^OH  has  been  used  to 
prepare,  by  chemical  etching,  the  planar  view  TEM  (PVTEM)  specimens.  The  TEM 
results  have  been  obtained  by  using  two  transmission  electron  microscopes,  a  JEOL 
2000  EX,  for  the  HREM  work,  and  a  JEOL  1200  EX,  for  the  conventional  dislocation 
analysis  by  XTEM  and  PVTEM. 


li^Ga^As 

x=0.3 

Linearly  graded 

1  |im 

composition 

x=0 

GaAs 

500*0  MBE 

Substrate  GaAs  (001) 

Fig.  1  Scheme  of  the  graded  composition  layer. 

Dislocation  distribution 

Dislocations  are  detected  by  XTEM  up  to  a  maximum  epilayer  thickness;  this 
maximum  thickness  will  be  named  tB.  Therefore,  the  dislocation  density  for  regions 
of  the  epilayer  with  thickness  t  larger  than  t_  has  to  be  smaller  than  107  cm'2.  This 
parameter  tK  is  different  for  each  cross  section  (a  and  b);  t^  and  t^ ,  correspond  to  the 
cross  sections  a  and  b,  respectively,  t^  =  611  ±  20  nm  and  t^,  =  927  ±  28  nm. 
Figure  2  shows  a  XTEM  image  taken  from  the  cross  section  a.  For  the  cross  section 
b  the  maximum  thickness  t^ ,  only  is  reached  for  the  dislocations  in  some  lateral 
regions  of  the  epilayer;  one  of  these  regions  is  that  shown  in  the  right  Dart  of  the 
figure  2.  The  dislocation  lines  are  near  or  in  the  (001)  growth  plane,  along  the  two 
<110>  directions  contained  in  this  plane. 

Interactions  between  dislocations  have  been  observed.  Figure  3  shows  an 
example  of  a  XTEM  image  corresponding  to  an  interaction  of  four  60°  dislocations. 
This  configuration  is  explained  considering  initially  a  disposition  of  a  couple  of 
dislocations  for  each  <110>  direction  contained  in  the  plane  (001).  A  couple  is 
constituied  of  dislocations  a  and  b,  and  the  other  of  c  and  d.  Each  couple  is  situated 
in  two  different  planes  {111}.  Reactions  have  place  between  dislocations  in  the  same 
plane  {111}  (reaction  of  a  and  b,  and  of  c  and  d),  and  also  between  dislocations  in 
different  planes  {111}  (reaction  of  a  and  d,  and  of  b  and  c).  The  analysis  of  this 
interaction  has  been  carried  out  using  stereoscopic  procedures.  The  explained 
configuration  can  be  considered  as  a  multiple  Hagen-Strunk  interaction9. 

60°  and  edge  perfect  dislocations  have  been  identified  from  the  HREM  images 
corresponding  to  cross  section  preparations,  making  Burgers'  circuit  analysis.  Not  all 
the  dislocations  can  be  characterized  in  this  way  because  for  completing  this  analysis 
is  necessary  that  the  dislocation  lines  are  along  the  <110>  direction  parallel  to  the 
incident  electron  beam.  Figure  4  presents  an  example  of  two  edge  dislocations 
identified  by  HREM  analysis. 
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Fig.  2  XTEM  image  that  show*  the  dislocation  distribution  in  the  graded  composition  layer. 


Fig.  3  The  representation  of  B)  explains  the  interaction  between  dislocations  of  the  region 
arrowed  in  the  XTEM  image  of  A). 

PVTEM  images  verify  that  dislocations  are  mostly  situated  along  the  <110> 
ortogonal  directions.  Figure  5  shows  a  PVTEM  image.  Typical  configurations  of 
interactions  between  two  60°  dislocations  are  observed  in  these  images;  the  image  of 
figure  5,  in  the  zone  arrowed  with  the  letter  c,  shows  an  example  of  this  configuration. 


Fig.  4  XTEM  image  taken  from  a  veiy  thinned  region  of  the  graded  composition  layer.  The 
HREM  images  (a  and  b)  correspond  to  the  two  edge  perfect  dislocations  arrowed  in 
the  XTEM  image. 
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Fig.  5  BF  (220)  PVTEM  image  of  the  graded  composition  layer. 

Dislocations  penetrate  in  the  substrate  in  some  regions.  Several  configurations 
have  been  observed  for  these  dislocations.  The  main  configurations  are:  a)  Two  60° 
dislocations  have  penetrated  in  the  substrate  and  they  have  interactioned,  resulting  a 
triangular  shape  disposition.  An  example  of  this  behavior,  determined  using  the  gb 
and  ghxu  invisibility  criteria  on  TEM  images,  is  described  by  the  following  reaction 
of  dislocations: 


-|-[011J+-|(101]  —  {60°  +60°  =  edge) 

b)F.  K.  LeGoues  et  al.4  have  proposed  a  "modified  Frank-Read"  mechanism  to  explain 
the  penetration  of  dislocations  in  Si  substrates  from  Si.Ge,.,  epilayers  and  they 
confirmed  that  this  mechanism  is  extrapolable  to  the  GaAs\InIGaI.IAs  system.  The 
configuration  observed  in  SiNS^Ge!.,  XTEM  images  for  these  authors  have  been 
observed  in  the  present  material. 


Comparatton  between  theoretical  and  experimental  behavior 

J.Tersoff  has  developed  a  model  that  predicts  the  dislocation  distribution  for 
a  graded  composition  layer.  This  distribution  consists  of  a  completely  relaxed  epilayer 
thickness  (from  thickness  t»0  up  to  tst.,)  and  a  remaining  epilayer  (its  upper  part, 

from  tst^,  up  to  tetMj  -r  r-  _ 1  dislocation  free.  This  distribution  is  similar  to  the 

experimentally  observed  though  the  dislocation  rich  thickness  is  not  completely 
relaxed.  Table  1  shows  the  values  of  t_,  if  only  are  considered  60"  or  edge  perfect 
dislocations  for  the  studied  heterostructure.  The  accuracy  of  these  values  is  mainly  due 
to  the  unaccuracy  of  the  dislocation  cutoff  distances;  however,  this  accuracy  is 
quite  good  (6.1  -  8.2  nm).  These  values  of  t_  correspond  to  a  situation  in  which  the 
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Table  1  Values  of  t_  and  da  considering  60*  and  edge  perfect  dislocatkns 


DMocntton 

*-.(*■») 

60s 

874 J  ±  8J 

lOA-ltf 

edge 

915.5  t  6.1 

5.3-10* 

dislocation  density  (d)  leads  to  a  complete  relaxation  of  the  material  for  t  s  t^.  The 
mean  dislocation  density  measured  for  both  cross  sections  is  similar  and  it  results  d 
s  5.0  ±  2.0  •  10*  cm  2.  The  densities  corresponding  to  a  complete  relaxation  (da)  are 
indicated  in  table  1  if  only  a  type  of  dislocation  (60s  or  edge)  is  considered.  This  is, 
the  measured  density  is  equal  or  smaller  than  the  corresponding  to  a  complete 
relaxation.  This  means  that  the  theoretically  expected  values  of  t.  must  be  equal  or 
larger  than  the  calculated  values  of  V  A  companion  between  the  experimental  values 
°ft.(t„  =  611  ±  20  nm  and  t^,  =  927  ±  28  nm)  and  the  theoretically  predicted  for 
a  equilibrium  situation  (see  values  of  t*,  in  table  1),  if  the  above  explained 
considerations  relative  to  the  dislocations  density  are  taken  into  account,  shows  that 
the  system  behaves  as  (or  at  least  h  near)  a  equilibrium  system  if  only  some  regions 
of  a  cross  section  (b)  is  considered  (t,^,  *  t^)  while  the  behaviour  for  the  other  cross 
section  is  quite  out  of  the  equilibrium  situation  (t^  «  t_).  Therefore,  the  graded 
composition  layer  behaves  as  a  metastable  system  in  some  regions.  Other  facts  that 
contribute  to  the  differences  between  the  theoretical  and  experimental  values  of  t.  are 
the  interaction  between  dislocations  because  these  interactions  have  been  observed  but 
are  not  taken  into  account  in  the  model  of  Tersoff. 
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ABSTRACT 

The  Raman  scattering  from  LO  phonon-plasmon  coupled  (LOPC)  mode  in  heavily 
carbon  doped  p-type  InIGs,_IA*  grown  by  metalorganie  molecular  beam  epitaay 
(MOMBE)  was  studied  experimentally.  Only  one  LOPC  mode  appears  between  the 
Ga  A  e-like  and  InAs-like  LO  modes  was  observed.  The  peak  position  of  the  LOPC  mode 
is  near  the  GaAs-likc  TO  mode  frequency,  and  is  not  sensitive  to  the  hole  concentration. 
The  intensity  of  the  mode  increases  with  increasing  the  carrier  concentration  while  the  two 
LO  modes  decrease  and  become  nnvisible  under  the  higher  doping  level.  The  hole  concen¬ 
tration  dependence  of  the  line  width  and  intensity  of  the  LOPC  mode  is  very  similar  to  that 
in  p-type  GaAs.  It  was  shown  that  the  plasmon  damping  effect  plays  a  dominant  role  in 
the  p-type  doping  case. 


INTRODUCTION 

In  a  polar  semiconductor,  the  longitudinal-optical  (LO)  phonons  will  eonple  strongly 
with  collective  oscillations  of  the  free-carrier  system  (plasmons)  due  to  the  macroscopic 
electric  fields  associated  with  both  kinds  of  elementary  excitations.  Raman  scattering  by 
LO  phonon-plasmon  coupled  (LOPC)  modes  in  the  binary  semicondoeters[l-4],  especially 
in  GaAs[3-7],  has  been  studied  extensively  by  many  investigators,  and  has  been  proposed 
as  a  nondestructive  technique  for  determining  doping  level  of  the  material[8].  Up  to  now, 
however,  only  a  few  works  have  been  done  on  the  ternary  and  multinary  compounds 
though  they  are  of  considerable  interest  for  their  applications.  Because  of  the  'two-mode* 
behavior  in  many  ternary  m-V  compounds,  the  feature  of  the  LOPC  modes  will  be  differ¬ 
ent  from  that  in  the  binary  materials  as  have  been  shown  in  Al.Gs^As  alloys  reported 
previously [9-11].  The  lntGai^As  system  is  another  important  material  for  the  fabrication 
of  high-speed  and  optoeketrie  devices,  therefore  an  understanding  of  the 
plasmon-phonon  interactions  in  the  material  is  of  significant  importance. 

In  this  work,  we  experimentally  studied  the  Raman  scattering  by  coupled  hole 
plasmon-LO  phonon  mode  in  heavily  carbon  doped  p-type  In1Ga,nAs  with  x«  0.3  and 
various  hole  concentrations.  The  frequency,  intensity  and  linewidth  of  the  LOPC  mode  in 
the  first-order  Raman  spectroscopy  measurements  were  analysed  based  on  the  experimen¬ 
tal  results. 


EXPERIMENTAL 

The  carbon  doped  p-type  InlGa1_1As  layers  used  in  the  present  study  were  grown  on 
<D01)  81-GsAs  substrates  by  metalorganie  moleeular  beam  epitaxy  (MOMBE)  using 
trimethylgallium  (TMG),  solid  indinm  and  solid  arsenic  as  source  materials.  TMG  was 
kept  at  OC  during  the  growth  and  introduced  by  helium  as  a  carrier  gas.  The  growth  tem¬ 
perature  was  verted  from  450  to  330  U  with  the  pressure-equivalent  beam  fluxes  of  1.8  x 
10  ,  7x  10“  and  2x  10m bar  for  TMG,  arsenic  and  indinm,  respectively.  The  hole  con¬ 
centration  of  the  samples  were  controlled  by  growth  temperature.  Details  concerning  the 
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growth  ekarsetarfctte  haw  baa  ditcaeeod  ofcewhere{121. 

Indium  competition*  wan  determined  by  X-ray  diffraction  (XRD)  meaeonmaata. 
leoente  the  thkkaaaaaa  of  a&  templet  are  0.9—  1  Jpm,  mteflt  » train  indnead  by  lattice 
ntiamatcb  between  In,Oa,.1Ae  apilayer  and  OaAa  aabatrate  it  aaanued  to  be  completely  re¬ 
laxed.  The  hole  concentration*  of  the  carbon  doped  p-type  lntGa,_,Aa  layer*  were  deter¬ 
mined  by  Hall  maacarementa  nting  the  «ae  der  Paew  method  at  room  temperate  re.  The 
Xamea  epeetre  wen  excited  with  the  314.3am  line  of  an  Ar-km  later  and  recorded  in  the 
ttandard  beck  mattering  geometry. 


RESULTS  AND  DISCUSSION 

The  In.Ga^A*  ternary  alloy  hat  two  aeta  of  optical  phonona[13,  14],  and  the  two 
longitndinaf  bnnchea  of  the  phonona  will  eonpie  with  the  carrier  plaamone.  Figure  1  thowa 


FIG.l.  Raman  ipectn  from  the  carbon  doped  p-type  lnt.jiGay.tAt 
templet  with  variona  hole  coneentrationt. 
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FIG  .2.  Raman  spectra  from  a  carbon  doped  p-typc  In,  ,Gal  7As 
sample  in  two  different  scattering  configurations: 


Ca)  »(^(i  +  >), 


+  y»*.  (b >  «(^=(x  +  “  >*>*' 


die  Raman  spectra  obtained  at  room  temperature  from  the  carbon  doped  p-type 
In1Ga,_.As  samples  with  the  indium  composidon  >«  0.3  and  different  hole  concentrations 
from  10*7  to  10 ’’em-  .  The  two  peaks  observed  at  high  frequency  (282cm-1}  and  low  fre¬ 
quency  <232cm-1)  are  so  called  GaAs-like  and  In  As-iike  LO  modes.  Another  peak  appears 
at  the  intermediate  frequency  is  assigned  to  the  LOPC  mode.  It  has  been  found  by  Yuasa  et 
al[10,  11]  that  in  Al.Ga^At,  the  coupled  plasmon-LO  phonon  modes  consist  of  three 
branches  at  high,  low  and  intermediate  frequencies.  However,  we  did  not  observed  so  many 
modes  in  our  samples.  In  addition  to  the  two  LO  phonons,  only  one  peak  is  clearly  present 
near  the  GaAs-like  transverse  (TO)  mode  frequency  (262cm-1)  in  each  of  the  spectra. 

It  is  well  known  that  in  baekscattering  geometry,  only  LO-like  scattering  is  allowed 
while  TO  scattering  should  be  forbidden  from  a  (100)  oriented  surface  except  for  highly 
disordered  materials  because  of  the  breakdown  of  the  wave  vector  conservation  rule.  Such 
'forbidden*  TO  scattering  has  been  reported  by  several  authors  in  experiments  dealing  with 
(100)  faces,  particularly  in  heavily  doped  materials]!  5,  16].  In  order  to  identify  the  mode 
appears  near  the  GaAs-like  TO  mode  frequency,  we  have  recorded  polarised  spectra  in  dif¬ 
ferent  scattering  configurations  as  shown  in  Figure  2.  No  violation  of  the  selection  rales  is 
observed  in  our  measurements,  i.e.  all  peaks  distinctly  appear  in  the  'allowed'  configura¬ 
tion,  whereas  they  perfectly  join  the  background  noise  in  the  'forbidden*  one.  Thus  the  in¬ 
termediate  peak  behaves  as  an  LO  mode  in  the  tense  of  the  selection  rules,  and  corresponds 
to  the  scattering  by  LO  phonon-platmon  coupled  mode.  Although  a  'forbidden'  TO  scat¬ 
tering  has  been  measured  by  Olego  and  Cardoaa[17]  in  highly  Zn-doped  p-type  GaAs,  it 
is  here  evidenced  that  carbon  doping  does  not  result  in  a  sufficient  amount  of  disorder  into 
the  host  crystal  to  cause  activation  of  the  TO  mode. 
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Tke  frequency  of  the  LO  phoioa— plesmoa  coupled  node  u  a  reaction  of  hole  con¬ 
centration  in  carbon  doped  p-type  Ia«JGea.TAs  ie  shown  ia  Figure  3.  When  tile  samples 
have  the  eaaie  tad  lam  composition,  the  peak  position  of  the  LOPC  node  ie  aot  ecndtive  to 
hole  cob oea (ration  thoegh  a  slight  shift  to  the  high  frequency  direction  eaa  be  obeerved. 
The  (bets  that  the  LOPC  node  ie  preeeat  near  tke  GaAs-hks  TO  node  aad  the  abaeaee  of 
distinguishable  Ugh  and  low  frequency  branehee  inply  that  plaanoa  damping  effect  playa 
a  doniaaat  role  ia  the  phoaon-plaamoa  ooapUng  beeeaae  thia  efTeet  eaa  even  dee  troy  the 
coOoctire  carrier  behavior  aa  haa  been  fonad  ia  beryllium  aad  carbon  doped  p-type 
OeA.fil-201. 

The  damping  eonataat  of  the  plasma  oanilietioa  can  be  evaluated  by  the  carrier  acat- 
teriag  rate  e/  an*.  The  email  hole  nobility  p  due  to  die  large  hole  effective  maaa 
m*  iatrodneca  the  large  damping  eonataat,  ao  the  coupling  between  polar  lattice  vibrationa 
aad  carrier  plasma  oscillations  in  the  p-type  doping  ease  will  take  place  through  the 
interaction  between  the  LO  phoaoa  aad  a  strongly  damped  plaamon  mode.  The  large 
plasma-damping  constant  shifts  the  frequency  aad  broadens  die  linewidth  of  die  coupled 
mode.  This  damping  efTeet  is  more  serious  in  IntGai_,As  than  that  in  GaAs  because  there 
esist  some  additional  carrier  scattering  mechanisms,  such  as  alloy  scattering  and  disloca¬ 
tions  Induced  by  lattice  mismatch  between  the  apiiayer  and  substrate.  We  have  indeed 
found  the  lower  hole  mobilities  hi  p-type  I^Ga^.As  as  compared  with  those  of  p-type 
GaAs  under  the  same  doping  level. 

Figure  4  shows  the  hole  concentration  dependence  of  the  linewidth  and  intensity  of  the 


Hole  concentration  (cm-1) 


Hole  concentration  (cm'*) 


FIG .3.  Hole  concentration 
dependence  of  the  LOPC 
mode  frequency. 


FIG  .4.  Changes  of  the  LOPC  mode  linewidth  and 
intensity  ratio  of  the  LOPC  and  GaAs- like  LO 
modes  versos  hole  concentration. 
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LOPC  mode,  which  k  very  da  Hr  to  that  for  p-type  GaAeQ9,  21].  With  In roasiag  tka 
kok  eoaeeatratioa,  a  large  eoattcriaf  rata,  it  asaaa  a  larg*  pkaana  daeapiag,  roaalta  ia  tka 
larva  broadening  of  tka  eoapkd  mode.  Hoarom,  tka  phonon  ooapoaaat  of  tka  LOK 
node  k  enhanced  far  tka  kigkit  doping  kvoi  ao  toot  tka  Baaian  kgaal  k  ao  aora  a  broad- 
aaad  atraetara  bat  a  wall  defined  paak  looatad  at  tka  freqaeaey  of  tka  GaAs-lika  TO  mode. 
Proai  Piiara  1,  wa  aaa  ako  aaa  tka  aotabk  ekaapa  of  tka  iataaaHke  of  the  LOK  aad  two 
LO  atodaa  maai  tka  dopiap  level.  Tka  intensity  of  tka  LOK  mode  iaaraaaaa  with  ia- 
oraakag  tka  kok  eoneeatratfaa  while  the  two  LO  modsa  deenaae  aad  boaoaia  uaviaibk. 
The  iaeraaaa  of  the  LOPC  aiode  intensity  aaggeata  the  radaoed  iaflaeaea  by  pkarnoa  aa  the 
iataaaity  of  the  LOPC  atraetara  k  dependent  on  the  phonon  strength  of  the  eoapkd  node. 
The  iataaaity  of  tka  two  LO  nodes  la  doe  to  the  ansereeaad-LO  nodes  fron  the  depletion 
kyar  preteat  in  the  vicinity  of  the  earfaoe,  therefore  they  are  redaead  as  the  apaoe-eharga 
none  narrowing  with  increasing  carrier  concentration.  In  Figure  4  the  iataaaity  ratio  of  the 
LOPC  and  GaAt—Uka  LO  nodes  k  ako  plotted,  a  rapid  iaeraaaa  eaa  be  observed  when  the 
kok  concentration  k  higher  than  7  x  10"«n  ,  aenompanying  a  sharp  redaction  of  the 
line  width  of  the  LOPC  node  beeanse  the  phonon  content  baa  bccone  dominant  in  the 
eoapkd  node. 


CONCLUSION 

We  have  studied  the  Raman  scattering  fron  the  LO  phoaoa-pkamon  eoapkd  mode 
in  different  carbon  doped  p-type  I^Oa^i  grown  by  MOMBE.  In  addition  to  the 
GnAs-like  aid  InAs— like  LO  modes,  only  one  LOPC  mode  appeoia  near  the  GaAs-Iike 
TO  mode  ftaqaaaey  wee  observed.  The  bok  concentration  dependence  of  the  linewidth  and 
intensity  of  the  LOPC  mode  for  p-type  11,01^1  k  very  similar  to  diet  for  p— type  GaAe. 
ft  bee  been  shown  diet  the  piaamon  damping  effect  plays  a  dominant  role  in  the  p-type 
doping  eaee. 


^Present  address:  State  Key  Laboratory  of  Functional  Materials  for  Informatics, 
Shanghai  Institute  of  Metallargy,  Chinese  Academy  of  Sciences,  Shanghai  200030,  China. 
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ABSTRACT 

Deep  levels  la  unintentionally  doped  Alq^glaft  «Ai  layers  epitaxially  grown  on  InP 
substrates  by  low-pressure  MOCVD  have  been  investigated  as  a  function  of  growth 
temperature  (T,  ranging  Bern  570  to  890°C).  Two  cHflerent  origins  for  the  residual  carrier 
concentration  are  deduced  depending  on  T«:  i)  low  growth  temperatures  favor  the  creation  of  a 
deep  donor  located  at  Ec-(0. 1 3±Q.04)eV ;  ti)  At  hUfe*  T(,  a  preferential  incorporation  of  a 
shallow  donor  occurs,  which  can  be  attributed  to  silicon  by  SIMS  measurements.  The  oxygen 
contamination  deduced  by  SIMS  and  the  electrical  characteristics  of  the  AlInAs  layers  do  not 
appear  to  be  correlated. 


INTRODUCTION 

The  large  band  gap  material  AIo.4sIno.s2As,  lattice-matched  both  to  InP  and  GalnAs  has 
received  m  recent  yean  increasing  interest  for  optoelectronics  and  microwave  devices.1*2 
bndoped  AlInAs  layers  grown  at  low  temperature  by  molecular  beam  epitaxy  (MBE)  have  tow 
background  doping  and  have  been  widely  uaed  M  buffer  or  barrier  layers  in  the  fabrication  of 
heterostructure  field  effect  transistors.  However,  it  is  repotted  that  depending  on  the  growth 
conditions,  surface  roughness  and  clustering  can  take  pace.3  A  large  concentration  of  deep 
levels  is  also  commonly  observed.4*3  More  recently,  very  high  performance  HEMT  structures 
have  been  achieved  by  metalorganic  chemical  vapor  deposition  (MOCVD),6*8  despite  the 
difficulty  to  grow  Al-based  m-V  compounds  by  this  technique  winch  generally  results  in  high 
background  concentration.  The  latter  appears  to  depend  on  growth  temperature  and  V/D3  ratio 
and  has  values  which  differ  depending  on  whether  they  are  deduced  by  capacitance-voltage 
measurements  (nc-v)  or  Hall  measurements  (otmi).9*10  This  indicates  the  presence  of  deep 
levels  in  die  layers  die  origin  of  winch  is  not  dearly  understood  up  to  now.  Correlation  with 
the  oxygen  concentrations  measured  by  secondary  ion  mass  spectroscopy  (SIMS)  has  been 
reeported,  leading  to  conclude  that  oxygen  is  involved  in  the  creation  of  deep  levels  in 
AlInAs.11*12  However,  the  effect  of  arsenic  lattice  defects  is  also  suggested  as  orison  for  these 
defects.13 

In  this  study,  die  evolution  of  deep  levels  in  non- intentionally  doped  AlInAs  grown  by  LP- 
MOCVD  is  reported  for  different  growth  temperatures  and  compared  to  oxygen  and  silicon 
SIMS  profiles. 


MOCVD  GROWTH  AND  CHARACTERIZATION  PROCEDURES 

The  epitaxial  layers  were  grown  on  semi-insulating  (Fe)  or  n+(S)-doped  InP  substrates  in  a 
vertical  reactor  at  reduced  pressure  (60  Terr).  They  consisted  of  a  300nm-thick  InP  buffer  and 
an  I  pm- thick  lattice-matched  AlInAs  layer.  Trirnetiiylalunaninm  (TMA),  trimethylindium 
(TMI),  arsine  (100%)  and  phosphine  (100%)  were  used  as  source  materials.  The  typical  growth 
rate  was  lfua/h.  The  investigated  structures  were  grown  at  different  substrate  temperatures 
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imaging  from  350  to  ftKPC.  Poll  details  at  die  growth  approach  will  be  reported  elsewhere.14 
The  electrical  properties  ot  these  layers  have  beea  investigated  from  Schottky  diodes  which 
were  made  by  evaporating  PtfTVh/Aa  for  the  Scboctky  contact  Ohmic  contacts  were  formed 
by  depositing  Ge/Au/Ni/fi/Au  on  the  n+-substrues,  or  on  the  top  AlInAs  layer  in  the  case  at 
SI  substrates. 


an  IMHi  Sula  Technologies  capacitance  meser  and  capacitance  transients  were  processed  by  a 
A-B  correlation  technique.16 


CHARACTERIZATION  RESULTS  AND  DISCUSSION 

The  residual  carrier  concentration  at  300K  and  77K  deduced  from  C-V  measurements  at 
1MHz  is  plotted  in  Figure  1  as  a  function  at  growth  tempo  stare.  Two  different  trends  are 
observed.  For  Tt  lower  than  630°C.  a  large  discrepancy  is  observed  between  nc-v  (30QK)  and 
nc.y(77K)  indicating  that  at  room  temperature,  the  ftaecarriera  me  provided  by  a  Mgh  density 
of  deep  donors.  On  me  contrary,  no  significant  decrease  at  nc-v  is  observed  for  higl  r  T.  and 


high  value  is  maintained  even  when  samples  are  cooled  down  to  10K.  This  suggests  that  in  the 
liven  grown  st  higher  temperatures  the  nee  carriers  ate  introduced  by  shallow  donors. 

The  capacitance  versus  temperature  characteristics  (Figure  2)  show  only  one  step  which 
corresponds  to  one  main  deep  donor  level  El.  The  concentration  of  this  defect  is  deduced  from 
die  capacitance  drop  and  decreases  rapidly  when  Tg  increases.  The  El  level  was  determined 
from  admittance  spectroscopy  measurements  and  was  found  to  be  located  at  Ec-{0.13±0.04)eV 
(Figure  3).  Its  activation  energy  (E*)  was  found  to  decrease  slightly  when  high  Tg's  are  used 


c  hai  acteristics  of  the  C  level  which  is  located  at  Ec-OJ07eV  and  has  been  reported  by  Naritsuka 
era/.12. 

Deep  defects  present  in  the  AlInAs  layers  w ere  investigated  by  DLTS.  A  typical  DLTS 
spectrum  is  shown  in  Figure  4  and  suggests  the  presence  ot  three  traps  El.  E2  and  E3;  El  could 
only  be  observed  in  samples  for  whicha  high  enough  fraction  of  the  free  carriers  is  provided  by 
shallow  donors.  The  activation  energies  and  capture  cross-sections  of  all  three  traps  are 
summarized  in  Table  L 
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Figure  1:  Evolution  of  die  residual  carrier 
concentration  deduced  from  C-V  at  300K 
(o)  and  77K(a)  as  a  function  of  the  growth 
temperature. 
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Figure  2:  Evolution  of  the  capacitance  vs 
temperature  for  different  growth 
temperatures. 
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Figuit  3:  Arrhenius  plot  of  El  level. 


Figure  4:  Typical  DLTS  spectrum  on 
undoped  MOCVD  grown  AlInAs  layers. 


The  Arrhenius  plots  of  E2  and  E3  are  given  in  Figure  3  and  demonstrate  a  large  dispersion  of 
signatures.  The  dispersion  appears  to  be  more  pronounced  for  E2  in  spite  of  the  Act  that  it  is 
E3  that  shows  a  large  variation  in  activation  energies  (0.50  to  0.67eV)  and  capture  cross- 
sections  (10**2  to  8. 10* 15  cm2).  These  two  "families"  of  defects  are  commonly  observed  in 
MOCVD  and  MBE  layers  and  correspond  to  the  E2  and  E3  levels  reported  by  Luo  et  al^  or 
the  ESI  and  EA3  levels  reported  on  MBE  layers  by  Hong  etal.*  Their  concentrations  ranged 
from  1015  to2.1016cnr3. 

The  evolution  of  the  defect  concentration  with  Tg  is  given  in  Figure  6  and  shows  a  minimum 
for  a  growth  temperature  around  650°C  As  can  be  seen,  this  temperature  corresponds  also  to  a 
minimum  for  the  background  carrier  concentration.  The  choice  of  Tg  also  seems  to  impact  the 
crystalline  quality  as  suggested  by  die  resolution  of  the  DLTS  peaks.  These  could  be  better 
resolved  in  high  To  samples  while  layers  grown  below  600*0,  show  a  DLTS  spectrum  with 
large  and  indefinite  response.  The  latter  Indicates  a  high  defect  concentration.  The  more 
pronounced  and  continuous  increase  of  the  capacitance  with  temperature  at  low  TVs  (figure  2) 
is  also  a  consequence  of  the  high  defect  density.  Overall,  the  results  confirm  that  low 
temperature  growth  deteriorates  the  crystalline  quality  of  the  material. 

The  concentrations  of  levels  E2  and  E3  are  typically  one  order  of  magnitude  lower  than  the 
free  carrier  concentration.  This  suggests  that  the  excessively  high  nc-v  values  can  not  only  be 
explained  by  the  presence  of  deeplevels  as  already  reported12  but  should  be  related  to  both 
deep  and  shallow  donors. 


Table  I:  Activation  energy,  capture  cross- section  and  concentration  of  deep  levels  in  AlInAs. 
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Figure  6:  Evolution  of  the  defects 
concentration  as  a  function  of  T«. 


In  onder  to  determine  the  origin  of  shallow  donors,  SIMS  measurements  have  been  earned 
out  to  analyze  the  residual  impurities  in  the  AlInAs  layers,  such  as  carbon  [C],  oxygen  [O]  and 
silicon  [Si].  [C]  was  always  found  below  the  detection  limit  («1017cnr3)  while  [O]  and  [Si] 
profiles  are  shown  in  Figure  7.  Although  a  correlation  has  previously  been  reported  between 
nc-V  and  [O]  leading  to  attribute  the  residual  carrier  concentration  to  an  oxygen  related 
defect9-10,  in  our  case,  no  evidence  of  such  correlation  could  be  found;  indeed,  no  significant 
variation  of  the  oxygen  incorporation  with  T.  is  observed.  A  possible  reason  for  tlii*  is  the 
relatively  low  V/m  ratio  (-45)  used  for  the  AlInAs  growth.  These  results  suggest  that  oxygen 
alone  can  not  explain  the  increase  of  carrier  concentration  when  T»  decreases.  On  the  other 
hand,  [Si]  incorporation  is  favored  when  Tg  increases.  Since  [Si]  is  known  to  act  as  a  shallow 
donor,  if  we  assume  that  all  the  Si  atoms  ate  ionized,  then  the  free  carrier  origin  can  be 
explained  by  the  sum  of  the  deep  donors  El  .principally  at  low  Ts  and  shallow  donors  related 
to  Si  which  dominate  at  high  Tg  as  shown  in  Figure  8. 

The  results  reported  here  do  not  allow  die  determination  of  die  origin  of  the  El,  E2  and  E3 
levels.  These  defects  have,  however,  already  been  analyzed  in  Si-doped  or  undoped  MBE 
samples  and  Si-doped  MOCVD  samples,  and  seem  to  be  related  to  the  AlInAs  material  itself. 
Previous  studies  reported  that  annealing  can  reduce  the  concentration  of  these  defects  which 
could  therefore  indicate  that  they  can  be  attributed  to  arsenic  related  defects.17  The  presence  of 
excess  arsenic  at  low  growth  temperature  could  then  explain  the  strong  increase  of  El  when  Tg 
decreases. 


Growth  temperature  (°C) 


Figure  7:  Evolution  of  [O]  and  [Si] 
SIMS  concentrations  with  the  growth 
temperature. 


Figure  8:  Comparison  between  the  free 
carriers  at  300K  and  carriers  provided  by 
the  deep  donor  El  and  shallow  donor 
related  to  Si. 
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CONCLUSION 


Deep  levels  have  been  investigated  as  a  function  of  the  growth  temperature  in  MOCVD 
grown  AllnAs  layers.  The  background  carrier  concentration  at  room  temperature  shows  a 
minimum  for  Tg  around  dsyc.  The  origin  of  die  free  carriers  i«  explained  by  two  mechanisms: 
i)the  creation  of  a  deep  donor  favored  at  low  growth  temperatures,  ii)  the  incorporation  of 
silicon  which  acts  as  a  shallow  donor  and  can  become  die  dominant  cause  of  the  high  residual 
carriers  when  Tc  increases. 
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ABSTRACT 

GaAs  and  AlAs  layers  grown  by  CBE  and  doped  with  either  12C  or  13C  have  been 
passivated  with  hydrogen  or  deuterium.  Infrared  absorption  lines  due  to  hydrogen 
stretch  modes,  symmetric  A}  modes  and  "carbon-like"  E  modes  of  H-Cas  and  D-C^ 
pairs  have  been  assigned  for  both  isotopes  in  both  hosts.  Comparisons  have  been 
made  with  new  ab  initio  local  density  functional  theory  and  simple  harmonic  models. 
Anticrossing  behaviour  is  found  for  the  two  types  of  coupled  E  modes  in  the  two 
hosts.  The  dynamics  of  the  H-Cas  centre  are  very  similar  in  GaAs  and  AlAs. 


INTRODUCTION 

The  passivation  of  shallow  acceptors  by  atomic  hydrogen  in  III-V  compounds  is  now 
well  known  [1],  The  hydrogen  may  be  introduced  by  exposing  heated  samples  to  a 
hydrogen  plasma,  by  heating  samples  to  a  higher  temperature  in  an  atmosphere 
containing  hydrogen  or  hydrogen  compounds,  or  the  hydrogen  may  be  incorporated 
during  the  growth  of  epitaxial  layers.  Most  of  the  work  relating  to  the  structure  of 
hydrogen  acceptor  pairs  using  optical  methods,  has  involved  infrared  absorption  (IR) 
measurements  of  the  hydrogen  (or  deuterium)  stretch  modes  in  samples  containing 
natural  carbon.  When  pairing  occurs  with  another  impurity  of  low  mass  there  is  the 
possibility  of  obtaining  further  information  by  observing  localized  vibrational  modes 
of  the  impurity  in  its  passivated  state. 

In  this  paper  we  report  comprehensive  measurements  for  H-Cas  pairs  in  GaAs  and 
AlAs.  C  is  a  group  IV  impurity  that  appears  to  occupy  only  As-Iattice  sites  rather  than 
group  III  lattice  sites.  The  passivating  hydrogen  atom  occupies  a  bond-centred 
position  where  it  is  bonded  to  the  C^s  impurity  while  the  neighbouring  Ga/Al  atom 
becomes  three  fold  co-ordinated  (Fig.  1)  [2].  Such  a  pair  could  clearly  give  rise  to  two 
Aj  modes  and  two  doubly  degenerate  LVMs  (E  modes)  that  are  all  IR  and  Raman 
active.  In  the  first  IR  investigations  of  H-12Cas  pairs  in  GaAs  [3,4]  only  the  stretch 
(antisymmetric  A|)  modes  were  discussed,  but  additional  lines  labelled  X  (at  452.7cm' 
*)  and  Y  (at  562.6  cm'1)  were  then  detected  [5].  Later,  the  isotopic  analogue  of  line  X 
for  D-C^  pairs  was  observed  (Table)  and  assignments  were  tentatively  made  to  the 
symmetric  longitudinal  Aj  modes  [6]  by  comparison  with  the  results  of  ab  initio  local 
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density  function  (LDF)  theory  [2].  This  assignment  was  confirmed  by  Raman 
scattering  measurements  [71,  which  yielded  he  mode  symmetry  directly.  Further 
analysis  of  the  Y  lines  led  to  severe  problems  of  interpretation  [8].  We  have  now 
resolved  these  problems  and  made  assignments  of  all  the  modes  in  GaAs  and 
extended  the  investigations  to  AlAs,  making  use  of  samples  grown  by  chemical  beam 
epitaxy  (CBE)  and  doped  with  either  12C  or  13C  We  also  present  updated  calculated 
frequencies  for  GaAs  using  the  same  larger  basis  set  used  for  AlAs  [9]  (Table). 

Table .  LVM  Frequencies  of  CG,  and  H-Ca*  in  GaAs  and  AlAs 


Experiment  (cm*1)  Theory  (cm*1) 


Mode 

GaAs 

AlAs 

GaAs 

AlAs 

12CAsCTd) 

582.8 

631.5 

544 

594 

^CTd) 

561.8 

608.5 

(a) 

575 

12CfflCTd) 

N.D. 

N.D. 

538 

529 

H-HCAsfetr) 

2635.2 

2558.1 

2950 

2885 

H-13CAs(str) 

2628.5 

2549.7 

2942 

2877 

D-12Cas  (str) 

1968.6 

1902.6 

2154 

2111 

D-13CAs(str) 

1958.3 

1894.4 

2144 

2100 

H-12CAs(A1,12Xh) 

452.7 

487.0 

456 

466 

H-13Cas(A„13XH) 

437.8 

477.2 

440 

453 

D-12Cas  (Aj,12Xd) 

440.2 

479.8 

442 

454 

D-13Cas(Ai,13XD) 

426.9 

471.2 

428 

442 

N.D. 

670.8 

888 

740 

H-13Cas  (E',13Y2h) 

N.D. 

652.9 

883 

725 

D-12Cas  (E*,12Y2D) 

637.2 

656.6 

707 

684 

(F,13y2D) 

616.6 

635.3 

693 

662 

H-12Cas  (E+,11Yj11) 

562.6 

ND 

553 

559 

H-13CAs(E+(13YiH) 

547.6 

ND 

536 

551 

d-itc^eV^) 

466.2 

ND 

495 

437 

D-13Cas(E+,13YiD) 

463.8 

ND 

487 

436 

N.D.,  not  detected  :  (a),  not  available  :  III=Ga  for  GaAs,  III=A1  for  AlAs 


Fig.  1.  Model  of  he  H-Cy^  pair  in 
GaAs  showing  he  hydrogen  atom  in  he 
bond-centred  position  only  weakly 
coupled  to  he  neighbouring  Ga  atom. 
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EXPERIMENTAL  DETAILS 

The  GaAs  samples  were  grown  at 
540°C  on  semi-insulating  GaAs  (001)  by 
CBE  at  Liverpool  University  using 
cracked  AsH3  and  triethylgallium  with 
“CBr*  or  13CBr4  as  a  dopant  gas  [10,11]. 
The  AlAs  layers  were  grown  at  550°C 
using  trimethylaminealane  or 
dimethylefoylaminealane  as  a 
precursor,  again  with  cracked  AsH3 
and  CBr4  as  a  dopant  gas  [9]. 

Carbon  doping  levels  and  the  doped 
layer  thicknesses  were  1.4xl0,9cm'3  and 
3-4pm  for  GaAs:C  and  lpm  and 
-lO^cnr3  for  AlAs:C.  Further  details  of 
Hail  and  SIMS  measurements  have 
been  given  elsewhere  [9,11].  Hydrogen 
was  detected  in  the  as-grown  AlAs:C 
by  the  presence  of  absorption  from  foe 
H-tfC*,  stretch  mode  at  2558cm-' 
(Table),  but  similar  absorption  was  not 
found  in  foe  GaAs:C  samples.  FT1R 
spectra  were  recorded  at  0.25cm-'  or  0.1 
cm-'  resolution  with  the  samples  at 
-10K  using  Broker  lFS113v  and  IFS120 
interferometers.  Spectra  were  recorded 
for  as-grown  samples  and  following 
treatments  in  an  RF  plasma  (13.56MHz, 
2mbar,  40W,  350°C,  3-6h)  to  introduce 
either  hydrogen  or  deuterium. 


RESULTS 

The  spectra  of  as-grown  GaAs:C 
showed  LVM  absorption  features  due 
to  i2Cas  or  ,3Cas  ^  form  of  Fano 
derivative  protiles  due  to  a  local 
spectral  redistribution  of  foe  free- 
carrier  background  absorption  (Fig. 
2)[5]  :  no  other  resolved  structure  was 
detected  in  this  spectral  range.  AlAsC 
samples  also  showed  LVM  absorption 
due  to  foe  impurities  as  Fano 
profiles,  but  there  were  in  addition 
satellite  absorption  lines.  These  lines 


Fig.  2.  The  infrared  absorption  of  12Cas 
and  I^Cas  LVM's  in  GaAs  epitaxial  layers 
grown  by  CBE. 


Fig.  3.  Infrared  absorption  spectra  of 
plasma-treated  AlAs  samples  showing  foe 
symmetric  Aj(X)  modes  (see  also  Table). 
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Fig.  4.  Infrared  absorption  spectra  of  plasma-treated  GaAs  samples  showing  the 
symmetric  Aj(X)  and  E+(Yj)  modes  of  the  various  isotopic  combinations  of  hydrogen- 
carbon  pairs  and  the  antisymmetric  E'(Y2)mode  of  deuterium-caTbon  pairs.  Other 
features  are  due  to  incomplete  matching  of  the  two-phonon  absorption  of  the  samples 
and  the  undoped  reference  GaAs. 


might  be  due  to  Cas~Cas  second  neighbour  pairs  but  other  possibilities  such  as  C/^- 
0As  cannot  be  ruled  out :  a  full  discussion  has  been  given  elsewhere  [9,12]. 

After  plasma  treatments  all  samples  showed  strong  stretch  modes  of  H-Caj  pairs 
(Table)  which  are  the  anti-symmetric  A j  modes  where  the  two  impurities  vibrate  out 
of  phase.  No  satellites  were  detected  which  could  be  attributed  to  passivated 
complexes  in  either  GaAs  or  more  particularly  in  AlAs  where  satellites  were  present 
near  the  LVM  from  isolated  CAs.  The  symmetric  A,  modes  (labelled  X),  where  the  two 
atoms  vibrate  in  phase,  have  been  detected  for  all  four  isotopic  combinations  for  both 
host  crystals  (Table).  Spectra  showing  these  lines  in  AlAs  :  C  are  shown  in  Fig.  3.  X- 
lines  due  to  H-CAs  pairs  observed  in  the  as-grown  12C  and  13C  doped  AlAs  samples 
were  not  removed  by  the  deuterium  passivation  treatment.  In  these  modes  the 
displacements  of  the  H  and  C  atoms  are  very  similar  because  the  force  constant  of  the 
connecting  bond  is  strong  (~360  N/m)  so  that  its  length  remains  almost  unchanged. 
Consequently,  the  frequencies  of  H-13CAs  pairs  should  lie  close  to  those  of  D-12Cas 
pairs  for  both  hosts,  as  was  found  (Fig.  3,  Table). 

In  GaAs:C  LVMs  at  562.6  and  547.6  cm-1  are  attributed  to  the  transverse  "carbon-like" 
modes  of  H-12CAs  and  H-13CAs  respectively  because  the  relatively  large  isotopic  shift 
(15cm'1)  is  comparable  with  that  (21cm'1)  between  the  modes  of  isolated  12CAs  and 
13Ca3  acceptors  (Table).  Surprisingly  corresponding  modes  of  D-,2CAs  and  D-13Cas 
were  not  immediately  apparent.  The  enigma  was  resolved  by  realising  that  the  paired 
H  and  D  atoms  should  also  give  rise  to  doubly  degenerate  wag-modes  with  the  same 
E-symmetry  and  that  there  would  be  a  strong  interaction  between  the  two  types  of 
mode  (anti-crossing)  if  their  frequencies  were  comparable.  Modes  of  D-12Cas  anc*  E>- 
13CAs  have  now  been  detected.  Two  of  these  modes  occur  at  637.2  and  616.6  cm*1 
(Table)  and  again  have  a  large  isotopic  separation  (21cm*1)  but  their  frequencies  are 
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higher  than  those  of  their  isotopic  hydrogen  analogues.  Another  pair  of  weak  lines  at 
466.2  and  463.8  cm'1  with  a  small  splitting  (2.4cm'1)  were  attributed  to  deuterium  wag¬ 
like  modes  (symmetric  E+  modes)  of  D-12C^s  ^nd  D-13Cas  respectively  (Fig.  4). 
Fitting  these  observations  to  a  simple  model  of  two  coupled  oscillators  (die  coupled 
pendulum  problem)  led  to  the  results  shown  in  Fig.  5,  where  the  mass  of  the  hydrogen 
is  used  as  an  independent  variable.  The  figure  demonstrates  that  the  two  E'  modes  are 
strongly  admixed  with  the  H-wag  (E-  mode)  lying  above  the  E+  mode  of  the  transverse 
H-Cas  pairs,  while  the  D-wag  mode  (E+  mode)  lies  below  the  transverse  (E*  modes)  of 
EX! As  pairs-  To  date,  the  E'  modes  of  H-Cas  pairs  have  not  been  detected  but  theory 
[2]  indicates  that  their  dipole  moments  should  be  small.  The  observation  of  both  E+ 
and  E'  modes  for  D-Cas  pairs  results  from  the  admixing  of  the  two  wavefunctions 
which  allows  the  dipole  moment  of  the  "carbon-like"  transverse  mode  to  be  shared 
with  the  "hydrogen-like"  mode. 

A  similar  analysis  has  been  made  for  AlAs  :  C  (Fig.  5)  but  is  less  definitive  since  only 
E”  modes  have  been  detected  (Table).  However,  the  isotopic  splitting  of  the  modes  of 
H-12Cas  and  H-13Cas  Is  smaller  than  that  for  D-12Cas  and  D-13CAs/  leading  to  the 
conclusion  that  the  "hydrogen-like"  modes  lie  below  the  "carbon-like"  modes  and  that 
there  is  a  significant  interaction  only  between  the  modes  of  the  hydrogen  pairs. 


GaAs 


AlAs 


9 

’a 

c 

<u 

3 

O* 

CD 


o 


c 

ra 


Mass  of  hydrogen  atom  (amu) 


Fig.  5.  Vibrational  transverse  E  modes  of  the  coupled  masses  shown  in  the  insets,  used 
as  a  simple  model  to  represent  the  H-C^s  pair,  with  force  constants  for  GaAs  (AlAs)  of 
kH  =  9.2  (11)  N/m,  kH_c  =  20.5  (10)  N/m  and  kc  =  243.4  (293)  N/m.  The  squares  are 
the  experimental  frequencies  and  the  circles  are  the  results  of  the  ab  initio  calculations. 
The  important  feature  is  the  strong  anticrossing  of  the  modes  which  changes  their 
effective  identities  as  the  mass  increases. 
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DISCUSSION  AND  CONCLUSIONS 

The  measured  frequencies  of  the  modes  of  H-Ca*  pairs  in  GaAs  and  AlAs  are 
compared  with  LDF- theory  in  the  Table.  The  results  of  the  updated  theory  with  die 
larger  basis  set  are  in  better  agreement  with  the  measured  frequencies  for  H-Cas  in 
GaAs  than  those  obtained  previously  [2).  Consequently  it  is  now  possible  to  make  a 
more  meaningful  comparison  of  the  frequencies  for  the  two  host  crystals  (Fig.  5). 
Thus,  all  die  observed  LVMs  in  the  mid-lR  spectral  region  found  for  GaAsrC  have  been 
assigned  either  to  isolated  Ca$  acceptors  or  the  various  modes  (A}  stretch,  At 
symmetric,  E+  and  E*)  of  the  four  possible  isotopic  combinations  of  H-Ca*  pairs.  The 
lower  values  of  the  measured  stretch  mode  frequencies  compared  with  theory  are 
almost  certainly  due  in  part  to  anharmonidty.  No  mode  was  detected  from  Cq, 
donors  and  so  there  is  no  evidence  for  the  amphoteric  behaviour  of  carbon.  The  same 
conclusions  apply  to  AlAs  but  satellite  lines  due  to  unknown  carbon  complexes  are 
found  around  the  line  from  isolated  carbon  atoms,  but  none  of  these  lines  is  likely  to 
be  due  to  Cai  donors  as  the  observed  isotopic  shifts  are  too  small  [9].  In  conclusion 
we  find  that  the  dynamics  of  the  H-Cas  pair are  very  similar  in  GaAs  and  AlAs  host 
crystals. 
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Abstract 

We  report  new  methods  to  dope  compound  semiconductors.  First,  we  demonstrate  the 
concept  of  doping  engineering  whereby  it  becomes  possible  to  tailor  the  activation  energy  of  the 
dopant  in  a  host  semiconductor  for  the  first  time.  In  this  application,  the  band  offset  of  a  thin, 
sacrificial  semiconductor  is  used  to  lower  the  activation  energy  of  the  dopant  below  its  value  in 
the  host  semiconductor.  This  allows  the  freedom  to  control  dopant  activity  in  ways  not  accessible 
to  a  uniformly  placed  dopant.  We  chose  S-Be-AlGaAs/GaAs  as  a  model  example  and  show  the 
hole  binding  energy  is  reduced  by  a  factor  of  five.  Secondly,  we  demonstrate  overcoming  the  p- 
type  solubility  limit  in  GaAs  by  use  of  monolayer  5- Be  in  a  GaAs  base  of  an  HBT.  Here,  an 
effective  hole  concentration  of  >  Kp'cm'2  is  measured  in  real  devices.  We  present  a  qualitative 
view  of  doping  solubility  limitations  that  are  controlled  by  surface  processes. 


L  Introduction 

The  necessity  to  dope  a  semiconductor  is  an  embodiment  common  to  nearly  all 
semiconductor  devices.  Unfortunately,  few  if  any  elements  are  found  to  efficiently  dope  some 
semiconductors.  The  circumstances  arc  particularly  severe  for  compound  semiconductors  where 
the  choice  of  dopant  is  often  limited  to  a  single  element  or  none.  Some  of  the  limitations  arises 
from  an  incompatibility  between  dopant  and  semiconductor  host.  Issues  such  as  a  rapid  impurity 
diffusion  coefficient  or  a  high  vapor  pressure  clearly  restrict  the  choice.  When  the  above 
considerations  are  applied  to  GaAs  only  beryllium  and  carbon  produce  successful  p-type  behavior 
such  that  holes  are  bound  with  energies  predicted  by  the  "effective  mass  approximation".  Other 
possible  elements  like  Mn  enter  GaAs  as  a  deep  acceptor  and  hence  have  limited,  if  any,  utility  for 
device  applications  [1],  The  situation  is  aggravated  for  the  more  polar  semiconductors  like  ZnSe 
of  the  II- VI 's  where  only  nitrogen  has  proven,  to  date,  to  have  just  marginal  efficiency  as  a  p- 
type  dopant  [2-3]. 

Even  where  the  activity  of  a  dopant  >  the  semiconductor  can  be  regarded  as  successful 
they  often  have  limited  solubility  at  high  ..icentrations.  This  may  exclude  certain  classes  of 
devices  where  a  high  solubility  of  dopant  u  required  to  realize  the  full  potential  offered  by  the 
semiconductor.  One  example  of  this  is  Heterojunction  Bipolar  Transistors  consisting  of  Be  in  a 
GaAs  base  where  dopant  solubility,  when  uniformly  distributed  in  the  base,  is  limited  to  ~  1020 
cm'2  [4].  Often  times  dopant  limitations  result  from  the  lack  of  a  physical  foundation  to  predict 
dopant  activity  in  the  host  Other  than  rules  on  atomic  valence  it  has  not  yet  been  posable  to 
quantitatively  predict  dopant/host  behavior  in  advance.  Instead,  most  dopant  behavior  has  been 
either  measured  or  determined  empirically. 
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We  describe  within  two  doping  concepts  that  allow  the  doping  bottlenecks  given  above  to 
be  surmounted.  First,  we  demonstrate  the  concept  of  doping  engineering  whereby  it  becomes 
possible  to  tailor  the  activation  energy  of  the  dopant  fat  a  host  semiconductor  for  the  first  time.  In 
this  application,  the  band  offset  of  a  thin,  sacrificial  semiconductor  is  used  to  lower  the  activation 
energy  of  the  dopant  below  its  value  in  the  host  semiconductor  as  was  originally  proposed  by 
Tsang  (5].  This  allows  the  freedom  to  control  dopant  activity  in  ways  not  accessible  to  a 
uniformly  placed  dopant  We  chose  S-Be-AlGaAs/GaAs  as  a  model  example  and  show  the  hole 
binding  energy  is  reduce  by  a  factor  of  five.  Secondly,  we  demonstrate  overcoming  the  p-type 
solubility  taut  in  GaAs  by  use  of  monolayer  5- Be  in  the  GaAs  base  of  an  HBT.  Here,  an  effective 
hole  concentration  of  >  lO^cm'^  has  been  measured  in  real  devices  [61.  We  show  how  doping 
can  be  improved  by  controlling  surface  processes. 

II.  Doping  engineering 

When  dopants  are  placed  into  a  host  semiconductor  excess  carriers  are  bound  with  a 
characteristic  ionization  energy  also  called  an  activation  energy.  This  energy  level  Ms  within  die 
forbidden  band  gap  of  the  host  semiconductor.  Often  times  the  characteristic  activation  energy  of 
the  dopant  can  be  described  by  the  "effective  mass  approximation”  which  for  shallow  hydrogenic 
like  impurities  ionizes  according  to  an  effective  Rydberg  constant  that  is  corrected  for  the 
effective  mass  and  dielectric  constant  of  the  semiconductor. 


1  r  i-2  m*e 

Ei=-M  — 

2  h 


Here,  e  is  the  petmitivity  of  the  semiconductor  and  m*  is  the  electron  or  hole  effective  mass. 
Because  of  the  smaller  dielectric  constant  for  II- VI  compared  to  III-V  semiconductors  the 
ionization  energy  of  dopants  in  the  former  host  are  significantly  higher  than  in  the  latter. 
Generally,  eqn.  (1)  remains  valid  for  many  dopant/host  combinations  since  the  electronegativity 
differences  between  dopant/host  enter  as  a  second  order  correction  to  eqn.  (1).  This  also  implies 
that  the  ionization  energy  of  a  given  dopant  is  fixed  and  cannot  be  changed  when  it  is  uniformly 
placed  in  a  semiconductor. 

In  Fig.  I  we  show  band  diagrams  corresponding  to  an  n-type  dopant  having  a  fixed  E^.  The 
dopant  has  been  placed  uniformly  in  semiconductor  host  A.  On  the  basis  provided  above,  of  the 
dopant  is  given  by  eqn.  (1).  On  the  other  hand  Fig.  lb  corresponds  to  a  different  case  in  which 
donor  atoms  are  confined  to  a  lattice  plane  placed  inside  a  semiconductor  host  B  that  is  only  a  few 
monolayers  thick  i.e.,  about  4  ML.  The  case  of  Fig.  lb  corresponds  to  8  doping  a  quantum  well, 
(qw),  and  Eyy  will  not  be  given  by  eqn.  (1).  Instead,  the  net  effect  of  quantum  confinement  on 
dopant  binding  changes  in  ways  previously  addressed  both  experimentally  [7,8]  and  theoretically 
[9].  In  this  case  it  is  known  that  dopant  Ea  increases  but  has  a  dependence  on  both  qw  width  and 
position  in  the  well.  The  general  idea  is  that  the  carrier  wavefunctions  are  quantum  confined  in  the 
well  and  thus  have  smaller  spatial  extent  about  their  parent  ion  than  their  Bohr  radius  in  host  A. 
Therefore,  dopants  depicted  by  case  b,  have  increased  binding  of  carriers.  However,  to  conceptually 
simplify  the  DE  description,  this  quantum  mechanical  effect  and  also  the  potential  energy  shifts  of 
the  energy  level  due  to  the  6  doping  potential  have  not  been  considered  in  the  placement  of  the 
energy  level  of  the  dopant  in  Fig  lb.  If  on  the  other  hand  the  donors  are  confined  to  semiconductor 
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Rg.l  Normal  n-typc  doping  with  the  dopant  having  a  fixed  EA  in  a  uniform  semiconductor  host  A. 
(b),  (c),  and  (d)  illustrate  the  new  concept  of  doping  engineering  under  three  different  conditions. 

host  B  they  will  have  an  activation  energy  Eg  relative  to  the  conduction  band  edge  of 
semiconductor  B.  However,  in  comparison  to  semiconductor  A,  the  donor  effective  activation 
energy  is  B^eff  ■  AEq  +Ej$,  where  AEc  is  the  conduction  band  discontinuity  between 
semiconductors  A3-  Since  semiconductor  B  is  made  very  thin  the  composite  structure  behaves  as  if 
having  a  donor  doping  with  an  effective  activation  energy  E^cff  hi  the  uniform  semiconductor  host 
A.  Thus  by  varying  AEc  through  use  of  a  different  semiconductor  B  one  can  change  the  Ey^ff .  As 
an  example,  semiconductor  A  can  be  In P  and  semiconductor  B  can  be  InGaAs.  Because 
semiconductor  B  is  thin,  then  strained  layers  can  be  used  without  incurring  dislocations.  The 
equivalent  3-dimensional  (3-D)  doping  concentration  is  then  determined  from  the  2-dimensional  (2- 
D)  density  and  die  periodicity  of  semiconductor  B  layers. 

One  potential  application  of  case  b  is  the  p-type  doping  problem  in  ZnSe.  This  could  be 
accomplished  via  5-P  doping  ultrathin  qw  composed  of  ZnTe  embedded  in  a  ZnSe  matrix.  This  is 
because  P  effectively  dopes  ZnTe  (  -10  ***  cm  *3  )  [10]  but  ineffectively  dopes  ZnSe. 
Unfortunately,  the  binding  energy  of  P  in  ZnTe  is  70  meV  and  would  increase  by  die  valance  band 
discontinuity  of  ZnTe  /  ZnSe.  Nevertheless,  n  still  might  be  possible  to  use  ZnSeTe  alloys  in  place 
of  ZnTe,  provided  8  doping  remains  electrically  active  in  the  alloy,  to  reduce  the  magnitude  of 
die  discontinuity. 
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In  the  above  case 
invariably,  will  be  larger  than  Ex-  We 
consider  next  application  of  DE  to  reduce 
the  Efag  of  dopants.  This  is  shown  in 
Fig.  lc  where  semiconductor  B  has  a 
wider  bandgap  than  the  host 
semiconductor  A.  The  Exrff  can  be  made 
smaller  than  Ex-  Actually,  in  Fig.  Id 
Exjff  becomes  negative  implying  no 
energy  is  needed  to  ionize  the  donor 
atoms.  In  fact,  this  can  be  considered  as 
the  limiting  case  of  modulation  doping  in 
which  the  thicknesses  of  both  the  impurity 
doping  is  confined  to  a  lattice  plane  and 
the  wide  bandgap  semiconductor  layers  ( a 
few  ML  )  are  pushed  to  the  very  thinnest 
limit  An  example  of  cases  (c)  and  (d)  can 
be  realized  in  GaAs/5  -AlxGaj.xAs  or 
lnP/5  -GaxIni_xP  for  lattice- matched  and 
strained-layer  systems,  respectively.  In 
addition,  DE  differs  from  modulation 
doping  (MD)  [11]  as  we  illustrate  in  Fig. 

2.  In  (MD)  the  carriers  are  spatially 
removed  from  the  parent  acceptors  and  H  2  (a)  A  p-type  modulation  doped  (MD)  structure, 
are  no  longer  bound  by  Coulomb  (b)  A  p-type  doping  engineering  (DE)  structure, 
attraction  to  its  ion.  hi  many  MD 
structures  the  dopant  is  displaced  from  the 

hcterointerfaces  by  distances  that  are  larger  than  an  impurity  Bohr  radius.  Here,  the  free  carriers 
occupy  energy  eigenstates  at  the  bulk  hetero-interface  as  our  example  illustrates  in  Fig.  2(a). 
However,  in  DE  we  chemically  change  only  die  dopant  location  for  distances  smaller  than  the 
impurity  Bohr  radius.  The  quasi  free  carriers  still  remain  partially  bound  to  their  parent  acceptor 
but  wife  a  reduced  activation  energy  as  illustrated  in  Fig.  2b. 


Wavefunction 


(b) 


In  essence,  doping  engineering  permits  the  freedom  to  design  fee  Ex  of  a  dopant  in  a 
semiconductor.  In  fact,  it  may  prove  to  be  particularly  useful  for  achieving  dopings  in 
semiconductors  in  which  a  normally  employed  doping  process  is  not  successful.  In  addition  to  the 
previous  case  of  (ZnSe/  8  -ZnTegSei.x ),  other  possible  applications  of  DE  can  be  employed  to 
p-type  doping  problem  in  ZnSe.  Compare  P  doping  ZnTe  and  ZnSe.  Electronegativity ,  q, 
difference  reveals  that  P(  q=2.1)  would  prefer  to  bond  to  Zn(q=1.6)  as  opposed  to  Te(q=2.1) 
Hence,  P  would  incorporate  on  the  Te  sublattice  and  bond  to  Zn  to  produce  good  p-type  dopant 
activity.  In  ZnSe  the  situation  differs  in  that  P  electronegativity  also  differs  significantly  wife  Se  (q 
=2.4)  and  hence  bonding  on  either  sublattice  may  occur.  Hence,  simple  incorporation  energetics 
show  feat  P  in  ZnSe  has  limited  utility  as  a  p-type  dopant  in  agreement  wife  experimental 
measurements.  On  fee  other  hand,  atomic  nitrogen  doping  in  ZnSe  has  been  known  to 
successfully  produce  p-  type  electrical  activity.  On  electronegativeity  grounds  N  (q=3.0)  prefers 
bonds  wife  Zn  over  bonds  wife  Se  by  a  factor  five  and  therefore  incorporates  mainly  chi  fee  Se 
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Fig.  3  C- V  from  8  -  Be  doped  GaAs  at  0.03  ML. 
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Eg.  4.  C-V  hole  concentration  as  a  function  of  depth  for  the  DE  sample. 
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tublatticc  to  produce  p-  type  electrical  activity.  To  improve  p-type  doping  efficiencies  in  ZnSe 
under  nitrogen  doping  one  may  apply  doping  engineering  to  reduce  Ba^t  by  application  of  ZaS. 
N  in  ZnS  can  be  expected  to  have  lower  by  the  valence  band  offset  In  addition,  N  has 
improved  anion  site  occupation  in  ZnS  over  the  case  in  ZnSe. 

To  demonstrate  the  concept  of  doping  engineering,  we  have  grown  a  multilayer  structure 
consisting  of  GaAs/5-Be- AIq. 3GaQ  7 As.  TEM  shows  die  AlGaAs  thickness  was  IS  A  and  the 
GaAs  layer  was  210  A.  The  center  of  the  AlGaAs  layer  was  5  -doped  with  Be  (a  2-D 
concentration  of  2  x  10  ^  cm'2).  This  combination  should  result  in  an  equivalent  bulk  bole 
concentration  of  lO1^  cm*2  in  GaAs.  For  comparison,  the  same  periodically  modulated  structure 
was  also  grown  but  it  was  uniformly  doped  with  Be  at  the  lO^cm"^  level. 

The  5  doping  was  accomplished  using  Group  HI  interruptions  during  epitaxial  growth. 
The  layers  were  grown  by  Gas  Source  Molecular  Beam  Epitaxy  at  a  relatively  low  growth 
temperature  of  S00°C  where  redistribution  of  Be  through  segregation  and  diffusion  can  be 
suppressed.  Capacitance-Voltage  (C-V)  profiles  of  higher  S  -Be  (  lO^cm*2)  layers  under  these 
growth  temperatures  are  shown  in  Fig.  3.  The  Full  Width  Half  Maximum  (FWHM)  of  the  profile 
is  11  A  and  thereby  illustrates  that  Be  is  highly  confined  to  the  8  plane  [12].  The  profile  FWHM 
corresponds  to  the  wavefunction  of  carriers 
in  the  5-potential  [13].  The  measured  profile 
width  is  among  the  narrowest  for  Be  at  this 
concentration  and  does  not  change  as  the 
growth  temperature  decreases  below  500°C. 

The  C-V  hole  concentration  from  the  6  Be  of 
the  DE  growth  as  a  function  of  depth  is 
shown  in  Fig.  4.  Sharp  spikes  as  a  function 
of  depth  are  observed  at  a  periodicity  of  180 
A  i.e.,  close  to  the  period  length  measured  by 
TEM.  The  FWHM  of  each  spike  is  large 
because  Be  concentration  was  low  such  that 
carrier  wavefunction  along  the  growth 
direction  was  only  weakly  confined  by  the  5 
-potential.  This  produces  a  very  weak  depth 
dependence  to  the  holes  and  their 
wavefunction  should  overlap  considerably  so 
that  the  DE  should  exhibit  vertical  and 
longitudinal  transport  characteristics  close  to 
die  homogeneous  doping  case. 

As  a  practical  demonstration  of  the 
DE  concept,  we  perform  variable 
temperature  Hall  effect  on  the  structures 
specified  above.  Fig.  3  shows  the  carrier 
concentration  versus  reciprocal  temperature 
as  circles  for  the  DE  sample  and  triangles  for 
the  homogeneously  doped  specimen.  In  these 
investigations  we  have  chosen  the  Be 


Fig.  3.  A  plot  of  hole  concentration  measured  by  the  Hall 
technique  for  both  the  uniformly  doped  and  DE  samples 
as  a  function  of  inverse  temperature. 
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concentration  to  be  an  order  of  magnitude  lower  then  the  critical  concentration  corresponding  to 
a  Mott  transition  of  holes  in  GaAs.  By  doing  so,  our  variable  temperature  results  should  reflect 
the  true  ionization  energy  of  the  dopant  instead  of  reduced  energy  activation  caused  by  banding 
effects.  Indeed,  the  thermal  behavior  of  the  homogeneously  doped  sample  shows  this  to  be  the 
case.  Fig.  5  illustrates  that  bole  freeze -out  commences  at  temperatures  just  below  100°  K.  By  30 
°K  the  hole  concentration  has  fallen  to  one-tenth  of  its  room  temperature  value.  Gearly,  this 
behavior  is  the  expected  thermal  characteristics  of  lightly  Be  doped  GaAs.  By  contrast,  the 
thermal  dependence  of  the  carrier  concentration  is  observed  to  be  much  weaker  for  the  DE 
sample.  For  instance  at  30  °K  the  DE  concentration  has  only  fallen  by  a  factor  of  two  of  its  room 
temperature  value.  One  further  feature  of  the  dependence  of  carrier  concentration  on  temperature 
is  that  both  structures  exhibit  Arrhenius  behavior  at  very  low  temperature.  We  may  analyze  their 
dependences  to  quantify  more  precisely  the  change  in  impurity  ionization  induced  by  the  DE 
concept.  However,  to  simplify  the  analysis  we  assume  the  thermal  dependence  of  the  carrier 
concentration  is  associated  with  only  carrier  freeze  out  whereas  other  thermal  dependences  from 
interface/surface  depletion  and  band  transport  factors  are  negligible  in  comparison.  As  Fig.  S 
shows  both  die  DE  and  homogeneous  doping  may  be  fit  by  an  Anhenious  expression  at  very  low 
temperature  as  evidenced  by  the  solid  and  dashed  lines.  From  their  slopes  we  estimate  the 
impurity  ionization  is  19.0  meV  for  homogeneous  doping  and  4  meV  for  DE.  The  19  meV 
energy  is  in  reasonable  accord  for  the  known  binding  energy  of  Be  (2SmeV)  in  GaAs. 

The  reduction  in  Be  ionization  energy  induced  by  the  DE  concept  is  remarkable  since  we 
have  reduced  the  impurity  binding  energy  by  a  factor  five  its  value  in  conventional  doping.  For 
comparison,  changes  in  acceptor  binding  energy  in  GaAs  brought  about  by  different  chemical 
dopants  are  only  about  30%  of  the  acceptin'  binding  energy.  The  4  mev  of  residual  binding 
energy  in  the  DE  case  arises  because  the  carriers  remain  quasi  bound  to  the  parent  ions,  an  effect 
we  have  not  considered  in  the  analysis.  The  measured  hole  mobilities  of  the  uniformly  doped  and 
DE  samples  are  380  cm'2  /Vsec  and  300  cm'2/Vsec  at  room  temperature  and  3800  and  4300 
ctn'2/Vsec  at  77  °K,  respectively.  Hence,  our  DE  structure  retains  bulk-like  transport 
characteristics  and  not  the  enhanced  mobilities  of  MD  structures.  The  DE  contains,  of  course,  the 
flexibility  in  design  of  die  ionization  energy. 


IIL  Doping  at  high  concentrations 

A  widegap  emitter  layer,  when,  used  in  a  heterojunction  bipolar  transistor  [14],  HBT, 
allows  the  use  of  extremely  high  base  doping  to  improve  high  speed  device  performance.  For 
several  reasons  S  doping  can  be  advantageous  in  the  above  application.  First,  the  carrier  transit 
tun*  in  the  base  of  an  HBT  may  be  reduced  when  the  base  consist  only  of  an  atomically  thin  5  - 
doping  region.  In  particular,  8~  Be  HBTs  have  been  successfully  demonstrated  in  ref  [15  ]  at  the 
0.04  monolayer  (ML)  5  -Be  level  and  by  us  at  the  0.4  ML  level  [6].  Secondly,  Be,  when 
introduced  by  homogeneous  doping  techniques,  is  known  to  have  limited  solubility  in  die  lattice  of 
GaAs.  Generally,  the  solubility  limit  for  homogeneous  doping  occurs  at  Be  concentrations  above 
1020  cm'2.  Above  the  solubility  limit,  Be  is  known  to  degrade  the  lattice.  From  results  shown 
below  we  show  how  the  process  of  lattice  degradation  could  be  minimized  by  the  5  doping 
process.  In  addition,  we  demonstrate  that  an  equivalent  homogeneous  hole  density  above  102* 
cm'2  is  achieved  for  5- Be  at  the  0.4  ML  level.  Thirdly,  the  requirement  of  low  sheet  resistivity  in 
the  base  becomes  more  achievable  per  dopant  atom  for  the  5  doping  technique.  This  follows  from 
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the  mobility  enhancements  of  the  5-dopants  over  those  inferred  from  equivalent  concentrations 
for  homogeneously  doping  [16].  As  we  show  below  sheet  resistivities  below  300  Q-cm  are 
obtained  in  a  single  5- Be  plane  at  the  0.4  ML  level. 

IV.  Doping  solubility  limit 

Continuously  doping  GaAs  with  Be  at  concentrations  above  mid  lO1^  cm' 3  can  produce 
haze  in  the  epitaxial  layer  (morphological  roughness)  [17,18].  Therefore  there  is  an  effective  limit 
in  homogeneous  doping  whereby  the  base  doping  of  an  HBT  may  not  increased  further. 
Empirically  we  show  an  approximate  doping  limit  in  Fig.  6  whereby  the  survey  shows 
homogeneously  doped  HBT  gain  has  abruptly  terminated  above  a  Be  concentration  10  20  on- 3 
[19].  At  this  concentration  the  HBT  gain  has  fallen  to  about  3  and  use  of  higher  Be  concentrations 
often  lead  to  catastrophic  loss  in  HBT  gain.  The  doping  solubility  limit  could  arises  from  Be 
precipitates  in  the  lattice  that  are  caused  by  inclusion  of  dopants  clusters  into  GaAs  [18,20],  The 
physical  process  of  how  this  happens  during  crystal  growth  is  not  precisely  known  but  we  outline, 
qualitatively,  one  distinct  possibility  below. 

It  is  known  by  several  investigations  that 
out-diffusion  of  Be  can  occur  during  growth 
(dopant  segregation)  and  its  amplitude  increases 
with  Be  concentration  [21,22].  These  results 
suggest  that  significant  amounts  of  Be  begin  to 
accumulate  on  the  growth  surface  when  Be 
concentrations  approach  die  homogeneous 
doping  solubility  limit.  In  addition,  there  is 
evidence  to  support  the  occurrence  of  Be 
dimerization  (dopant  pairing)  on  GaAs  surfaces 
at  high  concentrations  where  it  forms  lateral 
domains  locally  enriched  in  Be  surface  content 
[23,24],  When  GaAs  deposition  proceeds  on 
surfaces  in  this  state  then  a  component  showing  a 
3-D  growth  mode  can  be  detected  from  faceting 
that  is  observable  in  RHEED.  Growth  appears  to 
consist  of  a  combination  of  growth  modes  with 
the  majority  component  being  a  2-D  mode  that 
occurs  on  surface  domains  largely  denuded  of 
Be  and  a  weaker  3-D  mode  for  growth  on 
surface  domains  enriched  in  Be.  In  general,  the  3- 
D  growth  mode  increases  with  increasing  out 
diffusion  of  the  dopant  Now,  when  the  rate  of 
both  Be  outriiffusion  and  Be  deposition  to  the 
surface  are  sufficiently  high  (as  is  the  case  for 
homogeneous  doping  above  10  20  cm~3)  then  this  3-D  growth  mode  is  amplified.  Continued 
deposition  under  these  conditions  would  lead  to  a  rough  morphology  such  that  the  defected  areas 
(from  3D  growth  modes)  contain  locally  enriched  Be  precipitates  in  an  doped  GaAs  matrix. 


Fig.  6.  Gain  of  an  HBT  versus  Be 
concentration  when  either  5  -doped  or 
uniformly  doped. 
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Examples  illustrating  this  behavior  are  shown  in  Fig.  7.  They  are  SIMS  profiles  of  8-Be 
near  the  0.5  ML  level  on  structures  grown  at  500°  C  with  either  AS4  or  ASH3.  The  Be  profile 
consist  mainly  of  a  central  peak  that  corresponds  to  profiling  though  the  8  -Be  plane. 
Superimposed  on  this  main  Be  peak  is  a  shoulder  with  a  forward  edge  which  has  a  long,  linear 
decay  toward  the  surface  of  “700  A/decade.  Notice  that  it  is  not  on  the  profiles  of  the  S  -AlAs 
plane  that  were  placed  700  A  beneath  the  5  -Be  plane.  This  shoulder  accompanying  the  Be 
profile  occurs  simultaneously  with  the  faceting  that  was  detected  in  RHEED  (  up  to  700  A  of 
GaAs  growth  atop  the  8  -Be  plane).  We  associate  this  profile  component  with  3-D  growth  mode 
that  occurs  for  growth  atop  the  8  Be  plane  [25],  Our  picture  of  a  3-D  mode  is  also  supported 
by  RHEED  damping  and  recovery  dynamics  of  GaAs  growth  upon  initially  8  -  Be  doped  surfaces 
that  Iimura  et.  al.  reported  [26].  The  measurements  clearly  reveal  degradation  in  RHEED 
dynamics  upon  increasing  8  -  Be  content  in  support  of  the  above  surface  induced  roughening.  The 
profiles  of  Fig.  7  further  reveal  that  the  3-D  component  is  reduced  during  arsine  growth  in 
comparison  to  the  case  of  AS4  growth.  The  improved  confinement  of  8  -Be  at  the  8  -plane  as  well 
as  the  reduction  in  the  3-D  growth  mode  component  for  arsine  growth  appear  to  arise  from  a 
supersaturation  of  Ga  vacancies  in  the  subsurface  region  during  arsine  growth.  This  is  because  Ga 
vacancies  are  inversely  proportional  to  Group  V  overpressure.  Consequently,  Ga  vacancy 
formation  is  increased  by  use  of  lower  molecular  arsenic  species  derived  from  arsine  [22],  High 
concentrations  of  Ga  vacancies  in  the  subsurface  of  the  crystal  provide  more  bulk  sites  for  Be 
incorporation  and  reduce  the  surface  content  of  Be.  This  then  leads  to  a  reduction  in  the  3-D 
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growth  component  Notice  the  3-D  component  in  die  SIMS  recovers  foster  for  ASH3  than  AS4. 
Low  growth  temperatures  can  also  reduce  the  3-D  component  because  of  reduced  Group  V  re- 
evaporation  from  die  surface  [271  and  also  because  the  rate  of  dopant  segregation  is  observed  to 
be  smaller  [21,22]. 

Dopants  introduced  by  gaseous  methods  can  also  be  advantageous  to  overcome  doping 
problems.  Far  example,  InP  has  been  difficult  to  dope  p-type.  When  InP  is  doped  with  diethyl  Zn 
during  Chemical  Beam  Epitaxy  (CBE),  Tsang  et  al  [28]  achieve  higher  p-type  concentrations 
over  conventional  doping  techniques.  In  general,  CBE  gas  doping  has  improved  p-type  solubility 
over  Metal  Organic  Chemical  Vapor  Deposition  ( MOCVD)  techniques.  This  could  be  the  result 
of  die  dopant,  when  on  the  surface,  retaining  radical  bonds  with  organic  groups  during  CBE  [29], 
The  dopant  is  therefore  unable  to  pair  together  to  form  dimers.  This  could  eliminate  the  dopant 
clustering  process  on  the  surface  and  thereby  suppress  the  3-D  growth  mode.  In  MOCVD 
complete  pyrolysis  of  die  dopant  occurs  in  the  gas  phase  and  the  dopant  then  reaches  the  surface 
in  atomic  form.  Then  a  dopant  might  then  be  subject  to  similar  dimerization  processes  and 
therefore  MOCVD  may  encounter  a  similar  solubility  problems. 

On  the  basis  of  Fig.  7  an  improved  Be  solubility  can  be  expected  in  5-doping  over 
homogeneous  doping.  This  is  because  the  5-doping  process  automatically  leads  to  a  very  high 
supersaturation  of  Ga  vacancies  which  in  turn  reduces  the  3-D  growth  mode  component  In 
addition.  Be  deposition  is  suspended  during  GaAs  growth  atop  the  5  plane  and  minimizes  those 
conditions  leading  to  amplification  of  die  3-D  growth  mode.  In  fact,  results  from  RHEED 
dynamics  also  indicate  less  degradation  occurs  on  5  -  Be  doped  surfaces  than  for  uniformly  doped 
techniques  [26]. 

V.  Large  Area  Devices 

HBT  structures  were  grown  by  GSMBE  methods  in  which  5-  Be  concentrations  near  1 
ML  were  placed  in  a  GaAs  base  between  SO  to  200  A  in  thickness.  The  emitter  layer  consisted 
of  a  1000  A  layer  of  graded  AlGaAs  x=  0.3  to  0.0  doped  n-type  to  5  xlO17  cm  sup  '3,  then 
followed  by  Si  5-doped  GaAs  and  epitaxial  Al  metal  for  non-alloyed  ohmic  contact  The  collector 
was  5000  A  GaAs  and  Si  doped  to  5x10^  cm  ~3.  The  base  and  emitter  components  of  the 
structure  were  grown  at  500  C  atop  a  n"  -GaAs  collector  layer  on  an  n-  type  substrate.  A 
description  of  selective  contacting,  processing  and  device  planarization  has  been  reported 
elsewhere  by  Goossen  and  Kuo  [30,31].  We  show  here,  systematic  dependence  of  this  device 
structure  on  the  concentration  of  5  Be  doping  in  the  base  as  it  varies  from  0.09  to  0.9  ML. 

In  Fig.  8a  we  present  a  Gummel  plot  of  the  emitter-base  junction,  eb,  and  corresponding 
collector  response  for  the  0.4  ML  device  at  a  200A  base  layer  width.  From  the  I-V  characteristics 
of  the  be  junction  the  diode  ideality  factor,  n,  is  n=1.08  and  is  a  general  feature  of  the  be  diode 
quality  found  in  all  the  remaining  structures  listed  above.  The  eb  junction  also  appeared  perfectly 
ideal  (i.e.  n=1.0  to  1.2 )  for  driving  currents  above  100  microamps.  Hence,  nearly  perfect  diffusive 
transport  from  injector  into  the  base  occurred  in  our  devices  under  typical  HBT  operation.  At 
lower  currents,  the  Gummel  plots  of  the  eb  junction  reveals  components  in  the  diode  I-V  having 
ideality  in  the  range  (1.7-  1.9).  The  contribution  of  the  higher  order  ideality  components  to  the  I- 
V  relation  varies  considerably  with  the  5- Be  concentration.  At  the  0.08, 0.9  5- Be  level  the  n*l 
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components  are  visible  below  the  100  picoamps,  microamp  level  respectively.  This  strong  8-Be 
dependence  of  the  n#l  components  in  the  eb  diode  I-V,  and  also  their  low  temperature 
characteristics,  are  indicative  of  tunneling  assisted  transport  processes  in  the  AlGaAs  emitter 
much  like  those  found  in  homogeneously  doped  heterojunction  diodes  reported  previously  by 
Chand  [32].  Tunneling  assisted  processes  at  the  low  current  level  in  the  eb  junction  could  arise 
from  traps  formed  in  the  AlGaAs  owing  to  the  low  growth  temperature  employed  to  confine  Be 
to  the  base.  Nevertheless,  our  devices  work  as  excellent  HBTs  at  temperatures  as  low  2  K  and 
hence  the  number  of  traps  is  insufficient  to  affect  the  device  performance  under  typical  operation. 


1C  (A)  IB  (A) 


Fig.  8  Gummel  plot  of  an  HBT  containing  8  -Be  at  0. 1  ML  in  the  base  of  an  HBT. 


An  example  of  the  output  performance  of  an  HBT  containing  8-Be  at  the  0.4  level  is 
shown  in  Fig  9.  The  current  gain  is  10  but  is  uniform  versus  collector  current  and  the  device  has 
low  output  conductance.  The  gain  falls  to  5  when  the  base  width  is  50  A  because  of  hole  back 
injection  presumably  due  to  hole  tunneling  out  of  the  8-Be  base.  The  dependence  of  the  gain  on  8- 
Be  concentration  is  strong  but  surprisingly  systematic.  Our  measurements  give  gain  (250,  30, 15, 
0.10)  versus  8-Be  concentration  (0.08,  0.16,  0.4  and  0.9  ML),  respectively.  Gain  versus  8-Be 
concentration  is  plotter’  i  Fig.  6.  The  2-D  concentration  in  the  base  has  been  converted  to  a  3-D 


concentration  by  taking  the  ratio  of  the  areal  concentration  of  Be  to  the  Full  Width  Half 
Maximum  of  8- Be  profiles  that  were  measured  with  SIMS.  For  comparison,  we  also  show  in 
Fig.  6  the  case  of  gain  versus  homogeneous  doping  that  was  obtained  from  ref  [33].  One  distinct 
feature  of  the  gain  versus  doping  relationship  is  that  8  doping  opens  up  HBT  devices  to  effective 
doping  concentrations  well  beyond  the  solubility  limit  of  homogeneous  doping.  Fig.  6  shows  that 
good  gain  is  maintained  in  such  devices.  The  gain  drops  below  ten  at  an  effective  doping 
concentration  in  the  upper  lO^cm'^,  neatly  two  orders  of  magnitude  greater  than  the  solubility 
limit  Even  for  gains  near  ten  the  sheet  resistivity  is  below  300  Q  per  sq.  for  8-Be  at  the  0.4  ML 
level. 

IC  *  1 0mA/DI V 
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Ftg.  9  Output  characteristics  of  HBT  containing  an  8  -Be  at  0.4  ML  in  the  base. 

The  strong  gain  reduction  in  the  device  at  higher  5-Be  concentration  is  indicative  of 
limitations  comprising  higher  order  p-type  dependences  such  as  Auger  processes  or  hole  back 
injection  [33,34].  At  77  K  the  0.4  ML  device  has  a  current  gain  of  100  and  sheet  base  resistance 
of  150  ohms/sq.  Thus  the  8-Be  HBT  device  appears  well  suited  for  high  performance 
applications. 

VI.  Conclusion 

To  conclude  we  have  presented  two  methods  to  overcome  doping  problems  in  compound 
semiconductors.  First,  DE  is  a  method  to  flexibly  change  the  activation  energy  of  a  dopant  in  a 
semiconductor  host.  We  demonstrated  this  concept  in  the  AlGaAs/GaAs  system  and  outlined 
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possible  applications  to  other  problematic  semiconductors.  Use  of  5- Be  in  GaAs  at  the  monolayer 
level  was  demonstrated  to  overcome  the  solid  state  solubility  limit  for  a  uniform  dopant.  This 
method  however  requires  careful  attention  to  surface  conditions  during  the  ^-doping  process. 
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EFFECTS  OF  ION-IRRADIATION  AND  HYDROGENATION  ON  THE 
DOPING  OF  InGaAIN  ALLOYS 


S.  J.  PEARTON,  C.  R.  ABERNATHY,  W.  S.  HOBSON  AND  F.  REN 
AT&T  Bell  Laboratories,  Murray  Hill,  New  Jersey  07974 


ABSTRACT 


Carrier  concentrations  in  doped  InN,  Ino.37  Gao.63  N  and  Ino.75  AI0.2S  N  layers  are  reduced  by 
both  F+  ion  implantation  to  produce  resistive  material  for  device  isolation,  and  by  exposure  to  a 
hydrogen  plasma.  In  the  former  case,  post-implant  annealing  at  450-  500°C  produces  sheet 
resistances  >106Q/tJ in  initially  n+  (7  x  1018  -  3  x  1019  cm'3)  ternary  layers  and  values  of 
-S  x  103  ft/oin  initially  degenerately-doped  (4  x  1020  cm-3)  InN.  The  evolution  of  sheet 
resistance  with  post-implant  annealing  temperature  is  consistent  with  the  introduction  of  deep 
acceptor  states  by  the  ion  bombardment,  and  the  subsequent  removal  of  these  states  at 
temperatures  <500°C  where  the  initial  carrier  concentrations  are  restored.  Hydrogenation  of  the 
nitrides  at  200°C  reduces  the  n-type  doping  levels  by  1-2  orders  of  magnitude  and  suggests  that 
unintentional  carrier  passivation  occurring  during  cool  down  after  epitaxial  growth  may  play  a 
role  in  determining  the  apparent  doping  efficiency  in  these  materials. 


m-V  nitride  alloys  are  excellent  candidates  for  photonic  devices  operating  in  the  blue 
region  of  the  spectrum.  *1-s*  Tremendous  progress  has  been  made  in  the  preparation  and 
characterization  of  binary  (InN,  GaN,  AIN)  and  ternary  (AlGaN,  InGaN)  1II-V  nitrides  on  a 
variety  of  substrates.*6'12*  There  L  still  much  scope  for  work  on  realization  of  reproducible 
ohmic  contacts  to  some  of  these  and  on  the  growth  of  p+  layers  particularly  in  GaN. 

Mg-doped  layers  with  hole  conce  rat  •  is  as  high  as  3  x  1018  cm'3  after  low  energy  electron- 
beam  irradiation  have  been  reporteu  out  the  as-grown  films  had  much  lower  (2  x  1015  cm-3) 
doping  levels.*3*  Van  Vechten  etal.*13*  have  proposed  this  result  can  be  explained  by  de¬ 
banding  of  hydrogen  from  passivated  Mg  acceptors,  increasing  the  p-type  doping  density.  The 
unintentional  passivation  of  dopants  in  other  ID-V  materials  due  to  residual  hydrogen  trapped 
during  the  growth  process  is  a  common  phenomenon  with  gas-sounx  epitaxial 
techniques.*14'18* 

In  this  letter  we  report  on  reversible  changes  in  doping  of  InN,  InGaN  and  InAIN  layers  as  a 
result  of  either  ion  implantation  or  hydrogen  plasma  exposure.  Selective  area  implantation  of 
inert  ions  is  widely  used  in  GaAs-technology  for  device  isolation  purposes,  since  the  implanted 
region  may  be  made  highly  resistive.*19*  This  technique  will  also  prove  useful  in  III-V  nitride 
materials  due  to  its  ability  to  retain  the  planarity  of  the  active  element  area.  It  is  also  necessary 
to  understand  the  role  of  hydrogen  in  determining  apparent  doping  efficiencies  in  the  nitrides, 
since  it  is  a  major  component  of  the  metalorganic  group  III  sources  used  for  many  of  the 
epitaxial  growth  techniques. 
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The  nitride  layers  were  grown  at  -500°C  on  semi-insulating  GaAs  substrates  using 
group  in  metalorganics  (trimethylindium,  triethylgallium  and  trimethylamine  alane  respectively 
for  In,  Ga  or  A1  sources)  and  atomic  nitrogen  generated  by  a  200 W,  2.45  GHz  Electron 
Cyclotron  Resonance  (ECR)  source  (Wavemat  MPDR)  on  anaIntevac  Gas  Source  Genii 
Molecular  Beam  Epitaxy  system. (20'  The  growth  rates  were  50-75A  -  min  - 1  and  the  films  were 
polycrystalline  columnar  in  nature.  The  InN  films  were  strongly  n-type  (3.9  x  1020  cm-3, 
room  temperature  mobility  p  =  77  cm2 V-’  sec-1)  as-grown,  and  annealing  under  a  Nj 
ambient  up  to  450°C  did  not  alter  the  conductivity  level.  Similarly,  both  of  the  ternary  alloys 
were  also  n-type  (Ino^GanaN  n  =  3.4  x  1019  cm-3,  p  =  12  cm2V-1  sec-1,  and 
Ino.7sAlo.2sN:  n  =  7.3  x  101*  cm-3,  p  =  20  cm2V-1sec-1)  and  these  levels  were 
unchanged  by  annealing  at  450 °C. 

Fluorine  ions  were  implanted  at  multiple  energies  (40, 100,  200  and  300  keV)  and  two  sets 
of  doses  (8,  9,  10  and  20  x  1013  cm-2  respectively  or  8,  9,  10  and  20  x  1014  cm-2 
respectively)  in  order  to  produce  a  uniform  nuclear  stopping  damage  profile  throughout  the 
0.4  pm  thick  nitride  layers.  The  implant  temperature  was  -80°C  and  the  samples  were  not 
amorphized  by  this  treatment  These  arc  typical  of  the  isolation  schemes  used  for  highly  doped 
GaAs  films.  Alloyed  (400 °C,  30  sec)  Hgln  eutectic  contacts  for  Hall  measurements  were 
prepared  on  some  of  the  samples  prior  to  implantation  so  that  subsequent  low  temperature 
(<400°C)  anneals  could  be  examined.  Other  non-contacted  samples  were  post-implant 
annealed  for  60  sec  at  temperatures  up  to  600°C  in  an  N2  ambient  with  the  implanted  faces 
covered  by  low  temperature  (75°C)  plasma-enhanced  chemically  vapor  deposited  SiNx.  The 
conductivity  of  the  implanted  and  annealed  layers  was  obtained  from  Hall  measurements. 

Hydrogen  plasma  exposures  were  performed  at  200o°C  for  lh  using  a  0.5  Torr,  13.56  GHz 
discharge.  Some  of  the  samples  were  coated  with  200A  of  the  low  temperature  SiN„  prior  to 
plasma  treatment  in  anticipation  of  possible  surface  degradation  induced  by  the  high  hydrogen 
flux  present  in  this  environment.  It  is  well-known  that  H2  discharges  preferentially  remove 
group  V  species  from  III-V  materials  and  in  the  case  of  InP  for  example,  this  can  lead  to  the 
presence  of  In  droplets  on  the  surface/21'  In  all  cases  the  alloyed  Hgln  Hall  contacts  were 
already  in  place  prim-  to  the  hydrogen  plasma  exposure. 

Figure  1  shows  the  evolution  with  post-implant  annealing  temperature  of  the  sheet 
resistance  of  InN  layers  implanted  with  multiple  energy  F+  ions  at  the  two  different  sets  of 
doses.  For  the  lower  doses  (8  x  1013  -  2  x  1014  cm-2)  the  resistance  of  the  implanted 
material  is  increased  by  about  an  order  of  magnitude  over  its  as-grown  value,  and  post-implant 
annealing  reveals  a  recovery  stage  centered  around  350°C.  This  behaviour  is  consistent  with 
creation  of  deep  compensating  acceptors  by  the  energetic  ions,  which  trap  free  electrons  and 
increase  the  resistance  of  the  InN.  The  subsequent  annealing  of  these  acceptors  restores  the 
initial  conductivity  of  the  material.  At  the  higher  dose  condition  (8  x  1014  -  2  x  1015  cm-2) 
the  initial  increase  in  sample  resistance  is  greater  since  more  of  the  free  electrons  are  trapped, 
and  subsequent  annealing  up  to  -450°C  actually  produces  a  further  increase  in  resistance.  This 
is  the  behaviour  typically  observed  in  implant-isolated  GaAs,  and  it  is  commonly  ascribed  to 
reduction  of  hopping  probabilities  for  trapped  carriers/19'  Above  450°C  enough  of  the  trap  sites 
have  been  removed  that  electrons  are  returned  to  the  conduction  band  of  the  InN  and  the 
conductivity  returns  towards  its  initial,  unimplanted  value.  The  maximum  sheet  resistance 
obtained  is  only  -5  x  103  fi/o,  far  below  the  values  required  for  electronic  device  isolation 
(>  106  fi/d).  A  wider  range  of  experiments  is  needed  to  determine  whether  this  is  a  function  of 
our  particular  material  or  is  an  intrinsic  effect  related  to  the  position  in  the  bandgap  of  the  defect 
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stales  created  in  the  InN  by  the  implantation  process.  For  example,  in  InP  high  dose 
implantation  pins  the  Fermi  level  in  the  upper  half  of  the  band  gap,  leading  to  limiting 
resistivities  of  103  -  104  Qcm  for  initially  n-type  material.(22"24> 


ANNEALING  TEMPERATURE  TO 

Fig.  1.  Sheet  resistance  of  n+  InN  layers  implanted  with  multiple  energy  (40,  100.  200  and 
300  keV)  F*  ions  at  two  different  sets  of  doses  (8, 9, 10  and  20  x  1013  cm-2  or  8, 9, 
10  and  20  x  1014  cm-2,  respectively),  as  a  function  of  post-implant  annealing 
temperature  (60  sec  anneals). 


Results  from  F+  implanted  InGaN  and  InAIN  are  shown  in  Fig.  2.  In  both  of  these 
materials  the  layer  resistances  after  implantation  are  approximately  two  orders  of  magnitude 
greater  than  the  as-grown  values  (1  —  1.5  x  103  Q/O),  and  they  increase  to  practical  values  for 
device  isolation  after  annealing  at  450  -  500°C.  These  results  are  particularly  relevant  to 
integration  of  photonic  devices  such  as  lasers  or  quantum  well  detectors  with  electronic  devices 
such  as  heterojunction  bipolar  transistors  based  on  III-V  nitride  heterostructures.  It  will  be 
interesting  to  examine  whether  thermally  stable  implant  isolation  can  be  obtained  in  this  material 
system  by  implanting  species  which  create  chemical,  rather  than  damage-related,  deep  level 
states. 

Turning  to  the  effects  of  hydrogen  plasma  exposure  we  did  indeed  observe  preferential  loss 
of  nitrogen  from  unprotected  InN  surfaces.  Figure  3  shows  optical  micrographs  of  InN  surfaces 
after  lh,  200°C  H*  plasma  treatments.  At  top  the  unprotected  surface  shows  a  large  density  of 
In  droplets,  whereas  hydrogenation  through  a  thin  SiNx  encapsulating  layer  (subsequently 
removed  in  a  CF^/Oj  barrel  reactor)  did  not  lead  to  surface  deterioration  (Fig.  3,  bottom).  The 
surfaces  of  InGaN  and  InAIN  were  much  more  resistant  to  plasma-induced  degradation  and  did 
not  show  the  presence  of  In  droplets  after  the  hydrogenation.  Changes  in  the  electrical  properties 
of  the  m-V  nitride  materials  as  a  result  of  the  hydrogenation  are  shown  in  Table  1.  The  initial 


doping  densities  are  reduced  by  1-2  orders  of  magnitude  after  the  plasma  treatment  due  to 
hydrogen  passivation  of  donor  impurities.  The  electron  mobilities  also  increased  by  factors  of 
40-80%  after  hydrogenation  indicating  true  dopant  passivseion.  Heating  at  200°C  for  lh  in  H} 
gas,  or  exposing  the  samples  to  a  He  discharge  did  not  produce  measurable  changes  in  the  carrier 
concentrations,  directly  implicating  the  atomic  hydrogen.  The  source  of  the  n-type  conductivity 
in  QI-V  nitrides  is  still  controversial,  although  native  defects  such  as  nitrogen  vacancies  have 
been  suggested/1*2*  Post-hydrogenation  annealing  at  450°C  for  S  min  under  a  N2  ambient 
produced  substantial  reactivation  of  the  passivated  donors.  Trite  thermal  dissociation  energies 
for  die  hydrogen-door  complexes  can  only  be  obtained  under  conditions  where  re  trapping  is 
minimized,  such  as  in  the  reverse-biased  depletion  region  of  a  Schottky  diode  structure.^*  This 
type  of  measurement  is  not  possible  in  the  present  samples  because  of  their  high  eloping  levels. 
The  temperature  at  which  reactivation  of  passivated  donors  occurs  will  be  a  function  of  the 
thermal  history,  sample  geometry,  annealing  ambient  and  doping  levels.  It  is  likely  that  in  some 
cases  where  hydrogen  is  a  component  of  the  growth  chemistry,  passivation  of  dopants  may  be 
significantly  reducing  the  apparent  carrier  concentration  in  the  material.  Post-growth  annealing 
under  a  N2  ambient  to  remove  this  hydrogen  would  be  necessary  to  produce  the  true  doping 
density. 


Fig.  2.  Sheet  resistances  of  initially  n-type  InGaN  or  InAIN  layers  implanted  with  multiple 
energy  (40, 100, 200  and  300  keV)  F+  ions  at  doses  of  8, 9, 10  and  20  x  1013  cm-2 
respectively,  as  a  function  of  post-implant  annealing  temperature  (60  sec  anneals). 


Tabic  1.  Electrical  characteristics  of  InGaAIN  alloy  layers  before  and  after  hydrogenation  Tor  lh  at  200°C. 


Material 

Initial  Doping  Density  ( cm  '  3  ) 

After  H Plasma  (cm'3) 

After  H  Plasma  and  450° C  Anneal  (cm 

InN 

3.9  x  10“ 

2.5  x  10'» 

3.4  x  1010 

InAIN 

7.3  x  I0W 

6.8  x  10'* 

5.4  x  101* 

InCaN 

3.4  x  10w 

4.6  x  10'* 

2.0  x  10w 
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Fig.  3.  Optical  micrographs  (1000X  magnification)  of  InN  surfaces  after  direct  eiyxwure  to  a 
H2  plasma  for  lh  at  200°C  (top)  or  after  hydrogenation  through  a  200A  SiN,  cap 
which  has  subsequently  been  removed  (bottom). 


In  conclusion  we  have  produced  reversible  changes  in  the  carrier  concentration  in  n+  InN, 
InGaN  and  InAIN  thin  films  using  either  ion  implantation  or  hydrogenation,  followed  by 
annealing  in  both  cases.  The  implant  isolation  results  show  similar  characteristics  to  GaAs  in 
that  post-growth  annealing  is  required  to  produce  the  maximum  sheet  resistances  in  the  III-V 
nitrides.  In  ternary  compounds  with  initial  doping  levels  S3  x  1019  cm-3,  implantation  with 
F+  ions  produces  maximum  sheet  resistances  >  101 2 3 4 5 6  Q/q  which  are  practical  values  for 
electronic  device  isolation.  We  also  found  direct  evidence  for  efficient  hydrogen  passivation  of 
n-type  conductivity  in  the  nitride  films,  with  reactivation  of  the  passivated  dopants  being 
significant  for  430°C  anneals  in  a  N2  ambient. 
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ANNEALING  EFFECT  ON  PHOTO  LUMINESCENCE  PROPERTIES 
OF  Be-DOPED  ME  GaAs 


Hajime  Shibata,  Yunosuke  Nakita,  and  Akimaaa  Yamada 
Electrotechnical  Laboratory,  1-1-4  Uaexono,  Taukuba  305,  JAPAN 


ABSTRACT 

Low  temperature  (  2*  K  )  photo luminescence  (  PL  )  measurements  were 
performed  for  the  wavelength  (  d.  )  region  f  roe  800  to  1600  oa  on  Be -doped 
GaAa  grown  by  molecular  beam  epitaxy  (  MBE  )  for  wide  range  of  net  hole  con¬ 
centration  at  room  temperature  (  p  )  up  to  2x  10”  cm*3  after  annealing  at 
850  *C  for  20  minutea.  The  annealing  procedure  formed  several  new  PL  emis¬ 
sion  bands  associated  with  deep  levels  appeared  between  0.4  and  1.4  eV.  The 
most  intensive  new  PL  band  appeared  at  around  1.2  eV  with  a  band  width  of 
about  0.2  eV  for  all  samples  investigated.  Its  peak  position  and  band  width 
were  observed  to  shift  slightly  toward  lower  energy  side  and  increase, 
respectively  with  increasing  p.  An  additional  two  sharp  bands  appeared  over¬ 
lapping  the  main  band  at  around  1.31  and  1.35  eV  for  p  less  than 
lx  101*  cm*3.  New  broad  band  formation  was  also  observed  at  around  1.0  eV  in 
the  same  samples.  In  addition,  a  new  prominent  PL  band  was  found  at  about 
1.35  eV  in  the  as-grown  samples  with  p  =  5~6x  1017  cm*3,  which  disappeared 
entirely  after  annealing.  The  formation  and  annihilation  mechanism  of  these 
deep  levels  after  annealing  can  be  presumably  attributed  to  Be  redistribu¬ 
tion  from  Ga  sites  to  As  sites  and  interstitial  sites  to  Ga  or  As  sites, 
driven  by  the  formation  of  As  vacancies  (  V as  )  due  to  As  evaporation  from 
samples  during  annealing. 

INTRODUCTION 

Systematic  study  of  optical  properties  such  as  PL  of  impurity  doped  GaAs 
for  a  wide  range  of  impurity  concentration  is  important  for  fabrication  of 
electronic  and  opto-electronic  devices.  Particularly,  investigation  of  an¬ 
nealing  effects  on  relaxation  of  defects  introduced  during  epitaxial  growth 
of  heavily  doped  samples  is  important  to  estimate  the  reliability  of  devices 
such  as  he tero junction  bipolar  transistors  (  HBTs  )  or  laser  diodes,  as  well 
as  to  know  the  defect  formation  mechanism  during  epitaxial  growth. 

Recently  we  found  several  new  strong  PL  emissions  in  the  near-band-edge 
emission  region  (  A.  -  800—850  nm  )  for  heavily  acceptor-doped  GaAs  [1-7]. 
The  most  significant  emissions  were  labeled  by  [g-g],  [g-g]a  ,  [g-g]/8  and 

[g-g] r  .  Their  emission  mechanisms  have  not  been  clearly  understood  up  to 
now,  although  we  proposed  previously  a  new  concept  which  was  based  on  radia¬ 
tive  recombination  due  to  acceptor-acceptor  pair  [4,6,7], 

Be  has  been  used  as  an  effective  p-type  dopant  for  heavily  doped  GaAs 
grown  by  MBE,  though  its  high  diffusivity  has  been  pointed  out  to  be  the 
major  drawback  compared  with  carbon  [8,9].  Optical  and  electrical  properties 
of  Be-doped  GaAs  have  been  reported  by  many  authors  up  to  Be  concentration 
as  high  as  2X  10*®  cm'3  [10-16].  In  this  report,  for  the  investigation  of 
the  influence  of  dopant  diffusion  and  defects  relaxation  on  heavily  doped 
semiconductor  optical  properties,  annealing  effects  on  low  temperature  PL 
properties  were  studied  in  Be-doped  GaAs  grown  by  MBE  for  wide  range  of  p  up 
to  2x  10”  cm*3.  The  results  obtained  were  analyzed  based  on  the  formation  of 
Va«  in  samples  due  to  As  evaporation  during  annealing,  and  resultant  Be 
redistribution  from  Ga  sites  to  As  sites  and  interstitial  sites  to  Ga  or  As 
sites. 
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EXPERIMENTAL 


The  Maples  used  in  this  study  were  grown  by  a  coaaercial  NBE  systea 
(  RIBER  2300  )  on  Cr-doped  seai- insulating  (100)  GaAs  wafers.  For  all 
saaples,  the  substrate  teaperature  and  the  V /D  flux  ratio  of  Am  to  Ga 
were  kept  at  550  *C  and  2.0  respectively.  The  growth  duration  of  Be-doped 
layer  was  2  hours,  followed  by  the  growth  of  undoped  buffer  layer  for  30 
ainutes.  The  total  thickness  of  as-grown  layer  was  about  5.4  u  a,  which  was 
constant  for  all  p  values.  The  doping  level  was  controlled  by  changing  the 
Be  effusion  cell  teaperature  froa  417  *C  to  670  *C  .  We  also  fabricated  un¬ 
doped  GaAs  layers  under  the  saae  growth  conditions  to  check  the  concentra¬ 
tion  of  background  contaainants  in  the  MBE  chamber .  Annealing  was  done  at 
850  °C  for  20  ainutes  in  a  liquid  phase  epitaxy  furnace  under  a  purified 
hydrogen  ataosphere  at  aabient  pressure.  The  PL  aeasureaents  were  perforaed 
at  2°  K  using  the  514.5  na  Ar*  laser  line  under  conditions  of  extreaely  low 
excitation  density  (  ~  1  W  / ca 2  ) .  The  PL  signal  was  analyzed  by  a  1-a  focal 
length  aonochroaator  {  SPEX  1704  )  and  detected  by  a  photoaultiplier  tube 
with  a  cooled  GaAs  photocathode. 

RESULTS 

Figures  1  and  2,  respectively,  show  typical  PL  spectra  as  a  function  of 
p  in  the  saae  saaples  both  as-grown  and  after  annealing  with  p  around 
1017  ca*3.  Strong  eaissions  observed  in  near-band-edge  eaission  region  in 
both  Figs.  1  and  2  were  assigned  as  (g-g},  (  e-Be*  ),  and  their  phonon 
replicas.  Appearance  of  the  [g-g]  band  strongly  ensures  us  that  background 
donor  concentration  in  our  saaples  is  extreaely  low  (  of  the  order  of 
~ 1014  ca*3  ),  since  it  has  been  deaonstrated  that  the  intensity  of  [g-g] 
band  can  be  easily  quenched  by  the  incorporation  of  saall  aaount  of  donor 
(  "optical  coapensation  effect"  )  [2,6,7], 

The  aain  feature  in  Fig.  2  is  the  appearance  of  an  intensive  and  wide 
new  PL  eaission  band  whose  peak  position  is  located  at  about  1.2  eV  with  a 
band  width  of  about  0.2  eV.  Since  this  new  band  was  observed  for  all  saaples 
investigated  (  up  to  p  =  2x  102°  ca*3  ),  the  appearance  of  the  1.2  eV  band 
after  annealing  is  a  coaaon  phenoaena  for  a  wide  range  of  p.  Additionally 
with  increasing  p,  its  peak  position  and  band  width  were  observed  to  shift 
slightly  toward  the  lower  energy  side  and  increase  in  width,  which  strongly 
suggests  that  there  is  a  relation  between  the  formation  of  the  1.2  eV  band 
and  Be  incorporation  into  GaAs. 

Additionally  in  Fig.  2,  two  intensive  and  sharp  bands  were  observed  to 
overlap  the  1.2  eV  band  at  around  1.31  and  1.35  eV  in  saaples  with  p  less 
than  lx  1018  ca*3.  Since  these  two  bands  were  observed  in  pairs  in  almost 
all  cases,  there  aay  be  a  significant  relation  between  eaission  mechanisms 
of  these  two  bands.  A  new  broad  band  was  observed  about  1.0  eV  in  saaples 
with  p  less  than  lx  10* 8  ca*3.  This  new  eaission  band  had  a  very  saall  in¬ 
tensity  but  a  large  band  width  of  around  0.15  eV. 

In  addition,  a  new  prominent  PL  band  was  found  in  the  as-grown  saaples 
(  in  Fig.  1  )  at  around  1.35  eV  in  saaples  with  p  around  5x  1017  ~ 
lx  1018  ca*3,  which  disappeared  entirely  after  annealing  (in  Fig.  2  ). 
Since  this  new  band  was  not  observed  in  slightly  Be  doped  saaples  including 
undoped  one  or  p-type  GaAs  doped  with  any  other  acceptor  species  except  Be, 
it  is  strongly  suggested  that  there  is  a  close  relation  between  the  forma¬ 
tion  of  this  1.35  eV  band  and  the  incorporation  of  Be  kipurity  into  GaAs. 
The  eaission  aechanisa  of  the  1.35  eV  band  in  Fig.  1  seems  to  be  completely 
different  froa  that  of  the  1.35  eV  band  in  Fig.  2,  because  their  spectral 
features  such  as  band  width  differ  so  auch  each  other.  Since  the  band  width 
of  1.35  eV  band  in  Fig.  1  is  such  larger  than  that  in  Fig.  2,  we  refer  thea 
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Figure  1.  2°  K  phptp luminescence  spectra  of  Be-doped 

as-grown  GaAs  at  various  hole  concentrations. 

"1.35  eV  broad  band"  and  "1.35  eV  narrow  band",  respectively  hereafter. 
DISCUSSION 

Since  the  LO  phonon  energy  of  GaAs  is  estimated  to  be  around  36  meV,  it 
is  reasonable  to  assign  the  1.31  eV  band  in  Fig.  2  to  the  LO  phonon  replica 
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Figure  2.  2*  K  photo luminescence  spectra  of  the  saae 

saaples  shown  in  F.'.g.  1  after  annealing. 


I 

•  of  the  1.35  eV  narrow  band  in  the  saae  figure,  taking  into  account  the  rela- 
I  tion  of  emission  intensity  among  then.  The  appearance  of  new  emission  band 
|  around  1.35~ 1.36  eV  in  GaAs  after  annealing  has  been  previously  reported  by 
]  several  authors  using  cathodoluainescence  [17]  and  PL  (  accompanied  with  a 
j  ~ 1.33  eV  emission  band  )  [18,19].  It  is  strongly  suggested  that  the  enis- 
j  sion  mechanism  of  the  1.35~  1.36  eV  band  has  a  close  relation  with  Ga 
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vacancies  (  V a*  ),  in  all  of  these  reports.  Therefore  it  seems  to  be 
reasonable  to  estiaate  here  also  In  this  report  that  the  1.35  eV  narrow  band 
in  Fig.  2  has  a  close  relation  with  Vo*. 

There  have  been  only  a  few  reports  on  the  appearance  of  broad  band  emis- 
sion  around  1.2  eV  in  GaAs  as-grown  [20]  or  annealed  [21]  saaples.  The  emis¬ 
sion  nechanisa  is  suggested  to  have  a  strong  relation  with  the  defect  com¬ 
plex  of  V  a*  and  a  donor  in  these  reports,  however  the  detail  has  not  been 
clearly  understood  up  to  now.  Since  the  background  donor  concentration  in 
our  saaples  is  estimated  to  be  extreaely  low  (  less  than  about  1015  cm'3  ) 
and  the  1.2  eV  band  observed  in  Fig.  2  is  not  observed  in  as-grown  saaples 
at  all  (  in  Fig.  1  ),  we  can  not  associate  the  1.2  eV  band  in  Fig.  2  with 
the  previously  reported  1.2  eV  bands  [20,21],  which  were  reported  to  have 
correlation  with  the  incorporation  of  donor  iapurities.  Therefore  it  is 
reasonable  to  assign  the  1.2  eV  band  observed  in  Fig.  2  to  a  new  eaission 
band,  which  is  presuaably  be  related  with  Be  incorporation  in  conjunction 
with  annealing  effects. 

There  have  been  no  reports  on  the  appearance  of  the  1.35  eV  broad  band 
observed  in  Fig.  1,  which  disappears  entirely  after  annealing,  for  all  as- 
grown  GaAs.  Therefore  the  emission  nechanisa  seems  to  be  strongly  related 
with  defects  introduced  through  Be  incorporation  during  MBE  growth  and  which 
disappear  after  annealing.  Appearance  of  the  weak  and  broad  1.0  eV  band 
after  annealing  in  GaAs  (  in  Fig.  2  )  was  reported  in  [17],  where  its  eais¬ 
sion  nechanisa  was  estimated  to  be  a  result  of  the  V  a»-V as  divacancy. 

Since  one  of  the  most  probable  events  during  annealing  in  GaAs  is  the 
creation  of  a  large  number  of  V  as ,  the  generation  and  relaxation  mechanisms 
of  the  defects  associated  with  the  above  deep  PL  eaission  bands  can  be  ex¬ 
plained  as  follows.  If  a  large  number  of  V as  are  created  during  annealing. 
Be  atoms  in  Ga  sites  (  Bees  )  can  move  to  As  sites  and  create  Be  atoms  in  As 
sites  (  Beas  ),  according  to  the  relation  ;  Beoa  +  V as  -*  BeA*  +  Vo., 
leaving  a  large  number  of  vacancies  in  Ga  sites.  If  there  are  Be  atoms  in 
interstitial  sites,  they  can  also  move  to  either  V as  sites  or  Vo.  sites 
which  are  created  through  the  above  mechanism  during  annealing,  and  finally 
occupy  either  Ga  or  As  sites.  Therefore  the  appearance  mechanism  of  the 
1.35  eV  narrow  band  and  its  LO  phonon  replica  (  1.31  eV  band  )  can  be  under¬ 
stood  as  a  consequence  of  the  formation  of  V  ss ,  which  is  consistent  with 
previous  reports  [17-19],  through  above  model  of  Be  site  transformation  from 
Ga  sites  to  As  sites.  The  appearance  of  the  1.0  eV  band  in  Fig.  2,  which  is 
associated  with  V  o«-V  a.  divacancy  [17],  is  also  consistent  with  above 
discussions. 

On  the  basis  of  the  above  model,  a  novel  and  dominant  defect,  in  addi¬ 
tion  to  Vo«,  which  can  expected  to  appear  after  annealing  is  BeA*.  Hence 
the  BeA*  or  BeA*  related  defect  complex  such  as  Bex* -Vo*  are  expected  to 
result  in  the  appearance  of  a  1.2  eV  eaission  band  seen  in  Fig.  2.  In 
addition,  one  of  the  main  defects  which  are  associated  with  Be  and  can  be  be 
expected  to  disappear  after  annealing  based  on  above  model  are  interstitial 
Be  atoms.  Therefore  it  is  logical  to  associate  the  eaission  nechanisa  of  the 
1.35  eV  broad  band  in  Fig.  1  with  interstitial  Be  atoms.  Reports  on  the 
numerical  calculation  of  the  electronic  structure  of  Be  doped  in  GaAs  sug¬ 
gest  that  Be  atoms  in  As  sites  can  create  both  deep  donor  and  acceptor 
levels,  as  well  as  Be  atoms  in  interstitial  sites  can  create  deep  donor 
level  [22].  These  results  seen  to  support  the  above  speculations  of  the  Be 
site  transformation  mechanism.  Thus  we  can  conclude  that  the  1.2  eV  band  in 
Fig.  2  is  associated  with  deep  donor  or  acceptor  level  which  night  be 
created  by  Bex*  defects,  on  the  other  hand,  the  1.35  eV  broad  band  in  Fig.  1 
is  likely  associated  with  deep  donor  level  which  might  be  created  by  Be  in¬ 
terstitial  atoms. 
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CONCLUSION 


Anna* ling  effects  on  deep  level  PL  properties  in  Be  doped  KBE  grown  GeAs 
were  studied  for  s  wide  rsnge  of  p  concentrations  up  to  2 x  10*°  cm'*.  The 
appearance  and  disappearance  of  several  strong  and  new  PL  emission  bands 
were  observed  after  annealing.  The  formation  and  annihilation  mechanism  of 
these  deep  levels  after  annealing  were  discussed  based  on  the  creation  of 
Va»  defects  due  to  As  evaporation,  and  resultant  generation  of  Voi,  Boas 
defects  and  annihilation  of  interstitial  Be  atoss.  PL  eaission  bands  related 
to  deep  inpurity  levels  which  presumably  are  associated  with  Bsa*  and  Be  in¬ 
terstitials  were  observed  for  the  first  tine.  Their  photon  energies  were 
found  to  be  equal  to  around  1.2  eV  and  1.35  eV,  respectively. 
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ABSTRACT 

We  have  studied  the  IR  absorption  of  heavily  carbon  doped  GaAs  grown  by  metalorganic 
molecular  beam  epitaxy.  A  striking  observation  is  that  the  hydrogen-stretching  vibration  of  a  C- 
related  complex  at  2688  cm*1  is  strongly  polarized  along  just  one  of  the  <110>  directions  in  the 
(001)  growth  plane.  This  polarized  C-H  vibration  is  assigned  to  a  defect  complex  that  is  aligned 
at  the  growth  surface  and  then  maintains  its  alignment  as  it  is  incorporated  into  the  growing 
crystal.  In  a  series  of  experiments,  we  have  studied  the  annealing  of  the  2688  cm*1  band  and  its 
alignment  and  suggest  that  the  defect  complex  consists  of  a  C^-C^  pair  stabilized  by  hydrogen. 


L  INTRODUCTION 

The  H-stretching  vibrations  of  complexes  that  contain  carbon  and  hydrogen  in  epitaxial  GaAs 
have  been  studied  by  infrared  (IR)1'9  and  Raman6*10  spectroscopies.  For  heavily  carbon-doped 
GaAs  grown  by  metalorganic  molecular  beam  epitaxy  (MOMBE),  H-stretching  features  for  as- 
grown  samples  have  been  observed  at  2636,  2643,  2651,  and  2688  cm'1  (refs.  2-4).  The  band  at 
2636  cm-1  was  assigned  by  Cleijaud  et  aL1  to  a  Cy^-H  complex  with  H  near  the  bond  center 
between  the  C^  acceptor  and  a  Ga  nearest  neighbor.  The  bands  at  2643,  2651,  and  2688  cm1 
have  also  been  assigned  to  complexes  that  contain  carbon  and  hydrogen  but  their  structures  are 
unknown.2"4  In  this  paper,  we  report  that  the  2688  cm'1  band  observed  in  heavily  C -doped  GaAs 
grown  by  MOMBE  is  strongly  polarized  along  a  particular  <110>  direction  in  the  (001)  growth 
plane.  Our  results  give  clues  to  the  structure  of  the  defect  complex  that  gives  rise  to  this 
absorption  band.  Annealing  results  allow  us  to  propose  a  mechanism  for  the  reorientation  of  the 
aligned  complex. 


II.  EXPERIMENTAL  PROCEDURES  AND  RESULTS 

We  have  examined  several  heavily  carbon-doped  GaAs  epitaxial  layers  that  were  grown  by 
MOMBE  on  semi -insular  ■'g  GaAs  substrates.  MOMBE  growth  was  performed  in  a  Van  an  gas- 
source  Gen  Q  MOMBE  system  with  arsine  (ASH3)  and  trimethylgallium  ((CHj^Ga)  source  gases 
and  He  carrier  gas.11  The  arsine  gas  was  introduced  through  a  low  pressure  Varian  cracker  to 
decompose  the  hydride.  The  growth  temperature  was  500°C.  IR  absorption  spectra  were 
measured  with  a  Bomera  DA3.16  Fourier  transform  infrared  spectrometer  equipped  with  an  InSb 
detector.  Several  samples  were  annealed  in  H2,  D2  or  He  ambients  following  growth.  These 
samples  were  sealed  in  quartz  ampoules  with  2/3  atm  of  the  annealing  gas  and  annealed  in  a 
muffle  furnace  for  30  minutes.  Following  the  anneal,  the  samples  were  quenched  to  room 
temperature  in  ethylene  glycoL 
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A.  Strongly  polarized  absorption  band  at  2688  cut'1 


In  Fig.  1,  are  shown  IR  absorption  spectra  for  a  GaAsrC  sample  that  were  measured  with  light 
polarized  parallel  to  the  two  different  <110>  directions  in  the  (001)  growth  plane.  The  sample 
was  in  the  as-grown  state  and  had  an  acceptor  concentration  of  5X1020  cm'3.  Absorption  bands 
are  observed  at  2636,  2643,  2651,  and  2688  cm*1.  The  band  at  2688  cm*1  is  strongly  polarized 
along  a  particular  <110>  direction,  while  the  other  bands  have  equal  intensity  for  both 
polarization  directions.  Samples  from  four  different  wafers  grown  by  MOMBE  were  examined. 
For  all  of  these  samples,  the  IR  absorption  band  at  2688  cm'1  was  found  to  be  preferentially 
polarized  along  one  of  the  <1 10>  directions  for  the  (001)  growth  plane. 

It  is  unexpected  to  observe  polarization  effects  along  a  particular  <1 10>  direction  in  the  (001) 
growth  plane  because  these  directions  are  crystallographic  ally  equivalent  in  the  bulk  of  the 
epilayer.  However,  similar  polarization  effects  have  been  observed  previously  in  MBE-grown 
GaAs  epitaxial  layers  which  showed  the  photoluminescence  lines  polarized  along  one  of  the 
<1 10>  directions.12'15  These  luminescence  lines  were  attributed  to  bound  exciton  recombination 
at  defect  pairs  oriented  parallel  to  a  particular  <1 10>  direction.12'13  The  chemical  identity  of  the 
defect  complexes  is  unknown.  We  will  present  evidence  later  that  the  polarized  absorption 
spectra  we  have  observed  in  heavily  C-doped  GaAs  are  not  due  to  the  same  defects  observed 
previously  in  the  luminescence  spectra.  However,  the  mechanism  for  the  defect  alignment  during 
growth  is  likely  to  be  similar.  Skotnick  et  al.15  noted  that  the  <1 10>  directions  are  not  equivalent 
in  the  zinc-blende  lattice  at  the  growth  surface.  For  an  As-stabilized  (001)  surface,  the  bonds 
joining  a  (001)  As  plane  to  the  underlying  plane  of  Ga  atoms  are  ail  in  just  one  of  the  (110) 
planes.  Thus  the  two  <110>  directions  are  distinguished  at  the  growth  surface  even  though  they 
are  equivalent  in  the  bulk.  Therefore,  the  defect  complexes  must  be  aligned  in  a  particular  (110) 
plane  at  the  growth  surface  and  then  maintain  their  alignment  as  they  are  incorporated  into  the 
growing  crystal.  As  long  as  the  growth  temperature  is  low  enough  that  the  detect  does  not 
reorient  thereafter,  the  defect  complexes  will  remain  aligned  in  the  as-grown  sample. 


Figure  1.  IR  absorption  spectra,  measured 
near  4.2K,  are  shown  for  heavily  carbon- 
doped  GaAs  grown  by  MOMBE  with 
N^SxlO^cm'3.  The  spectra  were 
measured  with  light  polarized  along  [110] 
and  [110]  directions  in  the  (001)  growth 
plane. 


Figure  2.  IR  absorption  spectra,  measured 
near  4.2K,  are  shown  for  heavily  carbon- 
doped  GaAs  with  N^=5xI02Qcm'3  into 
which  deuterium  was  introduced  following 
growth.  The  spectra  were  measured  with 
light  polarized  along  [110]  and  [110] 
directions  in  the  (001)  growth  plane. 
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An  MOMBE-grown  sample  with  =  5  x  1020  cm-3  was  annealed  in  D2  gas  at  450°C  for  30 
min.  Spectra  for  this  sample  are  shown  in  Fig.  2.  The  bands  in  the  H-stretching  spectrum  each 
have  a  corresponding  band  in  the  D-stretching  spectrum  following  the  anneal  in  D2  gas.3*4  We 
find  that  the  2688  cm-1  band's  deuterium  shifted  counterpart  at  2008  cm'1  is  also  strongly 
polarized  along  the  same  <1 10>  axis  as  the  corresponding  H-vibration  at  2688  cnr1.  The  result 
that  a  strongly  polarized  D-stretching  band  is  formed  when  D  is  diffused  into  the  crystal  following 
growth  leads  us  to  conclude  that  there  is  an  underlying  low  symmetry  defect  that  can  bind  H  or  D. 

B.  Annealing  stability  of  the  2688  cm'1  center  and  its  alignment 

We  have  annealed  samples  from  the  wafer  with  =  5  x  1020  cm-3  to  explore  the  loss  of 
alignment  and  dissociation  of  the  complex  that  gives  rise  to  the  2688  cnr1  band.  One  set  of 
samples  was  annealed  in  sealed  ampoules  that  contained  2/3  atm  of  F^.  Spectra  are  shown  in 
Figs.  3a  -  3c  (solid  curves).  The  intensity  of  the  2688  cm-1  center  is  not  changed  from  its  as- 
grown  state  by  annealing  in  hydrogen  at  520  °C.  However,  as  the  annealing  temperature  is 
increased,  the  preferential  polarization  of  the  2688  cm'1  band  disappears.  Annealing  in  H2  at 
temperatures  higher  than  620°C  causes  the  intensity  of  the  2688  cm*1  center  (the  average  of  both 
polarizations)  to  decrease  as  the  center  is  annealed  away.  These  data  are  collected  in  Fig.  4  where 
the  intensity  and  dichroism  are  plotted  for  the  2688  cm'1  band  as  a  function  of  annealing 
temperature.  It  is  seen  that  the  dichroism  is  annealed  away  at  600  °C  in  an  H2  ambient  and  that 
the  2688  cnr1  band  disappears  at  700  °C. 

A  second  set  of  samples,  annealed  in  a  He  ambient,  gave  different  results  from  those  discussed 
above  that  were  annealed  in  Hi.  Polarized  absorption  spectra  are  shown  in  Figs.  3a  -  3c  (dashed 
curves)  for  samples  annealed  in  sealed  ampoules  that  contained  2/3  atm  of  He.  The  dichroism  for 
the  2688  cnr1  band  does  not  decay.  Instead  the  polarized  2688  cm'1  band  is  annealed  away  as 
the  temperature  is  increased  without  loss  of  alignment  (The  C^-H  complex  observed  at  2636 
cm'1  is  not  stable  for  any  of  these  annealing  temporaries  in  a  He  ambient.)  This  decay  of  the 
intensity  of  the  2688  cm'1  band  upon  annealing  in  the  He  ambient  is  also  plotted  as  a  function  of 


Figure  3.  IR  absorption  spectra, 
measured  near  4.2K,  are  shown  for 
heavily  carbon-doped  GaAs  grown  by 
MOMBE  with  NA=5xl020cm-3.  The 
spectra  were  measured  with  light 
polarized  along  [110]  and  [U0] 
directions  in  the  (001)  growth  plane. 
In  (a)-(c),  spectra  are  shown  for 
samples  annealed  in  H2  (solid  curves) 
or  He  (dashed  curves)  at  the 
temperatures  indicated.  In  (d)  spectra 
are  shown  for  the  sample  that  had  been 
annealed  in  He  at  620  °C  [spectra 
shown  dashed  in  (c)]  and  subsequently 
2S20  2660  27W  2620  2680  Z700  annealed  in  H2  at  450  °C. 

rraqmnry  (cssr^l 
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Figure  4.  Annealing  data  for 
samples  from  the  wafer  with 
Na=5  x  1020  cm'3.  The  solid 
triangles  and  dashed  curve  (A, — ) 
are  for  the  dkhroism  (right  axis) 
and  the  open  squares  and  solid 
curve  (□, — )  are  for  the 
intensity  of  the  2688  cm'1  band 
for  samples  annealed  in  H2.  The 
open  circles  and  solid  curve  (O, 

— )  are  for  the  intensity  of  the 
2688  cm'1  band  for  samples 
annealed  in  He.  The  crosses  and 
chained  curve  (+,  — )  are  for  the 
intensity  of  the  2688  cm'1  band 
for  samples  that  had  been 
annealed  at  620  °C  in  He  and  were  subsequently  annealed  in  H2  at  the  indicated 
temperatures  for  30  min.  In  the  inset  is  shown  a  (C^^H  complex  with  a  bond-centered 
hydrogen  atom  between  a  close  pair  of  atoms.  The  atoms  drawn  as  open  circles  are 
Ga  atoms  and  the  shaded  circles  are  As  atoms. 


annealing  temperature  in  Fig.  4.  We  find  that  the  decay  of  the  intensity  of  the  2688  cm'1  band  for 
samples  annealed  in  He,  closely  follows  the  loss  of  alignment  for  samples  annealed  in  H2.  This 
suggests  that  during  annealing  in  Hi  there  is  a  dynamic  equilibrium  in  which  the  2688  cm1 
complexes  dissociate  and  reform  elsewhere  with  random  orientation. 

To  further  explore  the  disappearance  of  the  2688  cm'1  band  upon  annealing  in  He.  we  have 
reintroduced  hydrogen  into  these  samples  with  a  subsequent  anneal  at  450  °C  in  H2  gas. 
Absorption  spectra  are  shown  in  Fig.  3d  for  a  sample  that  had  been  annealed  at  620  °C  in  He  and 
subsequently  annealed  in  H2  at  450  °C.  The  2636  cm'1  band  due  to  the  C/^-H  center  is 
regenerated  by  the  introduction  of  H  into  the  sample  while  the  2688  cm'1  band  does  not  reappear. 
We  conclude  that  the  anneal  in  He  not  only  causes  H  to  dissociate  from  the  2688  cm1  complex 
but  also  eliminates  the  center  to  which  the  H  was  attached. 

The  temperature  where  the  center  begins  to  lose  its  alignment  is  just  above  the  MOMBE 
growth  temperature  of  500  °C.  This  result  shows  that  the  2688  cm'1  center  studied  here  is 
different  from  the  aligned  center  previously  observed  by  luminescence  measurements  for  GaAs 
grown  by  MBE.12-13-15  The  MBE  growth  temperature  was  620  °C  which  is  higher  than  the 
temperature  where  the  2688  cm'1  center  loses  its  alignment 


III.  A  MODEL  FOR  THE  2688  cm'1  CENTER  AND  ITS  ANNEALING 
CHARACTERISTICS 

A.  Concentration  of 2688  cm r1  centers:  a  (C^jH  model 

The  following  model  for  the  concentration  of  2688  cm'1  centers  and  their  annealing  behavior 
is  proposed.  During  growth  or  annealing  in  the  presence  of  a  source  of  hydrogen,  C^,-  acceptors 
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and  passivated  acceptors,  (C^H)0,  will  be  present  Because  of  the  high  Cm  concentrations  in 
our  samples,  there  will  be  a  substantial  concentration  of  (C^H)0  -  Cm"  next  nearest  neighbor 
pairs.  If  we  assume  the  fraction  of  Cm  acceptors  that  is  complexed  with  hydrogen  at  the  growth 
temperature  is  roughly  10%  as  is  suggested  by  previous  results  on  the  passivation  of  heavily 
carbon-doped  GaAs  grown  by  MOMBE  (ref.  3)  and  that  there  is  a  random  distribution  of 
(C^jH)0  and  Cm-  centers,  then  we  can  estimate  the  concentration  of  (C^H)0  -  Cm-  pairs.  The 
estimate  from  this  model  is  very  close  to  the  concentration  of  2688  cm*1  centers  determined  from 
the  strength  of  the  IR  absorption.16  Thus,  a  (Cy^H  center  can  reasonably  account  for  the 
concentration  of  observed  2688  cm'1  centers. 

If  we  anneal  samples  containing  (C^H)0  -  Cm"  pairs  in  an  ambient  that  does  not  contain  H  at 
temperatures  near  600  °C,  hydrogen  will  dissociate  from  the  center  and  leave  the  sample.  In  this 
case,  the  Coulomb  repulsion  that  results  will  cause  the  Cm"  -  C m"  pair  to  separate  if  the  Cm 
atoms  are  sufficiently  mobile.  We  estimate  that  the  concentration  of  close  pairs  would  be  reduced 
by  a  factor  of  roughly  5  by  the  increased  Coulomb  repulsion  when  H  leaves  the  sample.16  This 
reduction  of  the  concentration  of  close  pairs  is  consistent  with  our  observation  that  if  H  is 
reintroduced  into  a  sample  at  450  °C,  following  an  anneal  in  He  that  causes  the  2688  cm*1  band  to 
disappear,  then  no  2688  cm'1  centers  are  formed  even  though  C^-H  centers  are  created. 

From  our  data  we  cannot  determine  where  the  H  would  be  located  in  the  (Cy^H  complex 
we  have  proposed.  We  suggest  that  it  is  in  a  bond-centered  position  between  one  of  the  Cm 
atoms  and  the  Ga  atom  that  lies  between  the  C  atoms  of  the  pair  as  shown  in  the  inset  of  Fig.  4. 
In  this  case,  the  C  atoms  would  lie  along  what  we  have  taken  to  be  a  [110]  direction  which  is 
consistent  with  the  preferential  polarization  of  the  absorption  at  2688  cm1  along  this  direction. 

B.  Loss  of  alignment  and  the  formation  of 2688  cm'1  complexes 

The  loss  of  alignment  of  the  2688  cm*1  center  is  explained  as  follows.  When  a  sample  with 
2688  cm-1  centers  that  have  been  aligned  during  growth  is  annealed  in  H2  at  a  temperature  above 
«  525  °C,  then  (Cy^H  centers  will  dissociate  and  reform  elsewhere  with  random  orientation  so 
that  an  equilibrium  in  die  reactions, 

[(Cas)2HT  t-  <cAsH)°  -*•  (Cm)-  £  2  (Cm)-  +  H+  (1) 

will  be  maintained.  This  mechanism  for  the  loss  of  alignment  upon  annealing  in  H2  requires  that  if 
a  highly  carbon-doped  sample,  initially  with  no  2688  cm'1  centers,  is  annealed  in  Hj  at 
temperatures  above  525  °C,  then  (Cm)2^  complexes  will  be  formed.  We  have  annealed  several 
MOMBE  grown  samples  with  Ny^  =  5  x  1020  cm*3  in  He  at  620  °C  for  30  min  to  eliminate  die 
2688  cm*1  center.  Subsequently,  we  annealed  these  samples  in  2/3  atm  of  H2  for  30  min.  The 
area  of  the  2688  cm'1  band  vs.  the  annealing  temperature  is  plotted  in  Fig.  4  .  The  2688  cm1 
band  begins  to  reappear  at  an  annealing  temperature  near  500  °C  and  is  not  polarized  as  expected. 
In  the  context  of  our  model,  this  corresponds  to  the  temperature  at  which  Cm  becomes 
sufficiently  mobile  for  (Cy^H  complexes  to  be  formed.  The  30  min  annealing  treatments 
performed  at  450  °C  in  H2  to  introduce  H  into  heavily  carbon-doped  samples  are  performed  at  a 
sufficiently  low  temperature  that  carbon  is  immobile  and  (Cm^H  complexes  are  not  formed. 
When  samples  are  annealed  in  H2  or  He  above  525  °C,  the  carbon  is  sufficiently  mobile  for  pair 
defects  to  reform  elsewhere  in  a  H2  ambient  or  simply  to  separate  in  a  He  ambient 
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IV.  CONCLUSION 


In  summary,  an  absorption  band  at  2688  cm-1  observed  in  heavily  carbon-doped  GaAs  grown 
by  MOMBE  from  TMG  and  ASH3  has  been  found  to  be  preferentially  polarized  along  a  particular 
<110>  direction  in  the  (001)  growth  plane.  Our  results  suggest  that  H  is  bound  to  a  low 
symmetry  defect  and  that  this  complex  has  been  aligned  at  the  growth  surface  and  has  maintained 
its  alignment  as  the  epilayer  was  grown.  We  have  studied  the  annealing  of  die  2688  cm*1  center 
in  H2  and  He  ambients  and  have  found  that  the  center  is  annealed  away  for  temperatures  above 
525  °C  in  the  He  ambient  whereas  in  an  H2  ambient,  it  loses  its  alignment  for  the  same  annealing 
temperatures  and  is  not  annealed  away  until  the  temperature  is  increased  further.  Our  results 
suggest  that  the  2688  cm'1  center  is  due  to  a  (C^^H  center  and  that  the  hydrogen  in  the  center 
controls  the  pairing  and  depairing  of  the  C^  atoms. 
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ABSTRACT 

The  effects  of  hydrogen  plasma  exposure  upon  electron  Hall  mobilities  in  InSb 
heteroepitaxial  film  grown  on  GaAs  substrate  have  been  investigated.  After  exposure  to  a 
hydrogen  plasma  at  250°C,  the  electron  Hall  mobility  is  significantly  increased  at  low 
temperatures  and  the  temperature  dependence  of  the  mobility  is  reduced.  For  the  film  with  a 
broad  x-ray  rocking-curve  width,  4  h-hydrogen  plasma  exposure  can  give  rise  to  the 
enhancement  of  the  mobility  up  to  6  times  at  low  temperature.  The  mobility  for  the  film  with  a 
narrow  line  width  is  enhanced  around  1.3  times.  These  enhanced  mobilities  are  nearly  restored 
by  350°C  rapid  thermal  annealing.  The  enhancement  of  the  mobility  due  to  hydrogenation  is 
attributed  to  the  satisfaction  of  the  dangling  bonds  generated  by  the  misfit  dislocations. 


INTRODUCTION 

InSb  heteroepitaxial  films  grown  on  wide  band-gap  materials  have  received  increasing 
attention  as  a  potential  material  for  completely  integrated  long-wavelength  infrared  systems  and 
for  high-speed  devices  because  of  the  narrowest  band-gap  and  the  highest  electron  mobility 
among  the  III-V  compound  semiconductor  materials.[l,2]  However,  the  large  lattice  mismatch 
between  InSb  epilayer  and  the  wide  band-gap  substrates  causes  the  deterioration  of  the 
characteristics  of  the  epitaxial  films.[3,4]  The  electron  mobility  at  low  temperatures  is  greatly 
reduced  compared  to  that  of  a  homoepitaxial  film. 

The  incorporation  of  atomic  hydrogen  into  semiconductors  shows  many  beneficial  effects  on 
both  electrical  and  optical  properties.  In  compound  semiconductors,  hydrogen  deactivates  both 
shallow  acceptor  and  donor  impurities  and  also  passivates  the  electrical  activity  of  many 
defective  and  dangling  bonds.  [5,6] 

In  this  work,  we  focused  on  hydrogen  incorporation  effects  on  the  electrical  properties  of  the 
InSb  heteroepitaxial  film  grown  on  GaAs.  The  changes  in  the  electron  Hall  mobility  and  carrier 
concentration  due  to  hydrogen  plasma  exposure  were  investigated. 


EXPERIMENTAL 

InSb  epitaxial  layers  were  grown  on  semi-insulating  (100)  GaAs  substrate  misoriented  2° 
toward  (110)  using  low-pressure  metal -organic  chemical  vapor  deposition  (LPMOCVD).  The 
growth  system  was  a  vertical  reactor,  equipped  with  a  resistively  heated,  high  speed  rotating  5 
in.  molybdenum  susceptor.  Trimethylindium  (TMIn)  and  trimethylantimony  (TMSb)  were  used 
as  indium  and  antimony  sources,  respectively.  The  growth  pressure  and  temperature  were  240 
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Torr  and  475°C,  respectively.  The  susceptor  rotation  speed  of  325  RPM  was  used.  These 
conditions  result  in  nearly  specular  surface  morphologies  and  highly  uniform  films  over  2  in. 
wafer  at  the  wide  range  of  the  V/IU  ratios.  The  details  of  the  growth  conditions  were  presented 
elsewhere.  [7] 

In  this  work,  the  epitaxial  films  of  1.5  ~  2  pm  thickness  grown  at  the  V/IU  ratios  of  18  and  20 
were  mostly  used.  The  x-ray  diffraction  for  these  films  was  measured  in  order  to  investigate  the 
structural  properties.  Figure  1  shows  the  x-ray  double  crystal  rocking  curves  for  (400) 
diffraction.  The  full  widths  at  half-maximum  (FWHM)  for  the  films  of  the  V/IU  ratios  of  18 
and  20  are  470  and  894  arc  sec,  respectively. 


Fig.  1  X-ray  double  crystal  rocking 
curves  for  the  heteroepitaxial  InSb 
films  grown  on  GaAs.  The  line 
widths  for  the  films  grown  at  the 
V/1II  ratios  of  18  and  20  are  470 
and  894  arc  see,  respectively. 


Delta  Theta  (sec) 


Hydrogen  plasma  exposure  was  performed  using  capacitively  coupled  rf  plasma  system.  Th< 
hydrogenation  temperature  was  250°C.  The  pressure  was  0.3  Ton  and  H2  flow  rate  was  4^ 
standard  cm^  per  minute.  In  order  to  avoid  damages  induced  by  the  hydrogen  plasma,  the 
plasma  power  density  was  reduced  to  0.05  W/cm^. 

Rapid  thermal  annealing  (RTA)  was  carried  out  under  a  flow  of  N2  at  a  pressure  of  0.6  Torr. 
The  Hall  mobility  and  carrier  concentration  were  measured  using  the  van  der  Pauw  Hall 
geometry.  The  current  and  magnetic  field  used  for  this  measurement  were  1  x  10-6  A  and  5000 
G,  respectively. 


RESULTS  AND  DISCUSSION 

Since  the  InSb  grown  on  GaAs  system  has  a  large  lattice  mismatch  of  14  %  between  the 
epilayer  and  the  substrate,  the  electrical  and  structural  properties  of  the  heteroepitaxial  films 
are  deteriorated  compared  to  those  of  homoepitaxial  films.  The  bulk-like  temperature 
dependence  of  the  mobility  is  observed  at  the  thicknesses  more  than  30  ^un.[8]  Figure  2  shows 
the  77  K  electron  Hall  mobilities  as  a  function  of  the  dislocation  density  for  1 .5  ~  2.0  pm  thick 
films  grown  at  various  V/III  ratios  from  1 5  to  20.  Most  of  the  films  have  nearly  specular  surface 
morphologies. 

The  dislocation  density  is  evaluated  from  the  x-ray  rocking-curve  width.  For  this  highly 
mismatched  system,  the  broadening  of  the  rocking-curve  width  can  be  determined  almost  by  the 
mosaic  spreading  of  InSb  epitaxial  layers.  Using  the  model  developed  by  Gay  et  a!.[9],  the 
dislocation  density,  N<jj,  is  given  by 
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Ndi  =  (F2-f2y9b2, 


(1) 


where  F  and  f  are  die  FWHM,  in  radians,  of  die  epilayers  and  the  monochromator  crystal, 
respectively,  and  b  is  the  magnitude  of  the  Burgers  vector.  In  this  evaluation,  the  smallest 
Burgers  vector,  a/2(01 1),  in  the  face-centered  cubic  structure  produces  the  upper  limit  of  the 
dislocation  density.  Because  of  the  large  lattice  mismatch,  the  dislocation  density  is  found  to  be 
larger  than  10*4  cm-2  at  the  interface  between  InSb  epi layer  and  the  GaAs  substrate  and  rapidly 
reduces  as  the  InSb  epilayer  grows.  Thus,  the  dislocation  density  evaluated  by  the  x-ray  line 
width  is  the  average  value  over  the  whole  epilayer  thickness. 


Fig.  2  Inverse  77  K  Hall 
mobilities  as  a  function  of  the 
dislocation  density  (N,u)  for  the 
films  grown  at  various  V/I1I 
ratios.  The  solid  line  is  a  guiding 
line. 
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The  77  K  electron  mobilities  are  approximately  inversely  proportional  to  the  dislocation 
densities,  as  shown  in  figure  2.  If  the  electronic  transport  is  limited  to  the  scattering  by 
dislocations  and  the  electron  mean  free  path  is  larger  than  the  dislocation  scattering  length,  the 
electron  mobility  will  be  inversely  proportional  to  the  dislocation  densities.  This  result, 
therefore,  suggests  that  the  electron  mobilities  near  77  K  are  dominantly  affected  by  the 
dislocation-induced  scatterings  for  the  InSb  heteroepitaxial  films  of  these  thicknesses. 

Figure  3  shows  the  temperature  dependence  of  the  electron  Hall  mobilities  as  a  function  of 
hydrogenation  time  for  the  film  grown  at  the  V/III  ratio  of  20.  After  the  hydrogen  plasma 
exposure,  the  electron  mobilities  are  enhanced  and  the  temperature  dependence  of  the 
mobilities  is  reduced.  At  lower  temperatures,  the  mobilities  are  increased  up  to  3  and  6  times 
for  1  and  4  h-hydrogenation,  respectively.  Exposure  to  H2  gas  was  done  in  the  same  apparatus 
under  the  same  conditions  as  hydrogenation,  except  no  plasma  was  excited.  The  mobility 
change  is  negligible  fot  the  heat-treated  film  in  H2  These  results  indicate  that  the  mobility 
enhancement  by  hydrogenation  is  not  due  to  thermal  annealing,  but  due  to  atomic  hydrogen 
incorporation  effects. 

In  the  previous  work,  we  reported  that  the  temperature  dependence  of  the  mobility  for  this 
film  at  low  temperatures  could  be  explained  by  the  charged  dislocation  scattering  screened  by 
free  carriers.  [10]  Thus,  the  increase  of  the  mobility  after  hydrogenation  is  attributed  to  the 
passivation  of  the  defective  and  dangling  bonds  associated  with  the  dislocations  generated  by 
the  large  lattice  mismatch.  The  passivation  of  the  defective  and  dangling  bonds  of  the 
dislocations  can  reduce  the  charged  dislocation  scattering.  Pearton  et  al.  observed  a  reduction  in 
electrical  activity  due  to  the  dislocations  by  hydrogenation  in  Ge.[ll]  They  mentioned  the 
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reduction  of  the  sunounding  lattice  strain  by  the  hydrogen  binding  to  the  dislocation  as  one  of 
the  possibilities  of  the  deactivation  of  the  dislocations.  In  this  film,  however,  we  found  no 
changes  of  the  x-ray  line  width  by  1  h  hydrogenation.  Therefore,  the  strain  reduction  effect 
would  be  excluded  for  this  passivation. 

The  electronic  transport  near  room  temperature  is  affected  by  LO  phonon,  acoustic  phonon 
by  deformation  potentials  and/or  neutral  dislocation  scatterings  as  well  as  the  charged 
dislocation  scatterings.  Accordingly,  the  enhancement  of  the  mobility  by  hydrogenation  near 
room  temperature  is  small  compared  to  low  temperatures. 

«  aS 

Fig.  3  Temperature  dependence  of 
the  electron  Hall  mobilities  for  the 
film  grown  at  the  V/III  ratio  of  20. 

(  • )  as- grown,  (  )  250‘C-annealed 
with  a  flow  of  Hj  for  1  h,  (  ) 
hydrogen  plasma -exposured  for  1 
h  and  (  ■  )  hydrogen  plasma- 
exposured  for  4  h. 
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Figure  4  shows  the  temperature  dependence  of  the  Hall  carrier  concentrations  for  the  film  of 
the  V/IH  ratio  of  20.  For  as-grown  film,  the  carrier  densities  are  slightly  decreased  with 
increasing  temperatures  and  reach  a  minimum  value  of  6  x  10'5  cm'3  at  140  K,  suggesting  that 
several  impurities  with  different  energy  levels  exist.  The  intrinsic  carrier  densities  are  dominant 
above  140  K.  After  hydrogenation,  the  carrier  density  at  low  temperatures  is  reduced  and  shows 
nearly  a  constant  value  up  to  140  K. 
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Fig.  4  Hall  carrier  concentrations  as 
a  function  of  temperature. 


In  GaAs,  hydrogen  incorporation  is  not  only  able  to  passivate  the  deep  level  defects,  but  also 
deactivates  both  shallow  donors  and  acceptors.[5,6]  Thus,  the  reduction  of  the  carrier  density  is 


282 


due  to  the  deactivation  of  the  shallow  impurities  by  atomic  hydrogen.  And  the  constant  carrier 
density  at  low  temperatures  is  attributed  to  the  deactivation  of  another  deep  impurities  or 
defects  which  cause  the  decrease  of  the  carrier  density  with  increasing  temperatures.  However, 
the  deactivation  of  the  shallow  impurities  and  the  reduction  of  the  impurity  scattering  can  not 
completely  explain  the  enhancement  of  the  electron  mobilities,  as  shown  in  figure  3. 

Figure  S  shows  the  mobility  of  the  film  grown  at  the  V/III  ratio  of  18.  The  film  has  a  better 
crystal  quality  and  a  higher  mobility  than  the  film  of  the  V/M  ratio  of  20,  as  shown  in  figures  1 , 
3  and  5.  The  temperature  dependence  of  the  mobility  of  this  film  is  smaller  than  that  of  die  V/HI 
ratio  20  film.  The  temperature  dependence  of  this  film  could  not  be  explained  by  the  charged 
dislocation  scattering  alone. [10]  As  the  film  quality  is  better,  other  scattering  effects  such  as 
impurity  and/or  neutral  dislocation  scatterings  contribute  to  the  electronic  transport  After 
hydrogenation,  the  mobility  of  this  film  is  enhanced  at  low  temperatures,  but  the  amount  of  the 
mobility  change  is  smaller  than  that  of  the  worse  quality  film.  Since  die  charged  dislocation 
scattering  is  less  dominant,  the  passivation  effect  of  the  dangling  bonds  could  be  small  in  die 
electronic  transport  The  change  of  the  room  temperature  Hall  mobility  is  negligible,  because 
LO  phonon,  neutral  dislocation  and/or  acoustic  phonon  by  deformation  potentials  scatterings 
dominantly  influence  to  the  electronic  transport  at  this  temperature. 


Fig.  S  Temperature  dependence 
of  the  electron  Hall  mobilities 
for  the  film  grown  at  the  V/III 
ratio  of  18.  (  •)  as-grown,  (■) 
hydrogen  plasma-exposed  for  4 
h  and  (  )  35CAC  rapid  thermal- 
annealed  for  S  min  after 
hydrogen  plasma  exposure  for  4 
h. 
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The  enhanced  mobility  by  hydrogenation  is  nearly  completely  restored  via  3S0°C-RTA  for  S 
min.  The  carrier  density  of  the  hydrogenated  film  is  also  completely  recovered  to  the  value  of 
as-grown  film.  The  electrical  activity  of  most  passivated  deep  levels  for  GaAs  and  Si  can  be 
restored  by  thermal  annealing  above  400°C.  In  most  of  semiconductors,  the  wider  is  the  band- 
gap  of  the  material,  the  more  thermally  stable  is  hydrogen  passivation  of  defects.[5]  Since  the 
band-gap  of  InSb  is  small,  the  passivated  defective  and  dangling  bonds  could  be  easily  restored. 

In  this  work,  we  observed  hydrogen  passivation  effects  on  electrical  properties  for  the  highly 
mismatched  system  of  the  InSb  on  GaAs.  These  results  would  be  applicable  to  the  passivation 
of  another  highly  mismatched  systems.  According  to  Podotis  calculation]  12],  the  mobility 
enhancement  of  factor  6  for  the  V/HI  ratio  20  film  indicates  the  passivation  of  the  dangling 
bonds  to  factor  0.4.  But  this  estimation  comes  from  the  assumption  that  the  electron  Hall 
mobility  is  limited  only  to  the  charged  dislocation  scattering  and  the  changes  of  the  mobility  by 
hydrogenation  are  only  due  to  the  passivation  of  the  dangling  bonds  generated  by  the 
dislocations. 
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The  optical  transmission  spectrum  at  room  temperature  was  measured  using  a  Fourier 
transform  spectrometer.  However,  no  changes  of  the  transmission  spectrum  by  hydrogenation 
were  observed.  Further  experiments  using  luminescence,  \yhich  is  sensitive  to  the  defect 
density,  are  necessary  in  order  to  detect  the  quantitative  passivation  effects  on  optical 
properties. 


SUMMARY 

In  summary,  we  investigated  hydrogen  passivation  effects  on  the  electronic  transport  for  the 
InSb  heteroepitaxial  layers  grown  on  GaAs  by  LPMOCVD.  After  hydrogenation,  the  electron 
Hall  mobility  is  enhanced  at  low  temperatures.  The  lower  is  the  crystal  quality  of  the  film,  the 
larger  is  the  enhancement  of  the  electron  mobility.  These  electron  mobility  enhancements  and 
earner  density  changes  are  completely  restored  to  as-grown  values  by  3S0°C  RTA.  The 
mobility  is  significantly  enhanced  at  low  temperatures  where  the  charged  dislocation  scattering 
mainly  affects  the  electronic  transport,  indicating  that  hydrogen  passivates  the  dangling  bonds 
of  the  dislocations  generated  by  the  large  lattice  mismatch. 
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ABSTRACT 

Thermally  stimulated  depolarization  current  (TSDC)  spectra  are  repotted  for  AlxGai_xAs 
alloys  with  direct  and  indirect  bandgap  for  the  first  time.  The  experimental  data  reveal  the 
presence  of  electric  dipoles  in  both  samples  which  are  interpreted  by  using  the  negative-U  DX 
center  model.  These  data  are  fitted  by  a  relaxation  time  distribution  approach  yielding  average 
activation  energies  in  close  coincidence  with  the  DX  center  binding  energy  value. 


INTRODUCTION 

In  the  Chadi  and  Chang's  negative-U  model  for  the  DX  center  [1],  the  substitutional 
impurity  traps  two  electrons  concomitant  with  lattice  distortion  along  the  <11 1>  direction 
becoming  located  at  an  interstitial  site  Then,  the  DX  center  ground  state  is  negatively  charged 
(DX’  state)  and  charge  balance  assures  that  the  same  amount  of  d+  centers  (substitutional  sites) 
are  generated  in  the  AIxGaUxAs  sample,  suggesting  the  formation  of  electric  dipoles.  Although 
Chadi  and  Chang's  model  has  been  accepted  by  most  DX  center  researchers,  Maude  et  a)  12,3) 
have  used  mobility  data  to  support  a  positive-U  model.  O’Reilly^]  has  argued  that  mobility  can 
be  better  fitted  by  a  negative-U  model  where  d+  and  DX-  center  are  strongly  correlated  and  a 
dipole-like  picture  is  used  to  describe  scattering  by  DX'  -  d+  pairs.  If  impurity  donors  are 
randomly  distributed  in  the  AlGaAs  sample,  the  probability  that  d+  and  DX-  to  be  first  neighbors 
is  negligibly  low.  However,  the  extra  electrostatic  energy  gained  by  placing  a  d+  center  close  to  a 
DX'  center  is  of  significant  magnitude  at  a  large  fraction  of  sites  [4],  Then,  trapout  occurs  such 
that  formation  of  DX'  centers  close  to  d+  centers  is  energetically  very  favorable. 

In  this  paper  we  report  experimental  evidence  fbr  the  existence  of  electric  dipoles  in  n- 
type  AlxGaj.xAs  of  direct  and  indirect  bandgap,  which  are  fitted  by  a  Havriliak-Negami 
relaxation  time  distribution  approach  [5],  The  average  activation  energy  for  dipoles 
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reorientation  has  approximately  the  same  value  of  the  DX  center  binding  energy,  which 
represents  the  most  striking  feature  of  our  data. 

EXPERIMENTAL  PROCEDURE 

We  have  used  Si-doped  molecular  beam  epitaxy  (MBE)  grown  AlxGaj.xAs  samples,  2 
pm  thick  with  the  same  structure  as  proposed  by  Chand  et  al  [6],  which  has  been  published 
elsewhere  [7],  The  direct  bandgap  sample  used  is  doped  with  =  lxlO18  cm'3  (sample  I)  and  the 
indirect  bandgap  sample  is  doped  with  =  SxlO17  cm'3  (sample  II).  Aluminum  composition  of 
sample  I  is  x  =  0.32  and  sample  II,  x  =  0.50. 

Thermally  stimulated  depolarization  current  (TSDC)  is  carried  out  as  follows  [7]:  the 
sample  is  biased  at  room  temperature  (2.5  V)  in  darkness  and  cooled  down  to  liquid  He 
temperature,  where  the  applied  bias  is  removed.  Subsequently  the  temperature  is  increased  at  a 
fixed  rate,  always  in  darkness,  and  the  current  is  measured  with  the  help  of  an  electrometer  and  a 
recorder.  No  voltage  is  applied  on  the  sample  during  the  increase  of  temperature  and  no  light  is 
irradiated  on  the  sample  during  the  whole  measurement. 

TSDC  RESULTS  AND  SIMULATION 

Figure  1  shows  the  experimental  TSDC  spectrum  for  sample  I.  The  temperature  is 
increased  at  a  rate  of  0.081  K/sec  and  the  measured  thermally  stimulated  current  presents  a  peak 
at  39  K.  Considering  that  there  is  no  light  on  the  sample,  no  electron  is  photoexcited  to  the 
conduction  band.  The  current  seen  in  figure  I  can  not  be  associated  to  an  electronic  current, 
which  is  evident  by  its  order  of  magnitude,  since  the  photoinduced  current  obtamed  for  this 
sample  is  about  5  orders  of  magnitude  higher  than  the  TSDC  current  [7],  There  is  no  known 
process  which  could  be  responsible  for  releasing  few  electrons  and  trapping  them  back  at  39  K  in 
the  dark,  since  there  is  not  enough  thermal  energy  to  overcome  the  DX  center  thermal  emission 
barrier.  We  believe  that  the  current  peak  seen  in  figure  1  is  due  to  dipole  reorientation.  When  the 
sample  is  biased  at  room  temperature,  the  dipoles  are  oriented  according  to  the  electric  field 
direction.  Then  the  applied  bias  is  removed  at  the  lowest  temperature.  Increasing  the  temperature 
the  oriented  dipoles  are  allowed  to  reorient  to  their  original  positions,  randomly  distributed 
throughout  the  sample.  Then  an  ionic  dipole  current  is  observed  as  shown  in  figure  1 . 
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Figure  1.  Thermally  stimulated  depolarization  current  of  Si  doped  AIq  32Gao  68As 

TSDC  experimental  curve  is  usually  fitted  by  a  single  curve,  showing  Debye  behavior 
[8,9],  with  a  single  relaxation  time  and  activation  energy.  However  our  data  are  better  fitted  by 
an  asymmetric  relaxation  time  distribution,  the  type  of  distribution  first  proposed  by  Havriliak 
and  Negami  [5],  In  this  case  TSDC  current  density  is  given  by: 


Q  00 

J(T)  =  -i  J  f(u)exp 
To  -00 


(1) 


Where  Qp  is  the  polarization  charge  (area  under  the  experimental  curve),  x0  is  the  relaxation 
constant  time  from  Arrhenius  formula,  k  is  the  Boltzmann  constant,  b  is  the  heating  rate  and  Ea  is 
the  activation  energy.  The  distribution  function  is  given  by. 
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where: 


(3) 


The  best  fit  to  TSDC  experimental  curve  is  obtained  with  the  continuous  distribution  of 
activation  energy  given  by  equation  2.  The  average  activation  energy  is  about  0. 108  eV  and  the 
constant  relaxation  time  is  9xl(H3  sec,  with  a  peak  at  37  K.  It  is  shown  in  figure  1  -  dashed  line. 
Debye  single  relaxation  time  (a  =  0,  P  =  1)  gives  a  curve  similar  to  the  dotted  line,  using  the 
same  parameters  as  the  average  ones  used  for  the  distribution  we  get  a  curve  with  the  same  shape 
as  the  dotted  line,  but  with  a  peak  a  4 1  K.  In  order  to  obtain  the  dotted  line  of  figure  1  we  use  a 
single  constant  relaxation  time  of  2.3xlO*13  sec  with  the  same  activation  energy  (Ea  =  0.108  eV) 
and  get  a  peak  at  39  K.  As  it  can  be  seen  the  results  are  poor  compared  to  the  one  obtained  with 
Havriliak-Negami  relaxation  time  distribution  approach.  Experimental  data  can  also  be  fitted  with 
single  relaxation  time  approach.  However  it  yields  quite  unreasonable  parameters  and  must  be 
disregarded.  The  obtained  activation  energy  has  the  same  value  of  the  DX  center  binding  energy 
what  is  the  most  striking  feature  of  our  data,  suggesting  a  mechanism  of  electron  transfer 
involving  the  DX  center,  which  needs  further  investigation  to  confirm  it. 

TSDC  spectrum  is  also  reported  for  indirect  bandgap  material  (sample  II)  as  shown  in 
figure  2  (solid  circle).  The  heating  rate  is  0.076  K/sec  and  the  current  peak  is  at  46  K.  Simulating 
the  curves  according  to  the  relaxation  time  distribution  approach  (dashed  line)  yields  an  average 
activation  energy  of  0.124  eV  and  constant  relaxation  time  of9  7xl0'13  sec 


40  50  60 

Temperature  (K) 

Figure  2.  Thermally  stimulated  depolarization  current  of  Si  doped  Alo  5Gao.5As. 
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The  data  reported  here  are  strong  evidences  that  the  electron  freezeout  at  DX  centers, 
which  occurs  when  temperature  is  lowered  down,  leads  to  charged  localized  states,  since  neutral 
impurities  would  not  be  responsible  for  ionic  dipole  current.  In  Chadi  and  Chang's  model  there 
are  three  first  neighbors  equivalent  positions  for  a  d*  center  close  to  a  DX'  center  Although  the 
probability  that  a  d+  and  a  DX*  centers  to  be  first  neighbors  is  negligibly  small,  O’Reilly  [4]  has 
argued  that  for  a  large  fraction  of  sites  the  d+  center  can  be  considered  as  a  perturbation  in  the 
DX  screening  potential  and  then,  the  DX'  -  d+  pair  has  to  be  treated  as  a  dipole-like  picture.  A 
strong  point  to  support  the  hypothesis  that  the  observed  current  comes  from  the  relaxation  of 
DX'  -  d+  pairs  is  the  fact  that  no  single  relaxation  time  approach  can  be  used  to  fit  satisfactorily 
the  experimental  data.  This  is  consistent  with  other  points  such  as  the  random  distribution  of  d+ 
center  around  the  DX*  charged  impurity  (generation  of  a  dipole  length  distribution)  and  the 
random  distribution  of  A)  atoms  around  both  charge  states  which  should  contribute  to  the  local 
field  potential. 

Although  there  is  persistent  photoconductivity  (PPC)  in  indirect  bandgap  AlxGa(.xAs  in 
the  range  80-100  K  [10],  the  order  of  magnitude  of  the  photoinduced  current  is  lower  than  in 
direct  bandgap  material.  Below  approximately  60  K  the  PPC  vanishes,  because  the  hydrogenic 
state  associated  with  the  X  valley  is  deep  and  capture  electrons  metastably  [11,12].  There  is  no 
reason  to  believe  that  there  is  a  barrier  for  electron  capture  by  this  X  valley  effective  mass  state, 
since  there  is  no  lattice  relaxation  involved.  Then,  the  obtained  TSDC  current  shown  in  figure  2 
is  apparently  contradictory  with  our  DX'  -  d+  dipole  hypothesis  since  vanishing  of  PPC  in 
indirect  bandgap  AlGaAs  should  rule  out  this  possibility,  because  the  negatively  charged  DX 
ground  state  would  be  destroyed.  However  the  way  TSDC  is  carried  out,  support  O'Reilly 
hypothesis  because  there  is  no  light  irradiated  on  the  sample  during  the  whole  measurement 
Thus,  when  the  temperature  is  lowered,  DX'  state  is  generated  in  the  range  100  -80  K,  and  at 
lower  temperature  die  electrons  remain  trapped  at  this  negatively  charged  state  since  there  is  no 
light  to  excite  electrons  from  the  DX  center  to  the  effective  mass  X  valley  state.  The  lower 
magnitude  of  TSDC  signal  for  sample  II  compared  to  sample  I  is  also  consistent  with  this 
hypothesis,  since  the  number  of  generated  DX'  state  above  60  K  is  lower  in  indirect  bandgap 
material.  The  obtained  average  activation  energy  is  also  in  fair  agreement  with  the  DX  center 
binding  energy  [6], 

CONCLUSION 

Thermally  stimulated  depolarization  current  (TSDC)  measurements  clearly  evidenced  the 
presence  of  relaxing  electric  dipoles  in  n-type  (Si  doped)  AlxGa].xAs  at  low  temperature  in  the 
dark.  Experimental  results  are  interpreted  under  O'Reilly's  dipole  scattering  model.  Experiments 
combining  monochromatic  light  and  dipole  relaxation  current  are  under  investigation  and  will  be 
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fundamental  to  clearly  determine  whether  observed  currents  come  from  DX*  -  d+  pairs  or  any 
other  kind  of  dipole.  The  most  striking  feature  of  our  data  is  that  the  obtained  activation  energy 
has  a  very  close  value  to  the  DX  center  binding  energy.  A  model  to  explain  these  features  has 
also  been  worked  out  and  shall  be  published  opportunely. 
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ABSTRACT 


GaAs  epilayers  have  been  grown  by  Organo-Metallic  Vapor  Phase  Epitaxy  using 
dimethylaluminum  methoxide  as  a  dopant  source.  This  compound  contains  a  strong  aluminum- 
oxygen  bond  which  is  thought  to  remain  intact  during  low  temperature  deposition  and  result  in  the 
incorporation  of  Al-O  as  a  complex.  Incorporation  of  aluminum  and  oxygen  was  investigated  by 
Secondary  Ion  Mass  Spectroscopy  as  a  function  of  growth  conditions:  growth  temperature,  growth 
rate,  V/III  ratio,  reactor  pressure  and  dopant  mole  fraction.  High  doping  levels  up  to  1020  cm  3 
(for  both  oxygen  and  aluminum)  were  achieved  without  degradation  of  surface  morphology  and/or 
precipitation  of  a  second  phase.  Oxygen  concentration  is  lower  than  that  of  aluminum  for  all 
investigated  growth  conditions  but  at  low  deposition  temperatures  oxygen/aluminum  ratios 
approach  1,  indicating  that  Al-O  is  incorporated  as  a  pair.  Infrared  absorption  measurements  in 
the  600-1200  cm'1  range  did  not  detect  well  known  isolated  oxygen  localized  vibrational  modes 
(LVM).  Also  in  layers  grown  at  low  temperatures  the  intensity  of  isolated  aluminum  LVM  at  362 
cm-1  is  much  smaller  than  the  concentration  obtained  by  SIMS.  Both  observations  prove  that 
oxygen  not  only  is  incorporated  as  an  Al-O  pair  but  remains  bonded  in  the  bulk  of  the  layer.  Low 
temperature  photoluminescence  measurements  indicate  that  the  Al-O  complex  is  electrically  active 
in  GaAs,  forms  a  deep  level  within  the  GaAs  band  gap,  and  serves  as  an  efficient  non-radiative 
recombination  center.  Near  band  edge  luminescence  intensity  correlates  well  incorporation  of 
oxygen.  The  Al-O  pairs  act  as  deep  acceptors  in  GaAs  and  cause  the  compensation  of  shallow 
tellurium  donors. 


INTRODUCTION 


The  original  goal  of  this  investigation  was  twofold.  First,  it  was  believed  for  some  time  that 
starting  aluminum  compounds  in  OMVPE  can  be  a  source  of  serious  oxygen  contamination  of 
aluminum  alloys.1'3  Aluminum  and  oxygen  form  an  extraordinarily  strong  bond  and  any  tracts  of 
oxygen  in  the  growth  chamber  are  likely  to  result  in  oxygen  incorporation  into  the  AlxGa|.xAs 
epilayer.  To  make  things  worse  oxygen  is  known  to  form  efficient  non-radiative  recombination 
centers  in  AlxGa;  xAs  and  acts  as  "luminescence  killer".4-5  For  decades  researchers  have  sought 
ways  to  reduce  the  oxygen  level  in  arsine  (by  using  gettering  baffles6,  molecular  sieves  and/or 
eutectic  Al-Ga-In  bubblers7)  and  to  eliminate  leaks  in  OMVPE  systems.  After  year's  of  effort  there 
was  much  improvement  but  still  the  optimum  growth  temperatures  for  AlxGaj.xAs  are  in  the  700 
°C  range  and  are  much  higher  than  typical  deposition  temperatures  of  GaAs.  This  is  the  result  of 
oxygen  contamination  which  is  known  to  incorporate  more  easily  at  lower  growth  temperatures. 
The  most  serious  contamination  source  today  are  the  traces  of  alkoxides  in  aluminum  alkyls.  Since 
dimethylaluminum  methoxide  and  diethylaluminum  ethoxide  are  fairly  similar  to  corresponding 
alkyls  in  terms  of  physical  properties  they  are  extremely  difficult  to  remove  from  sources  used  in 
OMVPE.  Intentional  doping  with  alkoxides  as  studied  here  can  lead  to  better  understanding  of  the 
oxygen  chemistry  and  to  purer  sources. 
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The  second  reason  for  interest  in  this  topic  is  the  possibility  of  using  oxygen  as  a  compensating 
defect  in  certain  electronic  devices.  Residual  oxygen  has  been  occasionally  used  in  order  to 
produce  a  high  resistivity  AlxGa].xA?  by  several  groups.8-10  However,  these  early  attempts  could 
not  be  incorporated  into  a  reliable  processing  sequence  because  of  the  lack  of  control  over  oxygen 
content.  In  fact  initial  intentional  oxygen  doping  experiments  failed  to  introduce  significant 
concentration  of  oxygen  into  the  GaAs  matrix  1  The  breakthrough  in  oxygen  doping  was 
achieved  by  an  IBM  group  using  dimethylaluminum  methoxide  as  a  doping  compound.1314  This 
approach  showed  early  promise  in  terms  of  compensation  of  silicon  donors  but  a  number  of 
important  issues  remained  unresolved.  At  this  time  it  is  not  clear  if  the  compensation  is  of  a 
chemical  (oxygen  reacting  with  silicon  on  the  growth  surface)  or  electrical  nature.  We  do  not 
know  the  ionization  energy  of  the  dominant  traps  induced  by  oxygen  doping  and  their  acceptor  or 
donor  character.  Also  the  atomic  structure  of  defects  and  their  thermal  stability  remain  unknown. 

In  this  paper  we  briefly  review  the  data  on  growth  chemistry  and  incorporation  of  oxygen  into 
GaAs.  In  addition,  insights  into  both  the  atomic  structure  of  oxygen-related  centers  and  their  effect 
on  layer  properties  are  discussed.  Possible  device  applications  will  also  be  mentioned. 

Of  particular  importance  are  the  initial  results  concerning  the  atomic  structure  of  oxygen-related 
centers.  It  appears  that  the  aluminum  and  oxygen  are  present  in  the  GaAs  matrix  not  in  the  form 
of  isolated  dopants  but,  at  least  at  low  growth  temperatures,  they  remain  closely  bonded  together  in 
the  volume  of  layer.  In  other  words  they  form  a  complex.  Apparently,  alkoxides  are  not  only  a 
convenient  agent  for  delivering  aluminum  and  oxygen  atoms  to  the  growing  crystal  but  the 
structure  of  the  starting  compound  affects  the  final  atomic  structure  of  the  center.  This  finding 
opens  up  interesting  possibilities.  Namely,  it  demonstrates  that  it  is  possible  to  design  and  create 
the  multi-atom  defect  centers  during  the  growth  process.  By  selecting  a  dopant  molecule  and 
conducting  the  growth  process  at  low  temperatures  some  fragments  of  this  molecule  can  be 
incorporated  as  complex  defects.  In  principle,  given  the  advances  of  a  defect  theory  and  atomic 
scale  modeling  we  can  predict  properties  of  different  complexes  and  than  create  the  desired  center. 
In  some  cases  it  should  be  possible  to  predict  a  center's  properties  based  on  currently  available 
experimental  data.  The  Al-O  center  appears  to  be  one  such  complex.  Oxygen,  being  one  of  the 
most  electronegative  elements,  is  capable  of  attracting  extra  electron  and  forms  drop  acceptor  levels 
in  most  of  semiconductors.  As  argued  below,  it  retains  this  ability  while  bonded  to  aluminum  in 
the  GaAs  matrix.  Aluminum  on  the  other  hand  provides  a  center  with  an  incorporation  route 
during  growth  and  lowers  its  diffusion  coefficient  which  explains  high  thermal  stability  of  material. 


EXPERIMENTAL  PROCEDURES 


The  layers  were  grown  by  Organometallic  Vapor  Phase  Epitaxy  (OMVPE)  in  a  horizontal 
reactor  heated  by  infrared  radiation.  Substrates  were  ( 100)  Cr-doped  semi-insulating  GaAs  wafers 
misoriented  2°  toward  (1 10).  Substrates  were  used  as-received  without  cleaning  or  etching  prior 
to  growth  and  the  native  oxide  layer  was  removed  by  thermal  desorption  at  750  °C  for  10  minutes 
in  an  arsenic  overpressure.  Trimethylgallium  (TMG),  tertiarybutylarsine  (TBA),  and 
dimethylaluminum  methoxide  ((CHj)2A10CH3,  purchased  from  Advanced  Technology  Materials 
Inc.  (Danbury,  CT))  were  employed  as  starting  compounds.  In  both  liquid  and  gas  phase  (at  low 
temperatures)  DMA1MO  forms  a  trimer  with  the  ring  structure15’16  and  has  a  melting  temperature 
of  36  °C.  TMG,  TBA,  and  DMA1MO  bubblers  were  maintained  at  -15  °C,  2  °C  and  38  °C, 
respectively. 

The  oxygen  and  aluminum  concentrations  have  been  measured  by  Secondary  Ion  Mass 
Spectroscopy  (SIMS)  with  the  Cameca  ims  4f  microprobe.  Because  the  samples  charged  to 
varying  degrees  depending  upon  concentration  of  dopants,  data  was  collected  using  the  auto¬ 
voltage  mode.  For  all  measurements,  the  primary  ion  beam  was  rastered  over  a  200x200  micron 
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area  and  pressure  in  the  sample  analysis  chamber  was  less  than  3x10-*  Torr.  The  mass  resolution 
was  approximately  600  and  the  energy  slit  was  typically  set  to  50  volts.  Depth  profiles  of 
aluminum  were  collected  using  an  8  keV  02+  primary  ion  beam  and  a  current  ranging  from  80  to 
120  nA.  This  corresponds  to  a  sputter  rate  of  approximately  0.3  to  0.5  nm/s.  Oxygen  depth 
profiles  were  collected  using  a  14.5  keV  Cs+  primary  ion  beam  and  currents  ranging  from  30  to  50 
nA.  This  corresponds  to  sputter  rates  of  0.5  to  1  nm/s.  Samples  were  heated  in  the  evacuated 
(5xlO-7  Torr)  dual-sample  inlet  system  for  approximately  one  hour  prior  to  oxygen  analysis  to 
reduce  surface  moisture.  The  depth  profiles  were  converted  to  concentration  using  tabulated 
sensitivity  factors  (RFS),  referenced  to  either  As  or  Ga.  Accuracy  is  estimated  to  within  a  factor  of 
two. 

Photoluminescence  measurements  were  performed  with  samples  immersed  in  liquid  helium  (4.2 
K).  Excitation  was  provided  by  the  488  nm  line  of  an  Ar+  laser  and  photoluminescence  was 
analyzed  by  SPEX  1404  0.85  m  double  grating  monochromator  and  detected  by  either  S20 
photomultiplier  or  North  Coast  liquid  N2-cooled  Ge.  Localized  Vibrational  Mode  absorption 
measurements  have  been  performed  using  Bomem  DA3  Fourier  Transform  Infrared  spectrometer 
with  resolution  of  0. 1  cm- 1 .  Samples  were  mounted  at  the  cold  finger  of  continuous  flow  cryostat 
cooled  with  the  flow  of  liquid  helium.  C-V  profiles  were  obtained  using  Polaron  profiler 
employing  electrolytic  etch. 


RESULTS  AND  DISCUSSION. 


Specular  morphologies  were  obtained  for  GaAs  grown  between  500  °C  and  700  °C  and 
DMA1MO  fractions  between  .  Only  for  heavily  doped  layers  (DMA1MO  mole  fraction  in  excess  of 
3x1 0  7)  and  high  temperatures  the  surfaces  became  hazy  possibly  indicating  formation  of  the 
second  phase.  None  of  the  growth  experiments  indicated  existence  of  vapor  phase  reactions  or 
long  term  changes  inside  the  DMA1MO  bubbler.  One  bubbler  was  in  use  in  our  laboratory  now 
for  about  two  years  and  we  have  not  observed  any  changes  in  the  vapor  pressure  which  could  be 
indicative  of  any  kind  of  instability  such  as  association  reaction  or  disproportionation  into  alkyls 
and  alkoxides. 


Depth  (pm) 

Fig.  1  Typical  oxygen  concentration  profile  obtained  by  SIMS. 
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A  typical  structure  used  in  SIMS  analysis  was  composed  of  several  (4-6)  layers  of  GaAs  grown 
in  different  conditions  such  as  DMA1MO  mole  fraction,  growth  rate,  deposition  temperature,  V  /  III 
ratio,  and  reactor  pressure.  This  method  allowed  for  observations  of  relative  changes  of 
aluminum  and  oxygen  concentration  induced  by  change  in  growth  conditions  and  eliminated  the 
error  of  absolute  concentration  determination.  A  representative  SIMS  profile  is  shown  in  Fig.  1. 

Two  observations  are  apparent  from  the  figure  above.  First,  the  concentration  of  intentionally 
introduced  oxygen  can  be  as  high  as  3xl018  cm'3  and  is  orders  of  magnitude  higher  than  what  was 
possible  with  either  gaseous  oxygen  or  water  vapor  doping.  In  fact  the  highest  oxygen  content 
achieved  so  far  without  degradation  of  the  surface  morphology  was  8x10* 9  cm-3.  The  second 
observation  which  is  worth  pointing  out  is  the  sharpness  of  interfaces.  There  are  no  long  decay 
curves  indicative  of  memory  effects  or  significant  interdiffusion  at  growth  temperatures.  The 
width  of  interfaces  is  limited  by  the  resolution  of  the  characterization  method  rather  than  by  spread 
of  doping  profiles. 


Incorporation  of  oxygen  and  aluminum. 

Doping  with  DMA1MO  allows  for  incorporation  of  both  aluminum  and  oxygen  into  the  layer.17 
However,  the  concentrations  of  aluminum  and  oxygen  in  GaAs  are  markedly  different  which 
implies  that  different  incorporation  mechanisms  are  active.  Fig.  2  shows  the  dependence  of  the 
aluminum  concentration  on  the  growth  temperature.  The  layers  have  been  grown  at  atmospheric 
pressure  with  constant  DMA1MO  mole  fraction  of  3x1  O'7  in  the  gas  phase,  and  at  temperatures 
between  475  °C  and  650  °C.  It  is  evident  that  the  aluminum  concentration  is  independent  of 
growth  temperature  above  575  °C  and  slightly  decreases  below  575  °C.  Lack  of  dependence  on 
growth  temperature  above  550  °C  is  characteristic  of  mass  transport  limited  growth. 


Fig.  2  Aluminum  concentration  in  DMA1MO  doped  GaAs  versus  growth  temperature. 

The  incorporation  of  oxygen  is  distinctly  different.  For  all  growth  conditions  the  oxygen 
concentration  was  lower  than  that  of  aluminum.  This  should  be  considered  together  with  the  well 
know  fact  that  oxygen  does  not  incorporate  into  pure  GaAs  grown  by  OMVPE  or  MBE.  It  is 
either  due  to  relatively  weak  bonds  between  oxygen  and  species  on  the  GaAs  growth  surface  or  to 


296 


the  evaporation  of  volatile  suboxides.  The  energy  of  the  Al-O  bond,  on  the  other  hand,  is  very 
high  (120  keal/mol)  and  aluminum  bonding  with  arsenic  on  the  GaAs  surface  can  "pull"  oxygen 
into  the  solid.  In  most  growth  conditions  oxygen  content  is  much  below  that  of  aluminum 
in^irating  that  the  Al-O  bond  can  be  severed.  Fig.  3,  for  example,  presents  the  ratio  of  oxygen  and 
a|.imin.im  concentrations  as  a  function  of  growth  temperature.  At  temperatures  above  500  °C,  the 
(Oy(Al)  ratio  decreases  exponentially  with  a  characteristic  energy  of  2.0  eV  as  determined  from  the 
Arrhenius  plot.  It  is  worth  noting  that  similar  behavior  in  the  high  temperature  range,  with  the 
characteristic  energy,  was  observed  by  Goorsky  et  al. 13  in  low  pressure  (76  Torr)  OMVPE 
growth  performed  using  arsine  rather  than  TBA.  This  is  the  activation  energy  related  to  breaking 
the  Al-O  bond.  Since  it  is  much  smaller  than  the  bond  energy  it  is  unlikely  that  the  process 
responsible  for  oxygen  removal  is  a  simple  bond  cleavage.  It  probably  involves  interaction  with 
other  active  species  produced  during  pyrolysis  of  TBA  and  TMG  such  as  atomic  hydrogen.  At  this 
point,  based  on  the  kinetic  data  available  in  the  literature,  it  is  impossible  to  ascertain  the  pathways 
of  DMA1MO  decomposition.  However,  several  features  of  this  decomposition  process  are  quite 
apparent.  At  temperatures  below  500  °C  the  oxygen  content  saturates  and  approaches  that  of 
aluminum.  The  ratio  (0)/(Al)  is  1.2  and  0.9  at  growth  temperatures  of  500  °C  and  475  °C, 
respectively.  This  indicates  that  the  oxygen  content  at  low  temperatures  is  limited  by  the  flux  of 
DMA1MO  toward  the  substrate  and  its  decomposition  rather  than  by  the  reactions  leading  to 
removal  of  oxygen.  Thus,  at  temperatures  below  500  °C,  we  have  possibly  reached  the  limit  of 
one  ox v gen  atom  incorporated  per  each  aluminum,  i.e.  not  only  is  oxygen  incorporated  only  if 
bonded  to  aluminum  but  also  each  aluminum  atom  has  a  oxygen  partner.  Since  the  absolute 
concentrations  determined  by  SIMS  could  be  as  much  as  a  factor  of  two  different  from  real  values 
the  complex  in  question  could  be  AlO,  AI2O,  or  AI2O3. 


Fig.  3  Ratio  of  oxygen  to  aluminum  concentration  versus  deposition  temperature. 

Also,  based  on  the  information  contained  in  Figs.  2  and  3,  one  can  eliminate  one  of  the 
proposed  mechanisms  for  oxygen  removal.  It  has  been  suggested  that  lower  oxygen  content  jn 
AlgGai-xAs  grown  at  elevated  temperatures  is  due  to  re -evaporation  of  volatile  Al-O  suboxides. 
This  contradicts  the  fact  that  the  aluminum  concentration  remains  constant  at  high  deposition 
temperatures. 
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Because  of  their  small  mass,  both  aluminum  and  oxygen  produce  high  frequency  localized 
vibrations  in  GaAs.  The  centers  due  to  isolated  oxygen  have  their  LVM  modes  at  730,  and  71 5 
cm'1  (three  charge  states  of  the  off-center  substitutional  oxygen  Oa$)  and  845  cm*1  (interstitial 
oxygen  bonding  with  Ga  and  As  atoms).18'20  Aluminum  is  known  to  produce  an  LVM  line  at  361 
cm12'  If  one  was  to  assume  that  the  force  constants  in  the  Al-O  complex  are  not  drastically 
affected,  such  complex  should  produce  two  bands  corresponding  to  vibrations  of  oxygen  and 
aluminum  located  in  the  vicinity  of  LVM  lines  of  isolated  defects. 

Optical  absorption  measurements  have  been  performed  in  the  300-1500  cm'1  range.  No  lines 
were  detected  in  the  energy  range  corresponding  to  vibrations  of  oxygen  (600-1500  cm1)  although 
the  oxygen  concentration  in  investigated  samples  was  more  than  an  order  of  magnitude  above  the 
detection  limit.  This  result  proves  that  the  percentage  of  oxygen  atoms  which  are  in  the  form  of 
isolated  centers  characteristic  of  GaAs  is  less  than  10%.  In  other  words,  almost  all  oxygen  atoms 
form  complexes  with  other  species.  This  together  with  growth  data  suggest  that  oxygen  not  only 
is  incorporated  as  an  Al-O  pair  but  that  these  pairs  remain  bonded  in  the  volume  of  the  epilayer.  If 
this  rationalization  is  true,  than  one  should  observe  a  corresponding  change  in  the  intensity  of  the 
aluminum  LVM  line.  In  layers  deposited  at  temperatures  in  excess  of  600  °C  virtually  all  of  the 
aluminum  atoms  will  be  present  in  the  form  of  isolated  substitutional  Alca  centers.  As  the  growth 
temperature  decreases  more  and  more,  aluminum  should  retain  its  oxygen  partner  and  as  a  result 
the  intensity  of  the  361  cm'1  LVM  mode  should  decrease.  The  experimental  spectra  of  layers 
grown  at  600  °C  and  475  °C  are  shown  in  Fig.  4(a)  and  Fig.  4(b),  respectively.  It  is  clear  that  the 
concentration  of  isolated  Alca  decreased  considerably  with  decreasing  growth  temperature.  After 
normalization  of  spectra  (taking  into  account  different  layer  thicknesses  and  change  of  aluminum 
concentration  as  determined  by  SIMS)  it  was  determined  that  aluminum  present  as  isolated  AlGa 
constitutes  only  25%  of  the  total  number  of  A1  atoms  in  the  layer.  Although  the  above  data  prove 
that  most  aluminum  and  oxygen  atoms  in  GaAs  epiiayers  doped  with  DMA1MO  are  present  in  the 
form  of  complexes,  we  have  not  observed  any  new  absorption  lines.  At  this  point  we  cannot 
explain  the  lack  of  vibrational  modes  due  to  the  Al-O  complex. 
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Fig.  4  Localized  Vibrational  Mode  due  to  isolated  Aloa  in  (a)  layer  deposited  at  600  °C  and  (b) 
layer  grown  at  475  °C. 


One  of  the  consequences  of  the  model  above,  namely  that  most  of  aluminum  and  oxygen  are  in  the 
form  of  a  Al-0  complex,  is  the  temperature  behavior.  It  is  expected  that  even  strongly  bonded 
pairs  can  dissociate  during  short  term  high  temperature  annealing.  The  preliminary  results  of 
annealing  experiments  are  presented  in  Fig.  5. 
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Fig.  5  Effects  of  annealing  on  the  intensity  of  AlGa  LVM  absorption  line,  (a)  As-grown  layer 
deposited  at  Tq  =  500  °C,  (b)  same  layer  as  in  (a)  after  annealing  at  800  °C  for  20  minutes,  (c)  as- 
grown  layer  (Tg=475  °C),  and  (d)  the  same  layer  as  in  (c)  after  20  second  anneal  at  1000  °C. 


The  first  pair  of  before  and  after  samples  (a)  and  (b)  show  the  effect  of  annealing  at  800  °C  for  20 
minutes.  During  annealing,  the  layer  was  protected  by  the  flow  of  TBA.  There  is  only  a  slight 
decrease  of  Aloa  LVM  intensity  which  is  within  experimental  error.  Apparently  the  complex  is 
stable  at  800  °C.  Spectra  (c)  and  (d)  were  obtained  on  layers  grown  at  475  °C  and  annealed  in  a 
rapid  thermal  annealing  system  (face  to  face  anneal)  at  1000  °C  for  20  seconds.  The  annealing 
increased  the  concentration  of  isolated  substitutional  aluminum  by  a  factor  of  two.  This  result  is  in 
agreement  with  our  interpretation  of  atomic  structure  of  Al-0  defects. 


Photolumincsccnce  measurements, 

Oxygen  is  known  to  produce  deep  states  in  semiconductors.  In  III-V  semiconductor  compounds 
the  substitutional  (in  GaP)  and  off-center  substitutional  oxygen  (in  GaAs)  results  in  states  with 
ionization  energies  between  0.5  -  0.9  eV.  Presence  of  deep  traps  in  the  semiconductor  crystal 
leads  to  reduced  carrier  lifetime  and  luminescence  efficiency.  This  effect  is  well  documented  for 
non-intentional  oxygen  contamination  of  AlxGai„xAs.  Frequently,  the  decrease  of  near  band  gap 
luminescence  is  associated  with  the  appearance  of  infrared  luminescence  bands  characteristic  of 
deep  levels.  Qualitatively  the  same  effects  were  observed  in  layers  doped  with  DMAIMO  (Fig.  6). 
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Fig.  6  Effect  of  DM  AIM O  doping  and  temperature  on  near-band-edge  luminescence  of  GaAs. 

All  data  points  woe  normalized  to  the  intensity  of  the  undoped  sample  grown  at  700  °C.  The  near¬ 
band-edge  luminescence  intensity  of  layers  grown  at  700  °C  does  not  change  significantly  with 
DMA1MO  doping  up  to  a  mole  fraction  of  3.75  x  10*7.  For  higher  flow  rates,  however,  it 
decreases  abruptly.  This  behavior  correlates  well  with  oxygen  incorporation  which  is  superlinear 
with  DMA1MO  mole  fraction  at  high  temperatures.22  Layers  grown  at  500  °C  and  600  °C  show  a 
rapid  decrease  of  intensity  with  increased  doping,  the  decrease  being  faster  in  layers  grown  at  500 
°C.  In  fact,  we  were  not  able  to  detect  luminescence  from  layers  grown  at  500  °C  with  mole 
fractions  of  3x1  O'7  or  above.  Our  best  estimate  is  that  the  relative  intensity  in  this  layer  is  below 
104  which  is  visualized  by  the  arrow  in  Fig.  6.  The  dramatic  decrease  of  luminescence  intensity  is 
a  direct  indication  that  oxygen-related  centers  behave  as  deep  level  traps  and  serve  as  efficient  non- 
radiative  recombination  centers.  This  result,  together  with  very  high  achievable  doping 
concentrations,  suggests  that  doping  with  alkoxides  can  produce  material  with  optimized  (carrier 
lifetime)-1  x  (carrier  mobility)  product  which  is  required  for  ultrafast  photoconductive  switches.23 

Besides  a  decrease  of  near  band  edge  luminescence  intensity,  doping  of  GaAs  with  DMA1MO 
results  in  the  appearance  of  several  new  luminescence  peaks  due  to  deep  centers.  Fig.  7  shows 
near  infrared  spectra  of  three  layers  grown  at  700  °C  with  increasing  DMA1MO  mole  fraction. 
The  spectrum  (a)  (X(DMAIMO)  =  3.75  x  10-7)  was  obtained  on  the  same  sample  as  presented  in 
Fig.  1(c).  In  addition  to  exciton  and  (e,  C°as)  peaks,  there  are  four  more  peaks  located  at  1.470 
eV,  1.450  eV,  1.425  eV,  and  1.363  eV  .  In  spectrum  (b),  corresponding  to  higher  DMA1MO 
flow  rate  (X(DMAIMO)  =  4.5  x  lO*7),  the  three  deep  peaks  are  dominant  and  a  new  even  deeper 
PL  band  appeared  at  1. 1 15  eV.  A  layer  grown  with  a  DM  AIM O  mole  fraction  of  6.0  x  10-7  shows 
only  a  very  weak  line  close  to  the  band  gap  and  a  wide  featureless  PL  band  centered  at  1.016  eV. 
All  of  the  above  bands  most  likely  involve  transitions  between  relatively  deep  levels  and  either 
band  states  or  other  impurities  (i.e,  donor  -  acceptor  transitions).  If  this  is  the  case,  the  distance 
between  band  edge  and  peak  position  should  correspond  to  die  deep  level  ionization  energy.  These 
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energies  are  72  meV,  97  meV,  150  meV,  410  meV,  and  510  meV  in  order  of  increasing  depth  of 
the  level  and  agree  very  well  with  values  found  by  Bhattacharya  etal.24  in  AlxGa|.xAs  epilayers 
grown  by  OMVPE  and  intentionally  contaminated  with  oxygen.  They  reported  observation  of 
deep  level  PL  peaks  shifted  by  78  meV,  100  meV.  160  meV,  and  400  meV  from  the  band  edge. 
The  shape  of  our  spectra  is  very  similar  to  ones  reported  by  Goorsky  et  al.  14  The  number  of 
observed  PL  bands  indicates  that  doping  with  DMA1MO  induces  several  different  deep  centers  of, 
as  of  yet,  unknown  nature.  Such  behavior  is  to  be  expected  since  oxygen  is  known  to  easily  form 
complexes  with  impurities  and  native  defects  in  GaAs.  It  is  also  worth  noting  that  one  of  the  well 
known  oxygen-related  defects  in  GaAs,  the  off-site  substitutional  oxygen  on  arsenic  site,  has  a 
level  150  meV  below  the  conduction  band23-26  and  could  be  responsible  for  one  of  the  above  PL 
bands.  At  high  doping  levels  the  intensity  of  all  of  the  above  transitions  decrease  even  further  and 
the  only  remaining  peak  is  located  at  1.5  pm  (Dr.  P.W.  Yu,  private  information).  This  energy 
would  correspond  to  the  dominant  level  located  close  to  the  middle  of  GaAs  band  gap. 
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Fig.  7  Photoluminescence  spectra  of  GaAs  epilayers  doped  with  DM  A1MO. 
Compensation  of  shallow  donors. 


Based  on  the  characterization  results  of  oxygen-doped  GaAs  and  GaP,  one  could  expect  that  Al-O 
pairs  should  produce  a  deep  acceptor  level  in  GaAs  and  compensate  shallow  donor  states.  This 
appears  to  be  the  case  for  oxygen  contaminated  AlxGa|.xAs  which  frequently  turns  out  to  be  highly 
resistive  if  grown  at  low  temperatures.  L2-9-27  The  same  type  of  behavior  was  reported  for  GaA* 
layers  intentionally  doped  with  silicon  providing  n-type  background  carriers  and 
dimethylaluminum  methoxide.13  For  increasing  DMA1MO  flow  rates  the  carrier  concentration 
dropped  and  ultimately  layers  became  fully  depleted.  It  was  not  clear  if  the  observed  compensation 
was  chemical  (i.e.,  an  Si-O)  defect)  or  electronic  in  nature.  In  order  to  resolve  this  issue  we  have 
deposited  a  series  of  GaAs  layers  doped  with  diethyltellurium  and  dimethylaluminum  methoxide. 
Tellurium  being  from  group  VI  of  periodic  table  is  not  expected  to  form  bond  with  oxygen  and  the 
probability  of  Te-0  complexes  is  low.  Layers  co-doped  with  DMA1MO  always  exhibited  lower 
carrier  concentration  measured  either  by  Hall  effect  or  C-V  electrochemical  profiler.  Some  of  them 
heavily  doped  with  oxygen  were  fully  depleted.  So  far,  the  highest  electron  concentration  which 
was  compensated  by  Al-O  was  2xlO*8  cm-3  i.e.  DMA1MO  induced  doping  can  oroduce 


concentrations  of  deep  acceptors  in  the  1018  cm*3  range.  Further  work  on  this  aspect  of  alkoxide 
doping  is  in  progress. 


CONCLUSIONS 

Results  of  SIMS  analysis  of  oxygen  and  aluminum  concentration  in  GaAs  epilayera  doped  with 
dimtthylaluminum  metboxide  indicate  that  oxygen  is  incorporated  only  when  bonded  to  the 
aluminum  atom.  At  low  growth  temperatures  concentrations  of  both  elements  are  approximately 
equal  which  suggest  that  most  aluminum  atoms  are  also  accompanied  by  an  oxygen  partner.  These 
conclusioos  are  supported  by  infrared  absorption  measurements.  The  signature  or  isolated  Aloa 
decreased  at  low  growth  temperatures  and  bands  due  to  isolated  oxygen  have  not  been  detected. 
Also,  short  term  annealing  at  1000  °C  results  in  breaking  up  of  the  Al-O  complex  and  an  associated 
increase  of  AlQaLVM  intensity.  Mrs  appear  to  be  stable  at  temperatures  up  to  800  °C  Al-O  pairs 
produce  deep  traps  within  the  GaAs  band  gap  which  result  in  a  decrease  of  near-band-gap 
luminescence  by  many  orders  of  mprinute  and  the  appearance  of  infrared  luminescence  bands. 
The  doping  induced  traps  are  primarily  of  acceptor  character  capable  of  compensating  tellurium 
donors.  The  concentration  of  Al-O  traps  can  be  as  high  as  1018  cnr3. 
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DEEP  LEVEL  STRUCTURE  OF  SEMI-INSULATING  MOVPE  GAAS 
GROWN  BY  CONTROLLED  OXYGEN  INCORPORATION 


J.  W.  HUANG  AND  T.  F.  KUECH 

Department  of  Chemical  Engineering,  University  of  Wisconsin,  Madison,  WI 53706 
ABSTRACT 

Semi-insulating  oxygen-doped  GaAs  layers  have  been  grown  by  low  pressure  metalorganic 
vapor  phase  epitaxy  (MOVPE)  using  aluminum-oxygen  bonding  based  precursor  diethyl 
aluminum  ethoxide  (DEALO).  Resistivities  of  more  than  2xl09  Q-cm  at  294  K  have  been 
achieved.  Deep  level  structure  responsible  for  the  high  resistivity  was  investigated  by  deep  level 
transient  spectroscopy  (DLTS)  using  DEALO  and  disilane  co-doped  GaAs  p+-n  homojunction. 
Multiple  deep  level  peaks  were  observed,  and  the  relative  peak  heights  were  found  to  vary  with 
the  dopant  concentrations.  Major  deep  levels  were  electron  traps  with  ionization  energy  between 
0.75  and  0.95  eV  below  conduction  band  edge  minimum.  An  activation  energy  of  OBI  eV  was 
deduced  from  temperature-dependent  resistivity  measurement,  and  should  be  closely  related  to 
the  major0.75  eV  peak  in  DLTS  spectra. 


INTRODUCTION 

For  GaAs-based  metal-semiconductor  field-effect  transistor  (MESFET)  devices,  semi- 
insulating  (SI)  substrates  are  generally  used  to  reduce  parasitic  capacitance  and  eliminate  device 
cross-talk.  A  number  of  significant  problems  of  MESFET  for  both  digital  and  analog  circuit 
applications,  however,  are  associated  with  the  SI  substrates,  including  the  sidegating  and 
backgating  effects,  light  sensitivity,  low  output  resistance,  and  low  source-drain  breakdown 
voltage  [1].  A  buffer  layer  providing  higher  resistivity  and  optical  insensitivity  should  be  inserted 
between  the  active  layer  and  the  substrate  to  alleviate  or  even  eliminate  these  problems. 

The  controlled  introduction  of  deep  levels  has  long  been  recognized  as  a  means  of  producing 
SI  compound  semiconductors.  Controlled  introduction  of  Cr  and  Fe  into  GaAs  and  InP 
respectively  by  metalorganic  vapor  phase  epitaxy  (MOVPE)  was  demonstrated  to  be  able  to 
serve  as  the  desired  buffer  layer  for  device  isolation  [2, 3].  Development  of  an  epitaxial  growth 
technique  for  the  controlled  formation  of  SI  materials  has  been  the  focus  of  several  recent  studies 
[1, 4, 5].  The  choice  of  suitable  chemical  species  for  the  fabrication  of  SI  layers  is  complicated 
by  the  additional  constraints  on  the  diffusion  coefficient  and  solubility  of  the  impurity  as  well  as 
the  depth  of  the  level  produced.  Oxygen  has  been  recently  investigated  as  a  promising  candidate 
for  the  MOVPE-based  growth  of  SI  GaAs.  We  have  previously  demonstrated  that  oxygen  can 
be  intentionally  incorporated  into  GaAs  through  the  independent  introduction  of  aluminum- 
oxygen  bonding  based  precursors  dimethyl  aluminum  methoxide  (DMALO,  (CH3)2A!OCH3)  or 
diethyl  aluminum  ethoxide  (DEALO,  (C2Hs)2A!OC2Hs)  [4, 6].  These  oxygen-doped  epitaxial 
layers  have  specular  surface  morphology  and  high  crystal  quality.  Oxygen  concentration  in 
excess  of  10“  cm’3  was  readily  achievable,  and  oxygen-related  deep  levels  were  generated, 
compensating  shallow  silicon  impurities.  Deep  level  structure  responsible  for  this  observed 
compensation,  however,  was  not  folly  investigated. 

DMALO  is  a  solid  at  room  temperature  (melting  point  is  33  °C).  High  vapor  pressure  of 
DMALO  in  liquid  form  prohibits  its  use  as  a  dopant  in  a  conventional  liquid  bubbler.  When 
employed  in  solid  form,  the  source  pick-up  can  sometimes  vary  in  time  due  to  the  change  of 
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internal  surface  area.  In  contrast,  DEALO  is  a  commercially  available  liquid  at  room  temperature 
(melting  point  is  2.5  °Q  with  suitable  vapor  pressure  as  a  dopant,  leading  to  a  more  reproducible 
oxygen  incorporation  [6]. 

This  paper  presents  the  deep  level  structure  of  DEALO  and  disilane  co-doped  MOVPE  GaAs 
as  determined  by  deep  level  transient  spectroscopy  (DLTS).  Resistivity  of  DEALO-doped  SI 
GaAs  is  also  reported.  An  activation  energy  acquired  from  temperature-dependent  current- 
voltage  (I-V)  measurement,  which  is  related  to  the  deep  level  structure  responsible  for  the  SI 
behavior,  is  compared  to  the  DLTS  spectra. 

EXPERIMENTAL  PROCEDURE 

Samples  were  grown  in  a  conventional  horizontal  low  pressure  (78  TotT)  reactor  [7].  TMGa 
and  ASH3  were  used  with  H2  as  the  carrier  gas.  Disilane  and  carbon  tetrachloride  were 
employed  for  n-  and  p-type  doping  respectively.  Growth  temperature  was  600  °C  and  the  V/111 
ratio  (AsHj/TMGa)  was  40.  The  growth  rate  was  held  constant  at  0.05pm/min.,  corresponding 
to  a  TMGa  mole  fraction  of  about  1.8x10*4  jn  the  reactor. 

For  DLTS  measurement,  p+-n  homojunctions  [8],  which  consisted  of  a  1  pm  thick  n-type 
region  capped  by  a  0.5  pm  p+  layer  doped  with  4x10^  cm*3  carbon,  were  grown  on  Si-doped 
n*  <100>  substrates.  These  p+-n  junctions  were  fabricated  by  a  standard  lithography  and  liftoff 
process.  500  pm  diameter  Ge/Ni/Ai  dots  were  deposited  and  alloyed  for  ohmic  contact  on  p+ 
capping  layer  followed  by  mesa  etching  (fig.  1(a)).  In/Sn  ohmic  contact  was  then  alloyed  to  the 
n+  substrate  for  back  side  ohmic  contact.  The  n-type  region  was  co-doped  with  DEALO  and 
disilane  to  facilitate  the  investigation  of  oxygen-induced  defects  by  DLTS.  DLTS  measurements, 
using  double  boxcar  correlators,  were  performed  over  the  temperature  range  of  77-425  K. 

Resistivity  measurements  were  performed  on  n-i-n  structures  [5],  having  a  2  pm  DEALO- 
doped  GaAs  with  two  0.5  pm  n-type  cladding  layers  doped  with  2xl017  cm*3  silicon  on  Si- 
doped  n+  <100>  substrates.  Variable  area  (500, 1000,  and  2000  pm  square)  mesa  structures 
were  fabricated  by  standard  lithography  and  liftoff  process  to  alloy  Au/Ge/Ni/Ti/Au  on  the  top  n- 
layer  for  ohmic  contact  followed  by  mesa  etching  (fig.  1(b)).  In/Sn  ohmic  contact  was  then 
alloyed  to  the  n+  substrate  for  back  side  ohmic  contact.  Keithley  617  electrometer  was  used  as  a 
picoammeter,  and  DC  voltage  was  supplied  by  Keithley  230  voltage  source.  Resistivity  was 
calculated  from  the  ohmic  region  of  current-voltage  (I-V)  curve.  Temperature-dependent  I-V 
measurements  were  performed  over  the  range  of  294-357  K. 


Figure  1.  (a)  DLTS  sample  :  p+-n  homojunction,  (b)  I-V  sample  :  n-i-n  mesa  structure. 
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RESULTS  AND  DISCUSSION 


DLTS  Study 

Two  sets  of  mole  fraction  conditions  were  used  during  the  n-layer  growth  of  p+-n 
homojunction  based  on  electrochemical  capacitance-voltage  (EC-V)  profiling  results  from  our 
previous  work  [6].  Concentrations  of  Si,  AJ,  and  O,  as  determined  by  secondary  ion  mass 
spectroscopy  (SIMS)  measurements  [6],  as  well  as  EC-V  profiling  results  are  shown  in  table  I. 
DLTS  spectra  for  this  pair  of  samples  are  illustrated  in  fig.  2.  Multiple  deep  levels  were 
observed,  underlining  the  complexity  of  possible  defect  configurations  due  to  the  doping  of 
DEALO  and  disilane.  During  the  measurement,  the  quiescent  reverse  bias  voltage  across  the 
diode  was  kept  at  -1.0  V,  while  the  amplitude  of  the  filling  pulse  was  +1.5  V.  Therefore  both 
majority  and  minority  carrier  traps  could  be  measured.  These  spectra  indicated  that  no  minority 
carrier  (hole)  traps  were  detected.  The  electron  trap  signatures  are  shown  in  fig.  3  and  table  II. 
The  quiescent  reverse  bias  voltage  was  also  increased  to  -2.0  V  while  the  amplitude  of  the  filling 
pulse  remained  the  same.  It  was  found  that  relative  peak  heights  and  peak  positions  stayed 
unchanged.  The  former  indicated  an  uniform  distribution  of  oxygen-related  deep  traps, 
confirming  the  same  finding  from  EC-V  profile  [6].  The  latter  showed  that  no  field-assisted 
thermal  emission  of  carriers  by  the  traps  was  observed  when  the  average  electric  field  within  the 
depletion  region  [8]  was  increased  from  6x10*  to  7x10*  V/cm. 

A  comparison  of  the  spectra  in  fig.  2  indicates  that  the  principal  spectral  features,  peaks  D  and 
E,  are  present  in  both  samples.  The  Si  concentration  remained  constant  and  the  shift  in  the 
relative  peak  heights  between  these  two  samples  should  be  related  to  the  increased  A1  and  O 
concentrations.  There  are  two  shifts  in  the  spectra  which  crn  be  noted.  As  the  DEALO  mole 
fraction  was  increased  in  the  reactor,  the  peak  labeled  D,  as  well  as  the  other  lower  energy  peaks, 
increased  relative  to  that  of  peak  E.  In  our  previous  study  [6],  compensation  was  found  to  be 
directly  related  to  the  incorporation  of  Si  as  well  as  A1  and  O.  We  have  tentatively  assigned  the 
peak  E  to  be  a  defect  associated  with  a  Si-O  based  species.  This  assignment  is  based  on  both  the 
previous  observations  of  the  presence  of  Si-related  deep  level  [6]  and  the  decrease  in  peak  E 
relative  to  the  remaining  peaks  as  the  Al  and  O  contents  were  increased  at  a  constant  Si 
concentration.  The  remaining  peaks  of  the  DLTS  spectra  from  these  samples  revealed  a  set  of 
lower  energy  peaks  (<  0.9  eV)  which  are  associated  with  the  incorporation  of  O. 

The  presence  of  multiple  O-based  peaks  can  be  rationalized  by  the  analogy  to  the  case  of  DX 
center  in  low  Al  content  AlxGa}.xAs.  In  the  case  of  the  DX  center  attributed  to  the  Si-based 
deep  level,  multiple  emission  peaks  were  observed  in  samples  containing  a  low  amount  of  Al  [9], 
These  multiple  emission  energies  are  thought  to  be  related  to  the  shift  in  the  local  environment  of 
the  DX  center.  At  low  Al  concentrations,  there  is  a  variation  in  the  local  environment  on  the 
second  nearest  neighbor  shell  (Si  resides  on  a  cation  site)  due  to  the  random  distribution  of  Al 
atoms  on  the  cation  sublattice.  In  the  present  case  of  O  in  GaAs  co-doped  with  Al,  there  is  a 
potential  variation  in  the  first  nearest  neighbor  shell,  giving  rise  to  multiple  emission  peaks  which 
may  be  well  separated  in  energies.  This  coincides  with  the  initial  DLTS  observation  on  DMALO- 


Sample 

[Si]  (cm-3) 
(SIMS) 

[Al]  (cm'3) 
(SIMS) 

[0](cm-*) 

(SIMS) 

Nd-Na(cnr*) 
(with  DEALO) 

A(Nd-Na) 

(cm"3) 

Compen 

-sation 

1 

1.06xl0l? 

3.2xl017 

1x1015 

9.44x1016 

1.16x1016 

10.94% 

2 

1.06xlQl7 

6.5xl017 

1.5xl016 

5.44x10^6 

5.16x1016 

48.68% 
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co-doped  GaAs.  showing  the  signatures  of  electron  traps. 


Table  II.  Deep  Level  Characteristics 


Sample 

Nd-Na(cm-^) 

( p-n  Junction) 

Trap 

AEt  (eV) 

a  (cm^) 
(from  intercept) 

N,  (cm*3) 

Total 

Nt  (cm"3) 

1 

7.8xl0l6 

ID 

0.72 

7.88x10-14 

5.83x1013 

2.78xl0l4 

IE 

0.94 

1.27x10-13 

2.20x1014 

2 

1.7x1016 

2A 

0.24 

1.54x10-1^ 

8.16x1013 

5.66x1015 

2B 

0.39 

2.22x10-14 

5.17x1013 

2C 

0.54 

5.19xl0-l4 

4.81x1014 

2D 

0.75 

2.02x10-13 

3.19x1015 

2E 

0.95 

1.07x10-13 

1.85xl0l3 

doped  samples  which  indicated  a  variation  in  the  DLTS  spectra  based  on  growth  temperature  and 
the  Al-O  concentration  changes  [4].  The  presence  of  multiple  O-related  DLTS  peaks 
complicates  the  defect  structure  but  provides  an  interesting  case  where  local  environment  of  the 
defect  can  be  independently  altered  by  a  growth  variable. 

During  DLTS  measurement,  filling  pulse  time  width  was  set  to  be  1  ms.  This  setting  was 
verified  to  be  enough  to  fill  the  trap  up  to  more  than  95%  of  complete  filling.  Total  trap 
concentrations,  however,  can  not  account  for  all  of  the  observed  compensation  from  EC-V 
results  (table  I  and  11).  The  use  of  p+-n  junction  in  DLTS  measurement  explores  only  the  upper 
half  of  the  bandgap.  There  could  be  some  other  deep  levels  closer  to  valence  band  edge  that 
were  beyond  the  detection  range.  We  have  also  noticed  a  change  in  Nd-Na  between  EC-V 
results  and  C-V  measurements  on  p+-n  junction,  the  former  (table  I)  being  higher  than  the  latter 
(table  II).  While  EC-V  measurement  is  usually  performed  on  the  sample  without  any  preparation, 
fabrication  of  p+-n  junction  requires  a  lot  of  processing  steps.  Among  these  steps,  thermal 
annealing  of  ohmic  contact  could  be  the  most  critical  one  in  terms  of  affecting  Nd-Na.  As  Nd- 
Na  becomes  smaller,  the  amount  of  detectable  trap  concentration  will  also  be  reduced.  Thermal 
annealing  could  have  changed  the  defect  configurations  or  their  charge  states.  More 
investigations  are  needed. 


soe 


Two  samples  of  different  DEALO  mole  fractions  were  grown  and  processed  into  variable-area 
n-i-n  mesa  structures.  Typical  I-V  characteristics  are  shown  in  fig.  4.  According  to  the  theoty  of 
single  carrier  injection  in  solids  [10],  I-V  curve  will  have  three  different  current  regimes  (fig.  4) 
for  a  single  set  of  traps  with  energy  level  lying  above  Fermi  level.  The  currents  within  the  first 
two  regions  have  first  and  second  order  power  law  dependence  on  voltage,  corresponding  to 
ohmic  and  space-charge  limited  behaviors  respectively.  Resistivity  can  be  calculated  from  the 
ohmic  region.  The  third  regime  is  marked  by  the  sharp  increase  of  current  due  to  complete  trap 
filling.  The  space-charge  limited  region,  however,  will  be  absent  if  the  trap  energy  level  is  located 
below  Fermi  level.  I-V  curves  in  fig.  4  suggested  that  regions  corresponding  to  an  1-V  second 
order  power  law  relationship  were  relatively  narrow.  Assuming  GaAs-.O  has  only  one  major  deep 
trap,  this  single  level  lying  below  Fermi  level  should  be  a  more  reasonable  picture.  A  sublinear  I- 
V  dependence  following  ohmic  regime  was  observed  in  fig.  4.  Origins  of  these  sublinear  regions 
are  still  unknown.  Trap-filled  limited  voltage  (V-ppiJ,  which  is  proportional  to  electrically  active 
trap  concentration  [S,  10],  was  estimated  to  be  1  and  2  V  for  samples  A  and  B  in  fig.  4.  The  B/A 
ratio  of  V*fpL,  resistivity,  as  well  as  Al  concentration  are  all  at  about  2.  Since  concentration  of  O 
is  smaller  than  that  of  Al  in  both  samples,  electrically  active  defect  structure  in  GaAs:0  could  be 
involving  species  like  Al-O-Al,  which  has  multiple  Al  atoms  as  the  nearest-neighbors  of 
substitutional  O  on  As  site. 

Resistivity  value  more  than  2x10^  Q-cm  at  294  K  was  obtained  (fig.  5).  1-V  measurements 
were  performed  on  mesa  structures  of  different  areas  since  a  small  amount  of  surface  conduction 
can  shunt  the  very  high  bulk  resistance  of  the  GaAstO  layer.  The  results  are  illustrated  in  fig.  5, 
showing  ohmic  currents  scaled  with  different  mesa  areas  and  giving  the  same  resistivity.  Bulk 
conduction  is  thus  dominating  over  surface  conduction  in  our  samples.  From  the  temperature- 
dependent  resistivity  data,  an  activation  energy  0.81  eV  was  deduced  from  both  samples, 
indicating  a  similar  transport  mechanism  in  both  even  though  concentrations  of  Al  and  O  are 
different.  These  transport  measurements  have  clearly  associated  the  temperature  dependence  of 
resistivity  with  the  underlying  deep  level  structure.  The  resistivity-derived  0.81  eV  activation 
energy  and  the  principal  DLTS  emission  peaks  described  above  are  in  close  agreement.  The 
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Fig.  4  Typical  I-V  characteristics  of  GaAsiO  Fig.  5  Temperature-dependent  resistivity  data 
from  n-i-n  structure  at  294  K.  from  n-i-n  structures. 
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complexity  of  the  deep  level  structure,  however,  limits  our  ability  to  present  a  model  involving 
the  exact  direct  compaiison  between  I-V  and  DLTS  measurements. 

The  high  resistivity  in  GaAs:0  layer  implies  a  very  low  net  carrier  concentration,  which  was 
confirmed  by  capacitance-voltage  measurement  at  1  MHz.  Constant  capacitance  values  (less 
than  0.5  %  change)  of  12, 55, 230  pF  on  500, 1000,  and  2000  pm  squares  on  both  samples  in  fig. 
4  were  obtained  with  bias  ranging  from  -1  to  0  V.  This  is  in  good  agreement  with  parallel  plate 
capacitor  model  as  the  calculated  electrical  thickness  matches  the  physical  layer  thickness  (2  pm) 
[5],  The  Fermi  level  should  then  be  located  near  the  middle  of  the  bandgap,  possibly  no  deeper 
than  0.75  or  0.81  eV  below  E*..  This  is  consistent  with  the  picture  of  single  deep  trap  in  GaAs:0 
lying  below  Fermi  level  as  described  above. 

CONCLUSION 

Semi-insulating  oxygen-doped  GaAs  layers  have  been  grown  by  MOVPE  using  diethyl 
aluminum  ethoxide  (DEALO)  as  oxygen  precursor.  Resistivities  of  more  than  2xl09  Q-cm  at 
294  K  have  been  achieved.  An  activation  energy  of  0.81  eV,  which  is  related  to  the  deep  level 
structure  responsible  for  the  high  resistivity,  was  obtained  from  temperature-dependent  resistivity 
measurement.  The  deep  level  structure  was  investigated  by  DLTS  using  DEALO  and  disilane 
co-doped  GaAs  p+-n  homojunction.  Multiple  deep  level  peaks  were  observed  and  the  relative 
peak  heights  were  found  to  change  as  dopant  concentrations  were  varied.  The  major  deep  traps 
from  DLTS  spectra  have  ionization  energy  between  0.75  and  0.95  eV,  and  should  be  closely 
related  to  the  0.81  eV  activation  energy  from  resistivity  measurement. 
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ABSTRACT 


Deep  Level  Transient  Spectroscopy  (DLTS)  was  used  to  study  the  defects  introduced  in  Zn  and 
Cd  doped  Schottky  barrier  diodes  by  2  MeV  proton  irradiation.  The  defects  H3,  H4  and  H5  were 
observed  in  lightly  Zn  doped  InP,  while  only  the  defects  H3  and  H5  were  observed  in  more 
heavily  Zn  doped  and  Cd  doped  InP.  The  defect  activation  energies  and  capture  cross  sections  did 
not  vary  between  the  Zn  and  Cd  doped  InP. 

The  concentration  of  the  radiation  induced  defects  was  also  measured.  The  introduction  rate  of 
the  defect  H4  in  the  lightly  Zn  doped  InP  and  the  introduction  rate  of  the  defect  H3  in  the  heavily 
Zn  and  Cd  doped  InP  were  about  equal,  but  the  introduction  rate  of  the  defect  H5  varied  strongly 
among  the  three  types  of  material.  The  introduction  rate  of  H5  was  highest  in  the  heavily  Zn  doped 
InP  but  the  lowest  in  the  heavily  Cd  doped  InP,  even  though  they  were  doped  comparably. 

As  a  result,  the  total  defect  introduction  rate  was  lowest  in  the  highly  Cd  doped  InP. 

The  results  can  be  interpreted  in  terms  of  the  models  for  the  formation  and  annealing  of  defects, 
and  by  the  different  diffusion  rates  of  Zn  and  Cd  in  InP. 


INTRODUCTION 


The  superior  radiation  resistance  of  InP  solar  cells  has  previously  been  demonstrated,  and  has 
been  associated  with  low  defect  introduction  rates,  rapid  defect  annealing  rates  and  the  strong 
effects  of  doping  on  these  factors.!  1,2] 

However,  InP  solar  cells  are  not  immune  from  radiation  damage.  The  irradiation  induced 
defects  associated  with  the  degradation  of  InP  solar  cells  have  been  identified  by  DLTS.  In  p-type 
InP,  three  majority  carrier  traps  dominate  the  DLTS  spectra  -  H3,  at  Ev  +  0.28  eV  and  H4,  at  Ev  + 
0.37  eV,  both  of  which  are  associated  with  phosphorus  displacements  [3,4],  and  H5,  at  Ev  +  0.57 
eV,  which  is  related  to  an  indium  displacemem.[4]  The  introduction  rate  of  the  defect  H4  has  been 
shown  to  decrease  with  increasing  carrier  concentration,  possibly  due  to  self  annealing  [5],  but  the 
introduction  rate  of  H5  has  been  shown  to  increase  with  increasing  carrier  concentration, 
suggesting  that  it  may  be  a  point  defect/impurity  complex.[5] 

The  annealing  rate  of  the  defects  in  p-type  InP  is  found  to  increase  with  increasing  carrier 
concentration.[5]  H4  is  thought  to  be  eliminated  in  a  reaction  with  a  dopant  atom,  while  H5, 
whose  concentration  increases  upon  annealing,  forms  through  a  reaction  with  an  impurity  atom. 
These  observations  have  led  to  the  development  of  models  for  defects  and  defect  reactions  in  p- 
type  InP  [5],  but  with  the  exception  of  the  brief  comparison  of  introduction  rates  and  annealing 
rates  of  H3  and  H4  in  Zn  and  Cd  doped  InP  by  Sibile  et  al.]4],  the  models  have  not  been  tested  by 
the  substitution  of  different  p-type  dopants.  In  this  work  the  defects  and  their  properties  in  Cd 
doped  InP  are  studied  and  compared  with  those  in  Zn  doped  InP. 
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EXPERIMENTAL 


Schottky  barrier  diodes  were  fabricated  on  Zn  doped  InP  wafers  with  carrier  concentrations 
of  2.5  x  10l°  cm-3  and  2.5  x  1017  cm-3,  and  on  Cd  doped  InP  with  a  carrier  concentration  of 
2.5  x  1017  cm-3.  I-V,  C-V  and  DLTS  analyses  of  the  samples  were  used  to  verify  carrier 
concentration  and  diode  quality  ;  no  deep  levels  were  detected  in  the  unirradiated  diodes. 

The  Schottky  barrier  diodes  were  irradiated  at  room  temperature  with  2  MeV  protons  generated 
by  the  Van  de  Graaff  accelerator  in  the  Physics  department  at  Case  Western  Reserve  University. 
The  beam  current  was  limited  to  2  nanoamperes  to  avoid  heating  of  the  samples.The  three  types  of 
diodes  were  irradiated  to  the  empirically  determined  fluence  required  to  produce  a  good  DLTS 
spectrum.  The  lightly  Zn  doped  samples  were  irradiated  to  a  fluence  of  2  x  1012  cm-2,  the  heavily 
Zn  doped  to  a  fluence  of  2  x  1013  cm-2  and  the  Cd  doped  samples  to  a  fluence  of  5  x  1013  cm-2 . 

After  irradiation,  the  Schottky  diodes  were  analyzed  by  DLTS.  The  concentration  of  irradiation 
induced  defects,  their  energy  levels,  capture  cross  sections  and  annealing  rates  were  measured. 


RESULTS 


DLTS  spectra  from  the  lightly  Zn  doped,  the  heavily  Zn  doped  and  heavily  Cd  doped  InP  diodes 
are  shown  in  Figures  1, 2  and  3.  The  spectra  all  contain  two  major  peaks,  and  a  small  additional 
peak  appears  on  the  side  of  the  lower  temperature  peak  in  the  lightly  Zn  doped  InP  sample. 


Figure  1.  DLTS  spectrum  of  proton-damaged 
lightly  Zn  doped  InP. 


Figure  2.  DLTS  spectrum  of  proton-damaged 
heavily  Zn  doped  InP 


Figure  3.  DLTS  spectrum  of  proton-damaged  heavily  Cd  doped  InP 


The  energy  levels  of  the  traps  associated  with  the  peaks  were  determined  and  corrected  for  the 
effect  of  the  electric  field  in  the  depletion  region  on  emission  of  carriers  from  the  deep  levels. 
Corrections  were  applied  for  the  Frenkel-Poole  effect,  which  is  the  lowering  of  the  trap  potential 
barrier  for  carrier  emission  due  to  the  electric  field,  and  for  the  emission  of  carriers  by  phonon 
assisted  tunneling  out  of  the  trap  levels.[6]  The  capture  cross  section,  a,  of  the  defects  was 
measured  directly  by  the  pulse-width  variation  technique  rather  than  inferred  from  the  intercept  of 
the  activation  energy  plol[7]  The  activation  energy  and  capture  cross  section  data  appear  in 
Table  I. 


A£  Hi  eV 

0.27  ±  0.04 

0.29  ±  0.04 

AfetMeV 

0.34  ±  fl.<)5 

AE  Hi  eV  "“I 

0.54  ±  fl.06 

0.56  ±  0.02 

"5.59  ±  0.03  ““ 

oH3cm2 

9.4  x  lO-l*  ±  0.08 

1.2  x  10-18  ±  0.01 

a  H4  cm2 

1.7  x  10-17  ±  o.6 

<r0  H5  cm2 

1.3  x  I0‘ly±  0.2 

3.0  x  10-21  ±  0.5 

4.9  x  10*21  ±  12 

AE^eV  (H5  only) 

0.67  ±  G.oi  "1 

0.63  ±  0.O1 

0.04  ±  0.01  ~ 

Table  I  Activation  energies  and  capture  cross  sections  of  defects  in  proton  irradiated  InP, 

AE  is  the  activation  energy,  a  is  the  capture  cross  section,  and  AEo  is  the  activation 
energy  associated  with  the  variation  of  the  capture  crc^  section  of  HS  with  temperature. 

The  energy  level  of  the  trap  associated  with  the  major  peak  n  the  lightly  Zn  doped  InP  was 
Ev+  0.34  eV.  This  is  consistent  with  the  value  reported  for  P*  .[3]  The  capture  cross  section,  a, 
ofH4  was  1.7  x  10-17  cm2,  much  less  than  the  value  of  8  x  H>  •  S  cm2  reported  in  the 
literature.  [3]  The  values  of  capture  cross  section  in  the  literature  however  are  commonly  estimates 
from  the  intercept  of  the  activation  energy  plots  and  are  often  greatly  in  eiror.[8]  By  contrast,  the 
energy  levels  of  the  trap  associated  with  the  lower  temperature  peaks  in  the  heavily  Zn  and  Cd 
doped  InP  were  lower,  Ev  +  0.27  and  Ev  +  0.29  eV  respectively.  These  values  are  consistent  with 
the  values  reported  for  H3.[3]  The  capture  cross  sections  measured  for  H3  in  heavily  Zn  and  Cd 
doped  InP  were  9.4  x  10-19  cm2  and  1.2  x  10-18  cm2  respectively,  again  much  smaller  than  the 
value  of  6  x  10-16  cm2  reported  for  the  intercept  method.[3]  The  capture  cross  section  of  this  level 
is  also  an  order  of  magnitude  smaller  than  that  for  H4  in  lightly  Zn  doped  InP,  further  supporting 
the  identification  of  the  trap  in  the  heavily  Zn  and  Cd  doped  InP  as  H3  and  not  H4.  The  activation 
energy  and  capture  cross  section  of  the  traps,  though,  was  the  same  for  comparably  Cd  and  Zn 
doped  InP. 

The  energy  level  of  the  trap  associated  with  the  peak  at  higher  temperatures  was  Ey  +  0.59  eV 
in  the  lightly  Zn  doped  InP,  Ev  +  0.56  eV  in  the  heavily  Zn  doped  InP  and  Ev  +  0.59  eV  in  the  Cd 
doped  InP,  all  consistent  with  the  value  for  H5.  [3]  The  capture  cross  section  of  H5  varied  with 
temperature  following  an  Anrhenius  relationship  with  Oo  =  1-3  x  10-19  cm2  and  AEo  =  0.07  eV  in 
the  lightly  Zn  doped  InP,  Oo  =  3  x  10-21  cm2  and  AEo  =  0.03  eV  in  the  heavily  Zn  doped  InP, 
and  Oo  =  4.9  x  10-21  cm2  and  AEo  =  0.04  eV  in  the  heavily  Cd  doped  InP.  These  values  of  the 
capture  cross  section  are  much  smaller  than  the  value  of  6  x  10-13  cm2  estimated  by  previous 
authors  using  the  intercept  method.[3]  The  activation  energy  of  H5  is  thus  not  dependent  on  the 

type  or  concentration  of  dopant.  Although  the  values  of  Oo  are  smaller  in  the  highly  doped  InP,  it 
must  be  remembered  that  these  values  are  the  intercept  of  the  o  vs.  inverse  temperature  plot  and 
that  the  activation  energies  for  the  variation  of  the  capture  cross  section  also  vary  between  the  three 
types  of  material.  The  result  is  that  the  actual  capture  cross  section  of  H5  varied  little  between  the 


313 


three  materials. 

The  concentration  of  the  defects,  Nt,  in  the  three  types  of  samples  was  measured  and  corrected 
for  incomplete  trap  filling  near  the  Schottky  contacl[9]  Due  to  band  bending  near  the  Schoctky 
contact  some  of  the  traps  will  always  be  below  the  Fermi  level;  the  occupancy  of  these  traps  is  not 
changed  during  the  DLTS  experiment  The  corrected  irradiation  induced  defect  concentrations 
appear  in  Table  2.  The  introduction  rate  was  calculated  from  the  defect  concentration  assuming  a 
linear  relation  between  the  defect  concentration  and  the  particle  fluence. 


Heavily  Zn  doped 

Nt  cm*'-1  H3 

2.1  x  10*4±0.4 

5.2  x  10li  ±  0.45 

10.1  x  10^±L6 

Nt  cm’3  H4 

4.6x10I4±0.6 

Ntcm-3  H5 

2.5  x  1014±0.2 

5.2  x  I0li±1.4 

7.6  x  I015  ±  1.9 

$cm"2 

2x  1012 

r“  2  x  1013 

5  x  10^ 

dNt/d<t>  cm’1  H3 

183725 

25*7  ±22 

Hi  ±38 

dNtAtycnr1  H4 

229725  ™~~ 

dNt/d<t>  cm*1  H5 

il6±i4 

271770 

151  ±33 

Table  II  Defect  concentrations  and  introduction  rates  in  proton  irradiated  InP.  Nt  is  the 

defect  concentration,  $  is  the  particle  fluence  and  dNt/tty  is  the  introduction  rate 
in  defects  per  incident  proton. 


H4  was  present  only  in  the  lighdy  Zn  doped  InP.  The  defect  introduction  rate  for  H4  was  229 
per  2  MeV  proton.  H3  was  present  in  all  three  materials.  The  introduction  rates  for  H3  were  IQS, 
257  and  213  per  2  MeV  proton  in  the  lightly  Zn  doped,  heavily  Zn  doped  and  heavily  Cd  doped 
InP  respectively.  The  introduction  rate  of  H3  did  not  vary  significantly  between  die  heavily  Zn  and 
Cd  doped  InP,  but  was  higher  in  the  heavily  Zn  doped  InP  than  it  was  in  the  lighdy  Zn  doped  InP. 
This  result  is  in  contrast  with  the  result  of  Sibile  et  al.[4]  who  found  both  H3  and  H4  in  electron 
irradiated,  lighdy  Zn  and  Cd  doped  InP,  and  also  found  that  the  introduction  rate  of  H3  was  lower 
in  Cd  doped  InP  than  in  comparably  Zn  doped  InP. 

By  contrast  the  introduction  rate  of  H5  varied  significandy  in  the  three  materials.  The 
introduction  rates  for  H5  were  1 16, 271  and  151  per  2  MeV  proton  in  the  lighdy  Zn  doped  InP,  the 
heavily  Zn  doped  InP  and  heavily  Cd  doped  InP  respectively.  The  introduction  rate  of  H5  was 
significandy  lower  in  the  Cd  doped  InP  than  in  the  Zn  doped  InP  even  though  the  doping 
concentration  was  identical.  The  result  of  the  lower  introduction  rate  of  H5  in  Cd  doped  InP  is  that 
the  total  introduction  rate  of  defects  is  lower  in  the  heavily  Cd  doped  InP  than  in  comparably  Zn 
doped  InP. 

The  thermal  annealing  rates  of  the  defects  were  measured,  while  empty  of  holes,  under  3  volts 
reverse  bias,  at  temperatures  from  350-425  K.  The  data  appear  in  Table  III. 

The  annealing  rate  of  H4  was  measured  in  the  lighdy  Zn  doped  InP.  The  annealing  was  a 
reasonably  good  fit  to  first  order  kinetics.  The  annealing  rate  constant  was  determined  from  a  least 
squares  fit  to  the  data,  and  an  activadon  energy  for  the  annealing  of  1.35  ev  was  determined  from 
an  Arrhenius  plot  of  the  annealing  data. 

The  annealing  of  H3  was  a  reasonable  fit  to  first  order  kinetics,  and  the  rate  constants  were 
determined  by  a  least  squares  fit  to  the  data.  Initial  annealing  of  H3  in  the  lighdy  Zn  doped  InP 
produced  a  dramatic  growth  of  the  H3  peak  until  the  concentration  was  comparable  to  that  of  H4, 
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1 

Heavily  Zn  doped 

HHI; 

u  ijj&ii  mm 

■■■■■■ 

imiflHM  i 

5.2  x  10-5  ±  i.5 

2.1  x  10-«  ±0.2 

6.1  x  10-4  ±0.1 

AH3  400K 

1.0  x  10*3  ±0.4 

1.2x10-5  ±0.1  1 

6.0  x  10-3  ±o.5 

AH3  425K 

1.2  x  10*2  ±  0.1 

1.1  x  10-2  ±0.3 

ITTlTiBW 

|  AH4  400K 

1.0  x  10*3  ±0.4 

: 

|AH4  42$K 

1.1  x  10-2  ±0.1 

Table  (II  Annealing  rates  of  defects  in  proton  irradiated  InP. 

but  further  annealing  caused  a  reduction  of  the  concentration.  An  activation  energy  for  the 
annealing  of  1.49  eV  was  determined  from  an  Arrhenius  plot  of  the  annealing  rate  constants.  The 
annealing  of  H3  in  the  more  heavily  doped  materials  occurred  without  the  initial  increase  in 
concentration  observed  in  the  lightly  Zn  doped  InP,  and  activation  energies  of  1.10  ev  in  the 
heavily  Zn  doped  InP  and  1.01  eV  in  the  heavily  Cd  doped  InP  were  determined  from  Arrhenius 
plots  of  the  annealing  data. 

The  annealing  rate  constant  for  H3  was  not  strongly  dependent  on  dopant  concentration  in  the 
Zn  doped  InP  but  was  5  to  6  times  higher  in  the  Cd  doped  InP.  The  annealing  rate  constants  at 
400K,  for  H3  in  all  materials  in  this  work  are  considerably  less  than  the  rate  constant  1.25  x  10-2 
s-1,  measured  by  Sibile,  for  H3  at  400  K  in  electron  irradiated  InP.  [10]  The  lower  annealing  rate 
observed  here  suggests  that  proton  irradiation  damage  may  be  mote  difficult  to  anneal  than  electron 
radiation  damage. 

The  concentration  of  H5  increased  on  annealing  in  all  three  materials.  The  annealing  of  H5  was 
observed  in  all  three  materials  but  the  kinetics  were  complicated  and  no  reaction  order  or  rate 
constant  could  be  determined.  The  growth  rate  of  H5  was  highest  in  the  heavily  Cd  doped  material 
and  lowest  in  the  heavily  Zn  doped  material. 


DISCUSSION 


From  the  results  it  can  be  seen  that,  although  the  type  of  defects  vary  between  the  lightly  Zn 
and  heavily  Zn  and  Cd  doped  InP,  there  is  no  difference  between  the  defect  type,  activation  energy 
or  capture  cross  section  in  comparably  Zn  and  Cd  doped  InP.  The  difference  between  the  lightly 
Zn  doped  and  heavily  Zn  and  Cd  doped  InP,  ie.  the  absence  of  H4  in  the  heavily  doped  samples, 
can  be  understood  by  considering  the  effect  of  doping  on  the  annealing  rate  of  H4.  The  effect  of 
the  carrier  concentration  on  the  properties  of  defects  in  Zn  doped  InP  has  been  studied  by 
Yamaguchi  and  Ando.[5]  They  showed  that  the  measured  introduction  rate  of  H4  was  much  lower 
in  highly  Zn  doped  InP  when  irradiated  at  room  temperature,  but  that  it  was  independent  of  carrier 
concentration  when  irradiation  was  carried  out  at  100  K.  The  observed  introduction  rate  of  H4  thus 
was  affected  by  self  annexing  of  the  defect,  and  the  annealing  rate  increases  rapidly  with 
increasing  carrier  concentration.  In  the  present  work  H4  was  observed  only  in  lightly  Zn  doped 
InP  for  this  reason.  H4  was  annealed  out  very  rapidly  due  to  the  high  carrier  concentration  in  die 
heavily  Zn  and  Cd  doped  materials.  This  result  is  in  good  agreement  with  Yamaguchi's  work  in 
which  he  found  that  above  a  doping  concentration  of  1  x  10^  cm"  3  in  Zn  doped  InP,  the 
introduction  rate  of  H4  had  fallen  to  the  point  where  H5  was  the  major  defect[5]  The  activation 
energy  of  the  annealing  of  H4  was  measured  to  be  1 .35  eV,  in  good  agreement  with  1 .32  eV 
measured  by  Sibtie[ll]. 
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The  defect  H3  was  found  in  all  three  materials,  but  the  introduction  rate  was  lowest  in  the 
lightly  Zn  doped  InP.  Within  the  experimental  uncertanty,  the  concentration  of  H3  did  not  vary 
between  the  heavily  Zn  and  Cd  doped  InP.  The  annealing  rate  of  H3  varied  significantly  between 
the  three  materials:  it  was  highest  m  the  Cd  doped  InP  and  lowest  in  the  lightly  Zn  doped  InP.  The 
activation  energies  for  annealing  in  the  heavily  Zn  and  Cd  doped  InP  were  1.09  and  1.01  eV,  in 
reasonable  agreement  with  the  1.2  eV  measured  by  Sibile.[l  1]  The  activation  energy  for  annealing 
of  H3  in  the  Tightly  Zn  doped  InP  was  much  higher,  1.47  eV,  the  measurement  of  the  annealing 
rate  in  this  case  may  have  been  complicated  by  the  initial  growth  of  H3.  Nevertheless  the  annealing 
rate  of  H3  was  higher  in  the  Cd  doped  InP  than  in  comparably  Zn  doped  InP.  A  possible  reason 
for  this  observation  may  be  the  larger  size  and  slower  diffusion  of  the  Cd  atom.  During  irradiation 
of  InP.  Zn  or  Cd  interstitials  are  created;  the  slower  diffusion  of  Cd  than  Zn  [  12]  would  lead  to  a 
slower  loss  of  Cd  interstitials  than  Zn  interstitials  at  sinks.  If  the  annealing  of  H3  involved  the 
dopant  interstitial,  a  higher  annealing  rate  would  be  observed  in  Cd  doped  InP.  The  elimination  of 
the  related  defect  H4  by  an  interaction  with  the  dopant  atom  has  been  suggested  by  Yamaguchi.[5] 

The  introduction  rate  of  HS  was  highest  in  the  heavily  Zn  doped  InP,  lower  in  the  lightly  Zn 
doped  InP  and  lowest  in  the  heavily  Cd  doped  InP.  The  introduction  rate  of  H3  has  been  observed 
to  increase  with  increasing  doping  concentration  by  Yamaguchi,  who  identifies  H5  as  an 
impurity/defect  complex.  The  fact  that  the  introduction  rate  is  lower  in  Cd  doped  InP  than  in 
comparably  Zn  doped  InP,  may  again  be  due  to  the  slower  diffusion  of  the  Cd  atom.  If  HS  is  a 
dopant/defect  complex  the  slower  diffusion  of  Cd  could  limit  its  formation  and  thus  its  introduction 
rate.  The  annealing  rate  of  HS,  although  of  a  complex  order,  was  slowest  in  the  highly  Zn  doped 
InP,  faster  in  the  lightly  Zn  doped  InP,  and  fastest  in  the  Cd  doped  InP.  This  may  also  be  a  result 
of  the  slow  diffusion  of  Cd  limiting  the  room  temperature  formation  rate  of  HS:  a  larger 
concentration  of  the  unreacted  constituents  for  HS  may  be  available  in  the  Cd  doped  InP,  and  thus 
on  annealing  it  grows  at  the  most  rapid  rate. 


CONCLUSIONS 

The  energy  levels  and  capture  cross  sections  of  irradiation  induced  defects  in  InP  are  not  affected 
by  the  substitution  of  Cd  for  Zn.  However,  the  introduction  rate  of  defects  is  lower  in  heavily  Cd 
doped  InP  than  in  comparably  Zn  doped  InP.  The  annealing  rate  of  defects  is  also  higher  in  the  Cd 
doped  InP.  These  results  suggest  that  the  effect  of  dopant  type  on  defects  in  p-type  InP  is  limited  to 
the  rate  of  formation  and  annealing  reactions,  as  the  energy  levels  and  capture  cross  sections  are 
not  affected  by  the  substitution  of  Cd  for  Zn.  Nonetheless  the  effect  of  Cd  doping  is  to  reduce  the 
defect  introduction  rate,  and  thus  Cd  doped  InP  may  allow  the  fabrication  of  even  more  highly 
radiation  resistant  InP  solar  cells. 
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The  theory  of  rate-earth  impurities  in  aemicooductora  i*  reviewed.  Result*  of  Green’s  function 
calculations  are  presented.  The  particular  case  of  Ytterbium  (Yb)  in  InP  is  analyzed  in  detail.  We 
show  that  the  optical  transitions  of  Yb  in  InP  and  their  Zeeman  splitting  can  be  interpreted  by  a 
small  coupling  between  quasi  degenerate  Sd  and  4f  states.  It  also  explains  die  observed  lifetimes. 
This  model  is  coherent  with  the  attribution  of  the  E^-30  me V  level  to  the  Yb^/Yb2*  acceptor  level 
as  proposed  recently.  We  detail  die  mechanism  which  allows  the  energy  transfer  between  a  free 
excitoo  and  the  rare-earth  impurity.  The  conditions  required  for  an  efficient  luminescence  are  ana¬ 
lysed. 

I -INTRODUCTION 

The  introduction  of  rare-earth  impuritiea  in  semiconductors  is  of  technological  interest  for  their 
potential  optical  properties.  Rare-earth  doped  semiconductors  can  emit  light  under  optical  or  elec¬ 
trical  excitation  The  emission  is  characterized  by  lines  corresponding  to  intra-4f-shell  transitions. 
These  lines  are  very  sharp  because  4f  states  remain  atomic-like,  Le.  the  coupling  with  other  valence 
states  is  smalL  However,  this  coopting  is  essential  because  it  allows  die  transfer  of  energy  between 
free  eacitons  and  4f  internal  excitations  which  explains  the  luminescence  of  rsre-earth  impurities  in 
semiconductor*.  The  mechanism  of  the  energy  transfer  i»  not  yet  definitely  understood  [1],  The  aim 
of  this  paper  is  to  discuss  die  theory  of  rare-earth  impuritiea.  In  a  first  part,  we  present  results 
obtained  using  a  tight  landing  Green’s  function  calculation.  Chemical  trends  of  rare-earth  impuri¬ 
ties  are  analyzed  and  compared  to  other  independent  studie*.  In  the  following  parts,  we  concentrate 
oa  the  cate  of  Ytterbium  in  InP  for  which  the  experimental  data  are  the  most  important  We  show 
that  the  attribution  of  the  E^-30  meV  level  to  die  Yb^/Yb2*  acceptor  level  and  a  small  4f-5d  cou¬ 
pling  coherently  explain  the  Zeeman  splitting  of  the  luminescence  lines,  the  radiative  lifetime,  die 
delocalization  of  the  4f  excited  level  and  the  mechanism  of  the  energy  transfer. 

H  -  CHEMICAL  TRENDS 

In  this  section,  we  summarize  die  main  results  of  a  tight  binding  calculation  of  the  electronic 
structure  of  substitutional  rare-earth  impurities  in  semiconductors.  Details  have  already  been  pub¬ 
lished  elsewhere  [2].  Par  most  of  the  free  rare-earth  atoms,  the  valence  electronic  configuration  can 
be  written  as  4f“*16sJ.  As  mentioned  already,  the  4f  orbitals  are  very  contracted  on  the  atom  and 
therefore  can  be  considered  in  «  first  approximation  as  a  frozen  cere.  In  contrast,  the  6s  shell  is  very 
extended.  In  the  free  atom,  the  5d  shell  is  usually  empty  but  in  compounds  -  in  rare-earth  metals  for 
example  -,  Sd  states  participate  to  the  hooding  end  some  4f  electrons  can  be  transferred  to  the  Sd 
shell.  Note  that  Sd  orbitals  are  more  extended  than  3d  states  of  transition  metal  stoma  for  compari¬ 
son. 

In  our  tight  binding  framework,  the  rare-earth  atom  is  represented  by  4f,  5d  and  6e  orbitals  and 
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Fig.  1:  level  structure  in  the  defect  molecule  model. 

atom*  of  the  semiconductor  by  >  and  p  orbitals.  The  calculation  is  done  for  the  three  possible  fro¬ 
zen  4f  configurations,  4f”"1, 41*  and  4fM>1.  As  tile  neutral  valence  population  of  rare-earth  atoms  is 
n+3,  these  correspond  to  4+,  3+  and  2+  oxidation  states  because  it  is  usually  assumed  that  elec¬ 
trons  of  the  Sd  and  6s  shells  are  transferred  to  tile  more  electronegative  neighbor  atoms.  The  6s 
orbitals  are  so  extended  that  they  strongly  interact  with  s,p  states  of  the  neighbors.  In  conse¬ 
quence.  the  6s  density  is  equally  shared  between  the  valence  and  conduction  band  leading  to  a  6s1 
configuration  [2].  So  it  we  are  left  with  the  problem  of  the  Sd  states  which  is  quite  similar  to  the 
one  of  transition  metal  impurities  [3]. 

Figure  1  summarizes  the  situation  for  the  Sd  states  of  rare-earth  impurities  at  substitutional  cat¬ 
ion  sites.  Sd  states  transform  like  e  and  t2  in  Tj  symmetry.  Doubly  degenerate  e  states  remain 
nearly  uncoupled  (they  are  uncoupled  in  a  simple  molecular  model  where  only  d  atomic  orbitals 
and  sp3  hybrid  states  on  the  neighbor  atoms  are  taken  into  account  [3]).  tjCSei)  states  interact  with 
the  tj  combinations  of  sp3  states  on  the  neighbor  atoms.  This  leads  to  triply  degenerate  bonding  t2 
and  antibonding  t2*  states.  In  the  case  of  transition  metal  impurities,  e  or  tj*  states  can  be  in  the 
forbidden  gap  [3],  For  rare-earth  impurities,  we  obtain  no  gap  levels  in  most  cases.  The  reason  is 
twofold:  first,  the  3d  level  is  very  high  in  energy  and  secondly,  the  coupling  between  d  states  and 
s,p  neighbor  states  is  ~  2.5  times  larger  far  rare-earth  impurities  than  far  transition  metal  impuri¬ 
ties  [2}.  The  tj  level  is  always  in  the  valence  band  (at  least  in  the  3+  oxidation  state)  and  the  e  and 
tj*  states  are  always  in  the  conduction  band.  The  charge  state  of  the  defect  is  entirely  determined 
by  the  number  of  4f  electrons.  For  example,  a  rare-earth  in  a  3+  oxidation  state  is  neutral  in  a  HI- 
V  compound,  negatively  and  positively  charged  respectively  in  IV  and  II- VI  semiconductors. 

We  have  also  calculated  the  number  of  4f  electrons  corresponding  to  the  stable  configuration. 
This  requires  the  knowledge  of  the  ionization  levels  E,m.i 

£«,*-i  "  E(m)-E(m-1)  (1) 

where  B(m)  is  the  total  energy  of  the  impurity  in  the  4f*  configuration.  The  position  of  the 
Fermi  level  Bp  with  respect  to  the  ionization  level  determines  the  stable  configuration.  If  Ep  is 
lower  than  B_  the  4f*"1  configuration  is  the  stable  one  otherwise  it  is  4f“.  We  have  calculated 
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Fig.  2:  trenda  in  the  E(2+,3+)  and  E(3+,4+)  Levels  for  different  semiconductors. 

the  levels  for  m  =  n  and  m  «  n+1  which  can  be  more  conveniently  written  E(3+/4+)  and  E(2+/3+) 
making  reference  to  the  oxidation  states.  Results  are  plotted  on  Figure  2  for  Si,  InP  and  CdTfc. 
These  can  be  plotted  on  the  tame  diagram  because  we  have  verified  that  the  trends  along  the  rare- 
earth  series  are  identical  within  0.2  eV  irrespective  otf  tbe  host  except  for  a  rigid  shift  of  the  band 
structure.  The  same  kind  of  result  has  been  obtained  for  transition  metal  impurities  in  semicon¬ 
ductors.  It  ia  due  to  the  efficient  screening  in  the  d  shell  of  such  systems  [4], 

We  aee  on  Figure  2  that  the  E(3+/4+)  level  ia  always  in  the  valence  band  and  die  E(2+/3+) 
level  ia  in  the  conduction  band  except  for  few  exceptions.  It  means  that  the  3+  state  is  the  stable 
one.  hi  the  case  of  Sm,  Yb,  Tm  and  Eu,  the  2+  state  ia  passible.  The  comparison  with  experimen¬ 
tal  data  ia  not  really  meaningful  because  the  lattice  position  of  the  impurity  is  usually  not  known. 
However,  we  can  mention  that  in  m-V  materials,  one  observes  Er3*  in  InP  [5],  GaAs  [6][7]  and 
GaP  [61;  Nd**  in  GaAs  [6]  and  GaP  [6];  Tm3*  in  GaAs  [61  and  Pr3*  in  GaP  [8],  Yb3*  in  GaAs 
[9],  GaP  [9]  and  in  InP  [10][11].  Our  results  agree  with  these  observations.  Note  however  that  our 
Yb(2+/3+)  level  in  InP  is  practically  degenerate  with  die  bottom  of  the  conduction  band.  In  II- VI 
semiconductors,  Nd3*,  Gd3*,  Er3*  and  Eu2*  have  been  found  in  CdTe  in  accordance  with  our  cal¬ 
culation  [121(13].  Yb  is  seen  in  die  3+  state  in  CdTb  while  we  predict  a  2+  state.  We  must  men¬ 
tion  that  we  do  not  expect  an  accuracy  of  our  levels  better  than  0.S  e V  even  if  we  believe  that  Fig. 
2  gives  the  correct  trends  along  the  series.  This  uncertainty  is  due  in  particular  to  the  importance 
of  correlation  effects  in  die  electronic  structure  of  4f  states.  This  is  a  very  complex  problem  and 
these  correlation  effects  cannot  presently  be  calculated  accurately  even  using  the  best  local  den¬ 
sity  techniques. 

Recently,  using  these  results  and  the  analogy  with  transition  metal  impurities,  Langer  has 
shown  that  the  ionization  energies  follow  a  unique  curve  along  the  rare-earth  series  in  a  class  of 
isovalent  semiconductors  provided  that  the  band  structures  are  shifted  by  their  natural  band  off- 


sets  [14].  Therefore,  the  experimental  knowledge  of  one  ion  nation  level  of  one  rare-earth  impu¬ 
rity  allow*  to  poeition  accurately  the  ionization  levels  for  the  whole  rare-eerth  seriea  in  ieovalent 
eemiconductora.  For  example,  he  has  found  that  our  E(2+/3+)  level  should  be  shifted  upwards  by 
0.6eV  in  the  II- VI  compounds  [14], 

Recently,  results  of  a  local  density  calculation  of  Er  in  silicon  at  substitutional,  interstitial  and 
hexagonal  interstitial  sites  have  been  published  [15],  The  4f  shell  is  also  treated  as  a  frozen  core 
since  the  coupling  of  the  4f  orbitals  with  the  host  is  small  [16],  The  total  energy  is  determined  for 
different  oxidation  states.  It  is  found  that  the  3+  oxidation  state  is  always  the  stable  one.  The  6s 
density  is  shared  between  this  valence  and  conduction  bands  and  the  5d  atomic  state  is  high  in  the 
conduction  band  for  the  substitutional  impurity.  All  these  results  are  in  agreement  with  ours.  The 
tetrahedral  interstitial  site  is  found  to  be  the  stable  one.  We  must  mention  however  Oat  die  lumi¬ 
nescent  Erbium  in  silicon  seems  to  be  a  complex  with  oxygen  [163(17]. 

Ill  Ytterbium  in  InP 

Yb  in  InP  has  been  extensively  studied  because  it  can  be  easily  introduced  in  the  material  and 
because  there  is  experimental  evidence  that  it  occupies  a  substitutional  cation  site  [11][18].  It 
gives  a  strong  luminescence  at  ~  1.23  eV  which  is  interpreted  as  the  transition  between  die  spin- 
orbit  split  4f  levels  — »  ^/j  of  Yb3*  [1][U]  (Yb*4-  has  13  electrons  in  the  4f  shell  which  cor¬ 

responds  to  one  hole  in  the  closed  shell).  The  mechanism  which  allows  the  energy  transfer  from  a 
free  exciton  to  the  4f  shell  is  still  unclear.  It  must  obviously  imply  some  coupling  between  the  4f 
orbitals  and  the  host  Therefore  we  need  to  go  beyond  the  model  of  the  frozen  4f  core.  Similarly,  a 
study  of  the  Zeeman  splittings  <rf  the  luminescence  lines  shows  that  the  excited  state  2F5fl  must  be 
delocalized  by  25%  [11]  (die  ground  state  has  an  orbital  reduction  factor  of  only  5%).  This 
large  delocalization  has  to  be  explained.  In  the  following,  we  analyze  these  points  in  the  light  of 
the  tight  binding  model  described  above. 


The  knowledge  of  the  electronic  structure  of  Yb  in  the  bandgap  of  InP  is  of  prime  importance 
to  interpret  the  luminescence.  An  acceptor  level  has  been  measured  at  E^.  -  30  meV  [19].  Its  origin 
is  still  a  matter  of  controversy.  With  Electron  Paramagnetic  Resonance,  the  signal  of  Yb3*  is 
observed  both  in  p-type  and  n-type  materials  [10].  It  was  deduced  that  the  acceptor  level  is  not  the 
Yb(2+/3+)  level  [10].  However,  very  recently,  Bohnert  et  si.  have  suggested  that  inhomogeneities 


Fig.  3:  the  polarizability  of  the  core  of  the  RE  pushes  traps  towards  the  bandgap. 
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in  the  sample  could  explain  the  observation  of  Yb3*  in  n-type  samples  snd  that  in  fact  the  accep¬ 
tor  level  would  be  the  Yb(2-+/3+)  level  [30].  Therefore,  other  experimental  studies  are  necessary 
to  conclude.  A  hole  trap  at  By  +  50  meV  is  also  reported  [31].  Since  our  calculation  does  not  pre¬ 
dict  any  level  in  the  bandgap,  the  origin  of  these  traps  must  be  discussed, 

As  mentioned  already,  our  calculation  gives  a  Yb(2+/3+)  level  very  dose  to  the  bottom  of  the 
conduction  band.  Therefore  the  assignation  of  the  acceptor  level  to  Yb(2-f/3+)  is  possible  taking 
into  account  the  accuracy  of  our  results  [20]. 

Another  possibility  is  to  suppose  that  the  traps  correspond  to  Sd  derived  levels.  In  effect,  the 
!e(5d)  level  could  be  the  acceptor  level  and  the  tj  level  die  hole  trap  (our  calculation  gives  for 
Yb**  the  tj  level  at  -  By  -  0.5  eV,  e  at  -  + 1.5  eV  and  tj*  at  ~  ^  +  4.0  eV).  Recently,  we  have 

shown  that  the  lattice  distortion  could  not  explain  the  presence  of  the  observed  levels  [22],  hi  the 
same  paper,  we  have  discussed  in  detail  the  influence  of  the  polarizability  on  the  5d  levels.  We 
find  that  the  core  of  the  rare-earth  atom  is  very  polarizable .  The  interesting  point  is  that  this  leads 
to  a  potential  attractive  for  both  an  electron  and  a  hole.  Therefore,  the  electron  and  hole  levels  are 
pushed  towards  the  bandgap  (see  Figure  3).  This  effect  is  not  included  in  our  tight  binding  calcu¬ 
lation  (it  would  be  present  only  in  a  GW  calculation).  Using  a  simple  model  [22],  we  obtain  that 
the  e(5d)  level  shifts  from  E^  +  1.5  eV  to  E^  +  0.2V  snd  the  tj  level  from  E*  -  0.5  eV  to  E,  -  0.2 
eV  for  Yb3*  in  InP.  Therefore  the  core  polarizability  can  possibly  push  5d  states  into  the  bandgap. 
However,  our  calculation  is  too  simple  and  a  mere  accurate  treatment  is  necessary  to  conclude. 


In  this  part,  we  want  to  study  the  physical  origin  of  the  huge  delocalization  of  the  2F5/2  state. 
Before  discussing  this  point,  let  us  summarize  the  present  models  proposed  far  the  excitation  of 
the  luminescence.  The  situation  is  described  on  the  total  energy  diagram  of  Figure  4.  The  mecha¬ 
nisms  proposed  in  the  literature  can  be  decomposed  into  different  steps  [1][20][24],  First,  an  elec¬ 
tron-hole  pair  is  created  in  the  semiconductor.  Then,  the  electron  is  captured  an  the  acceptor  level 
stEc-30  meV  (AE).  The  defect  is  now  negatively  charged  and  can  capture  a  hole  by  Coulomb 
attraction  (BE  on  Figure  4).  Then  the  energy  is  transferred  to  the  4f  shell  leaving  an  excited 
Yrf+fr5P)  impurity.  Finally,  die  relaxation  2Fj/j  —>  2F7/2  occurs  by  emission  of  s  photon.  As 
already  discussed,  in  refs.  [1][10]  the  acceptor  level  is  an  isovalent  state  while  in  ref.  [20],  it  is  the 
Yb(2+/3+)  level. 

We  have  shown  in  a  previous  paper  diet  the  delocalization  of  25%  in  the  excited  state  2F$£  can 
be  qualitatively  interpreted  using  simple  perturbation  theory  [23].  In  the  frozen  core  approxima¬ 
tion,  die  2Fj/2  and  states  are  pure  4f  states .  If  we  allow  some  perturbation  V  not  included  in 
thi*  scheme,  the  orbital  reduction  factor  will  be  proportional  to  V/A  where  A  is  some  average  dis- 
tance  in  energy  between  the  4f  state  and  the  other  states  with  higher  energy.  From  Figure  4,  we 
see  that  the  *Psn 1(11(6  i*  much  closer  to  the  other  states  -  in  particular  to  the  continuum  •  than  the 
2F7/j  state.  Therefore,  die  delocalization  must  be  more  important  in  the  state  than  in  the  2F7/ 
2  state. 

Obviously,  if  the  previous  model  explains  the  delocalization,  it  does  not  give  the  nature  Of  the 
coupling  V.  We  have  also  recently  proposed  a  simple  model  of  the  electronic  structure  of  Yb 
which  explains  both  the  delocalization  and  die  Zeeman  splittings  of  the  4f  states  [22].  Here  we 


Fig.  4:  Total  energy  diagram  characteristic  of  Yb  in  InP 


describe  this  model  and  we  try  to  connect  it  with  die  total  energy  diagram  of  Pig.  4  (this  compari¬ 
son  was  not  pertormed  in  ref.  [22]  because  only  preliminary  results  were  given).  It  starts  from  the 
tight  binding  model  described  in  section  I  but  with  die  introduction  of  die  coupling  of  the  4f  orbit¬ 
als  to  the  host  states .  Because  Yb5*  has  13  electrons  in  the  4f  shell  corresponding  to  one  hole  in  the 
closed  shell,  the  problem  is  treated  using  one-electron  theory.  We  have  only  to  remember  that 
going  from  a  one-electron  energy  diagram  to  a  total  energy  diagram,  we  have  to  invert  all  the  ener¬ 
gies  since  we  are  dealing  with  a  hole. 

The  coupling  of  the  4f  states  can  have  two  origins.  A  first  one  is  the  coupling  with  the  s.p  orbit¬ 
als  of  the  nearest  neighbors.  In  ref.  [23],  we  have  shown  that  this  is  very  small.  A  second  origin  is 
the  crystal  field.  The  crystal  field  leads  to  two  kinds  of  perturbations.  First,  there  are  terms  within 
the  4f  states  which  simply  split  the  levels.  This  does  not  induce  a  delocalization  of  the  4f  states. 
Secondly,  the  crystal  field  couples  4f  states  to  states  of  different  atomic  multiplets  with  similar  rep¬ 
resentations.  In  our  case,  there  can  be  a  coupling  between  4f  and  3d  states.  As  seen  in  section  I,  die 
Sd  orbitals  are  actually  spread  into  the  tj  bonding  and  tj*  antibonding  states  (Fig.  1).  Therefore, 
there  is  a  coupling  between  4f  states  of  tj  symmetry  with  the  1 2  and  t^*  states  (see  Fig.  3). 

The  coupling  of  the  4f  states  must  be  very  small  otherwise  the  observed  2F$/2  — >  2F7/2  transition 
energy  would  not  be  close  to  the  one  in  the  free  Yb3*  ion.  This  is  due  to  the  screening  of  the  crystal 
field  by  the  5s25ps  shell  whose  maximum  is  outside  die  4f  shell  [25].  The  estimation  of  die  effect 
of  the  crystal  field  is  not  easy.  In  consequence,  we  have  fitted  to  die  experimental  data  on  the  Zee- 
man  splittings  of  the  luminescence  lines  [11],  Details  of  the  calculation  are  given  in  the  Appendix. 

The  results  are  summarized  cm  Figure  5.  Small  letters  represent  one -electron  states.  The  main 
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Fig.  S  (left):  electronic  structure  in  a  one  electron  model  including  the  coupling  between  4f  and 
Sd  states  obtained  by  fitting  the  Zeeman  splittings  of  the  luminescence  lines.  Fig.  6  (right):  equiv¬ 
alent  total  energy  diagram  when  Yb(2+/3+)  is  the  acceptor  level  and  the  bole  is  localized  on  the  tj 
bonding  level. 

results  of  the  fit  are  that  we  obtain  die  level  very  close  to  the  tj  bonding  level  and  the  final 
average  splitting  between  the  ^5/2  and  ^  levels  is  of  the  order  of  70  meV  (in  fact,  there  is  only  a 
coupling  between  states  of  F8  symmetry  in  the  double  group  representation  and  levels  are  also  split 
by  the  crystal  field:  see  Appendix  far  details).  Therefore,  even  if  the  interaction  between  these  two 
levels  is  small  (~  3S.3  meV),  the  delocalization  of  some  tsq  5tfltes  can  reach  20%  on  the  t2  bond¬ 
ing  states.  In  contrast,  since  the  states  are  far  in  energy  from  the  ^  and  tj*  stales,  they  remain 
localized  on  the  4f  shell.  We  conclude  that  the  delocalization  of  the  ^5/2  state  and  the  Zeeman  split 
tings  of  the  luminescence  lines  [11]  are  interpretable  by  a  quasi  degeneracy  and  a  small  coupling  of 
the  ^5/2  and  t2  levels.  This  model  also  explains  the  PS-IB  level  reversal  observed  within  the  ^5/2 
state  [11]  (see  Appendix). 

If  the  one-electron  model  explains  well  some  experimental  observations,  it  is  essential  to  verify 
how  it  is  compatible  with  the  total  energy  diagram  of  Figure  4.  We  need  to  look  at  the  nature  of  the 
coupling  of  the  ^5 n  state  wifi)  states  of  higher  energies  (BE,  AE  and  the  continuum  on  Figure  4). 
We  analyze  the  two  possible  situations  for  the  acceptor  level  (AE)  at  ^  -  30  meV  discussed  in  sec¬ 
tion  IQ.1.  In  the  first  model,  the  accepter  level  is  not  the  Yb(2+/3+)  level,  i.e.  it  is  an  electron  trap 
on  a  level  different  from  the  4f  level  (isoelectronic  trap)  [1][10].  After  capture  of  a  hole,  the  defect 
corresponds  to  a  bound  exdton  (BE  on  Figure  4).  In  teat  case,  the  many-electron  wave  functions  of 
the  2Fj/2  and  BE  states  (or  AE  +  a  free  hole  in  the  valence  band)  differ  by  two  single  particle  states. 
Therefore,  their  coupling  cannot  be  described  by  a  one-electron  matrix  element  as  described  above. 
Of  course,  there  could  be  one-electron  couplings  with  states  in  resonance  in  the  continuum  but  the 
difference  in  energy  between  these  states  and  the  2Fj/2  state  should  be  at  least  equal  to  1.43  - 1.24  - 
0.03  =  0.160  eV  which  is  too  large  compared  to  the  70  me  V  splitting  obtained  from  the  fit  of  Zee- 
man  lines  (it  is  0. 160  eV  because  there  is  actually  a  continuum  above  tire  AE  level  on  Figure  4  cor¬ 
responding  to  an  electron  on  the  electron  trap  and  a  free  hole  in  the  valence  band).  We  conclude 
teat  the  model  of  the  isoelectronic  trap  is  not  compatible  with  the  one-electron  model. 


-1 


E 


•S3 


10 

10 

10 

10 

10 

10 

10 


-2.01.5  -1.0  -0.5  0.0  0.5  1.0  1.5  2.0 


Ef(5/2)  -  Eg  (eV) 

Fig.  7:  lifetime  for  the  excited  state  2Fj£  as  function  of  the  position  of  the  ^5/2  level  with  respect 
to  the  t2(5d)  level  (continuous  line  T  =  30  K,  dashed  line  T  =  305  K).  The  arrow  corresponds  to  the 
case  of  Yb  as  obtained  from  the  fit  of  the  luminescence  lines. 


The  second  model  far  die  acceptor  level  is  the  4f  level  Yb(2+/3+)  (Figure  6)  [20],  The  bound 
exciton  (BE)  corresponds  to  Yb2*  with  a  hole  on  some  bound  state  [20].  In  that  case,  the  2P5f2  and 
BE  many-electron  wave  functions  only  differ  by  one  single  particle  state.  The  coupling  between  the 
two  is  just  the  one-electron  matrix  element  between  a  4f  state  and  the  hole  bound  state.  Therefore  it 
coincides  with  our  one-electron  coupling  parameter  V  if  die  hole  bound  state  isthe^  bonding  state. 
The  difference  between  the  2Pjff  and  BE  levels  would  be  equal  to  -  70  meV.  Since  the  difference  in 
energy  between  die  ^5 #  and  AE  levels  is  equal  to  ~  160  meV  (Figure  4  and  6),  it  means  that  the 
binding  energy  of  the  hole  would  be  of  the  order  of  160  -  70  =  90  meV.  It  is  a  quite  large  value 
which  corresponds  to  an  already  deep  level.  This  would  be  compatible  with  a  tj  bonding  level  -  90 
meV  above  the  valence  band  in  the  one-electron  model.  An  important  point  is  that  it  is  the  tj  ioniza¬ 
tion  level  for  Yb2*.  So  we  have  done  again  the  Green’s  function  calculation  for  Yb2*.  We  obtain 
that  die  t£  bonding  level  is  in  the  bandgap,  close  to  the  top  of  the  valence  band.  This  is  due  to  the 
fact  that  the  5d  energy  is  higher  for  Yb2*  than  for  Yb2*.  Therefore  the  model  of  Yb(2+/3+)  at  1^.  - 
30  meV  plus  a  hole  trap  far  Yb2*  [20]  is  supported  by  our  calculation. 

In  the  last  model,  die  mechanism  of  energy  transfer  is  quite  simple  (see  Fig.  4  and  5).  After  exci¬ 
tation  of  an  electron-hole  pair,  die  electron  is  trapped  on  the  Yb(2+/3+)  acceptor  level.  The  impu¬ 
rity  is  in  the  oxidation  state  Yb2*  and  is  negatively  charged.  Then  the  hole  can  be  captured  on  the  tj 
bonding  level  which  is  relatively  deep  in  the  bandgap  (~  By  +  90  meV).  The  hole  is  easily  trans¬ 
ferred  non  radiatively  to  die  *f level  because  there  is  a  small  coupling  between  the  quasi  degener¬ 
ate  %/2  and  t2  states  (Fig.  5).  Finally,  the  hole  relaxes  to  the  states  by  emission  of  a  photon. 
This  gives  a  coherent  microscopic  model  for  the  mechanism  proposed  by  Bohnert  et  al.  [20]. 


nr  3  Optical  murig  elements  for  Yb  in  InP 

With  the  one-electron  wave  functions  calculated  with  the  Hamiltonian  described  above,  we  have 
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computed  the  optical  matrix  elements  using  atomic  orbitals  [26].  Lifetimes  are  obtained  from  the 
Fermi  Golden  rule  assuming  a  Boltzmann  distribution  in  the  excited  states  [27],  The  essential 
point  is  that  optical  matrix  elements  are  non  vanishing  only  between  4f  and  Sd  atomic  orbitals  of 
the  rare-earth.  We  calculate  a  lifetime  between  6  |is  and  2  [is  depending  on  the  temperature.  This 
is  in  agreement  with  the  experimental  lifetime  of  the  luminescence  of  10  (is  [28].  We  interpret  this 
quite  short  and  unusual  lifetime  for  a  rare-earth  impurity  to  the  delocalization  of  the  *f states  on 
t2  Sd  states.  Indeed,  for  another  rare-earth  impurity,  the  ^5/2  and  tj  levels  have  no  reasons  to  be 
quasi  degenerate.  On  Figure  7,  we  plot  the  lifetime  when  we  shift  the  H'sn  level  with  respect  to  the 
t2  level.  We  see  that  very  quickly,  the  lifetime  is  of  the  order  of  1-10  ms,  in  agreement  for  example 
with  the  estimated  lifetime  of  ~  1  ms  for  Er  in  InP  [28]. 

Very  recently,  Bohnert  et  al.  [20]  have  observed  using  time-resolved  photoluminescence 
another  broad  emission  of  light  between  ~  1.31  eV  and  ~  1.23  eV  connected  to  Yb  in  InP  which 
they  attributed  to  a  donor-acceptor  like  transition.  Assuming  a  donor  D  at  a  distance  R  away  from 
the  Yb  ion,  such  transition  would  correspond  to 

D°  +  y*3+(V5/2J  ->D*  +  Yb2*  +  hv  (R)  (2) 

and  woiild  be  in  competition  with  the  “normal*’  transition 

yb3+(Vs/2J->yb3+(2F7/2J.  C3) 


In  the  following,  we  show  that  the  efficiency  of  the  transition  (2)  is  negligible  compared  to  (3) 
and  propose  an  alternative  explanation.  We  have  just  seen  that  the  transition  (3)  is  slightly  allowed 
because  there  is  some  3d  mixing  in  the  % /j  states.  The  transition  (2)  corresponds  to  the  transition 
of  an  electron  from  a  donor  state  to  the  very  localized  4f  state.  In  the  most  favorable  case,  the 
probability  of  transition  for  process  (2)  is  the  one  of  process  (3)  multiplied  by  the  weight  of  the 
donor  envelope  function  on  the  rare-earth  atom.  This  factor  is  equal  to 


8jt\a. 


(4) 


where  R  is  the  distance  between  the  rare-earth  impurity  and  the  donor,  a  is  the  effective  Bohr 
radius  and  c  is  the  cubic  lattice  constant  of  InP.  Eqn.  (4)  gives  a  factor  1.23  x  10"5  for  R  =  0  and 
2.04  x  10-6  for  R  being  the  average  distance  between  donor  atoms  for  a  donor  concentration  N  = 
5. 1017  cm-3  used  in  ref.  [20]  (R  -  (3/4itN)w).  We  see  that  in  any  case  the  process  (3)  is  strongly 
favored  and  (2)  is  unlikely. 

Instead  of  transition  (3),  we  propose  that  the  observed  emission  corresponds  to  the  relaxation  of 
a  hole  from  the  tj  bonding  level  to  the  ^7/2  level  (see  Figure  3).  The  probability  of  emission  is  of 
the  same  order  than  the  2f$/2  -  ^7/2  transition  since  and  t2  states  are  mixed  (the  probability  is 
even  higher).  The  energy  of  the  transition  would  be  ~  1.24  +  0.07  =  -  1.31  eV  (Figure  5).  With  a 
broadening  and  a  Franck-Condon  shift  induced  by  a  possible  electron-phonon  coupling  occurring 
in  the  t2  states,  this  could  explain  the  photon  emission  between  -  1.31  eV  and  -1.23  eV.  Of  course 
other  studies  are  necessary  to  confirm  this  interpretation. 
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Pig.  8  :  electronic  structure  in  the  defect  molecule  model.  The  case  (a)  only  includes  the  effect 
of  the  crystal-field  within  4f  states.  Case  (b)  includes  the  effect  of  the  crystal-field  within  4f  states 
and  the  coupling  V  to  the  5d  states  (mainly  to  the  tj  bonding  state). 

IV  CONCLUSION 

We  have  presented  a  Green’s  function  calculation  of  the  electronic  structure  of  substitutional 
rare-earth  impurities  in  semiconductors.  We  have  shown  that  the  luminescence  of  Yb  in  InP  can  be 
explained  by  the  quasi  degenerescence  of  the  %£  and  t2(5d)  levels  and  by  the  assignation  of  the 
acceptor  level  to  the  Yb(2+/3+)  level  as  recently  proposed  by  Bohnert  et  al.  [20]. 

APPENDIX:  Detailed  model  of  the  Zeeman  splittings  of  the  luminescence  lines 

Here  we  give  details  on  the  calculation  of  the  coupling  between  Sd  and  4f  states.  It  can  be  sim¬ 
plified  using  group  theory.  In  Td  symmetry,  f  states  transform  like  a]  (non  degenerate),  t2  and  tj 
states  (triply  degenerate)  while  d  states  behave  like  e  and  t2-  First,  the  crystal  field  splits  states  of 
different  representations,  i.e.  tj,  tj  and  tj  4f  states  have  no  longer  the  same  energies.  Secondly,  as 
discussed  previously,  it  couples  the  Sd  and  4f  states.  In  the  present  case,  only  the  Sd  and  4f  states 
of  tj  symmetry  can  be  coupled.  Let  us  call  V  this  coupling.  If  we  define  by  a2  the  localization  of 
the  t2  bonding  state  on  the  Sd  orbitals,  the  localization  of  the  t2*  antibonding  state  is  approximately 
equal  to  1-  a2  (strictly  speaking,  this  is  only  valid  in  the  molecular  model  [3]).  Therefore  the  cou¬ 
pling  of  the  4f  orbitals  of  t2  symmetry  with  the  t2  and  tj*  states  is  respectively  equal  to  aV  and  (1- 
a?)1/2V.  The  4f  states  are  also  split  by  the  spin-orbit  coupling  xJ  /  •  . 

We  write  the  Hamiltonian  matrix  in  the  basis  of  the  4f,  t2  and  t2*  spin  states.  The  e(Sd)  states  are 
not  included  because  they  do  not  interact  with  4f  states.  The  energy  of  the  ^  bonding  state  is  taken 
as  reference.  The  diagonal  terms  of  the  matrix  are  Et ,  E .  the  energies  of  the  t2  and  t2*  5d  states 
and  Egg,  E^,  Eftj  the  energies  of  the  4f  states  respectively  of  t2,  at  and  ti  symmetry  (they  are  dif¬ 
ferent  because  of  the  crystal  field).  For  convenience,  we  write:  E&i  =  Efe  +  and  Eftl  =  + 

Aq,!.  The  difference  E  ,-E.  =  5.98eV  and  a2  =  0.38  are  obtained  from  the  Green’s  function 
*2  2 
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Fig.  9:  Zeeman  splitting  of  the  HK^sg)  F6  (^7/2)  transition  in  high  magnetic  fields  for  I ty/ 
<100>. 

calculation  for  Yb3*.  V,  Ejg,  A^.i,  Ag,j  are  taken  as  free  parameters.  The  Zeeman  Hamiltonian 
pf  +  tj  ■  ft  is  added  when  necessary  (fit  is  the  magnetic  field).  The  Hamiltonian  is  diagonal¬ 
ized  numerically.  Note  that  the  method  is  slightly  different  from  the  (me  already  published  [22] 
because  we  do  not  take  into  account  the  spin-orbit  coupling  within  the  5d  states  for  simplicity.  Its 
inclusion  does  not  change  the  results  in  a  significant '»  ay. 

Results  are  summarized  on  Figure  8.  From  group  theory,  we  know  that  ^5/2  transforms  into  F8 
+  F6,  into  r8 -l- T7  +  T6  and  tj  (or  t2*)  intoF8  +  r7  in  the  double  point  group  representations. 
Parameters  are  adjusted  to  get  a  perfect  fit  for  all  the  observed  transitions  (Figure  5  of  ref.  [11])  and 
a  correct  fit  of  the  Zeeman  splittings  of  the  171(^5/2)  T6  (*£7/2)  transition  [11]  (see  Figure  9).  We 
obtain  V  =  57.3  me V,  Ag,j  =  12.4  meV  and  Agu  =  11.8  meV.  The  important  parameter  is  actually 
the  coupling  between  the  tj  and  Tjg  states  because  they  are  quasi  degenerate  (ocV  =  35.3  meV). 

It  is  interesting  to  look  at  die  effect  of  the  crystal  field  on  the  4f  shell  alone.  This  can  be  done 
easily  in  our  calculation  by  just  imposing  V  =  0  leaving  the  other  parameters  unchanged.  We 
obtain  the  spectrum  of  Fig.  8  (a).  The  order  of  the  r8-P6  levels  is  the  one  predicted  by  a  simple 
point  charge  model  of  the  crystal  field  [11].  We  see  that  the  introduction  of  the  coupling  V  leads  to 
an  interaction  of  the  Hi  states  of  tj  and  %/l  levels.  This  pushes  the  IU^g)  to  higher  energies, 
above  the  r6pfsfl)  (Case  (b)  on  Fig.  8).  Therefore  the  unusual  F6-r8  level  reversal  observed 
within  the  % g  state  [11]  is  due  to  the  coupling  to  the  t2(5d)  bonding  state. 
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ABSTRACT 

We  investigate  the  influence  of  Rh-doping  on  electrical  properties  of  InP  and  InGaAs.  Deep 
level  transient  spectroscopy  carried  out  on  Rh -doped  as  well  as  undoped  reference  samples 
reveals  a  single  Rh-ielated  deep  level  in  both  semiconductors.  While  a  Rh-related  electron  trap  in 
InGaAs  is  situated  at  Ec-0.38eV  a  Rh-related  hole  trap  is  found  to  exist  in  InP  approximately 
0.73  eV  above  the  valence  band  edge.  The  internal  reference  rule  for  3d  transition  metal  deep 
levels  is  found  to  be  valid  for  these  4d  transition  metal  levels:  their  energy  is  constant  across  the 
InGaAs/InP  beierojunction.  We  conclude  these  levels  to  be  the  single  acceptor  states  of  Rh 
substitutionally  incorporated  on  cation  sites. 


INTRODUCTION 

Transition  metals  (TMs)  with  energy  levels  near  the  middle  of  the  band  gap  ate  of  particular 
importance  for  the  fabrication  of  semi-insulating  (s.i.)  m-V  semiconductor  layers  needed  for  high 
speed  electronic  and  optoelectronic  devices.  Since  nominally  undoped  III-V  semiconductors  are 
commonly  n-type,  highly  resistive  layers  are  most  amply  obtained  by  doping  with  deep  acceptors 
compensating  die  net  shallow  donors.  In  the  case  of  InP,  generally  Fe  is  used  for  this  purpose. 
However,  Fe  redistributes  strongly  at  elevated  temperatures  during  epitaxial  growth  or  device 
processing  steps.  Redistribution  and  accumulation  at  interfaces  often  leads  to  degradation  of 
device  performance.  Thus,  there  is  a  need  for  thermally  more  stable  compensators.  Because  of 
their  larger  ion  radii  the  4d  and  5d  transition  metals  are  predicted  to  fulfil  the  thermal  stability 
tfamnnH  and  recently  for  Zr  (4d)  and  Hf  (5d)  in  InP  a  superior  thermal  stability  compared  to  Fe 
could  indeed  be  demonstrated  [1]. 

While  all  3d  TMs  introduce  deep  levels  into  the  band-gap  of  InP,  close  to  nothing  is  known 
about  die  electrical  properties  of  the  4d  and  5d  TMs  so  far.  On  the  one  hand  calculations  carried 
out  by  Malduchi  et  al.  [2]  lead  to  the  prediction  of  4d  and  5dTM  deep  acceptor  and  donor  levels, 
most  of  them  situated  energetically  slightly  above  the  corresponding  levels  of  the  isovalent  3d 
elements.  On  the  other  hand  with  deep  level  transient  spectroscopy  (DLTS),  optical  absorption, 
and  electron  paramagnetic  resonance  spectroscopy  no  TM-specific  signals  could  be  detected  in  n- 
type  InP  doped  by  the  Liquid  Encapsulated  Czochralski  (LEC)  technique  with  the  4d  ions  Mo, 
Ru,  Rh,  and  Pd  [3].  In  contrast  to  the  latter  study,  we  report  here  on  DLTS  measurements  on  both 
n-type  and  p-type  Rh-doped  materials.  Our  purpose  was  to  scan  the  whole  band  gap  of  InP  and 
InGaAs  to  clearly  detect  possibly  existing  Rh-related  levels  as  majority  carrier  emitting  traps.  We 
find  new  Rh-relaled  levels  for  both  InP  and  InGaAs. 
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CRYSTAL  GROWTH  AND  DIODE  FABRICATION 

All  investigated  InP  samples  are  grown  by  Metal  Organic  Chemical  Vapour  Deposition 
(MOCVD)  at  a  reduced  pressure  of  20mbar  using  a  substrate  temperature  of  640°C.  Doping  with 
Rh  was  achieved  with  a  new  metalorganic  compound  especially  synthesized  for  this  purpose.  It  is 
cyclooctadienyl(cydopentadienyl)rhodium.  The  Ino.53Gao.47As  layers  are  grown  by  Liquid  Phase 
Epitaxy  (11%)  using  a  conventional  sliding  boat  technique.  Growth  from  In-solution  is  carried  out 
at  a  temperature  of  635°C.  For  Rh-doping  3N  rhodium  is  added  to  the  growth  solution  giving  for 
concentrations  up  to  0.5at%  Rh  in  the  growth  solution  minorlike  epitaxial  layers. 

For  samples  to  be  investigated  by  DLTS  a  two-layer-sequence  is  grown  on  conductive  InP:S 
or  InP:Zn  substrates.  In  these  samples  the  first  (bottom)  layer  is  of  same  conductivity  type  as  the 
substrate  while  the  top  one  is  of  opposite  type  and  highly  doped  («1018cm-3).  Thus,  an  one-sided 
abrupt  p/n-junction  is  formed.  Two  kinds  of  samples  arc  fabricated  containing  cither  Rh-dopcd  or 
undoped  bottom  layers,  the  latter  ones  being  needed  as  reference  samples  for  the  interpretaion  of 
DLTS  spectra,  p/n-junction  mesa  diodes  arc  fabricated  by  photolithography  and  wet  chemical 
etching. 


EXPERIMENTAL  RESULTS 

During  MOCVD  growth  InP  can  be  doped  by  Rh  in  concentrations  as  high  as  5xlOl7cnr3,  as 
is  determined  by  secondary  ion  mass  spectroscopy  (SIMS).  A  typical  profile  is  shown  in  fig.l. 
For  LPE  grown  InGaAs  layers,  however,  the  Rh-concentration  is  always  below  the  SIMS 
detection  limit  of  about  5xlOI3cm3  in  this  case.  All  Rh-doped  epitaxial  layers  as  well  as  reference 
samples  exhibit  mirrorlike  surfaces.  Compared  to  undoped  reference  samples  the  X-ray  rocking 
curves  of  Rh-doped  layers  are  not  broadened  indicating  perfect  crystalline  quality.  By  light 
microscopy  inspection  (lateral  resolution  of  about  2pm)  wc  find  no  indication  for  the  formation  of 
precipitates. 


Fig.l:  SIMS  depth  profile  of  a  Rh-doped  p+InP:Zn/n-InP:Si+Rh  structure  grown  by  MOCVD  on 
an  n-type  InP:S  substrate.The  detection  limit  is  about  lxlO17  Rh/cm3  for  this  measurement . 
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Fig.2:  DLTS  spectrum  of  Rh-dopcd  n-type  InGaAs  for  an  emission  lime  constant  or  t=62.5ms. 
In  the  inset  the  thermal  emission  signature  of  the  Rhl  level  is  compared  to  that  of  the  Fo  acceptor 
level  in  InGaAs. 


Rh-implanted  InP  samples  are  annealed  at  temperatures  up  to  750°C  for  20min.  Compared  to 
the  original  implantation-profile  after  annealing  no  Rh-diffusion  towards  the  bulk  is  observed  by 
SIMS.  Since  Fc  is  known  to  diffuse  under  these  annealing  conditions  [4]  Rh  is  found  to  exhibit 
superior  thermal  stability  compared  to  Fc. 

Comparative  Hall  effect  measurements  on  Rh-dopcd  and  reference  samples  give  free  carrier 
concentrations  of  about  lxlOl6cnr3  not  significantly  influenced  by  doping  with  Rh  for  the  highly 
Rh-dopcd  InP-layers.  Thus,  in  InP  most  of  the  Rh  seems  to  be  electrically  inactive.  However, 
Rb-related  deep  levels  are  detected  in  smaller  concentrations  in  both  InP  and  InGaAs  by  DLTS, 
which  is  many  orders  of  magnitude  more  sensitive  than  Hall-effect  measurements. 

As  seen  in  fig.2  the  DLTS  spectra  recorded  from  n-type  Rh-dopcd  InGaAs  layers  show  a 
majority  carrier  emission  peak  labelled  Rhl.  This  level  is  not  present  in  undoped  reference 
samples.  In  addition,  from  p-type  Rh-dopcd  InGaAs  layers  no  hole  emission  signals  arc 
observed.  Thus,  the  peak  Rhl  is  caused  by  an  electron  trap.  The  Arrhenius-piot  of  the  thermal 
electron  emission  rate  is  depicted  in  the  inset  of  flg.2.  The  apparent  activation  energy  is 
E,Rhla(0.38ij0.03)eV.  This  value  is  close  to  the  activation  energy  of  the  Fc2+/Fc3+  acceptor 
level.  Although  iron  is  known  to  be  a  major  impurity  in  the  Rh-sourcc  material  used  for  the  LPE 
growth,  it  is  obvious  from  the  inset  of  fig.2  that  the  level  Rhl  is  different  from  the  Fe2+/Fc3+ 
level  we  observed  in  Fe-doped  InGaAs.  Furthermore,  unlike  Fe2+/Fc3+  this  signal  is  not  detected 
in  bole  emission  on  p-type  Rh-doped  layers.  Thus,  the  Rhl  level  seems  to  be  directly  related  to 
Rh.  Taking  alloy  broadening  effects  into  account  its  concentration  is  calculated  to  NRhj=8xl013 
cm*3. 

For  InP  a  comparison  of  typical  DLTS  spectra  obtained  on  various  Rh-dopcd  and  reference 
samples  is  depicted  in  Gg.3.  While  n-type  MOCVD  grown  Rh-doped  layers  do  not  contain  any 
electron  traps  in  concentrations  larger  than  lxlOl3cm*3,  in  p-type  material  a  quite  intensive  DLTS 
peak  labelled  Rh-A  is  observed  for  all  Rh-doped  samples.  Its  peak  intensity  corresponds  to  a  deep 
level  concentration  of  8xi014cm*3  for  the  MOCVD  grown  InP:Cd+Rh  sample  containing 
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Fig.3:  Comparison  of  DLTS  spectra  obtained  on  various  n-lype  and  p-type  Rh -doped  InP 
samples  grown  by  MOCVD.  The  emission  time  constant  is  x=62.Sms. 


lxl017Rh/cm3  measured  by  SIMS.  In  addition,  the  Rh-A  level  is  also  observed  in  an  lnP:Zn 
layer  implanted  with  Rh  ioos.  No  hole  traps  having  concentrations  larger  than  lxlOl3cnr3  could 
be  detected  on  InP:Cd  reference  layers. 

The  Anhenius-plots  of  the  thermal  hole  emission  rate  from  the  Rh-A  level  measured  on  three 
different  Rh-doped  layers  are  plotted  in  ftg.4.  The  thermal  hole  emission  signature  of  Rh-A  is 
found  to  shift  towards  lower  temperatures  with  increasing  shallow  acceptor  concentration  N*. 
Hus  behavior  is  typical  for  an  electric  field  induced  enhancement  of  emission  rates.  Thus,  the 
electric  fields  present  in  the  test  zone  of  space  charge  layer  during  DLTS  measurements  is 
calculated  from  Capacitance- Voltage  (C-V)  measurements  taking  into  account  the  X-distancc 
(crossover-point  of  Fermi  level  with  deep  level  position).  The  electric  field  effect  results  in  a 
dramatic  reduction  of  the  apparent  activation  energy  with  increased  electric  field  ranging  from 
E»=0.73eV  for  a  field  of  F*5xlO*V/cm  to  Ea=0.55cV  for  Fsl.fixlO^V/cm.  The  energetic 
position  of  the  Rh-A  level  within  the  band-gap  of  InP  corresponds  to  the  zero-field  activation 
energy.  In  consequence,  this  level  is  situated  in  a  distance  of  at  least  730mcV  above  the  valence 
band  edge. 

For  all  investigated  InP  samples  the  Rh-A  level  concentration  docs  not  exceed  8xlOl4cm~3, 
which  is  much  smaller  than  the  Rh-coocentration  detected  by  SIMS  (about  10l7cnr3).  Neverthe¬ 
less,  this  level  is  almost  certainly  Rh-related,  since  Rh-A  is  observed  in  MOCVD  grown  Rh- 
doped  samples  as  well  as  in  Rh-implanted  InP  while  it  is  absent  in  reference  samples.  In  addition, 
this  level  can  not  be  caused  by  3d  TMs  introduced  as  contaminations  of  the  Rh-precursor  used  for 
the  MOCVD  growth,  since  all  bole  traps  formed  by  3d  TMs  arc  known  to  have  very  different 
thermal  emission  signatures  as  is  obvious  from  fig.4.  Furthermore,  for  the  Rh-implanted  sample 
the  presence  of  3d  TMs  is  very  unlikely.  However,  a  hole  trap  H5  known  in  literature  [S] 
exhibits  a  thermal  emission  signature  similar  to  Rh-A  (see  fig.4).  Whether  it  is  the  same  as  Rh-A 
observed  in  our  Rh-doped  InP  is  unclear  yet 
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Fig.4:  Tbcnnal  hole  emission  signatures  measured  on  Rh-dopcd  InP  compared  with  those  of  hole 
traps  already  known  in  the  literature. 


CONCLUSIONS 

A  correlation  between  the  energy  of  isovaient  transition  metal  levels  within  the  semiconductor 
and  the  binding  energy  of  the  free  TM  ion  valence  electrons  has  been  postulated  [3].  Thus,  in  a 
semiconductor  the  level  position  should  shift  upwards  going  down  in  one  column  of  the  periodic 
table  of  elements  from  3d  to  4d  and  5d.  A  similar  trend  can  be  deduced  from  calculations  carried 
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Fig.5:  Schrmatical  band  diagram  of  a  InGaAs/IriP  bctcrostructure  with  the  Rh-rclated  levels  Rhl 
in  InGaAs  and  Rh-A  in  InP  depicted. 
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out  by  Makiuchi  et  al.  [2].  Co  being  isovalent  to  Rh  introduces  a  deep  acceptor  level  at 
Eyt0.32eV  in  InP  [6].  From  this  position  the  energetic  level  of  the  Rh-related  hole  trap  Rh-A  in 
InP  is  shifted  by  410meV  towards  the  conduction  band  (fig.5).  Thus,  we  tentatively  relate  the 
Rh-A  level  to  the  acceptor  state  of  isolated  Rh  incorporated  substitutionaliy  on  a  cation  site,  i.e. 
Rh*+/Rh*+ 

Fig.5  shows  schematically  the  band  diagram  of  an  InP/InGaAs  heterostructure  with  the  band 
discontinuities  taken  from  reference  7  and  the  energy  positions  of  Rh-A  in  InP  as  well  as  Rhl  in 
InGaAs  plotted.  The  internal  reference  rule  [8],  which  implies  that  the  energetic  position  of  a  3d 
TM  level  is  constant  across  the  interface,  is  obviously  valid  for  these  4d  TM-related  levels.  Thus, 
we  conclude  for  both  semiconducturs  these  observed  Rh-related  levels  to  be  the  deep  acceptor 
states  of  Rh. 

At  first  sight  it  seems  to  be  abnormal  that  the  Rh  levels  are  hole  traps  in  InP  and  electron  traps 
in  InGaAs.  However,  a  similar  behavior  is  already  known  in  the  literature:  the  Fc  deep  acceptor 
level  acts  as  a  hole  trap  in  GaAs  [9]  while  in  InP  it  is  a  recombination  center,  which  can  be 
observed  by  DLTS  as  an  electron  [10]  or  a  hole  [11]  emitting  level.  Thus,  for  TM  deep  levels 
situated  around  die  middle  of  the  band-gap  a  change  of  the  semiconductor  host  can  indeed  cause  a 
change  of  the  trap  character,  too. 
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ABSTRACT 

Metastability  of  defects  in  serakooductors  provides  the  basis  for  (l)An  integrated  picture  of 
defects  that  includes  the  DX  center  in  crystalline  IH-V  compounds,  the  dangling-bond  defect  in 
amorphous  Si,  and  “self -compensation”  effects  in  II- VI  compounds.  The  unifying  physical  prop¬ 
erty  is  the  ability  of  many  foreign  atoms  to  have  two  nearly  equal-energy  sites,  one  wife  a  shallow 
electronic  level  and  the  other  with  a  deep  leveL  (2)£lucidation  of  stretched-exponenda)  kinetics  in 
these  materials,  including  the  first  demonstrable  microscopic  model  for  them.  This  stretched-ex- 
ponential  model  is  a  distribution  of  independent  response  times. 


INTRODUCTION 

Metastability  in  the  properties  of  defects  in  semiconductors  has  been  observed  with  increasing 
frequency  in  recent  years.  Its  consequences  include  a  number  of  puzzling  effects  and  instructive 
explanations.  These  have  opened  new  understandings  of  the  properties  of  a  variety  of  defects  and 
of  electron-lattice  interactions.  The  purposes  of  this  paper  are  (l)to  interrelate  several  such  defects 
in  different  semiconductors,  and  feus  help  unify  their  underlying  models,  and  (2)to  use  fee  special 
kinetics  propeities  of  these  defects  to  elucidate  fee  stretched  exponentials  (SEs)  that  typify  their 
time  dependences.  This  latter  has  broad  indications  since  there  seems  to  be  no  other  case  in 
which  a  microscopic  explanation  for  a  SE  can  be  so  well  documented,  although  SEs  are  very 
widely  observed. 

the  central  physical  properties  of  metastable  defects  are  their  now-established  localization  and 
fee  associated  “deep”  electronic  energy  levels.  In  this  context,  “deep'1  implies  that  observation 
temperatures  are  not  too  high.  A  major  consequence  of  localization  is  strong  coupling  of  the  elec¬ 
trons  in  defect  states  to  the  lattice,  even  in  materials  like  most  semiconductors  which  are  not 
strongly  ionic.  This  in  turn  causes  important  lattice  relaxation  effects  when  defects  change  their 
electronic  state.  These  reconfi  gurstions  are  in  fact  responsible  for  die  observed  metastabilities  by 
forming  energy  barrios  to  transitions  between  the  ground  and  metastable  states,  although  purely 
electronic  models  had  been  imposed  earlier.  They  also  offer  the  only  explanation  for  states  wife 
negative  effective  electron  correlation  energies.  Generally  these  transitions  involve  capture  or  re¬ 
lease  of  a  charge  carrier,  so  the  material  properties  are  significantly  different  when  the  defects 
change  state.  One  notable  example  of  this  is  persistent  photoconductivity  in  homogeneous  materi¬ 
als. 

A  key  means  of  characterizing  properties  of  such  defects  has  been  measurement  and  analysis 
of  the  kinetics  of  transitions  that  may  be  induced  either  optically  or  thermally,  between  their  ground 
and  metastable  states.  The  commonly  observed  SEs  are  helping  in  fee  formulation  of  physical 
models;  as  confidence  in  these  models  has  grown  it  has  become  possible  to  invert  this  reasoning  to 
infer  the  first  microscopic  explanation  for  some  SEs  themselves. 

Two  specify;  mesas  table  defects  in  very  different  materials  are  treated  here  for  these  purposes: 
the  DX  center  in  ED- V  compounds  and  fee  dangling-bond  defect  in  hydrogenated  amorphous  sili¬ 
con  (a-Si.H).  The  recent  status  of  research  in  fee  DX  center  can  be  found  in  fee  proceedings  of  the 
International  Symposium  on  DX-Centres  and  other  Metastable  Defects  in  Semiconductors.1  A 
somewhat  comparable  overview  for  a-Si:H  appears  in  Amorphous  Silicon  Materials  and  Solar 
Cells.2  In  addition,  fee  properties  of  these  metastable  defects  are  closely  connected  to  a  major  limi¬ 
tation  in  dopability  of  fee  wide- gap  II- VI  compounds  like  ZnSe  feat  has  restricted  their  application 
in  devices.  The  DX  center  has  been  so  well  characterized  that,  following  more  than  ten  years  of 
confusion,  there  is  now  considerable  agreement  on  interpretation  of  its  properties,  so  it  is  useful  as 
a  prototype  for  discussion  of  other  metastable  defects. 
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THE  OX  CENTER  IN  lll-V  COMPOUNDS 

QggcOjti 

A  few  selected  properties  from  the  large  literature  on  the  DX  center  are  summarized  here  to 
serve  as  the  basis  for  the  following  discussion.  Its  understanding  began  with  the  convincing  inter¬ 
pretation  of  the  temperature  dependence  of  capture  cross  sections  for  earners  by  Henry  and  Lang  in 
terms  of  multi-phonon  emission  processes,3  and  the  subsequent  proposal  by  Lang  and  Logan  of  a 
large-lattice-relaxation  (LLR)  model.4  These  widely  accepted  (although  incomplete)  descriptions 
of  the  DX  center  have  also  formed  the  basis  for  a  broader  recognition  of  the  role  of  LLR  in  semi¬ 
conductor  defects;  now  metastable  behavior  in  defects  is  generally  associated  with  LLR.  An  intro¬ 
ductory  discussion  summarizing  these  relationships  and  the  related  configuration-coordinate  dia¬ 
grams  has  been  given  by  Banff.5 

The  DX  center  is  blown  to  be  associated  with  donor  atoms;  a  common  example  is  Si  on  a  Ga 
site  in  GaAs,  although  the  DX  center  does  not  appear  unless  GaAs  is  subjected  to  high  pressures 
or  alloyed  with  AlAs  to  at  least  22%.  A  fundamental  characteristic  of  the  DX  center  consistent  with 
the  LLR  picture  is  that  the  threshold  energy  for  optical  excitation  is  much  larger  than  the  thermal 
excitation  energy.  But  perhaps  the  most  dramatic  metastable  effect  of  the  DX  center  is  persistent 
photoconductivity  in  which  a  light-induced  increase  in  conductivity  at  low  temperatures  can  persist 
for  exceedingly  long  times  in  the  dark.  This  is  now  known  to  be  caused  by  an  energy  barrier  sepa¬ 
rating  the  metas table  and  ground  states  due  to  large  configuration  changes.  Measurements  of  the 
kinetics  of  decay  of  this  condition  at  various  temperatures  show  that  die  barrier  height  is  signifi¬ 
cantly  larger  that  the  binding  of  an  electron  in  the  state  —  <>.,  the  energy  that  is  inferred  from,  say, 
a  temperature-dependent  Hall  measurement,  which  is  of  course  an  equilibrium  measurement.  This 
illustrates  another  general  feature  of  LLR:  the  difference  between  results  of  equilibrium  and  rate 
measurements. 

The  time  dependence  of  such  decays  in  AlGaAs  alloys  has  been  found  to  be  non-exponential 
in  character,  although  it  approaches  simple  exponential  behavior  as  the  composition  approaches 
either  binary  compound,  GaAs  or  AlAs. 6  This  was  a  key  observation  in  the  identification  of  the 
nature  of  the  center  because  it  showed  that  the  local  environment  of  the  donor  atom  is  critical,  and 
companion  pressure  data  showed  that  the  properties  were  not  purely  electronic.  It  was  later  shown 
that  die  mysterious  “non-exponential”  behavior  is  in  fact  a  SE.7  The  form  of  a  SE  for  the  number 
of  defects  N  decaying  from  an  initial  value  of  No  is 

N(t)  =  N0exp{-(t/To)P]  (1) 

where  P  is  the  stretch  parameter  and  is  less  than  one.  Obviously,  as  p  approaches  one,  Eq.  (1)  ap¬ 
proaches  a  simple  exponential;  it  was  also  shown  in  Ref.  7  that  P  is  proportional  to  temperature. 
We  interpret  the  above-mentioned  alloy  effects  on  the  kinetics  as  reductions  in  the  value  of  P  from 
one  in  die  binary  compounds  as  the  50-30  alloy  is  approached.  These  features  will  be  discussed 
below  in  a  more  general  framework. 


Physical  Modri 

After  years  of  uncertainty,  the  origin  of  the  DX  center  is  now  quite  well  accepted  to  be  the 
displaced-atom  model  of  Chadi  and  Chang.8  There  a  Si  donor  atom,  for  example,  is  found  to 
have  two  possible  sites  with  nearly  the  same  energy:  die  usual  substitutional,  four- fo Id-coordinated 
site  with  sp3  wave  functions;  and  an  alternative  site  displaced  albng  a  (1 1 1)  direction  toward  an  in¬ 
terstitial  position.  In  the  displaced  site  the  donor  is  three-coordinated  and  the  wave  functions  of  the 
bonds  become  primarily  sp2  in  character.  For  the  substitutional  site,  the  lowest-energy  electronic 
state  is  a  normal  shallow-donor  state  with  a  large  orbit,  whereas  for  the  displaced  site  it  is  well  io- 


336 


calized,  leading  to  a  deep  level.  This  localized  chancier  is  responsible  for  the  major  role  of  lattice 
relaxation  in  the  energetics  of  the  dees  stale,  and  the  resulting  metastability.  hi  GaAs  the  energy  of 
the  displaced  state  is  about  0.2  eV  above  that  of  the  substitutional  state,  but  pressure  or  alloying 
can  reverse  the  order  of  energies.  Then  the  deep-level  stale  is  the  ground  state  and  there  is  an  en- 
ergy  barrier  of  about  0.33  eV  (depending  on  conditions)  that  inhibits  return  of  a  trapped  electron  to 
the  shallow  state,  and  there  is  also  a  barrier  to  capture  from  a  bond  state  into  the  DX  state.  This 
latter  is  the  explanation  for  persistent  photoconductivity. 

Chadi  and  Chang  found  that  the  deep  state  has  a  negative  effective  correlation  energy,  so  two 
electrons  must  change  state  each  time  (there  is  continuing  disagreement  over  this  aspect  of  the 
model).  The;  Jso  extended  their  calculations  to  dopants  in  II-VI  compounds  with  informative  re¬ 
sults.9  In  these  materials  metastability  is  reported  less  often  (one  case  is  in  ZnCdSe10),  but  the  cal¬ 
culations  show  that  for  acceptors  in  ZnSe  the  ground  state  is  the  displaced-atom  state  with  a  deep 
electronic  level.  The  lack  of  metastability  observations  is  probably  due  simply  to  die  fact  that  the 
energy  of  die  substitutional  state  is  too  high  for  ready  access.  This  deep- level  character  of  the  ac¬ 
ceptor  state  offers  an  explanation  for  the  difficulty  in  achieving  p-type  conductivity  in  ZnSe  with 
most  dopants,  another  important  practical  problem.  This  explanation  promises  to  replace  the  older 
“self-compensation”  model  for  doping  limitations  in  these  materials;  that  model  seems  to  be  dis¬ 
credited  now  for  other  reasons. 


THE  DANGLING-BOND  DEFECT  IN  a-Si:H 

Properties 

Again  summarizing  some  properties,2  it  must  be  recognized  that  details  are  much  less  well 
known  in  a-Si:H  because  of  the  amorphous  structure  and  difficulties  in  making  reproducible  mate¬ 
rials.  Nevertheless,  the  density  and  local  bonding  are  nearly  the  same  in  this  material  as  in  crys¬ 
talline  Si,  and  the  dominant  defect  has  been  identified  as  die  Si  dangling  bond  (DB)  by  its  EPR 
signal.  (Note  that  such  a  dangling  Si  bond  does  not  occur  in  bulk  Si.)  Metastability  is  its  other 
clear  property,  and  what  is  called  the  defect  is  a  localized  center  in  its  metastable  state;  the  center 
cannot  be  detected  when  in  its  ground  state.  The  defect  can  be  “created”  (i.e.  the  center  can  be 
excited  to  its  metastable  state)  by  light  or  other  excitation,  and  annealed  thermally.  In  this  case, 
however,  there  is  considerable  evidence  that  “light-induced”  transitions  are  caused  by  die  recombi¬ 
nation  or  capture  of  photoexcited  carriers,  rather  than  by  direct  photon  absorption.  One  unusual 
feature  is  that  the  threshold  energy  for  optical  excitation  is  about  equal  to  the  activation  energy  for 
anneal. 

The  kinetics  for  generation  and  anneal  of  this  defect  are  now  known  to  be  SEs,  with  the  form 
N(t)  =  Ns-(Ns-No)exp[-(t/T*>)P]  (2) 

where  N$  is  the  eventual  steady-state  value  which  is  determined  by  the  excitation  rate  and  tempera¬ 
ture.11*12  When  Ns  is  less  than  No,  this  describes  anneal,  and  vice  vena  for  generation.  Clearly 
Eq.  (1)  is  just  a  special  case  of  Eq.  (2)  for  Ns  =0.  For  anneal,  0  is  often  proportional  to  tempera¬ 
ture,12  although  some  contrary  evidence  exists.  The  kinetics  of  defect  generation  has  been  studied 
extensively,  with  uncertainty  still  present  in  the  temperature  dependence  of  0.  These  studies  have 
shown  that  t  is  determined  principally  by  the  light  intensity  I  and  that  t  - 1~2,  agreeing  with  the 
prediction1 1  that  x  m  I-1#,  since  observed  values  of  0  are  about  1/2.  Notice  that  increased  inten¬ 
sity  does  not  increase  the  range  of  values  of  N,  as  had  been  erroneously  thought,  but  instead  it 
shortens  the  tune  in  which  their  generation  occurs. 
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Physical  Models 


Uncertainty  over  the  origin  of  the  DB  in  a-Si:H  remains  today;  in  fact  there  is  still  disagree¬ 
ment  over  whether  the  origin  of  this  defect  is  extrinsic  or  intrinsic  to  the  material.  We  have  de¬ 
scribed  some  of  the  elements  of  this  debate  previously,14  and  have  favored  the  extrinsic  picture, 
with  foreign  atoms  one  likely  source  of  the  centers  that  can  form  the  DBs  (structural  imperfections 
such  as  small  voids  are  other  extrinsic  possibilities).  For  this  reason  and  because  of  the  many 
similarities  in  the  properties  of  the  DB  in  a-Si:H  and  the  DX  center,  we  proposed15-16  a  model  for 
the  DB  defect  that  is  based  on  the  Chadi  and  Chang  model  of  the  DX  center.  For  undoped  material 
this  model  assumes  the  presence  of  some  foreign  atoms  (there  are  large  quantities  of  O,  C,  and  N 
in  all  a-Si:H)  that  may  have  two  possible  sites,  as  shown  in  the  upper  part  of  Fig.  1.  Note  that, 
although  a  foreign  atom  D  is  the  source  of  the  defect,  the  result  is  a  dangling  bond  of  the  host  Si. 
The  lower  part  of  Fig.  1  shows  a  two-level  configuration-coordinate  diagram  that  we  associate 
with  these  states.  Experiments  indicate  that  the  energy  difference  between  the  minima  is  AE  -  0.2 
eV,  and  the  barrier  for  anneal  out  of  the  metastable  state  is  E2  -  1  e  V. 

We  believe  that  existing  data  on  metastable  defects  in  these  various  materials  and  their  models 
summarized  here  provide  a  unifying  picture  of  these  various  phenomena. 


Figure  1.  Proposed  atomic  model15-18  for  the  metastable  defect  in  a-Si:H  (above)  and  its  con¬ 
figuration-coordinate  diagram  (below). 

STRETCHED  EXPONENTIALS 


Whether  or  not  these  physical  models  of  the  defects  are  correct,  they  do  not  by  themselves 
explain  the  stretched-exponential  form  for  the  kinetics  nor  the  properties  of  the  stretch  parameter  p. 
Moreover,  SE  kinetics  are  observed  in  very  many  other  material  systems  including  dielectrics, 
polymers,  and  glasses;  there  are  essentially  no  accepted  theories  for  these  materials.17 
Nevertheless,  the  available  data  cited  here  appear  to  offer  the  first  microscopic  explanation  for  SE 
kinetics. 


In  virtually  all  attempts  to  explain  SEs  in  other  materials,  a  central  property  that  has  been  in¬ 
voked  is  strong  interactions  among  different  contributing  parts  of  a  material.  That  is,  the  behavior 
in  any  one  part  of  a  material  is  correlated  with  the  behavior  in  other  parts.  A  vital  feature  of  the 
metastable  defects  in  semiconductors  that  distinguishes  them  from  most  of  the  other  materials  ex¬ 
hibiting  SEs  is  their  independence  from  each  other.  This  independence  is  assured  by  two  facts:  the 
defects  are  typically  dilute  (*>10  ppm)  and  localized  (as  evidenced  by  their  large  lattice  relaxations). 
For  example,  the  identifying  EPR  signal  of  the  Si  dangling  bond  in  a-Si:H  would  be  distorted  by 
interaction  effects. 

The  crucial  evidence  that  permits  interpretation  of  the  SE  here  comes  from  the  detailed  obser¬ 
vations  of  what  was  then  called  “non-exponential”  transients  in  kinetics  of  DX  centers  in  AlGaAs 
alloys.6  As  mentioned  above,  the  occurrence  of  simple  exponentials  in  the  binary  compounds 
GaAs  and  AlAs  makes  it  clear  that  the  SE  results  from  minor  variations  of  the  local  environments 
of  the  DX  centers  caused  by  the  presence  of  alloy  atoms  in  their  neighborhood.  This  has  been 
confirmed  experimentally  in  a  variety  of  ways.  We  now  interpret  these  transients  as  being  gener¬ 
ally  SEs,  but  with  values  of  f)  that  are  controlled  by  the  alloy  composition  because  that  determines 
the  probability  of  having  one  or  more  minority-constituent  atoms  near  a  DX  center,  thus  altering  its 
local  environment.  All  the  centers  with  a  single  alloy  atom  nearby  (actually  second  neighbors) 
form  one  subset  with  the  same  properties,  but  those  with  two  (or  none)  form  another  subset  with 
common  properties  that  are  different  from  the  first,  etc. 

When  the  defects  change  their  state,  the  transient  response  of  each  subset  is  characterized  by  a 
simple  exponential  because  it  has  a  well-defined  time  constant  T  set  by  its  physical  parameters.  The 
observed  SE  behavior  is  the  sum  of  these  various  contributions,  each  weighted  by  the  number  of 
members  of  the  set  f(T).  Analysis  of  SEs  in  terms  of  such  sums  in  the  continuous  limit  has 
shown,  as  in  Fig.  2,  that  wider  distributions  of  f(T)  produce  lower  values  of  p.18  Thus  the  general 


Figure  2.  Probability  distribution  of  time  constants  T  forming  a  stretched  exponential  whose 
effective  time  constant  is  xq. 
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picture  of  SEs  in  these  materials  is  that  they  are  caused  by  a  distribution  in  the  values  of  physical 
parameters  that  determine  the  time  constants  of  response  to  changes. 

This  picture  of  a  SE  as  a  weighted  sum  of  independent  contributors  has  been  widely  known 
a  possibility,  although  in  most  other  materials  it  has  beat  rejected  because  they  are  believed  to 
strongly  interacting.  But  there  is  strong  evidence  for  the  independence  of  these  localized  defects 
semiconductors,  and  for  this  interpretation  of  SEs  for  the  DX  center  in  AlGaAs.  For  these  reasons 
we  proposed  this  interpretation  also  for  the  SEs  in  a-Si:H  and  found  that  the  temperature  depen¬ 
dence  of  £  and  the  observed  distribution  of  activation  energies  for  anneal  could  be  inferred  natu¬ 
rally  from  this  interpretation  .l9 
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ABSTRACT 

A  comparative  study  of  the  effects  of  hydrogen  in  n-type  (unintentionally  and  Si-doped)  as 
well  as  p-type  (Mg-doped)  MBE- grown  GaN  is  presented.  Hydrogenation  above  500°C  reduces 
the  hole  concentration  at  room  temperature  in  the  p-type  material  by  one  order  of  magnitude. 
Three  different  microscopic  effects  of  hydrogen  are  suggested:  Passivation  of  deep  defects  and  of 
Mg-acceptors  due  to  formation  of  hydrogen- related  complexes  and  the  introduction  of  a  hydrogen- 
related  donor  state  100  meV  below  the  conduction  band  edge. 


INTRODUCTION 

The  effects  of  hydrogen  on  the  electronic  and  vibrational  properties  of  various  semiconductors 
have  been  studied  extensively  [1].  In  elemental  semiconductors,  one  observes,  e.g.,  the  passivation 
of  deep  defects  (dangling  bonds)  in  amorphous  silicon,  resulting  in  a  decrease  of  the  subgap  ab¬ 
sorption,  or  the  passivation  of  dopant  atoms  such  as  boron  or  phosphorous,  resulting  in  a  decrease 
of  the  carrier  concentration.  In  recent  years,  these  studies  have  been  extended  to  compound  semi¬ 
conductors,  but  have  been  mostly  restricted  to  the  GaAs/AlAs  system  and  InP.  With  respect  to 
the  possible  effects  of  hydrogen  wide-bandgap  III- V  and  II- VI  semiconductors  like  GaN  and  ZnSe 
have  only  recently  received  attention.  This  interest  has  been  triggered  by  an  intriguing  difficulty 
to  achieve  p-type  doping  in  films  grown  with  one  particular  growth  technique.  In  both  the  II- VI 
and  III-V  systems  it  is  found  that  metal-organic  chemical  vapor  deposition  (MOCVD)  is  unable 
to  produce  p-type  material,  while  molecular-beam  epitaxy  appears  to  easily  grow  p-type  samples. 
This  behaviour  has  been  linked  to  the  presence  of  hydrogen  in  the  gas  phase  during  MOCVD 
growth,  which  might  lead  to  the  formation  of  acceptor-hydrogen  complexes.  Indeed,  in  the  case 
of  N-doped  p-type  ZnSe,  the  observation  of  N-H  local  vibrational  modes  in  MOCVD  material 
strongly  supports  this  assumption  [2]. 

In  this  contribution,  we  report  on  continuing  studies  of  the  effects  of  hydrogen  in  both  n- 
type  (unintentionally  doped,  sometimes  called  autodoped,  and  Si-doped)  and  p-type  (Mg-doped) 
GaN.  In  p-type  samples  grown  by  MOCVD,  acceptor  dopants  have  to  be  activated  by  either  a 
low-energy  electron  beam  irradiation  or  by  a  thermal  annealing  step  (3).  Again,  the  formation 
of  accceptor-hydrogen  complexes  under  the  abundant  presence  of  hydrogen  has  been  suggested 
as  the  origin  for  the  necessity  of  a  post-growth  process.  We  therefore  use  MBE-grown  GaN  and 
deliberately  introduce  hydrogen  by  remote-plasma  hydrogenation  to  study  the  effects  of  hydrogen 
in  this  III-V  compound. 


SAMPLE  GROWTH  AND  ANALYTICAL  PROCEEDURES 

Wurtzite  GaN  epilayers  were  grown  on  (0001)  sapphire  substrates  by  ECR-assisted  MBE  [4]. 
Gallium  and  the  dopant  elements  (Mg  and,  for  intentional  n-type  doping,  Si)  were  evaporated 
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Figure  1:  Dependence  of  the 
carrier  concentration  on  hy¬ 
drogenation  temperature  in 
epitaxial  layers  of  GaN. 


from  conventional  Knudsen  cells,  while  nitrogen  radicals  were  produced  by  passing  molecular 
nitrogen  through  an  ECR  source  at  a  pressure  of  10~4  Torr.  A  microwave  power  of  35  W  or 
higher  was  used  for  the  growth  of  semi-insulating  GaN  films.  Prior  to  the  growth  of  the  GaN 
epilayer,  the  substrates  were  exposed  to  the  N-plasma  for  30  min  to  form  an  AIN  layer.  A 
further  GaN  buffer  layer  was  then  grown  at  500°C  followed  by  the  high-temperature  growth  of 
the  actual  film  at  8O0°C  at  a  growth  rate  of  200-250  nm/hr.  Hydrogenation  was  performed  with 
a  remote  microwave  plasma  operating  at  2  Torr.  This  technique  excludes  effects  due  to  charged 
particle  bombardment  of  the  sample  or  its  illumination  from  the  plasma.  A  high  temperature 
sample  holder  allowed  hydrogenation  at  temperatures  up  to  675°C.  The  films  were  electrically 
characterized  in  a  standard  Hall-effect  apparatus,  with  the  samples  abrasively  etched  into  a  clover- 
leaf  shape.  For  ohmic  contacts  Au  was  deposited  on  p-type  GaN  and  A1  on  n-type  material.  Depth 
profiles  were  determined  from  secondary  ion  mass  spectroscopy  (SIMS),  with  a  Cs+  primary 
ion  beam  for  the  detection  of  hydrogen/deuterium  and  Si  and  an  0~  primary  beam  for  Mg. 
Calibration  of  the  SIMS  data  was  achieved  with  Mg  and  deuterium-implanted  GaN  reference 
samples.  To  increase  the  sensitivity,  the  GaN  samples  for  SIMS  were  treated  with  a  plasma 
containing  deuterium  instead  of  hydrogen.  The  photoluminescence  measurements  were  performed 
with  a  pulsed  Nj  laser  as  the  excitation  source  (3.678  eV). 


RESULTS 

Figure  1  shows  the  carrier  concentration  at  room  temperature  for  three  differently  doped  sam¬ 
ples  subjected  to  isochronal  (lhr)  hydrogenation.  The  n-type  samples  are  completely  uneffected 
by  the  hydrogenation,  however  the  p-type  sample  shows  a  significant  decrease  in  the  hole  concen¬ 
tration  after  hydrogenation  at  T>  500°C.  The  mobility  in  all  three  cases  remained  unchanged 
after  hydrogenation  at  typically  50  cm2 /Vs  (autodoped),  10  cm2/Vs  (Si-doped)  and  0.3  cm2/Vs 
(Mg-doped).  A  control  experiment  on  the  p-type  sample  is  included  in  Fig.  1,  where  the  mi¬ 
crowave  plasma  was  switched  off  during  the  post-growth  treatment  demonstrating  that  exposure 
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Figure  2:  Depth  profiles  of 
hydrogen  and  magnesium  in 
p-type  GaN  determined  by 
SIMS. 


to  molecular  hydrogen  at  temperatures  up  to  600°C  does  not  affect  the  hole  concentration. 

Secondary-ion  mass  spectrosopy  is  used  to  verify  the  introduction  of  hydrogen  into  the  mate¬ 
rial.  In  addition,  together  with  the  carrier  concentrations  determined  in  Fig.  1  the  measurement  of 
the  dopant  concentrations  allows  the  determination  of  the  doping  efficiencies  in  Si-  and  Mg-doped 
GaN.  Figure  2  shows  the  H-  and  Mg-depth  profiled  for  p-type  GaN.  An  average  Mg-concentration 
of  10wcm-3  is  found,  which  indicates  a  very  high  doping  efficieny  of  about  10%.  The  average 
hydrogen  concentration  is  about  the  same  as  the  Mg-concentration.  The  slight  decrease  in  H- 
concentration  up  to  a  depth  of  0.7pm  could  be  due  to  a  diffusion  process.  The  steep  decrease  in 
the  concentration,  however,  coincides  with  the  doping  inhomogeneity  visible  in  the  Mg-prolile  at 
0.9pm.  The  high  Mg-concentration  at  the  substrate  interface  might  be  due  to  outdiffuskm  of  Mg 
from  doped  GaN  layers  deposited  on  the  substrate  holder  during  previous  depositions. 

A  similar  comparison  of  the  dopant  and  deuterium  depth  profiles  is  given  for  Si-doped  n-type 
GaN  in  Fig.  3.  The  average  Si-concentration  is  about  4  x  lO^cm-3,  the  doping  efficiency  of 
several  percent  is  therefore  slightly  lower  than  in  the  p-type  material.  Two  hydrogen  profiles 
are  included  in  Fig.  3.  It  becomes  obvious  that  after  hydrogenation  at  600°C,  the  hydrogen 
concentration  levels  at  2  x  lO^cm-3,  independent  of  the  local  Si  concentration,  which  is  found 
to  vary  throughout  the  sample. 

The  hydrogen  concentration,  after  the  same  passivation  step,  incorporated  in  the  unintention¬ 
ally  (autodoped)  material  is  about  one  order  of  magnitude  lower  than  in  Si-doped  material  (Fig. 
4),  and  has  a  constant  concentration  profile.  Comparing  the  hydrogen  concentrations  in  the  three 
differently  doped  samples  we  find  that  the  hydrogen  incorporation  is  not  Just  limited  by  factors 
like  solubility,  but  does  indeed  depend  on  the  type  and  concentration  of  the  dopant  present. 

Further  information  on  the  effects  of  hydrogen  in  GaN  were  obtained  from  photolumines¬ 
cence  (PL).  In  Fig.  5,  a  comparison  is  shown  between  the  photoluminescence  of  Mg-doped  and 
autodoped  samples,  both  before  and  after  hydrogenation  at  600°C.  The  two  dominant  PL-Iines  in 
the  as-grown  samples  are  the  exciton  line  at  3.44  eV  and  the  Mg-acceptor  related  line  at  3.25  eV, 
with  its  two  phonon  replicas.  After  hydrogenation,  these  lines  are  still  observed  in  the  respective 
samples,  but  a  quantitative  comparison  of  signal  heights  is  difficult.  In  the  autodoped  sample, 
the  hydrogenation  led  to  a  complete  quenching  of  the  defect  related  line  at  2.3  eV  [5].  In  addition 
to  these  known  PL  lines,  a  new  PL  line  at  3.35  eV  appears  after  hydrogenation  in  both  samples, 
which  has  not  been  previously  reported  in  GaN. 
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Figure  3:  Depth  profiles  of  hy¬ 
drogen  and  silicon  in  n-type 
GaN  determined  by  SIMS. 
The  hydrogen  profiles  have 
been  obtained  on  two  identi¬ 
cal  samples  treated  at  differ¬ 
ent  passivation  temperatures. 


A  similar  hydrogen-related  study  on  p-type  GaN  has  already  been  performed  by  Nakamura 
and  coworkers  [6].  However,  there  are  various  significant  differences  to  the  results  reported  here. 
Nakamura  used  MOCVD  grown  samples,  which  were  LEEBI-treated  to  obtain  p-type  conductiv¬ 
ity.  In  our  case,  the  MBE  gown  films  are  p-type  without  any  need  for  a  post-growth  treatment. 
Nakamura  used  an  NHj  ambient  for  hydrogenation  and  had  to  rely  on  the  thermal  decomposition 
of  the  molecules  on  the  surface  of  the  film  to  obtain  atomic  hydrogen.  Our  experiments,  in  which 
the  atomic  hydrogen  is  produced  in  a  remote  plasma,  therefore  show  that  the  hydrogenation  tem¬ 
perature  of  500°C  is  indeed  typical  for  the  material,  and  not  just  for  the  NH3  cracking  process. 
Details  of  the  photoluminescence  results  also  differ.  Nakamura  et  al.  saw  an  increase  in  a  possibly 
defect-related  PL  band  centerd  at  1.65  eV  after  their  ammoniation  treatment.  No  indication  for 
such  a  PL  line  is  visible  in  our  spectra.  The  remote  hydrogen  plasma  used  in  our  hydrogenation 
technique  therefore  does  not  lead  to  defect  formation  detectable  in  PL.  In  fact,  the  quenching  of 
the  defect-related  line  at  2.3  eV  for  the  n-type  sample  (Fig.  5)  shows  that  hydrogen  can  passivate 
this  deep  defect  state,  most  probably  by  a  complex  formation  process.  We  can  conclude  that 
in  the  experiments  presented  here,  no  compensation  due  to  deep  defect  formation  takes  place. 
The  observed  changes  in  the  hole  concentration  therefore  appear  to  arise  from  compensation  by 
shallow  donor  states  created  by  the  incorporation  of  hydrogen,  or  by  a  Mg-H  complex  formation. 

A  donor-tike  state  related  to  the  introduction  of  hydrogen  would  indeed  be  consistent  with 
both  the  Hall  data  and  the  photoluminescence  experiments.  Under  this  assumption,  the  position 
of  the  new  PL  line  100  meV  below  bandgap  would  indicate  the  energy  level  of  this  new  donor 
state.  One  has  then  to  rationalise  that  the  introduction  of  hydrogen  into  the  n-type  samples  does 
not  change  the  effective  electron  concentration,  as  visible  in  Fig.  1.  The  SIMS  data  reveal  about 
10wcm_s  and  10*° cm-3  hydrogen  in  the  autodoped  and  in  the  Si-doped  samples,  respectively, 
after  hydrogenation,  thereby  giving  an  upper  limit  for  the  additional  donor  concentration  in  these 
samples.  Only  1/100  of  these  would  be  thermally  activated  at  room  temperature,  leading  to  an 
added  electron  concentration  well  below  the  Hall  concentrations  measured  for  these  samples  which 
would  be  difficult  to  detect. 

The  presence  of  Mg-H  complexes,  which  would  passivate  the  acceptors  in  contrast  to  compen¬ 
sation  as  discussed  above,  would  be  shown  by  the  observation  of  a  local  vibrational  mode  of  such 
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Figure  4:  Depth  profile*  of 
hydrogen  in  unintentionally 
(antodoped)  n-type  GaN  de¬ 
termined  by  SIMS. 


a  complex,  ae  haa  been  achieved  for  the  N-H-complex  in  ZnSe.  Preliminary  Raman  and  infrared 
studies  on  the  samples  studied  here  indeed  show  such  modes  in  the  vicinity  of  2200cm-1  when 
Mg  concentrations  above  lO^cm-*  are  present  in  the  samples  [7].  No  indication  for  Si-H,  C-H 
and  N-H  vibrational  modes  has  been  found,  however.  Details  of  these  results  will  be  subject  to 
a  future  publication. 

The  observation  of  both  the  new  PL  line  in  n-  and  p-type  samples  and  of  the  LVM  of  Mg-H 
complexes  in  p-type  material  suggests  that  hydrogen  can  have  various  effects  on  the  properties  of 
GaN.  Indeed,  in  the  p-type  sample  one  has  to  conclude  from  vibrational  spectroscopy  and  the  PL 
measurements  that  both  effects,  the  compensation  and  the  passivation,  are  present,  although  from 
the  relative  intensities  of  the  PL  line  at  3.35  eV  in  the  p-type  and  antodoped  samples  one  might 
expect  that  the  hydrogen-donor  state  concentration  is  small  in  the  p-type  material.  However,  the 
chemistry  of  hydrogen  in  GaN  is  clearly  a  challenging  subject  [8],  which  will  require  considerably 
more  experimental  and  theoretical  work. 


SUMMARY 

We  have  presented  a  comparative  study  of  the  effects  of  hydrogen  in  n-  and  p-type  MBE-grown 
GaN.  We  find  that  the  hole  concentration  in  Mg-doped  samples  can  be  significantly  reduced  by 
hydrogenation  above  500°C.  The  electron  concentration  in  antodoped  and  Si-doped  material  is 
unaffected  by  hydrogenation.  The  observation  of  a  new  photoluminescence  line  at  3.35  eV  in  both 
n-  and  p-type  samples  suggests  that  hydrogen  has  a  donor-like  state  in  GaN.  The  defect-related 
PL  line  at  2.3  eV  can  be  effectively  quenched  by  hydrogenation,  which  indicates  defect-hydrogen 
complex  formation.  At  a  third  effect  of  hydrogen  in  GaN,  Mg-H  complexes  are  observed  in 
vibrational  spectroscopy. 
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ABSTRACT 

We  have  observed  two  local  vibrational  nudes  related  to  H  bonded  to  N  acceptors  in  ZnSe 
samples  grown  by  metal  organic  vapor  phase  epitaxy.  The  modes  have  been  seen  in  both  infrared 
and  Raman  spectroscopy.  The  new  mode  seen  at  3194  cm*1  is  assigned  to  an  N-H  stretching 
vibrational  mode  and  the  mode  found  at  783  cm'1  is  tentatively  assigned  to  an  N-H  wagging 
vibrational  mode.  Polarized  Raman  spectroscopy  was  used  to  determine  that  the  symmetry  of  the 
defect  complex  is  C3V.  which  implies  that  the  H  atom  is  in  either  a  bonding  or  anti-bonding 
position. 


D  INTRODUCTION 

The  attempt  to  develop  blue  lasers  has  led  to  a  vigorous  effort  to  achieve  high  doping  levels 
in  thin  films  of  ZnSe,  which  has  a  bandgap  of  2.73  eV.  While  it  is  relatively  simple  to  dope  ZnSe 
n-type,  it  has  proven  to  be  extremely  difficult  to  achieve  high  levels  of  p-type  doping.  The 
difficulty  in  doping  ZnSe  both  heavily  n-type  and  p-type  is  actually  a  problem  encountered  when 
working  with  all  widc-band  gap  semiconductors.  An  additional  example  is  ZnTe,  which  can  only 
be  doped  p-type.  The  origin  of  this  behavior  is  not  agreed  upon,  but  several  explanations  have 
been  suggested.1*3  In  the  case  of  ZnSe,  the  difficulties  doping  samples  p-type  have  been  partially 
overcome  using  N  as  the  impurity.  N  sits  on  the  Se  site  where  it  acts  as  an  acceptor.  Recently,  net 
acceptor  concentrations  as  high  as  1018  cm'3  have  been  achieved  using  molecular  beam  epitaxy 
(MBE).4  It  would  be  preferable,  though,  to  grow  such  layers  using  metal  organic  vapor  phase 
epitaxy  (MOVPE),  which  is  a  much  less  expensive  technique.  Unfortunately,  attempts  to  grow 
heavily  doped  p-type  layers  by  MOVPE  have  proven  unsuccessful.  One  possible  explanation  for 
this  lack  of  success  is  that  the  N  acceptors  are  passivated  by  H  present  during  the  growth  process. 
The  possible  sources  of  H  in  the  growth  process  include  1)  the  use  of  NH3  as  die  source  of  N,  2) 
the  use  of  H2  as  a  carrier  gas  and  3)  the  decomposition  products  of  the  Zn  and  Se  precursor 
molecules.  In  this  paper  we  present  spectroscopic  evidence  that  H  is  bonding  to  the  N  impurities, 
implying  that  it  is  extremely  likely  that  the  proposed  passivation  is  actually  taking  place. 
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The  ZnSe  layers  used  for  this  study  were  grown  by  photo-assisted  MOVPE  on  (100) 
semi-insulating  GaAs  substrates  using  a  Hg  lamp  with  an  illumination  intensity  of  SO  mW/cm2  and 
Dimethyl-Zinc  and  Dimethyl-Selenium  as  the  precursors.  The  growth  temperature  was  350  °C  and 
die  layers  were  2.5-3  tun  thick.  The  layers  containing  nitrogen  were  delta  doped  with  NH3  using 
flow  modulation  epitaxy.3  (Our  samples  are  not  those  referred  to  in  reference  S).  Photo-assisted 
MOVPE  is  used  because  the  illumination  generates  free  carriers  near  the  growth  surface  which  aid 
in  the  cracking  of  Dimethyl-Zinc  and  Dimethyl-Selenium6’7.  This  allows  the  growth  to  take  place  at 
a  lower  temperature,  thereby  increasing  the  sticking  coefficient  of  the  N.  Even  though  Secondary 
Ion  Mass  Spectroscopy  (SIMS)  measurements  revealed  N  concentrations  above  3xl018  cm*3, 
capacitance-voltage  measurements  showed  the  net  active  acceptor  concentrations  to  be  less  than 
10'S  cm-3. 

Infrared  absorption  spectra  were  obtained  using  a  Digilab  80-E  Fourier  transform 
spectrometer.  Spectra  were  taken  at  9  K  with  a  resolution  of  0.5  cm*1  and  at  300  K  with  a 
resolution  of  1  cm*1.  A  Ge:Cu  photoconductor  was  used  as  the  detector.  ZnSe  epilayers  grown 
without  nitrogen  doping  woe  used  as  reference  samples. 

Room  temperature  Raman  scattering  measurements  were  performed  in  a 
pseudobackscattering  geometry.  Tim  focused  beam  from  an  argon-ion  laser  (514.5  run)  was 
incident  on  die  sample  at  65  to  die  normal.  The  laser  power  was  120  mW  and  the  spot  diameter 

was  10  pm.  The  backscattered  light  was  analyzed  with  a  single  grating  monochromator  and 
detected  using  a  microchannel  plate  photomultiplier  .  A  holographic  notch  filter  was  used  to 
suppress  elastically  scattered  light.  Polarized  spectra  were  corrected  for  differences  in  grating 
efficiency  by  calibration  with  a  white  light  source.  The  spectral  resolution  was  2  cm*1.  The 
polarization  geometry  is  defined  with  respect  to  the  sample  surface  ([100]):  the  x,  y,  and  z  axes  are 
parallel  to  the  [100],  [010],  and  [001],  respectively,  while  the  y1  and  z1  axes  are  parallel  to  [01 1  ] 
and  [011],  respectively. 


IH)  RESULTS  AND  DISCUSSION 

We  first  discuss  our  infrared  absorption  results,  shown  in  Figure  1.  Peaks  are  seen  at  3194 
cm*1  and  783  cm*1  at  9K.  Both  of  these  peaks  are  assigned  to  vibrational  modes  of  a  N-H 
complex,  as  we  now  discuss.  We  assign  the  peak  at  3194  cm*1  to  the  N-H  stretching  vibrational 
mode  based  on  the  following  arguments.  First,  we  reiterate  that  the  reference  samples  for  these 
studies  were  undoped  ZnSe  layers.  We  also  took  absorption  spectra  of  the  undoped  layer  using  the 
substrate  as  a  reference  and  did  not  see  either  peak.  Second,  we  confirmed  that  our  samples  have  a 
high  concentration  of  N  using  Secondary  Ion  Mass  Spectroscopy  (SIMS),  which  reveakri  nitrogen 
and  hydrogen  concentrations  above  3xl018  cm*3.  Considering  the  typical  strength  of  infrared 
absorption  by  local  vibrational  modes,  it  is  unlikely  that  an  LVM  could  be  observed  in  a  2-3  pm 
thick  layer  unless  the  associated  impurities  were  present  in  concentrations  of  at  least  1018  cm*3. 
The  SIMS  results  also  demonstrated  that  the  concentration  of  the  N  impurities  was  correlated  with 
that  of  the  H.  Third,  the  frequency  is  reasonable  for  a  N-H  bond.  The  frequency  of  the  N-H 
vibration  in  the  ammonium  molecule  is  3444  cm*1,8  which  is  roughly  8%  higher  than  the  mode 
we  observe.  It  is  known  empirically  that  many  X-H  (where  X  represents  an  impurity)  LVM 
frequencies  are  several  percent  lower  in  the  lattice  than  in  a  free  molecule.9  This  is  quite  reasonable 
since  some  of  the  election  density  of  the  impurity-hydrogen  bond  is  probably  present  in  a  weak 
bond  between  the  impurity  and  the  nearest  neighbor  host  lattice  atom.  The  N-H  LVM  frequency 
was  observed  to  be  2886  cm*1  in  GaP10  and  a  line  at  3079  cm*1  in  GaAs  has  been  tentatively 
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identified  as  being  due  to  a  N-H 
bond.10  Finally,  only  N-H,  C-H, 
and  O-H  bonds  have  been  found 
to  have  LVMs  in  this  frequency 
range  in  semiconductors.8  Since 
the  sample  was  not  intentionally 
doped  with  O  or  C,  it  is 
improbable  that  they  are  present  in 
concentrations  approaching  1018 
cm*3. 

Polarized  Raman 
spectroscopy  was  used  to  probe 
the  symmetry  of  the  defect.  As 
seen  in  Figure  2,  the  N-H  stretch 
vibration  Is  most  intense  in  the 
XCZ’Z'yX  and  X(ZZ)X 
geometries,  is  weaker  in  the 
X(ZY)X  geometry,  and  is  not 
observed  in  the  X(Z'Y’)X 
geometry.11  Although  the 
X(ZY)X  peak  is  small,  it  is 
reproducible  and  is  observed  in 
both  samples  where  the  peak  is 
seen  in  infrared  absorption. 
Selection  rules  for  Raman 
scattering  at  tetrahedral,  trigonal, 
orthorhombic,  and  monoclinic 
centers  may  be  obtained  in  a 
straightforward  manner.12  The 
results  shown  in  Figure  2  are  only 
consistent  with  a  defect  of  C3V 
symmetry,  which  is  the  symmetry 
commonly  observed  for  other  H- 
passivated  donor  and  acceptor 
impurities  which  have  been 
studied.13  All  other  modes  of  a 
trigonal  center,  and  modes  of 
lower  point  group  symmetry, 
predict  a  finite  scattering  intensity 
in  the  X(ZTOX  geometry. 

The  two  most  probable 
models  for  the  passivated  complex 
are  illustrated  in  Figure  3.  The 
correct  model  must  have  C3V 
symmetry  and  have  the  H  atom 
bonded  to  the  N  acceptor. 
Drawing  an  analogy  with  C 
passivation  in  GaAs,14-15  the  H 
atom  could  be  bonded  to  the  N 
atom  in  a  bonding  direction,  with 


Fig.  1.  Infrared  absorption  spectra  of  ZnSe:N  showing 
die  two  N-H  local  vibrational  mode  peaks.  T  =  9K. 


Raman  Shift  (cm  -1 ) 


Fig.  2.  Polarized  Raman  measurements  of  the  3194  cm*1 
local  vibrational  mode.  T  =  300 K.  The  polarization 
geometry  is  defined  with  respect  to  die  sample  surface 
([100]).  Spectra  are  offset  vertically  for  clarity. 
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the  bond  to  the  nearest  neighbor 
Zn  atom  being  very  weak. 
Theother  possibility  is  that  the  H 
atom  is  bonded  to  the  N  atom  in 
an  anti-bonding  direction,  but 
this  geometry  has  not  previously 
been  observed  for  acceptor 
passivation. 

We  tentatively  assign  the 
peak  at  783  cm*1  to  the  wag 
mode  of  the  N-H  complex.  The 
relative  strengths  of  the  783  cm*1 
and  3194  cm*1  peak  are  the  same 
in  both  samples  we  observed, 
suggesting  they  are  related  to  the 
same  defect  As  seen  in  Figure  4, 
in  polarized  Raman  scattering  the 
783  cm*1  peak  is  observed  for 
the  four  scattering  geometries 
described  above,  which  is 
consistent  with  the  E  symmetry 
expected  for  a  wag  mode.  The 
frequency  of  this  peak  is  too  high 
to  be  identified  with  a  stretching 
or  wagging  vibration  of  die  Zn-N 
or  Se-N  bonds. 

We  finally  discuss  one 
additional  possibility  for  the 
identification  of  the  two  LVM 
peaks  we  observe.  Our  samples 
were  initially  characterized  by 
photoluminescence  spectroscopy 
carried  out  at  7K.  The  spectra 
were  dominated  by  donor- 
acceptor  pair  transitions  and  did 
not  show  any  excitonic 
transitions.  The  donor-acceptor 
pair  transitions  were  seen  to 
occur  at  longer  wavelengths  than 
in  samples  grown  under  similar 
conditions  with  N  concentrations 
of  approximately  lxlO18  cm*3.  It 
has  been  suggested  that  this 
difference  in  emission 
wavelength  could  be  due  to  the 
presence  of  nitrogen  related 
compensating  defect  complexes, 
such  as  a  Vse-Zn-Nse 
complex.16  Since  these 
complexes  have  not  been 


Fig.  3.  Possible  models  for  H-passivation  of  the  N 
acceptor  with  a)  the  H  atom  in  a  bonding  site  and  b)  the 
H  atom  in  an  anti-bonding  site. 


700.00  800.00  900.00 

Raman  Shift  (cm _1) 


Fig.  4.  Polarized  Raman  measurements  of  the  783  cm*1 
local  vibrational  mode.  T  =  300K.  The  polarization 
geometry  is  defined  with  respect  to  the  sample  surface 
([100]).  Spectra  are  offset  vertically  for  clarity. 
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positively  identified,  we  cannot 
completely  exclude  the 
possibility  that  we  are  observing 
LVMs  of  H  bonded  to  a  N  atom 
which  is  part  of  such  a  defect. 

However,  given  the  high 
symmetry  of  the  defect  we 
observe  and  the  narrowness  of 
the  LVM  peaks  (which  become 
even  narrower  upon  annealing  of 
the  samples),  the  most 
reasonable  explanation  for  our 
data  is  that  we  are  observing 
LVMs  of  H  bonded  to  an 
uncomplexed  substitutional  N 
impurity. 

In  order  to  determine 
whether  or  not  the  N-H  bond 
could  be  broken  by  annealing, 
the  samples  were  capped  with 
SiC>2  and  heated  to  6S0  and  750 
°C.  Figure  5  shows  infrared 
absorption  spectra  of  the  wag 
mode  for  unannealed  and 
annealed  samples.  While  the 

LVM  peak  does  narrow,  the  area  of  the  peak  does  not  change,  implying  that  there  is  no  change  in 
the  concentration  of  the  N-H  centers.  The  narrowing  of  the  peaks  is  likely  to  be  due  to  a  relaxation 
of  strain  present  in  the  epilayer.  A  similar  result  is  seen  for  the  high  frequency  stretch  mode. 

The  positions  and  FWHM  of  die  observed  peaks  at  9K  and  300K  are  listed  in  Table  I.  We 
note  the  unusual  feature  that  the  frequency  of  die  783  cm'1  peak  increases  with  increasing 
temperature.  This  behavior  is  not  presendy  understood. 


Fig.  5.  Infrared  absorption  spectra  of  die  N-H  stretch 
mode  in  a)  an  unannealed  sample  b)  a  sample 
annealed  at  650  °C  c)  a  sample  annexed  at  750  °C. 


Table  L  Temperature  dependence  of  frequency  and  FWHM  of  N-H  LVM  peaks 


N-H  Wag  Mode  (?) 

N-H  Stretch  Mode 

Temperature 

Peak  Position 

FWHM 

Peak  Position 

FWHM 

00 

(enr1) 

(cm-1) 

(cm-1) 

(cm-1) 

9 

783.0 

3.8 

3193.6 

1.5 

300 

789.3 

9.0 

3192.7 

3.0 

IY)  CONCLUSION 

In  conclusion,  using  infrared  absorption  and  polarized  Raman  scattering,  we  have 
discover'd  two  new  local  vibrational  modes  in  ZnSe:N,H.  The  higher  frequency  peak  at  3194  enr* 
is  assigned  to  the  stretch  mode  of  a  N-H  bond,  while  the  lower  frequency  peak  at  783  cm'1  is 
tentatively  assigned  to  the  N-H  wag  mode.  The  Raman  polarization  scattering  results  are  only 
consistent  with  a  C3V  symmetry  for  the  defect,  which  implies  that  the  H  atom  is  either  in  a  bonding 
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or  an  anti-bonding  position.  This  study  confirms  that  H  forms  a  complex  with  N  acceptors  in 
ZnSe,  implying  that  the  presence  of  H  during  the  growth  process  of  MOV  PE  ZnSe  plays  a  role  in 
the  problems  encountered  in  achieving  high  ft- type  doping  levels  in  this  material. 
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ABSTRACT 


Optical  admittance  spectroscopy  is  a  technique  for  measuring  the 
conductance  and  capacitance  of  a  junction  under  illumination  as  a 
function  of  the  wavelength  of  the  light  and  the  frequency  of  the 
measuring  AC  signal.  For  the  first  time,  this  technique  is  applied  to 
characterize  deep  defect  levels  in  6H-SiC:N.  Nitrogen  is  a  donor  atom  in 
6H-SiC  which  substitutes  for  carbon  in  three  inequivalent  sites  (h,  ki,  k2). 
giving  rise  to  n-type  conduction.  Deep  defect  levels  attributible  to 
transition  metal  impurities  have  been  identified  in  6H-SiC:N  by  optical 
admittance  spectroscopy. 


INTRODUCTION 


The  unique  physical  and  electronic  properties  of  silicon  carbide 
make  it  an  ideal  choice  for  high-power,  and  high-operating  temperature 
devices,  and  devices  that  are  radiation  resistant.  The  frequency  of  device 
operation  depends  on  the  minority  carrier  lifetime,  which,  in  turn,  is 
controlled  by  deep  traps  that  act  as  recombination  centers.  Furthermore, 
the  development  of  semi-insulating  materials  requires  the  introduction 
of  a  trap  near  mid  gap  in  sufficient  quantities  to  restrict  the  minority 
carrier  lifetime  to  very  small  values. 

Nitrogen  is  introduced  into  the  growth  ambient  when  it  is  de- 
adsorbed  from  the  graphite  components  of  the  growth  chamber.  It  is 
consequently  incorporated  into  the  SiC  lattice  at  a  hexagonal  site(h)  and 
two  cubic  sites(ki,k2)  and  gives  rise  to  n-type  conduction.  Nitrogen 
donors  have  been  studied  by  electron  paramagnetic  resonance(EPR)[l-5], 
photoluminescence(PL)l6-8],  Hall  effect  and  infrared(IR)  absorption[9], 
and  Admittance  Spectroscopy!  10]. 

In  order  to  electrically  characterize  traps  that  lie  near  mid  gap  in 
wide  band  gap  semiconductors^. g.,  6H-SiC)  by  thermal  techniques  such 
as  Deep  Level  Transient  Spectroscopy(DLTS),  or  Admittance  Spectroscopy, 
it  is  necessary  to  raise  the  temperature  of  the  specimen  to  high 
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temperatures.  This  requires  a  hot  stage  and  great  care  in  the  choice  and 
application  of  the  metallization.  A  method  that  has  the  sensitivity  of  the 
capacitance  techniques,  but  that  does  not  require  the  use  of  high 
temperatures  would  be  useful.  Therefore,  we  have  studied  the  deep 
levels  in  n-type(N-doped)  6H-SiC  by  using  Optical  Admittance 
spectroscopy  of  Schottky  diodes. 


DISCUSSION 


Admittance  spectroscopy  was  first  introduced  by  Losee  to  study 
deep  traps  in  compound  semiconductors[ll].  The  details  of  the  technique 
have  been  worked  out  by  him  and  others!  12, 13].  The  optical  variation  of 
this  technique  was  introduced  by  Vincent,  et  al.[12],  and  further 
developed  by  Duenas,  et  al.[14].  Figure  1  is  a  schematic  of  the  Optical 
Admittance  Spectroscopy  experiment. 


Whereas  thermal 

admittance  spectroscopy  detects 
the  effect  of  thermal  emission  of 
carriers  from  deep  centers  on  the 
conductance  of  a  diode,  optical 
admittance  spectroscopy  detects 
the  effect  of  carriers  that  have 
been  optically  excited  from  trap 
level(s)  to  the  conduction  band. 
Figure  2  shows  a  schematic 
representation  of  a  Schottky 
diode  on  n-type  material 
containing  one  deep  level.  When 
the  trap  level  crosses  the  Fermi 
level  the  additional  charges  that 
are  generated(a  thermal  process) 
cause  a  change  in  the 
conductance  and  capacitance  of 
the  diode.  During  an  optical 
experiment  the  temperature  is 
held  below  the  point  where  the 
trap  level  crosses  the  Fermi  level. 


uai 


Figure  2.  Schematic  of  a  band  diagram  for 
a  Schottky  barrier  on  n-type  material 
containing  one  deep  trap. 
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Traps  introduce  into  the  measurement,  a  conductance  Gt,  given 
by[12] 


Gt  = 


and  the  measured  capacitance  in  the  presence  of  traps  is  given  by 


C  —  Cq  4*  Ct  — 


where  en  is  the  emission  rate,  n  is  the  number  of  free  carriers  in  the  bulk, 
Nx  is  the  number  of  deep  traps,  N+  is  the  number  of  ionized  deep  centers, 
a  is  the  measurement  frequency,  e  is  the  bulk  dielectric  coefficient,  A  is 
the  area  of  the  diode,  and  q  is  the  electronic  charge. 

Clearly,  when  N+  is  changed  by  the  process  of  illumination,  both  C 
and  Gt  change,  and  in  the  same  manner.  Hence,  the  photo-capacitance 
and  the  photo-conductance  curves  have  the  same  shape. 

Monochromatic  light  is  focused  on  the  diode  and  the  wavelength  of 
the  light  is  scanned  by  the  use  of  a  monochromater.  Thus,  when  light  of 
the  proper  energy  is  incident  on  the  diode,  a  carrier  may  be  excited  from 
the  trap  level  to  the  conduction  band  by  the  absorption  of  the  photon. 
The  presence  of  these  extra  carriers  in  the  conduction  band  produces  a 
change  in  the  conductance  of  the  diode  which  can  be  detected  using  a 
capacitance/conductance  meter,  hence,  we  see  peaks  in  the  conductance 
corresponding  to  the  energy  of  the  absorbed  photons.  When  the 
wavelength  (energy)  of  the  light  is  not  of  the  proper  value  to  excite 
carriers,  the  conductance  is  lower. 

Schottky  diodes  were  fabricated  on  n-type  SiC  that  was  first 
oxidized  and  etched  to  yield  a  clean,  ordered,  surface.  Actual 
metallization  consisted  of  sputtering  Ni  onto  n-type  material  and 
annealing  at  900  C  for  five  minutes  in  forming  gas  to  produce  ohmic 
contacts.  Schottky  diodes  were  fabricated  by  evaporating  A1  dots  600pm 
in  diameter  onto  the  other  side  of  the  wafer.  The  diodes  that  were 
formed  by  this  process  were  evaluated  by  examining  the  C*2  vs  V 
behavior.  The  capacitance  and  conductance  were  measured  using  an 
HP4270A  Multifrequency  LCR  Meter,  operated  in  the  high  resolution 
mode.  The  measurements  reported  here  were  all  made  at  a  frequency  of 
100  kHz. 
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RESULTS 


Five  peaks  were  seen  in  the 
spectrum  obtained  from  the  SiC 
specimens,  as  shown  in  figure  3. 
The  energies  of  the  transitions 
indicated  by  the  peaks  are  shown 
in  the  figure.  Consideration  of 
the  transition  energies  rules  out 
the  possibility  that  any  of  these 
peaks  are  related  to  nitrogen  in 
any  other  manner  than  a 
complex  of  some  sort.  The  band- 
to-band  transition  for  6H-SiC  is 
clearly  seen  along  with  three 
peaks  that  are  attributable  to 
deep  levels  in  SiC  arising  from 
transition  metal  impurities.  A 
fifth  peak  is  visible  in  the 
spectrum  and  has  been  identified 
as  a  transition  metal  impurity 
using  DLTS,  and  IR 
absorption(figure  4);  these 
results  are  reported 
elsewhere.[10]  Figure  5  shows  a 
spectrum  from  a  specimen 
having  a  different  nitrogen 
concentration  and  no  transition 
metal  IR  signature.  Two  of  the 
levels  are  clearly  seen,  while  the 
level  at  1310  nm  is  seen  as  a 
shoulder  to  the  middle  peak. 


Figure  3.  Optica)  Admittance  spectrum 
for  a  specimen  having  Nd-Na  ®  6.4  X 


Figure  4.  IR  Absorption  spectrum  of 
transition  metal.  V.  in  6H-SiC. 


Figure  5.  Optical  Admittance  spectrum 
for  a  specimen  having  Nd-Na  *1.7X 
10*  7cm'3. 
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We  have  shown  that  optical  admittance  spectroscopy  is  a  valuable 
tool  for  the  characterization  of  wide  band  gap  semiconductors,  specifically 
nitrogen  doped  6H-SiC.  We  have  determined  both  the  band-to-band 
transition  in  this  material,  and  the  energies  of  the  three  transition  metal 
impurity  levels. 
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ABSTRACT 

Defect  concentrations  in  molecular  beam  epitaxial  (MBE)  GaAs  range  from  10 IJ  to 
10**  cm-*  as  the  growth  temperature  is  lowered  from  600  to  200  °C;  however,  very  high 
quality  layers  can  be  grown  over  this  whole  range.  The  dominant  defect  is  the  As 
antisite,  but  there  is  alio  good  evidence  for  As  interstitials  and  gallium  vacancies.  The 
particular  form  of  the  As  antisite  center  in  low-temperature  (LT)  MBE  GaAs  is  not 
known  at  this  time,  but  it  it  definitely  not  EL2,  because  both  the  thermal  activation 
energy  and  the  electron  capture  cross  section  differ  significantly.  However,  other 
features,  such  as  the  EPR  spectrum  and  metast able— to— normal  recovery  kinetics  are 
identical  to  those  of  EL2.  The  donor  (As  antisite)  to  acceptor  ratio  seems  to  hold  at 
about  <me  order  of  magnitude  as  growth  temperature  is  varied  from  200  —  400  «C;  thus, 
the  Fermi  level  stays  near  mid-gap  over  this  whole  range.  However,  hopping 
conduction  among  the  As  antisite  centers  is  strong  for  samples  grown  between  200  ana 
300  <>C  and  keeps  the  material  from  being  semi— insulating,  while  for  those  grown 
between  350  —  480  °C,  the  resistivity  is  greater  than  10T  (1  cm.  The  annealing  dynamics 
are  particularly  interesting  and  include  such  features  as  the  mobility  going  through  a 
sharp  maximum  at  an  annealing  temperature  of  40C  ®C  for  a  layer  grown  at  200  °C. 
The  donor  and  acceptor  concentrations  can  be  determined  both  by  Hall  effect  and 
absorption  measurements  ss  the  layer  is  annealed  up  to  600  °C.  Above  550  °C,  forge 
precipitates  are  formed.  The  relative  roles  of  the  precipitates  and  point  defects  in 
influencing  compensation,  lifetime,  and  device  characteristics  are  a  source  of  much 
controversy  and  will  be  discussed. 


INTRODUCTION 

In  the  early  days  of  molecular  beam  epitaxial  (MBE)  growth  of  GaAs,  emphasis 
was  placed  on  developing  pure,  defect-free  material.  Although  it  is  likely  that  many 
workers  explored  the  limits  of  their  machines,  particularly  in  substrate  growth 
temperature  T.,  and  As«/Ga  beam-equivalent  pressure  (BEP),  most  of  the  published 
work  dealt  witn  T,  in  the  region  580  aul  °C,  which  produced  the  best  material  (1). 
However,  in  1978,  Morotani  et  al  (2]  lemoantrated  that  growth  at  400  °C  produced  a 
highly  resistive  layer  which  was  turn.  %  buffer  for  a  GaAs  metal-semiconductor 
field-effect  transistor  (MESFET).  Even  with  that  impetus  for  further  low-temperature 
(LT)  growth  studies,  only  a  few  investigations  were  reported  in  the  next  few  years  [3-5], 
and  they  mainly  dealt  with  the  increase  in  deep  centers  and  decrease  in  doping 
activation  as  T.  was  lowered.  Then,  in  1988,  Smith,  Calawa,  and  colleagues  [6]  showed 
that  a  MESFET  bufier  layer  grown  at  200  °C,  and  annealed  at  600  °C,  had  a 
remarkable  ability  to  eliminate  cross-talk  between  closely  spaced  devices,  an  important 
quality  for  successful  integrated  circuit  (1C)  production.  This  work  spurred  strong 
activity  in  the  LT-MBE  GaAs  (henceforth  simply  called  LT  GaAs)  area,  and  to  date, 
400  -  500  papers  have  been  published  [7,8j.  The  reasons  for  the  effects  discovered  by 
Smith  and  Calawa,  as  well  as  for  other  useful  effects  such  as  a  very  short  recombination 
time,  involve  extremely  high  concentrations  of  point  defects,  in  some  cases  more  that 
10*°  cm'1.  Furthermore,  after  anneal,  large  As  precipitates  are  formed  [9],  and  many 
workers  believe  that  the  precipitates  can  also  affect  electrical,  optical,  and  device 
properties  [10). 


In  this  review,  we  will  mainly  concentrate  on  the  point  defects  and  how  they  move 
and  annihilate  at  high  temperatures.  We  will  consider  the  electrical,  optical,  and 
magnetic— resonance  properties  and  show  how  these  properties  change  during  annealing 
The  effects  on  devices  will  also  be  discussed. 


NON-STOICfflOMETRIC  GROWTH 

The  samples  first  discussed  by  Smith,  Calawa  and  co-workers  [61  were  grown  at 
200  °C,  and  this  has  been  the  most  popular  growth  temperature  far  LT  GaAs  samples 
since  then.  Such  samples  have  a  high  excess  of  As,  much  of  it  in  interstitial  or 

Slit-interstitial  positions  [II],  which  tends  to  expand  the  lattice,  as  shown  in  Fig.  1. 

ther  workers  have  suggested  even  higher  percentages  of  excess  As  at  a  given 
temperature,  but  it  must  be  remembered  that  such  low  growth  temperatures  are  difficult 
to  measure  by  the  usual  non-contacting  temperature  sensors,  so  that  values  assigned  by 
various  laboratories  may  differ  by  as  much  as  several  tens  of  degrees.  As  might  be 
expected,  another  important  factor  in  determining  the  As  content  is  the  AsJGa  BEP. 

Besides  filling  interstitial  positions,  the  excess  As  can  also  go  on  Ga  sites,  farming 
As  antisites  (Asg»),  or  it  can  be  accommodated  by  Ga  vacancies  (Vg,).  However, 
beyond  a  critical  growth  thickness  the  lattice  can  evidently  not  continue  to  absorb  the 
excess  As  as  point  defects,  and  lane  "pyramidal"  defects  are  formed  [12].  For  a  BEP  of 
10,  and  a  growth  temperature  of  200  °C,  the  critical  thickness  above  which  these  large 
defects  axe  formed  is  about  3  pm  [13].  It  is  important  to  use  single-crystal  layers  for  the 
most  accurate  measurements  of  many  of  the  quantities  discussed  in  the  present  work. 


IDENTIFICATION  OF  POINT  DEFECTS 


A  single-crystal  LT  GaAs  l^yer  grown  at  about  200  °C  contains  very  large 
concentrations  of  deep  donors  (~  10,#  cnr1)  and  acceptors  (~  10‘*  cm'1)  [14],  Since 
background  impurity  levels  are  in  the  10»B  -  cm'1  range,  these  donors  and  acceptors 
must  be  pure  defects.  The  samples  are  nearly  always  n— type;  in  fact,  to  our  knowledge, 
the  only  report  of  p-type  material  up  to  now  was  in  a  very  early  paper,  and  was 
evidently  never  repeated  [15].  (In  that  case,  a  Hall  mobility  could  be  measured  only 


Fig.  1.  Dependence  of  the  lattice  parameter 
expansion  on  the  excess  As  content  for 
MBE  GaAs  layers  mown  at  180,  190,  200, 
and  210  °C.  (From  Ref.  13.) 


Fig.  2.  Experimental  (T=4K)  and  theore¬ 
tical  EPR  spectra  of  a  15— pm-thick  MBE 
GaAs  layer  grown  at  200  °C.  (From  Ref. 
17.) 
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between  100  end  300  K,  end  outside  of  that  range,  the  sample  was  too  resistive  to 
measure.  Since  the  mobilities  were  also  very  low,  1-100  cmtyv  a,  the  data  would  have 
to  be  considered  questionable.)  Recently,  we  have  found  p— type  conduction  in  a  sample 
grown  at  300  °C  and  furnace  annealed  at  460  «C  (but  not  at  400  or  500  »C  !)  for  10  min., 
or  rapid  thermally  annealed  for  10  s  at  850  °C;  these  acceptor  data  will  be  discussed  in 
more  detail  after  consideration  of  the  demon,  about  which  we  know  considerably  more. 


As  Antisites 


The  only  defect  which  has  been  firmly  identified  in  any  type  of  GaAs  is  the  As 
antisite,  Asg..  However,  it  is  usually  difficult  to  claim  with  certainty  whether  the  A Sg* 
is  isolated  or  is  complexed  with  another  defect,  say  at  a  second-nearest  aeighbor 
position.  (Even  the  famous  and  widely  studied  EL2  suffers  this  uncertainty!)  Thus, 
although  it  is  known  that  the  dominant  donor  in  LT  GaAs  contains  Asg»,  the  exact  form 
of  the  donor  is  not  known. 

As  first  presented  by  Kaminska  et  al  [16],  the  electron  paramagnetic  resonance 
(EPR)  spectrum  of  LT  GaAs  contains  the  classic  four-line  pattern  known  to  belong  to 
Asga-  A  comparison  of  experiment  and  theory  shown  in  Fig.  2  (from  another  paper  [17]) 
strongly  supports  this  view.  Unfortunately,  the  paramagnetic  state  of  Asga  is  Asg»*,  so 
that  a  concentration  determination  from  EPR  gives  only  the  (+V-state  concentration, 
which  is  the  same  as  the  acceptor  concentration  N»  in  a  sample  which  has  a  small 
concentration  of  free  carriers  (i.e.,  one  in  which  the  Fermi  level  Ef  is  near  midgap).  The 
data  of  Fig.  2  are  consistent  with  [AsgJ  =  N»  =  3  x  10‘*  cm-*,  while  independent  EPR 
measurements  of  200-°C  samples  grown  in  other  laboratories  give  similar  values,  5  x 
10 11  [161  and  7  x  101*  cm**  [18],  respectively. 

Tne  donor  and  acceptor  concentrations  can  also  be  determined  from  optical 
absorption  measurements.  Consider  the  near-IR  absorption  spectrum  of  300-°C  GaAs 
shown  in  Fig.  3.  The  shape  is  nearly  identical  to  that  of  EL2,  so  that  it  seems 
reasonable  to  apply  the  photoionisation  coefficients  already  known  for  EL2  [19].  That 
is,  the  absorption  coefficient  a  as  a  function  of  wavelength  A  should  be  given  by 


101*  cm'*  doped  layer  after  30  min.  white- 
light  illumination,  f.  Photoquem 
absorption  spectrum  of  1017  cm-*  do] 
layer  given  by  the  ratio  of  spectra  ti 
before  and  after  illumination. 


Fig.  4.  The  measured  resistivity  p  and 
carrier  concentration  n  (actually  1/eR)  vs. 
T'i  for  an  MBE  GaAs  layer  grown  at 
300  °C.  The  solid  lines  are  theoretical  fits. 


(PA)  _  a  (Cl  ' cm  ') 


<rn(A)[Afg,°]  +  ffp(A)[Atg**] 


t^Siv  jr  where  <ra(A)  and  aJ  A)  are  the 

■o4  c  f  photoioniaation  crow  -aectioni  for  electrons 

.  and  hole*,  respectively  [10].  By  measuring 

iff*  a  at  two  different  wavelengths  (say,  1.1 

/  and  1.2  /on),  both  [As*,0]  and  [Aig»‘]  can 

Kr4  /  be  determined.  Sucn  an  analysis  for 

/  *  200— °C  GaAs  gives  a  total  [Asg»]  of  about 

iff1  „  A  — ..  i  x  10**  cm-*,  and  an  ionised 

concentration,  fAsn*]  six  10u  cm~*  [14]. 

,o«  - 1 - . - - - * - - -  These  values  should  correspond  to  N«j  and 

250  300  3»  400  450  500  550  N»,  respectively,  as  long  as  no  donors 

T(K)  shallower  than  Asp  are  important.  Note 

that  the  value  oiN,  aa  determined  by 
Pig.  5.  Hopping  conductivity  ffh  and  band  absorption  is  within  error  of  that 
xmductivity  ffb  vs.  T'1  for  an  MBE  GaAs  determined  by  EPR.  Discussion 


ayer  grown  at  300  °C.  The  solid  lines  are  concerning  the  identity  of  the  acceptors 
theoretical  fits.  will  be  deferred  to  a  later  section  of  this 


determined  by  EPR.  Discussion 
concerning  the  identity  of  the  acceptors 
will  be  deferred  to  a  later  section  of  this 


paper. 

”  There  is  at  least  one  other  way  to 
quantitatively  determine  the  donor  and 
acceptor  concentrations  -  electrical 
measurements,  including  the  Hall  effect 
and  conductivity  [20]!  For  growth 
temperatures  less  than  about  300  °C, 
hopping  conduction  between  the  Asgk 
centers  is  stronger  than  the  usual  band 
conduction,  at  least  for  room-temperature 
electrical  measurements  [21].  The  reason 
for  this  is  a  strong  wavefunction  overlap, 
since  the  estimated  (hydrogenic)  radius  of 
an  0.65-eV  center  is  about  9  A,  while  the 
average  distance  between  centers  of  density 

l**10*»  cm'*  is  only  about  13  A.  Thus,  the 
conductivity  a  and  Hall  coefficient  R  of 
these  systems  must  be  modeled  with  both 
band  ("b")  and  hopping  ("h")  components 

3  [20,21]: 


Fig.  6.  The  photocurrent  vs.  T  for  an  MBE  [20,21]: 

GaAs  layer  grown  at  400  °C.  The 
quenched  data  occur  after  IR  illumination  ff  =  ffb  -f  ffh 

at  82  K.  The  solid  lines  are  theoretical  fits.  n  _  Rbfba  + 
(From  Ref.  23.)  (ffb  +  ffh) 


Since  ffb,  ffh,  Rh,  and  Rh,  are  known  [21]  functions  of  Nd,  N»,  and  Ed  (the  donor 
activation  energy),  we  can  fit  the  temperature  dependences  of  a  and  R  to  determine  Nj, 
N»,  and  Ed-  Such  fits  of  ff(=p-‘)  and  n(=e‘1R'1)  for  300-*C  material  are  shown  in  Fig.  4 
and  give  values  Nd  s  3  x  10‘*  cm'*,  N»  =  2  x  10“  cm**,  and  Ed  a  0.65  eV  (at  T  =  0).  It 
is  interesting  that  the  hopping  conduction  ffh  is  stronger  than  the  band  conduction  ffb  at 
a  measurement  temperature  T.  of  300  K,  but  quickly  becomes  weaker  at  higher 
temperatures,  as  shown  in  Fig.  5.  For  200— °C  material,  on  the  other  hand,  ffh  is  much 
greater  than  ffb  even  at  T,  =  500  K  [21]. 

The  value  of  Ed  for  LT  GaAs,  which  is  0.65  ±  0.01  eV  for  300-,  350-,  400-,  and 
450-° C  material,  is  quite  interesting  because  it  is  significantly  less  than  the  value  of  Ed 
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Fig.  7.  Dark  current  vb.  T'1  for  MBE  GaAs 
layers  grown  at  various  Tg’s  and  annealed 
at  various  T,’s. 


at  temperatures  below  120  K  [221.  In  the 
metastable  state,  the  donor  leva  is  very 
deep  [22]  and  both  band  and  hopping 
conduction  are  greatly  diminisnea 
Recovery  to  the  normal  state  occurs 
between  120  and  140  K,  and  the  original 
conduction  also  returns.  Photoconduc¬ 


tivity,  photoluminescence,  absorption, 
EPR,  and  other  phenomena  are  affected 
the  same  way.  In  Fig.  6  we  show 
photocunent  vs.  T  for  both  quenched  and 
unquenched  material  grown  at  400  °C,  a 
temperature  at  which  hopping  conduction 
Oh  is  negligible.  The  solid  fines  are  fits 
from  an  essentially  rigorous  analysis  [231 
which  gives  an  electron  capture  barrier  of 
0.040  ev  for  the  unquenched  data,  and  a 


metastability  recovery  barrier  of  0.26  eV 

for  the  quenched  data.  The  values  of  these  same  two  parameters  for  EL2  are  0.075  eV 
and  0.26  eV,  respectively.  The  identical  values  of  the  metastability  barriers  leaves  no 
doubt  that  Asga  is  involved,  while  the  difference  in  the  capture  barriers  shows,  again, 
that  the  two  centers  are  not  identical.  A  summary  of  our  knowledge,  including  the  EPR 
results,  is  given  in  Table  1  of  Ref.  23  for  the  donors  in  300  —  450-°C  material. 


For  200  —  300— °C  GaAs,  the  comparison  of  the  dominant  donor  with  respect  to 
EL2  is  not  as  dear,  especially  for  as-grown  material.  The  reasons  are  at  least  two-fold: 
(1)  is  so  strong  that  the  fitted  magnitudes  of  0b  are  inaccurate,  making 
determinations  of  Nj,  N„  and  E<j,  poorer  than  those  for  300  -  400-°C  material;  and  (2) 
the  As«—  related  centers  do  not  quench,  or  at  least  only  a  small  fraction  (~  10%)  of 
them  do.  The  lack  of  quenching  may  be  related  to  the  strain  present  in  as-grown 
200— °C  layers,  or  even  more  likely  to  the  strong  recombination  paths  which  compete 
with  the  metastability  transition  path.  In  any  case,  we  cannot,  with  certainty,  assign 
the  value  Ed  a  0.65  eV  to  200-*C  GaAs;  it  may  be  as  high  as  0.75  eV.  The  situation  is 
illustrated  in  Fig.  7,  in  which  it  is  seen  that  strong  band  conduction  is  not  present  at 
any  temperature  (at  least  up  to  400  K)  for  as-grown  250-°C  material.  However,  by 
annealing  at  600  °C,  a  short  section  of  activated  behavior  is  seen  at  the  highest 
measurement  temperatures,  while  the  much  shallower  hopping  conduction  is  still 
dominant  at  lower  temperatures.  Although  the  slope  of  the  activated  portion  is  listed  as 
0.65  eV,  this  cannot  be  considered  a  firm  number. 

In  spate  of  these  uncertainties  for  as-yrown  200-  or  250-°C  GaAs,  once  the 
material  is  annealed  above  500  °C  the  situation  becomes  dearer;  e.g.,  the  deep  donors  in 
annealed  material  can  be  quenched.  (We  cannot  establish  unambiguously  whether  the 
quenchable  donors  are  microscopically  different  than  the  main  body  of  original  donors, 
or  whether  they  are  the  same  but  just  in  a  different  environment  because  of  the  anneal.) 
Interestingly  enough,  one  of  the  quenched  parameters  in  this  case  is  the  hopping 
conduction  itself,  as  shown  in  Fig.  8.  The  recovery  curve,  shown  in  Fig.  9  is  again  well 
fitted  with  a  metastability  barrier  of  0.26  eV  and  a  prefactor  of  3  x  10*  s*1,  very  close  to 
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Fig.  8.  Current  vs.  T  tor  m 
MBE  GiAs  layer  illumin¬ 
ated  by  IR  light  at  82  K  for 
various  times  (Id art  repre¬ 
sents  zero  time.)  Slopes  of 
the  lines  are  given  in  eV. 
(From  Ref.  27.) 


the  respective  EL2  values.  Thus,  As*,  is  also  involved  in  the  donor  defects  of  200  - 
300-*CGaAs 

We  now  return  to  the  acceptors,  which  have  been  studied  much  less.  From  the 
known  As-rich  stoichiometry,  the  most  obvious  guess  for  the  dominant  acceptor  would 
be  the  Ga  vacancy,  V*».  Indeed,  a  diffusion  model  based  on  Vn  centers  has  been 
presented  [24]  and  positron-annihilation  experiments  have  been  interpreted  to  involve 
Vn  defects  [25].  Also,  we  have  recently  seen  p— type  conduction  in  material  grown  at 
30O-°C  and  annealed  at  450  <>C,  and  the  activation  energy  is  about  0.5  eV,  certainly 
within  range  of  the  several  charge-state  transitions  theoretically  postulated  to  occur  for 
Vg«  [26],  However,  these  assertions  are  all  somewhat  speculative  at  this  point,  and  the 
acceptor  defect  may  be  more  complicated  than  a  simple,  isolated  Vg».  For  example,  the 
dominant  thermally  stimulated  current  peak  in  LT  GaAs,  occurring  at  140  K  and 
having  an  activation  energy  of  0.27  eV,  has  been  tentatively  assigned  to  Vga-  As*,  [27], 
and  a  sharp  zero-phonon  line  in  photoluminescence  is  believed  to  arise  from  an  exaton 
bound  to  a  Vga—  Asi  center  [28].  Again,  all  of  these  assignments  require  further 
confirmation. 


ANNEALING  EFFECTS 

The  annealing  dynamics  of  the  donors  and  acceptors  in  LT  GaAs  are  quite 
interesting.  In  Fig.  10,  we  show  the  results  of  two  independent  experiments  [21]: 
Hall-effect  measurements,  which  determine  N<j  and  N»,  and  absorption  measurements, 
which  determine  [Asga]  and  [A8g,*].  As  can  be  seen,  there  is  a  dear  correlation  between 
Nd  and  [Asga],  and  between  N,  and  [Asga*]-  Above  Ta  =  450  °C,  all  quantities  decrease, 
as  might  be  expected.  However,  the  most  interesting  behavior  is  between  400  and 
450  °C;  in  this  range  N»  first  drastically  decreases,  and  then  drastically  increases.  This 
behavior  is  consistent  with  that  of  300-°C  material,  in  which  N,  increases  enough  at 
450  «C  that  the  sample  actually  becomes  p— type.  Models  have  been  presented  for  this 
phenomenon,  but  it  must  be  stated  that  our  understanding  is  not  yet  complete. 

Another  very  interesting  result  of  annealing,  at  least  above  500  °C,  is  the 
formation  of  large  As  predpitates  [91.  Table  1  gives  densities  and  average  diameters  as 
a  function  of  T*,  with  Ta  =  600  °C  in  all  cases.  Some  of  the  larger  precipitates  are 
composed  of  moallic  As,  and  thus  could  act  as  buried  Schottky  barriers  which  could 
compensate  free  carriers  and  influence  recombination  times  of  excess  carriers  [10].  Thus, 
it  has  been  proposed  by  some  (and  rebutted  by  others)  that  the  As  precipitates  are 
responsible  for  the  semi-insulating  nature  of  annealed  LT  GaAs,  and  also  for  the 
extremely  fast  recombination  times.  Recent  papers  on  these  and  other  issues  have 
appeared  in  a  special  December  1993  issue  of  the  Journal  of  Electronic  Materials,  and 
discussion  can  also  be  found  in  Ref.  8. 
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Table  1.  Density,  average  diameter,  and  volume  fraction  of  As  precipitates  as  a 
function  of  growth  temperature  Tg.  All  samples  were  annealed  at  600  °C 
for  1  hr.  (Data  from  Ref.  9.) 


T*  (°C) 

Density  (10“  cm-*) 

Diameter  (A) 

Volume  frac.(x  10'*) 

225 

4.3 

74 

3.410 

250 

3.9 

55 

0.951 

275 

1.7 

61 

0.635 

300 

0.78 

76 

0.556 

325 

0.52 

46 

0.077 

350 

0.39 

29 

0.016 

DEVICES 

The  interest  in  LT  GaAs  and  other  III— V  compounds  has  been  largely  driven  by 
device  applications,  so  a  few  remarks  on  this  subject  are  in  order.  The  very  first  paper 
on  the  subject  (i.e.,  in  the  "modern  era",  1988  -)  showed  that  device  crosstalk  (called 
"backdating"  and  "sidegating”)  as  well  as  light  sensitivity  could  be  eliminated  in 
MESFET  devices  by  growing  the  device  layer  on  a  buffer  layer  which  itself  was  grown  at 
200  °C  and  annealed  at  600  °C  [6j.  This  discovery  greatly  enhanced  the  prospect  of 
GaAs  ICs.  Then  it  was  found  that  this  same  type  of  LT  layer  could  be  used  as  a  gate 
insulator  in  a  MESFET  device  (LT  layer  on  top  of  the  active  layer)  [29,30],  and  in  met, 
a  record  for  power  at  1  GHz  was  established  [30].  In  a  similar  application,  an  LT  layer 
on  top  of  a  simple  MESFET  device,  with  the  gate  and  ohmic  metals  exposed,  has  been 
shown  to  passivate  the  surface  [31,32]  and  increase  the  breakdown  voltage  [33].  Finally, 
the  very  short  recombination  ume  (~  100  is)  in  LT  GaAs  has  led  to  a  record  speed  for 
photoconductive  switches  [34,35].  Some  of  these  applications  have  been  commercialized, 
out  most  of  them  will  require  much  more  developmental  work.  The  detailed  explana¬ 
tions  for  the  unusual  device  properties  remain  an  area  of  much  speculation  and 
argument,  particularly  in  the  relative  roles  of  point  defects  and  As  precipitates. 
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SUMMARY 

LT-grown  GaAs  contain!  extremely  large  concentration  of  donor  and  acceptor 
point  defect*,  roughly  10M,  10**,  and  10lT  cm**  for  materials  grown  at  200,  300,  and 
400  °C,  respectively.  The  dominant  donor  defects  are  Asg»-  related,  and  the  acceptor 
defects  are  probably  V«-  related,  although  this  latter  assertion  is  not  as  definite.  Also 
present  are  As  interstitials,  or  dimers,  of  even  higher  concentrations  (~  10*1  cm'*)  in 
20O-°C  material.  Upon  annealing  at  500  °C  or  higher,  the  point-defect  densities 
decrease,  and  large  As  precipitates  are  formed.  The  relative  roles  of  the  point  defects 
and  precipitates  m  influencing  the  optical,  electrical,  and  device  properties  of  LT  GaAs 
have  received  much  attention  out  are  still  controversial. 
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ABSTRACT 

The  growth  of  GaAs  at  low  temperatures  (  LT-GaAs)  at  or  below  250  “C,  under  standard 
Molecular  Beam  Epitaxy  (MBE)  growth  conditions,  usually  results  in  a  massive  incorporation 
of  excess  As  in  the  lattice  which  then  totally  dominates  the  electrical  and  optical  characteristics 
of  the  as  grown  material.  We  report  on  new  phenomena  associated  with  the  growth  of  GaAs  at 
250  °C  and  we  show,  for  the  first  time  .data  on  highly  electrically  active  doped  material.  By 
careful  control  of  the  growth  conditions,  namely  AsJGa  flux  ratios,  material  in  which  total  defect 
concentrations  of  less  than  1017  cm'3,  well  below  the  huge  10”  cm'3  that  is  normally  obtained 
in  LT-GaAs,  can  be  achieved  thereby  demonstrating  that  high  quality  GaAs  can  in  effect  be 
grown  at  extremely  low  temperatures. 

INTRODUCTION  : 

Ever  since  the  first  report  by  Smith  et  al1  cm  the  beneficial  effects  of  growing  GaAs 
buffer  layers  by  MBE  at  low  temperature  (  “  200-250  °C)  on  the  characteristics  of  FETs, 
extensive  efforts  aimed  at  investigating  the  structural,  optical  and  electrical  properties  of  such 
materials  have  been  maintained  in  the  last  3  to  4  years. 

The  ability  to  grow  near  perfect  GaAs  by  MBE  at  standard  growth  temperatures  of  greater  than 
550  °  C  ,  without  the  need  for  precise  control  of  the  As  to  Ga  flux  ratio  as  long  as  there  is  excess 
As  overpressure,  has  been  the  reason  behind  the  great  success  of  MBE  in  growing  high  quality 
GaAs.  The  situation  changes  dramatically  however  as  the  growth  temperature  is  lowered  to 
250  °C  or  below  .The  growth  of  nominally  undoped  low  temperature  GaAs  (LT-GaAs)  under 
"normal''  growth  conditions  results  in  highly  defective  and  strained  material  with  Aa/a  ~  1  x  Iff3 
and  defect  concentrations  of  the  order  of  1020  cm'3  range2  .The  kinetics  of  growth  at  such  low 
temperatures  bears  little  or  no  resemblance  to  its  high  temperature  counterpart  in  so  far  as  the 
excess  arsenic  incorporation  leads  to  generation  of  a  high  concentration  of  point  defects  in  the 
GaAs  lattice.  Summarised  ,  the  statistics  of  defects  in  undoped  un-anneal ed  LT-GaAs  grown  near 
250  °C  ,  is  as  follows  : 

(i)  ~  2-5  x  10'*  cm'3  of  neutral  antisites  [AsoJ" 

(ii)  ~  5  x  10”  cm'3  of  positively  charged  antisites  [AsqJ* 

(iii)  ~  2-6  x  1020  cm'3  As  interstitial  [AsJ 

(iv)  ”  i-5  x  10“  cm'3  Ga  vacancies  [VqJ 

It  is  the  interaction  between  these  various  defects  that  leads  to  heavily  compensated  and  barely 
conductive  GaAs  when  grown  at  low  temperatures.  In  the  work  reported  here,  our  aim  was  to  test 
whether  these  very  large  concentrations  of  defects  were  intrinsic,  by  virtue  of  the  low  growth 
temperatures  used,  or  whether  they  can  in  fact  be  controlled  somehow.  Most  studies  on  un¬ 
annealed  LT-GaAs  ,use  MBE  growth  conditions  that  are  more  appropriate  for  high  temperature 
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growth,  namely  an  AsJGa  beam  equivalent  pressure  (BEP)  ratio  in  the  10  to  20  which  in  terms 
of  fluxes  translates  into  ratios  of  As:Ga  from  3  to  7  approximately.  These  values  are  deemed 
necessary  to  introduce  the  excessive  defects  in  LT-GaAs.  In  this  report,  we  investigate  die  exact 
role  of  the  group  V  to  group  in  BEP  ratio  on  the  incorporation  of  excess  arsenic  and  the 
associated  structural  and  electrical  properties  of  both  doped  and  undoped  LT-GaAs. 

EXPERIMENTAL: 

All  the  samples  studied  here  were  grown  in  an  all  solid  source  VG  V90H  MBE  system  with 
4  inch  growth  capability  .The  details  of  the  growth  conditions  have  been  repented  elsewhere  and 
will  not  be  repeated  here3.  The  As*/Ga  BEP  ratios  used  varied  from  6,  which  was  more  than 
enough  to  ensure  growth  at  600  °C ,  to  3  where  growth  could  not  be  sustained  at  this  very  same 
temperature(  ie  the  layers  were  highly  arsenic  deficient).  The  arsenic  species  used  throughout  was 
the  tetramer  As,  generated  from  a  solid  arsenic  source. 

The  growth  temperature  for  all  the  samples  was  kept  at  250  °C.  The  growth  rate  used  was  kept 
at  1  pm/h  and  the  layer  thicknesses  varied  from  1  to  3  pm  for  both  the  undoped  and  doped 
samples.  The  dopant  concentrations  were  varied  from  1  x  10“  to  1  x  10“  cm'3  for  the  "n-type" 
dopant  Si. 

All  the  layers  were  characterised  in  their  as-grown  state ,  using  double  X-ray  crystallography. 
Hall  effect  measurements  and  optical  absorption,  care  was  taken  not  to  heat  them  to  temperatures 
greater  than  the  growth  temperature. 

RESULTS  AND  DISCUSSION  : 

(i)  The  effect  of  As/Ga  BEP  on  structural  properties  of  LT  GaAs  : 

It  is  well  known  that  excess  arsenic  incorporation  in  LT  GaAs  gives  rise  to  extra  diffraction 
peaks  in  X-ray  diffraction  measurements4  .  The  extra  peak  or  peaks  are  thought  to  emanate  from 
the  epilayer  which  is  strained  by  the  excess  arsenic  incorporated  in  interstitial  sites2  .In  this 
section  the  effect  of  varying  the  BEP  is  investigated  with  particular  attention  given  to  the  amount 
of  excess  arsenic  incorporated  The  BEP  ratios  were  varied  from  6  ,  a  "typical"  value  ,  to  3 
which  is  close  to  the  minimum  required  at  250  °C  to  still  grow  under  As  stable  conditions. 


rigura  i  The  effect  of  As/Ga  BEP  on  excess  As  incorporation.  Layer  thickness 
b  lpm,  except  for  the  case  with  BEP  -  6  ,  where  it  is  3  pm. 
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Figure  1  shows  the  double  crystal  X-ray  rocking  curves  of  the  various  layers  grown.  It  is  quite 
clear  that  the  effect  of  the  BEP  ratio  is  a  very  small  one  until  one  gets  very  close  to 
stoichiometric  conditions.  TABLE  I  summarises  the  results  on  the  different  layers  and  it  is  seen 
that  the  amount  of  excess  arsenic  is  almost  constant  until  one  gets  to  a  flux  ratio  of  close  to  1. 
The  excess  arsenic  concentrations  were  extrapolated  from  the  data  of  Man  Yu  et  al5  on  deviation 
from  stoichiometry  of  As  and  corresponding  changes  in  lattice  parameters  on  similar  structures. 
Concomitantly,  we  have  also  measured  the  amount  of  the  neutral  [Asq,  ]°  using  infrared 
absorption  and  the  values  extracted  (  see  TABLE  I)  are  again  seen  to  vary  little  with  BEP  and 
are  equal  to  »  2  x  1019  cm'1  which  is  comparable  to  what  has  been  reported  in  the  literature9  for 
growth  at  250  °C.  The  signal  from  the  stoichiometric  layer  was  indistinguishable  from  the 
background. 


TABLE  I : 

Excess  As  incoroorated  as  a  function  of  BE 

> 

LAYER 

BEP 

Asi  (X-ray)  (cm'3) 

[AsqJ°  (  cm'3) 

#410 

6 

1.88  x  10” 

1.8  x  10‘9 

#417 

5 

1.57  x  10” 

2.1  x  10‘9 

#418 

4 

1.62  x  10” 

1.5  x  10'9 

#431 

3 

below  detection  limit 

below  detection  limit 

(ii)  Stoichiometry  in  LT-GaAs  ; 

It  is  clear  from  figure  1,  that  a  decrease  in  BEP  ratio  from  6  to  close  to  3  leads  to  the 
complete  removal  of  the  second  x-ray  peak  (  and  presumably  strain  in  the  lattice)  meaning  a 
decrease  in  the  incorporation  of  excess  arsenic. 

Because  the  density  of  the  latter  at  the  growth  temperature  used  here  (  250  °C)  seems  to  be  a 
very  weak  function  of  the  arsenic  overpressure  used  during  growth  ( except  for  the  almost  abrupt 
disappearance  of  the  second  x-ray  peak  at  a  BEP  of  "3),we  have  shown  recently  ’•  in  a  detailed 
experiment,  that  a  very  small  deviation  from  stoichiometry  is  sufficient  to  lead  to  excess  As 
incorporation  in  quantities  almost  the  same  as  when  high  flux  ratios  were  used.  Therefore  at  a 
given  growth  temperature  there  is  a  solid  solubility  limit  to  the  amount  of  the  excess  As 
incorporated  almost  irrespective  of  BEP,  as  long  as  it  is  higher  than  the  minimum  required  for 
stoichiometric  conditions. 

The  overall  conclusion  of  this  section  is  therefore  that  growth  of  undoped  stoichiometric  GaAs, 
while  possible  at  low  temperatures,  is  nevertheless  very  much  more  demanding  than  at  higher 
temperatures.  This  is  of  little  consequence  for  the  majority  of  work  on  LT  GaAs  since  the  object 
there  is  indeed  to  make  use  of  the  excess  defect  concentrations  to  achieve  high  resistivity  through 
post-growth  annealing.  In  our  case  where  the  driving  force  is  the  growth  of  electrically  active 
material  .  the  consequences  are  far  more  serious. 

(iii)  The  effect  of  doping  on  the  structural  characteristics  in  LT  GaAs  : 


Figure  2  shows  the  double  crystal  X-ray  rocking  curves  of  two  Si  doped  layers  with 
concentrations  of  1  x  10“  cm'3  and  lx  1019  cm'3  at  a  relatively  high  BEP  value  of  6.The  striking 
feature  in  the  diagram  is  the  disappearance  of  the  second  x-ray  peak  for  the  most  heavily  doped 
layer.  We  have  in  fact  shown  elsewhere3  that  this  situation  prevails  irrespective  of  the  BEP  values 
for  a  doping  of  1  x  1019  cm'3. 


rigor*  2  The  effect  of  Si  doping  on  excess  As 


in  LT-GaAs 


The  consequence  of  this  is  that  the  excess  As  incorporation  is  now  almost  completely  inhibited. 
During  doping  with  Si,  the  competition  between  Si  and  As  for  the  Ga  site  leads  to  preferential 
incorporation  of  Si  at  Ga  sites  and  this  is  indeed  borne  out  in  the  near  band  gap  infra-red 
absorption  measurements7  where  the  concentration  of  the  neutral  A Sq,  related  defect  was  found 
to  decrease  by  almost  an  order  of  magnitude.  The  removal  of  the  huge  excess  arsenic  interstitial 
concentration  (~  2  x  10“  cm'3)  is  far  more  difficult  to  understand  however. 

A  point  worth  emphasising  is  that  the  growth  of  GaAs  at  these  low  temperatures  might  be 
governed  by  the  Fermi-level  effect  ie  the  charge  state  of  the  various  species  will  determine  the 
Fermi  level  in  the  system  which  in  turn  will  have  a  profound  effect  on  the  incorporation  of  the 
various  species. 

The  effects  of  dopants  on  the  growth  of  semiconductors  is  an  increasingly  reckoned  phenomena 
especially  at  high  concentrations  ( usually  *  1  x  10”  cm'3  ).In  MBE,  the  effect  of  tin  segregation* 
was  one  of  the  first  manifestations  of  dopant  effects  during  MBE  growth.  Later  on  ,  anomalous 
Be  diffusion  was  discovered  while  fabricating  HBT*  structures  .  In  our  case,  the  phenomena  we 
observe  which  is  that  of  stoichiometry  induced  growth,  seems  to  also  conform  to  the  same  general 
rule.  Indeed  doping  the  LT  GaAs  to  1  x  10“  cm'3  leads  to  the  re-appearance  of  the  second  x-ray 
peak  and  hence  the  excess  arsenic  incorporation  (  see  figure  2). 


(ivl  Electrical  properties  : 

TABLE  II  below  summarises  the  room  temperature  Hall  effect  measurements. 


TABLE  II  J 

LAYER 

[Si]  (cm'3> 

BEP 

n  ( cm'3) 

p(cm*/Vs) 

#332 

1  xlO” 

6 

1.9  x  1017 

364 

#419 

1  xlO” 

4 

1.6  x  10“ 

540 

#324 

1  xlO” 

3 

1  x  10” 

989 

#327 

1  xlO” 

4 

2.9  x  10“ 

727 

#325 

1  xl0“ 

3 

6  x  10'7 

2200 
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Starting  with  the  1  x  10"  cm'3  Si  doped  layers  first,  it  is  apparent  that  even  for  the  highest  BEP 
used  here,  6,  the  layer  was  still  conducting  and  of  n-type  conductivity  with  a  mobility  high 
enough  to  suggest  free  carrier  conduction  rather  than  hopping  conduction  even  though  the  layer 
is  clearly  heavily  compensated.  As  the  BEP  Ms  towards  the  stoichiometric  value,  the  layer 
becomes  suddenly  extremely  conducting  ,  with  all  the  Si  (1  x  10"  cm'3)  activated  and  with  a 
mobility  of  ~  1000  cmVV.sec.  These  values  are  comparable  to  the  best  that  has  ever  been 
achieved  at  such  high  concentrations10  but  at  much  higher  temperatures  ( 420  °C).This  result  can 
be  understood  in  terms  of  both  the  reduction  of  excess  arsenic  at  close  to  a  BEP  of  3  and  also 
because  near  stoichiometric  conditions,  the  concentration  of  Vq,  is  predicted  to  M  from  ~  9  x 
10“  cm'3  for  growth  under  As-rich  conditions  to  below  ~5x\W1  cm'3  for  Ga-rich  conditions11  at 
a  Si  doping  level  of  1x10"  cm"*. 

The  case  of  the  tower  doped  sample  (lx  10“  cm'3)  shows  again  that  by  growing  near 
stoichiometric  conditions,  60%  activation  of  the  dopant  is  achieved  with  a  fairly  high  mobility 
( 2200  cmVV.sec).  The  effect  of  increasing  die  As  overpressure  is  however  much  more  dramatic 
leading  to  a  total  collapse  of  the  carrier  concentration  ( see  TABLE  11)  but  in  line  with  the  X-ray 
and  optical  absorption  data  . 


We  have  investigated  the  structural  and  electrical  properties  of  as-grown  undoped  and  Si 
doped  LT-GaAs  as  a  function  of  As/Ga  BEP  ratio.  In  undoped  LT-GaAs,  the  amount  of  excess 
As  is  almost  independent  of  As/Ga  BEP  ratio,  a  small  deviation  from  stoichiometric  conditions 
is  sufficient  to  lead  to  excess  As  being  incorporated. 

For  doped  materials,  and  under  high  As  overpressure  conditions,  a  new  phenomena  is  seen 
concerning  the  effect  of  doping  of  LT-GaAs  by  Si  in  the  10"  cm'3  region  which  leads  to  the 
complete  removal  of  the  interstitial  component,  which  contributes  some  few  10“  cm'3  atoms ,  and 
also  to  the  reduction  in  the  concentration  of  the  Asq,  related  defects  by  almost  an  order  of 
magnitude.  Doping  with  Si  ,at  1  x  10"  cm'3,  always  leads  to  n-type  conductivity  with  free  earner 
rather  than  hopping  conduction.  Under  near  stoichiometric  conditions,  state  of  the  art  GaAs  doped 
with  Si  is  obtained  ,  we  believe,  for  the  first  time  at  as  tow  a  temperature  as  250  °C  using 
conventional  MBE  growth  techniques.  The  implications  from  these  measurements  are  that  even 
at  temperatures  as  low  as  250  °C,  the  dopants  are  incorporated  substitutionally  and  ate 
electrically  active. 

Finally  the  question  of  the  fundamental  tower  temperature  limit  to  the  growth  of  high  electrical 
quality  GaAs  material  has  to  be  addressed.  In  the  light  of  the  results  presented  here,  it  is  clear 
that  the  fundamental  condition  that  has  to  be  fulfilled  at  tow  temperatures  is  that  of  stoichiometiy. 
It  is  clear  that  by  supplying  "stoichiometric"  beams  of  As  and  Ga,  high  quality  layers  with 
defect  concentrations  lower  than  1017  cm'3  can  be  produced,  and  with  careful  control  of  the  BEP 
ratio  ,  these  could  be  further  reduced.  In  conclusion,  we  would  like  to  {nopose  the  defects- 
temperature-flux  ratio  phase  diagram  of  Figure  3  as  a  possible  venue  to  explain  the  increase  in 
the  defect  concentrations  as  MBE  growth  is  performed  at  temperatures  tower  than  the  standard 
of  550-600  °C  while  still  keeping  higher  As/Ga  flux  ratios.  The  challenge  set  by  this  phase 
diagram  is  whether  we  can  control  flux  ratios  accurately  enough  near  stoichiometric  conditions 
to  achieve  low  defect  densities  in  tow  temperature  GaAs. 


Figure  3.  A  possible  phase  diagram  for  the  defects -temperature-flux  ratio  in  the 
MBE  growth  of  GaAs. 
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ABSTRACT 

Superior  electrical  and  optical  quality  of  GaAs  grown  on  Si  with  an  inserted  low- temperature 
(LT)-GaAs  buffer-layer  was  demonstrated.  Photoluminescence  intensity  was  increasing  and 
leakage  current  of  Schottky  diodes  build  on  such  a  structure  was  decreasing  by  few  orders  of 
magnitude.  These  observations  were  correlated  with  structural  studies  employing  classical  and 
high-resolution  transmission  electron  microscopy  (TEM).  Bending  of  the  threading  dislnrjirinns 
and  their  interaction  was  observed  at  the  interface  between  a  cap  GaAs  layer  and  the  LT-GaAs 
layer.  This  dislocation  interaction  results  in  the  reduction  of  dislocation  density  by  at  least  one 
order  of  magnitude  or  more  compared  for  the  GaAs  layers  with  the  same  thickness  grown  cm  Si. 
The  surface  morphology  of  die  cap  GaAs  layer  is  improving  as  well. 

INTRODUCTION 

The  growth  of  GaAs  on  Si  (GaAs/Si)  has  attracted  much  attention  because  it  combines  large 
and  mechanically  strong  Si  substrates  with  the  properties  of  a  GaAs  layer.  These  advantages  make 
GaAs/Si  suitable  for  substrates  of  low  cost  GaAs  integrated  circuits  (ICs).  The  GaAs/Si  epitaxy 
technique  is  also  promising  for  monolithic  integration  of  m-V  devices  with  Si  devices.  However, 
this  technology  poses  several  severe  problems  which  have  to  be  solved  such  as,  poor  crystal 
quality  caused  by  the  relatively  large  differences  in  lattice  constants  and  thermal  expansion 
coefficients,  and  poor  surface  morphology.  A  large  number  of  studies  have  concentrated  on  these 
problems.  These  works  include  the  two  step  growth  technique,  the  use  of  a  strained  layer 
superlattice,  and  thermal  annealing  [l-3].These  techniques  do  improved  crystal  quality,  but  the 
density  of  residual  threading  dislocation  is  still  much  higher  than  in  bulk  GaAs  wafers.  The  rough 
surface  of  GaAs/Si  is  also  a  problem,  especially  for  heterojunction  devices  which  require  almost 
atomically  flat  interfaces. 

Recently  it  was  demonstrated  that  the  use  of  GaAs  buffer  layers  grown  at  substrate 
temperatures  of  as  low  as  240  °C  during  the  growth  of  GaAs/Si  leads  to  smoother  surface 
topography  and  improved  electrical  and  optical  properties  [4].  This  low  temperature  grown  GaAs 
(LT-GaAs)  buffer  layer  is  also  expected  to  help  device  isolation,  because  it  is  highly  resistivity 
(l.7xl07  Gem).  LT-GaAs  was  initially  developed  as  a  buffer  layer  to  eliminate  the  side-gate  effect 
of  MESFET  [3].  LT-GaAs  layers  are  slightly  conductive  in  their  as-grown  states  but  become 
highly  resistive  upon  post-growth-annealing  at  600°C.  Hence,  the  growth  of  a  standard  active 
GaAs  layer  on  top  of  the  LT  layer  causes  the  layer  to  become  highly  resistive.  As-grown  LT-GaAs 
displays  a  dilated  lattice  constant  (Aa/a  of  0.1%)  and  contains  approximately  1-2  atomic  %  excess 
As  [6,71.  Such  layers  contain  about  10*Vcm3  As^-related  defects,  and  about  5xl0,8/cm3  of  these 
are  ionired.  While  the  excess  As  remains  unchanged  even  after  a  600°C  anneal,  the  deep  level 
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density  and  disorder  are  observed  to  decrease  monotonously  with  increasing  annealing 
temperatures.  A  600°C  anneal  also  results  in  As  precipitates  approximately  4-6  nm  in  diameter  of  a 
volume  density  of  1017/cm3,  which  accounts  for  almost  all  of  the  excess  As  present  before  the 
annealing. 

In  this  paper,  we  will  describe  TEM  study  of  how  this  LT-GaAs  layer  interacts  with  the 
threading  dislocations  which  come  from  the  GaAs/Si  hetero- interface. 

EXPERIMENTAL  PROCEDURE 

Two  samples  with  different  LT-GaAs  buffer  thickness  were  grown  (0.3  pm  and  0.07  pm).  A 
sample  without  LT-GaAs  was  also  grown  for  comparison.  The  total  thickness  of  the  samples  was 
3  pm  for  all  samples.  2"  Si  wafers  with  (100)  4°  off  toward  the  [01 1]  orientation  were  used  for  all 
the  experiments  to  avoid  the  formation  of  and-phase  domains.  The  samples  were  degreased  in 
organic  cleaning  solution  first  Just  before  loading  the  substrate  into  the  MBE  chamber,  the 
substrate  was  then  cleaned  using  several  cycles  of  oxidation  by  HCVH2Q2  followed  by  removal  of 
the  silicon  dioxide  by  HF.  All  the  samples  were  grown  using  a  Varian  GEN  II  MBE  system. 
After  having  been  transferred  to  the  growth  chamber,  the  samples  were  heated  up  to  about  850°C 
by  a  direct  radiation  method  far  15  minutes  to  remove  surface  oxide.  The  substrate  temperature  for 
GaAs  growth  was  chosen  initially  to  be  350°C  for  ten  minutes  and  then  increased  to  the  normal 
growth  temperature  (600°C).  This  technique  is  known  as  "two  step  growth",  which  results  in  a 
smooth  surface  [1].  The  growth  rate  for  the  normal  GaAs  was  set  at  about  lpm/hr.  After  the 
growth  of  1pm  of  normal  GaAs,  the  substrate  temperature  was  reduced  to  a  nominal  temperature 
of  230°C  far  the  growth  of  the  LT-GaAs  buffer.  On  the  top  of  this  LT-GaAs  buffer  layer,  another 
normal  GaAs  layer  was  grown.  To  investigate  die  electrical  properties  of  the  top  layer  which  would 
be  used  as  the  active  device  region,  in-situ  n-type  doping  was  done  using  a  Si  effusion  cell.  No 
special  treatments,  such  as  heat  cycle  annealing,  were  applied  so  as  not  to  confuse  the  effect  of  the 
LT-GaAs  layer  in  this  study. 

At  this  stage  the  samples  were  removed  from  the  growth  chamber  and  divided  into  two  parts; 
one  for  transmission  electron  microscopy  (TEM)  and  photo  luminescence  (PL)  and  the  second 
part  for  electrical  studies. 

For  TEM  studies  two  types  of  thin  foils  were  prepared:  one  for  plan-view  observations  and  the 
second  for  cross-section  studies.  To  prepare  plan-view  thin  foils  the  sample  was  dimpled  from  the 
substrate  side  to  leave  a  30  pm  thick  layer  at  the  top  of  the  sample.  This  was  followed  by  chemical 
thinning  from  the  substrate  side  or  ion  milling  from  the  same  side.  For  cross-sectional  observation 
the  samples  were  cut  along  both  [  1 10]  and  [T 10]  directions  and  glued  layer  to  layer  side  together. 
This  was  followed  by  mechanically  thinning  from  both  sides  of  the  samples,  followed  by  ion 
milling  from  both  sides. 

After  taking  the  samples  from  the  MBE  chamber,  gold  Schottky  diodes  were  fabricated  for 
electrical  studies.  Both  Schottky  and  ohmic  contacts  were  formed  on  the  top  layer  because  LT- 
GaAs  is  highly  resistive.  Just  before  each  metallization  process,  an  HQ  treatment  was  performed 
to  remove  the  native  oxide.  After  evaporation  of  Ni/AuGe  through  a  mask,  a  rapid  thermal  anneal 
was  performed  at  350°C  for  15  seconds  in  forming  gas  which  contained  10  %  H2  and  90  %  N2. 
An  Schottky  electrodes  were  evaporated  after  confirmation  of  the  ohmic  behavior  of  foe  Au/Ni 
electrode.  Since  Au  Schottky  electrodes  readily  react  with  GaAs,  no  thermal  treatment  was  done 
after  Au  evaporation. 
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RESULTS  AND  DISCUSSIONS 
TEM  results 

High  resolution  studies  of  cross  sectioned  samples  showed  no  large  difference  in  the  misfit 
dislocation  density  or  their  arrangement  between  the  Si  and  the  GaAs  buffer  layer.  Fear  the  sample 
cut  along  the  4°  deviation  of  the  interface  from  exact  (001  )wa s  observed  and  edge  90°  dislocations 
separated  from  each  other  by  about  91 A  were  present  (Fig.  la).  The  dislocation  cores  in  a  majority 
of  cases  were  located  at  the  interface  but  some  of  them  were  into  the  substrate  about  1-3 
monolayers.  This  may  be  related  to  charge  compensation  at  the  interface  as  discussed  by  Harrison 
[8].  For  the  projection  in  the  perpendicular  direction  the  misorientation  from  (001)  is  not  observed 
as  expected  (Fig.  lb).  At  this  interface  mostly  partial  dislocations  were  observed  with  associated 
stacking  faults.  This  anisotropy  of  dislocation  formation  at  the  interface  can  be  related  to  the  polar 
structure  of  GaAs. 


Fig.  1.  a)  High-resolution  image  of  the  Si/GaAs  interface.  Note  4°  tilt  along  [no]  and  location 
of  the  dislocation  cores.  Dislocations  marked  by  arrows  are  located  in  Si.  All  misfit 
dislocations  shown  here  are  edge  type;  b)  The  same  interface  along  [TlO].  Note  many  partial 
dislocations  and  formation  of  stacking  faults. 

At  a  distance  of  0.3  pm  from  the  interface  the  density  of  dislocations  was  in  the  range  of 
10  cm'  .  These  dislocations  interact  with  each  other  and  their  density  decline  two  orders  of 
magnitude  before  reaching  the  top  layer  due  to  annihilation  and  recombination  reactions.  Some  of 
the  remaining  a/2<ll0>  dislocations  tend  to  lie  along  <110>  directions  but  27  %  of  them  were 
lying  along  [III]  or  [lT5]  which  in  projection  is  parallel  to  [TlO]  in  the  interface  plane.  These 
dislocations  are  all  inclined  extending  from  top  to  bottom  surface  of  the  foil  in  plan-view  images. 
The  contrast  of  the  <112>  oriented  dislocation  was  very  strong  for  the  [220]  diffraction  vector 
perpendicular  to  the  dislocation  line.  These  are  perfect  edge  dislocations  with  their  Burgers  vector 
along  [220].  They  are  straight  with  symmetrical  black-black  alternating  with  white/white  contrast  in 
the  direction  perpendicular  to  the  diffraction  vector  [Fig.  2a].  For  the  perpendicular  diffraction 
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vector  only  occasionally  were  dislocations  found  along  [TT2]  or  [112].  This  again  shows 
asymmetry  of  dislocation  formation  during  the  layer  growth.  It  is  probable  the  dislocations  tend  to 
align  along  <1I2>  because  this  results,  during  growth  of  the  layer,  in  the  shortest  possible  length 
of  dislocation  per  unit  of  layer  thickness  that  still  lies  on  a  (lit)  plane. 


Fig.  2.  a)  Plan-view  of  the  top  layer  of  GaAs  grown  on  Si.  Note  that  dislocations  marked  by 
arrows  lie  along  [7l5]  or  [lT5],  b)  nan-view  of  the  top  layer  of  GaAs  grown  on  Si  with  LT- 
GaAs  intermediate  layer.  Note  relative  increase  of  <112>  type  of  dislocations  in  this  layer. 

For  the  GaAs  on  Si  with  the  intermediate  0.5  pm  thick  (or  0.07  pm  thick)  LT-GaAs  layer  a  very 
interesting  phenomenon  was  observed.  Starting  with  the  same  number  of  dislocations  as  in  the 
previous  case  (without  LT  layer)  dislocations  propagated  through  the  layer  with  no  bending  at  the 
lower  interface  probably  due  to  the  fact  that  that  the  lattice  mismatch  0.1%  between  buffer  GaAs 
layer  and  LT  layer  is  not  large  enough  to  cause  significant  strain  in  the  layer.  However,  very  strong 
bending  of  dislocations  was  observed  at  the  upper  interface  between  the  LT-GaAs  layer  and  the 
GaAs  top  layer  (Fig.  3). 


Fig.  3.  Two  examples  of  cross-sectioned  samples  with  the  LT-GaAs  intermediate  layer.  Note 
drastic  bending  of  threading  dislocations  at  the  upper  interface  between  LT-GaAs  layer  and  the  cap 
GaAs  layer  and  the  formation  of  As  precipitates  in  the  LT-layer  traping  the  dislocation  mobility. 
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This  probably  shows  that  both  dislocations  that  arc  formed  during  growth  and  those  that  form 
from  thermal  strain  during  cooling  down  from  the  growth  temperature  have  difficulty  in  moving 
within  the  LT  layer  because  of  As  precipitates  which  decorate  the  dislocations  within  this  LT  layer. 
This  trapping  erf  dislocations  leads  to  bending  erf  dislocations  immediately  above  the  LT  layer  and 
therefore  to  further  annihilation  and  consequently  fewer  dislocations  propagating  toward  the 
surface  within  the  top  layer.  The  growth  of  LT-GaAs  layers  with  a  cap  GaAs  layer  can  be  treated 
as  a  thermal  cycling  which  leads  to  the  dislocation  bending  and  their  interaction. 

Very  nonuniform  distributions  of  dislocations  were  observed  in  plan-view  samples  obtained 
from  these  layers.  There  were  some  areas  with  similar  dislocation  densities  to  those  layers  without 
LT-GaAs  but  there  were  other  areas  without  any  dislocations.  It  is  very  difficult  to  obtain  good 
statistics  from  TEM  concerning  average  dislocation  densities.  However,  rough  estimation  suggests 
a  factor  of  one  order  of  magnitude  fewer  dislocations  due  to  the  LT-GaAs  layer.  A  similar  behavior 
was  observed  with  the  thinner  (0.07pm)  LT  layer.  Another  difference  was  that  in  the  samples  with 
LT  layers  the  relative  number  of  <112>  oriented  dislocations  was  10%  higher  compared  to  layers 
grown  without  LT  layers. 

Electrical  properties 


From  C-V  measurements  it  was  confirmed  that  the  Si  doping  was  homogeneous  and  that  the 
concentrations  were  almost  identical  for  all  the  samples.  The  doping  concentration  and  Schottky 
barrier  height  are  estimated  to  be  1.3xl01Scm'3  and  0.9leV,  respectively.  Fig.  4a  shows  I-V 
characteristics  for  Schottky  diodes  with  and  without  LT  buffer  layers.  The  use  of  a  LT  buffer 
drastically  reduces  the  leakage  current.  This  is  clear  evidence  for  improvement  in  electrical 
properties  by  use  of  the  LT-GaAs  buffer  because  these  diodes  were  processed  simultaneously.  The 
sample  without  LT  intermediate  layer  did  show  lower  series  resistance  in  the  forward  bias  region. 
This  is  due  to  the  current  through  the  Si  substrate.  The  activation  energies  associated  with  the 
leakage  current  at  -IV  for  the  samples  with  and  without  LT-GaAs  were  estimated  to  be  0.36eV  and 
0.05  eV,  respectively,  from  temperature  dependence  measurements.  This  result  implies  that  the 
leakage  current  for  the  diode  without  LT-GaAs  is  dominated  by  a  mechanism  involving  tunneling 
phenomena  thorough  deep  levels. 


B4m  (V) 


Wave  Length  (nm) 


Fig.  4.  a)  I-V  characteristics  of  Au  Schottky  diodes  build  on  GaAs  grown  cm  Si  with  and  without 
of  intermediate  LT-GaAs  layer.  Note  decreasing  of  the  leakage  current  in  the  samples  with  LT- 
GaAs  layers;  b)  Photoluminescence  intensity  obtained  from  the  GaAs  grown  on  Si  with  and 
without  of  intermediate  LT-GaAs  layer. 
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The  layers  with  insened  LT-GaAs  buffers  have  much  higher  intensity  of  the 
photoluminescence  line  observed  at  839  nm  at  77  K  compared  to  the  layers  without  LT  buffers 
(Fig.  4b).  This  improvement  can  be  attributed  to  the  slightly  lower  density  of  dislocations  as  well 
as  a  probable  lower  density  of  point  defects  in  these  layers.  It  is  possible  that  a  LT-GaAs  layer  also 
acts  as  a  barrier  for  Si  ou (diffusion  and  prevents  introduction  of  other  point  defects  into  the  layer.  It 
was  as  well  observed  that  amount  of  strain  in  the  layers  without  LT  buffer  and  with  the  LT  buffer 
have  similar  strain,  since  energy  position  of  PL  line  did  not  change. 

CONCLUSIONS 

Superior  electrical  and  optical  quality  of  GaAs  grown  on  Si  with  an  insened  LT-GaAs  buffer- 
layer  was  demonstrated.  These  observations  were  correlated  with  structural  studies  employing 
classical  and  high-resolution  TEM.  The  interface  between  the  Si  and  GaAs  was  much  cleaner  than 
in  samples  studied  in  the  past  [9].  Large  anisotropies  in  the  types  and  distributions  of  dislocations 
were  observed  in  these  layers.  Prominent  bending  of  the  threading  dislocations  was  observed  on 
the  upper  interface  between  the  LT-GaAs  layer  and  the  cap  GaAs  layer.  This  bending  was 
attributed  to  decoration  and  pinning  of  dislocations  by  As  precipitates  at  the  top  of  the  LT-GaAs 
layer.  The  LT-layer  also  appeared  to  shield  the  top  layer  from  accumulation  of  point  defects.  An 
increase  in  the  fraction  of  dislocations  lying  along  [Il2]  or  [ll2]  was  also  observed  in  the  top 
layer  of  samples  with  an  inserted  LT-GaAs  layer. 
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ABSTRACT 

We  have  investigated  the  influence  of  the  pressure  ratio  (PAs4/pGa)  on 
the  structural  and  electrical  properties  of  GaAs  layers  grown  at  250°C  by  MBE. 
SEM  photographs  have  revealed  smooth  surfaces  for  PAs4/pGa-15  and  Double 
crystal  X-ray  rocking  curves  have  shown  an  increase  on  the  lattice  mismatch 
Aa^/a  of  the  L.T.  grown  layers  and  high  crystalline  quality.  Resistivity  has  not 

been  affected  by  the  different  values  of  pAs4/pGa-  n*GaAs  epilayers  grown  on 
top  of  L.T.  buffer  layers  have  their  mobility  decreased  and  the  electron  trap 
density  increased  as  revealed  by  Hall  and  DLTS  measurements. 


INTRODUCTION 


Low  Temperature  GaAs  layers  grown  by  MBE  have  been  attracting 
attention  in  recent  years  because  they  are  useful  as  buffer  layers  in  FET’s  for 
eliminating  sidegating  effects  [1],  X-ray  and  PiXE  measurements  in  the  as- 
grown  material  revealed  that  these  layers  have  increased  lattice  constant  in  the 
direction  of  growth  and  excess  As  concentration  up  to  1.3%.  Lattice  misma'  h 
and  As  concentration  depends  on  the  growth  temperature  [2].  Electron  and  h 
traps  have  been  revealed  by  DLTS  [3],  TSC  [4]  and  TEES  [5].  In  annealed  > 
grown  GaAs  layers  the  excess  As  forms  precipitates  whose  dimensions  and 
density  depends  on  the  growth  temperature,  the  annealing  temperature  [6,7]  and 
the  use  of  As4  or  AS2  [8], 

Up  to  now  no  work  has  been  done  on  the  effect  of  B.E.P.  (Beam 
Equivalent  Pressure)  PAs4^pGa  on  t'ie  crystalline  quality  and  the  resistivity  of 
L.T.  GaAs  layers.  In  this  work  we  have  investigated  the  effect  of  different 
B.E.P.  on  lattice  expansion,  resistivity,  surface  morphology  and  electron  traps 
of  GaAs  layers  grown  at  250°C. 


EXPERIMENT 

AH  samples  were  grown  in  a  VG  V80H  MBE  system.  L.T.  GaAs  layers 
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have  been  grown  using  tetramer  arsenic  source  AS4,  at  a  substrate  temperature 
T=250°C,  on  Indium  bonded  molyblocks.  In  order  to  have  the  same  growth 
temperature  in  different  runs  which  is  so  important  for  reproducibility  of  the 
low  temperature  only  two  molyblocks  were  used,  with  identical  thermal 
behaviour  as  can  be  recognized  from  oxide  desorption  at  580°C. 

The  substrate  temperature  was  determined  by  a  thermocouple  reading.  At 
the  actual  temperature  of  580°C  the  thermocouple  reads  in  the  neighbourhood 
of  750°C.  The  growth  temperature  of  250°C  was  determined  by  extrapolation. 

For  resistivity  measurements  (100)  n+(St-doped=2xl018cm‘3)  GaAs 
substrates  (ec=1.7xl(T3ohm.cm)  were  used,  while  for  X-rays,  DLTS  and  Hall 
measurements  (100)  S.I.  GaAs  were  used.  All  substrates  were  decreased 
followed  by  etching  in  a  60°C  solution  of  5:1:1  (^SO^^O^^O)  and  then 

outgassed  for  1  hr.  at  350°C  in  the  preparation  chamber  before  introducing 
them  into  the  deposition  chamber.  The  growth  rate  was  1  pm/hr.  and  the  B.E.P. 
pAsVpGa  was  varie{!  from  10  to  40  in  L.T.  grown  layers  as  measured  by  a 
nude  ion-gange.  After  the  oxide  desorption  an  undoped  buffer  layer  of  25 00 A 
GaAs  (n+  doped  GaAs  for  resistivity  measurements)  was  grown  at  580°C.  The 
substrate  temperature  was  then  ramped  down  to  250°C  and  1pm  L.T.  GaAs  was 
grown.  For  DLTS  (Hall)  measurements  an  additional  layer  of  1.5pm  (5000A)  of 

SxlO^cm"3  (2xl017cm"3)  n-GaAs  Si-doped  was  grown  on  the  top  of  L.T. 

GaAs  at  580°C,  while  for  resistivity  measurements  5000A  of  2xl018  n+-GaAs 
was  grown.  No  additional  layers  were  grown  when  the  substrate  temperature 
was  ramped. 


EXPERIMENTAL  RESULTS  AND  DISCUSSION 


Surface  morphology  of  L.T.  GaAs  layers  as  viewed  by  SEM  was  smooth 
for  all  samples  with  BEPS15.  For  BEP=10  there  was  a  roughness  due  to  ~lpm 
hillocks  in  <01 1>  direction.  This  roughness  has  also  been  observed  in  samples 
grown  at  200°C  [16].  Annealing  the  samples  at  580°C  for  1  hr.  has  shown  no 
change  on  the  surface  morphology. 

X-ray  rocking  curves  were  measured  on  a  double  axis  diffractometer 
(Bede  150)  in  the  (+,  -)  non  dispersive  mode,  using  a  GaAs  reference  crystal 
and  CuKa  radiation.  The  (004)  symmetric  and  the  (115)  asymmetric  Bragg 
reflections  were  measured. 

All  annealed  samples  at  580°V  for  I  hr.  have  shown  one  Bragg  peak, 
with  FWHM=1 1-13  arcsec,  indicating  that  the  layers  had  the  same  lattice 
constant  as  the  substrate  and  that  their  crystalline  quality  was  very 
good.  In  contrary,  samples  grown  at  200°C  have  shown  a  much  broad  (400) 
Bragg  peak  with  an  asymmetric  tail  on  the  low-angle  side  after  annealing  at 
580°C  [12]. 

For  the  as-grown  samples  two  Bragg  peaks  were  observed.  By  measuring 
the  (115)  asymmetric  reflection  at  low  and  high  angle  of  incident  configuration 
we  have  found  that  the  epilayers  were  grown  coherently  at  the  substrate.  Fig.  1 
shows  the  relative  increase  of  the  relaxed  lattice  constant  of  Aar/a  as  a 

function  of  flux  ratio  R=lAs4^JGa  f°r  di^erent  samples  grown  at  250°C.  The 
increase  of  the  relaxed  lattice  parameter  Aaj/a  of  the  non-stoichiometric  GaAs 
epilayer  has  been  calculated  from  the  experimental  vertical  lattice  increase  of 
Aax/a  [12],  We  estimated  the  flux  ratio  R  from  the  B.E.P.  PAsVpGa  t*0]. 
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Fig.  1.  Relaxed  lattice  expansion  Fig.  2.  Cross  section  of  n-i-n 

Acij/a  of  as-grown  L.T.  structure  for  resistivity 

GaAs  at  different  flux  measurement  of  L.T.  GaAs 

ratios  R=fAs4^Ga  for  grown  at  Tgr=250°C.  The 

Tgr=250°C.  growth  temperature  of  n+ 

epilayer  was  600°C. 

Aaj./a  increase  linearly  with  respect  to  R  (PAs4/PGa)  up  to  a  value  of  7.3  (25) 
where  a  saturation  in  Aa^a  occurs  at  the  value  of  (5.6±0.2)xl0‘4.  The  FWHM 

of  the  epilayers  is  22-24  arcsec  indicating  very  good  crystalline  quality 
comparable  with  the  FWHM  of  a  simulated  (004)  intrinsic  Rocking  Curve  of  a 
perfect  lpm  layer  which  is  20arcsec.  Moreover  rocking  curves  from  the  as- 
grown  L.T.  layers  have  shown  well  defined  interference  fr  ges  indicating  a  high 
level  of  structural  perfection.  The  FWHM  also  did  not  depend  on  B.E.P. 

The  sticking  coefficient  of  AS4  depends  on  the  substrate  temperature  [9] 
while  the  lattice  mismatch  is  analogous  with  excess  As  presented  in  the  L.T. 
GaAs  layer  [2],  so  the  increase  in  Aa^a  is  due  to  the  excess  As  adsorption. 
The  linear  part  of  the  curve  intersects  the  R  axis  at  0.5  where  stoichiometric 
growth  and  no  difference  in  Aa^a  is  expected.  Neverhteless,  growth  of  L.T. 

GaAs  layers  with  B.E.P.=7  resulted  in  milky  GaAs  layers,  indicating  shortage  of 
As4  during  growth.  This  is  due  to  incomplete  AS4  desorption  at  low  growth 
temperature  [9]. 

The  saturation  in  AaT/a  indicates  that  there  is  a  saturation  of  adsorption 
of  excess  As  in  the  GaAs  lattice.  This  saturation  in  adsorption  of  excess  As 
have  also  been  observed  by  RHEED  intensity  measurements  in  the  absence  of 
Gallium  flux  [10].  Experiments  are  in  progress  in  order  to  investigate  the 
Aa^a  and  R  saturation  values  on  different  growth  temperatures. 

For  resistivity  measurements  typical  AuGe/Ni/Au  deposition  was  used  for 
ohmic  contact  on  n+-GaAs  followed  by  RTA  at  410°C  for  20  secs.  A  pattern 
with  200pm  and  500pm  dots  diameter  was  used  for  the  n-i-n  structure  (Fig.  2). 
To  be  sure  that  the  thickness  of  L.T.  GaAs  layer  did  not  affect  the  resistivity 
measurements  we  grew  two  samples  with  1pm  and  5pm  in  the  i-layer  at  250°C. 
The  two  samples  appeared  to  have  the  same  resistivity.  For  all  n-i-n  structure 
the  L.T.  GaAs  layers  were  annealed  at  580°C  for  30  mins  during  the  growth  of 
the  top  5000A  n+-GaAs  for  ohmic  contacts. 

The  I-V  characteristics  of  n-i-n  structure  consisted  of  a  linear  region  and 


a  breakdown  region  at  30  Volts.  The  resistivity  measurements  were  performed 
under  d.c.  current  in  the  linear  region  of  the  I-V  characteristic  up  to  10  Volts. 
The  measured  resistivity  pc=3xl07Q.cm  (±2xl07Q.cm)  was  the  same  for  all  the 
L.T.  GaAs  samples  with  B.E.P. =10-40.  Annealing  the  samples  at  6S0°C  for  1 
hr.  in  AS4  overpressure  had  no  influence  in  the  resistivity.  The  high  resistivity 

of  the  L.T.  GaAs  layers  is  attributed  to  the  density  and  the  size  of  As 
precipitates  which  are  formed  during  annealing.  In  accordance  to  the  model 

proposed  by  Warren  et.  al.  [11]  for  n+-GaAs  grown  at  low  temperature,  there 
is  a  depletion  radius  of  -200A  around  the  As-precipitates.  This  means  that  a 
precipitate  density  of  ~6xl0^cm'^  is  enough  to  deplete  the  L.T.  GaAs 
transferring  it  into  a  semi-insulating.  At  Tgr=250°C  and  B.E.P.=10  (the  lower 

B.E.P.  we  used)  precipitate  density  is  1017-1018  [8],  higher  than  the  limit  of 

the  6xl0^cm'^.  In  higher  B.E.P.  excess  As  adsorption  can  just  increase 
precipitate  size  and/or  density  but  does  not  affect  the  resistivity. 
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Fig.  3.  Mobility  and  Carrier  density  at 
77°K  of  n-GaAS  epilayer  grown 
on  the  top  of  L.T.  GaAs  buffer. 


Fig.  3  shows  mobility  and  carrier  density  of  the  n-GaAs  epilayer  as  a  function 
of  n-GaAs  thickness,  extracted  from  Hall  measurements  at  77K,  for  3  different 
samples:  two  samples  with  L.T.  buffer  GaAs  grown  at  250°C  with  B.E.P.=15, 
40  and  one  conventional  sample  for  reference  growth  at  600°C,  B.E.P.=10.  In 
samples  with  L.T.  GaAs  the  mobility  and  the  carrier  density  is  lower  that  in 
reference  sample. 

n-epilayers  grown  on  conventional  and  L.T.  GaAs  buffers  have  been 
compared  by  capacitance  DLTS.  The  LTB  samples  revealed  3  common  electron 

traps,  summarized  in  table  I,  while  a  trap  (Ea=605meV,  on=lxlO‘17cm2), 

tentatively  identified  as  M6  [18]  was  observed  on  the  conventional  sample. 

Trap  2  concentration  increases  as  B.E.P.  changes  from  15  to  40  (Fig.  4) 
while  an  Arrhenius  plot  indicates  trap  1  is  EL2-like  (Fig.  5). 

Concentration  of  trap  1  and  trap  2  in  the  epilayer  increases  with  reverse 
bias  (Fig.  6)  up  to  the  pinch-off  voltage  of  -0.45V.  Therefore  trap 
concentration  Increases  towards  the  buffer-epilayer  interface. 
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Fig.  6.  Variation  of  trap  concentration 
by  different  applied  voltages  in 
sample  with  L.T.  GaAs  buffer 
grown  at  250°C,  B.E.P.=40. 
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Fig.  5.  Arrenius  plot  of  the  common 
trap!  appeared  at  samples 
with  L.T.  GaAs  buffer  and 
the  EL2  for  comparison. 

Before  the  growth  of  the  n-GaAs 
epilayer  the  samples  were  annealed 
at  580°C  for  5  minutes  and  recovery 
in  (2x4)  RHEED  reconstruction  was 
observed.  We  expect  smooth 
interface  between  L.T.  GaAs  and  n- 
GaAs  layer  [14],  so  the  mobility 
degradation  can  not  be  attributed  in 
interface  roughness. 

In  L.T.  layers  there  are  native 
defects  like  VGa,  AsGa  [13]  which 
can  diffuse  up  to  the  n-GaAs 
epilayer  [15].  The  observed  decrea¬ 
sed  in  the  carrier  density  by  decrea¬ 
sing  the  thickness  of  n-GaAs  epilay- 
ers  in  samples  with  L.T.  buffer  is 
due  to  higher  density  of  deep  traps 


(Fig.  6).  Diffusion  of  native  defects  and  traps  are  responsible  for  the  observed 
decrease  in  mobility.  These  defects  act  as  scattering  centers,  resulting  in  lower 
mobility  [17]  in  n-GaAs  epilayer  in  sample  with  L.T.  buffer. 


CONCLUSION 


We  have  studied  the  influence  of  the  B.E.P.  on  the  structural  and  the 
electrical  properties  on  L.T.  GaAs  layers  grow  at  250°C  by  MBE.  Lattice 
expansion  was  linearly  increased  up  to  B.E.P.=25  and  saturation  in  Lattice 
expansion  observed  for  B.E.P. £25.  Variation  of  B.E.P.  had  no  influence  on  the 
resistivity  of  the  annealed  material.  By  using  L.T.  GaAs  buffer,  extra  electron 
traps  have  been  introduced  in  n-GaAs  epilayers.  Trap  concentration  increased  by 
increasing  B.E.P.  For  good  surface  morphology,  high  mobility  and  low  trap 
density  of  n-GaAs  epilayers  B.E.P.  around  15  is  suggested. 
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ABSTRACT 

We  have  studied  the  near-edge  optical  response  of  a  LT-grown  GaAs  sample 
which  was  deposited  at  300  °C  on  a  Si  substrate,  and  then  annealed  at  600  °C.  The  Si 
was  etched  away  to  leave  a  3-micron  free  standing  GaAs  film.  Femtosecond 
transmission  measurements  were  made  using  an  equal  pulse  technique  at  four 
wavelengths  between  825  and  870  nm.  For  each  wavelength  we  observe  both  a 
multipicosecond  relaxation  time,  as  well  as  a  shorter  relaxation  time  which  is  less  than 
100  femtoseconds. 


INTRODUCTION 

Low  temperature  grown  GaAs1*2  has  been  of  considerable  interest  in  the  last  few 
years  due  to  the  sub-picosecond  recombination  times.  This  increased  interest  is  due 
both  to  the  possibilities  of  utilizing  the  faster  response  times  in  electronic  devices,3*8  as 
well  as  understanding  the  basic  physics  underlying  the  faster  response.9  In  many  cases, 
the  faster  times  are  attributed  to  the  presence  of  As  impurities  in  the  annealed  samples, 
though  fast  times  have  also  been  observed  in  amorphous,  unannealed  samples.10  In 
this  paper  we  report  femtosecond  transmission  spectra  on  a  free  standing  LT-GaAs  film 
initially  grown  on  a  silicon  substrate. 


EXPERIMENTAL  DETAILS 

Solid  state  lasers  with  short  pulses  comparable  to  CPM  dye  lasers  have  been 
recently  developed  based  on  Ti-Sapphire.11*12  In  addition  to  the  simplicity  of  use 
compared  to  dye  lasers,  they  provide  orders  of  magnitude  higher  average  power  and 
are  tunable  over  a  broad  range  of  frequencies.  The  laser  used  in  these  experiments  can 
provide  sub-100  £s  pulses  with  600  mW  average  power  and  is  tunable  in  the  current 
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configuration  from  800  to  90 0  tun.  This  wavelength  regime  brackets  the  GaAs  band  gap 
at870nm. 

When  focused  in  a  GaAs  sample,  these  optical  pulses  can  promote  electrons  from 
the  valence  band  to  the  conduction  band,  non-destructively  creating  highly  non¬ 
equilibrium  conditions.  In  our  experiment,  we  have  utilized  a  probe-probe  version13"14 
of  the  standard  pump-probe  technique.  The  beam  is  split  Into  two  equal  parts,  with  one 
pulse  delayed  with  respect  to  the  second.  The  reflectivity  or  transmitivity  is  then 
measured  as  a  function  of  the  delay  time.  The  second  pulse  probes  the  dynamical 
process  at  a  given  time  delay  relative  to  the  first.  In  this  way,  the  time  averaged  optical 
properties  map  out,  as  a  function  of  delay,  the  relaxation  over  the  first  several 
picoseconds  following  excitation.  The  symmetrical  nature  of  the  probe-probe  technique 
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Figure  1  -  Experimental  set-up  for  the  equal-pulse  transmission  measurements. 


facilitates  resolving  relaxation  times  that  are  comparable  or  shorter  than  the  pulse 
width.  As  a  separate  feature  of  the  setup,  a  vibrating  speaker  is  used  to  sweep  through 
the  relevant  delays  between  the  pulses  many  times  each  second.  This  allows  for  both 
ease  in  finding  the  signal,  as  well  as  faster  collection  times.  It  is  analogous  to  taking  a 
photoluminescence  spectra  using  a  scanning  spectrometer  and  a  photomultiplier  tube, 
as  opposed  to  using  a  multichannel  analyzer.  Both  the  pump-probe  and  probe-probe 
configurations  can  be  used  with  the  vibrating  speaker.  The  diagram  for  the 
experimental  setup  is  illustrated  in  Figure  1 . 

FILM  GROWTH  AND  CHARACTERIZATION 

The  GaAs  films  were  grown  by  MBE  on  Si  substrates.  The  substrate  temperature 
was  300  °C.  Following  growth,  the  film  was  annealed  for  10  minutes  at  600  °C.  It  is 
expected  that  defects,  such  as  arsenic  precipitates,  are  introduced  by  the  low 
temperature  growth  and  subsequent  annealing.7'1 0  The  advantage  of  growth  on  Si  is 
that  this  substrate  is  easy  to  etch  away,  leaving  a  free  standing  GaAs  film ,  which  was  3 
microns  thick.  This  thickness  corresponds  to  one  optical  absorption  length  at  825  nm, 
which  is  the  appropriate  dimensions  for  this  experiment.  The  sample  was  masked  prior 
to  etching  away  the  substrate,  so  that  a  series  of  3-micron,  free  standing  GaAs  windows 
was  created. 

The  GaAs  film  was  characterized  by  room-temperature  photoluminescence,  which 
is  shown  below  in  Fig.  2.  The  film  was  excited  by  green  514  nm  light  from  an  Ar  ion 
laser.  The  peak  of  the  spectrum  is  at  870  nm,  corresponding  to  a  gap  energy  of  1.43  eV. 
This  indicates  that  the  GaAs  gap  is  essentially  unchanged  from  bulk  GaAs.15  (The 
second  peak  near  900  nm  is  likely  due  to  shallow  acceptors,  not  the  deep  levels 
associated  with  the  arsenic  precipitates.)  This  would  imply  that  we  should  see  optical 
absorption  even  if  the  excitation  energy  is  equal  to  or  slightly  greater  than  the  gap 
energy.  This  is  indeed  what  is  observed  in  this  sample. 

RESULTS  AND  DISCUSSION 

Prior  to  the  availability  of  Ti-Sapphire  lasers,  the  femtosecond  studies  of  GaAs 
have  relied  on  laser  pump  pulses  near  2  eV  in  energy  from  CPM  dye  lasers.15'14-16'17 
The  new  laser  sources  are  now  providing  the  opportunity  to  study  the  fast  optical 
response  of  GaAs  using  pump  beams  centered  near  the  band  gap  energy  of  1.43  eV.18 
This  is  in  contrast  to  studies  which  use  2  eV  pump  beams  and  probe  beams  with 
energies  close  to  the  band  edge.16"17 
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Figure  2.  Photoluminescence  for  the  LT-grown  GaAs  sample. 


We  show  in  Figure  3  the  transmission  correlation  peak  (TCP)14  for  the  LT-GaAs 
sample  taken  at  870  nm.  Spectra  was  also  obtained  at  wavelengths  of  825, 840, 855  nm. 
For  all  four  wave  lengths  we  observe  two  distinct  lifetimes.  A  multipicosecond  lifetime 
(•>  8  ps)  is  found  to  be  consistent  with  literature  values  for  other  GaAs  films  grown  at 
300  C.7  This  time  is  take  to  be  the  recombination  time,  and  is  dependent  on  the 
recombination  centers  which  have  been  introduced  into  the  sample  by  the  low 
temperature  growth.  The  short  lifetime  is  found  to  be  less  than  100  fs,  which  is 
consistent  with  values  for  pure  GaAs.13"14  Further  results  will  be  discussed  in  detail  in 
a  separate  publication.19  It  would  appear  that  growth  of  LT  -  GaAs  on  Si  substrates 
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Fig.  3  TCP  for  LT-grown  GaAs  at  870  nm. 

gives  results  similar  to  growth  on  other  substrates,  and  provides  a  convenient  means  to 
create  free  standing  films  and  windows. 

ACKNOWLEDGMENTS 

This  work  was  performed  at  Lawrence  Livermore  National  Laboratory  under  die 
auspices  of  the  U.S.  Department  of  Energy  under  contract  number  W-7405- ENG-48. 


303 


REFERENCES 


lF.  W.  Smith,  A.  R.  Calawa,  C.  L.  Chen,  M.  J.  Mantra  and  L.  J.  Mahoney,  IEEE  Electron 
Device  Lett.  %  TJ  (1988). 

2F.  W.  Smith,  H.  Q.  Le,  V.  Diadiuk,  M.  A.  Hollis,  A.  R  Calawa,  S.  Gupta,  M.  Frankel,  D. 
R.  Dykaar,  G.  A.  Mourou,  and  T.  Y.  Hsiang,  Appl.  Fhys.  Lett.  5£  890  (1989). 

3F.  W.  Smith,  H.  Q.  Le,  M.  Frankel,  V.  Diadiuk,  M.  A.  Hollis,  D.  R.  Dykaar,  G.  A. 
Mourou  and  A.  R.  Calawa,  OSA  Proceedings  on  Picosecond  Electronis  and 
Optoelectronics,  ed.  T.  C.  L.  Gerhard  Sollner  and  D.  M.  Bloom,  £,  176  (1989). 

<S.  Gupta,  S.  L.  Williamson,  J.  F.  Whitaker,  Y.  Chen  and  F.  W.  Smith,  Laser  Focus  World, 
July,  1992. 

5S.  Gupta,  M.  Y.  Frankel,  J.  A.  Valdmanis,  J.  F.  Whitaker,  G.  A.  Mourou,  F.  W.  Smith  and 
A.  R.  Calawa,  Appl.  Phys.  Lett.  52, 3276  (1991). 

6S.  Gupta,  J.  F.  Whitaker,  S.  L.  Willaimson,  G.  A.  Mourou,  L.  Lester,  K.  C.  Hwang,  P.  Ho, 
J.  Mazurowski  and  J.  M.  Ballingall,  J.  Electronic  Material,  in  press. 

7H.  H.  Wang,  J.  F.  Whitiker,  A.  Chin,  J.  Maxurowski  and  J.  M.  Ballingall,  J.  Electronic 
Materials,  in  press.L.  F.  Lester,  K.  C.  Hwang,  P.  Ho,  J.  Mazurowski,  J.  M.  Ballingall,  J. 
Sutliff,  S.  Gupta,  J.  Whitaker  and  S.  L.  Willaimson,  IEEE  Photonics  Tech.  Lett,  (in  press). 
8M.  Y.  Frankel,  J.  F.  Whitiker,  G.  A.  Mourou,  F.  W.  Smith  and  A.  R.  Calawa,  IEEE 
Transaction  on  Electronic  Devices,  37  (1990). 

9X.  Q.  Zhou,  H.  M.  van  Driel,  W.  W.  Ruhle,  Z.  Gogolak  and  K.  Ploog,  Appl.  Phys.  Lett 
6L  3020  (1992). 

10A.  C.  Warren,  J.  M.  Woodall,  J.  L.  Freeouf,  D.  Grischkowsky,  M.  R.  Mellolch  and  N. 
Otsuka,  Appl.  Phys.  Lett.  5Z,1331  (1990). 

"W.  S.  Pelouch,  P.  E.  Powers  and  C.  L.  Tang,  Optics  Letters  XL  1070  (1992). 

12B.  Proctor  and  F.  Wise,  Appl.  Phys,  Lett.  62, 470  (1993). 

13C.  L.  Tang  and  D.  J.  Erskine,  Phys.  Rev.  Lett.  51.840.  (1983). 

14 A.  J.  Taylor,  D.  J.  Erskine  and  C.  L.  Tang,  Appl.  Physics  Letters,  43, 989  (1983). 

15I.  L.  Spain,  M.  S.  Skolnick,  G.  W.  Smith,  M.  K.  Saker  and  C.  R.  Whitehouse,  Phys.  Rev. 
B  43, 14091  (1991)  and  references  therein. 

l^C.  J.  Stanton,  D.  W.  Bailey  adn  K.  Hess,  Phys.  Rev.  Lett.  65. 231  (1990).  and  references 
therein. 

17T.  Gong,  W.  L.  Nighan  and  P.  M.  Fauchet,  Appl.  Phys.  Lett.  57,  2713  (1990).  and 
references  therein. 

18J.  F.  Whitaker,  Materials  Science  and  Engineering  B  (in  press)  and  reference  therein. 

WA.  F.  Bello,  D.  J.  Erskine,  H.  B.  Radousky,  L.  N.  Dinh,  M.  J.  Bennahmias, 

M.  D.  Perry,  T.  R.  Ditmire  AND  R.  P.  Mariella  Jr.,  unpublished. 


394 


COMPOSITIONAL  MODULATIONS  AND  VERTICAL  TWO-DIMENSIONAL 
ARSENIC-PRECIPITATE  ARRAYS  AND  IN  LOW  TEMPERATURE  GROWN 
ALo.3QAo.7AS 

K.Y.  Hsieh*,  Y.L.  Hwang**,  T.  Zhang***  and  R.M.  Kolbas*** 

‘institute  of  Materials  Science  and  Engineering  .National  Sun  Yat-Sen  University  .Kaohsiung, 
Taiwan,  R.O.C. 

**LSI  logic,  1601  McCarthy  Blvd  M.S.  B-142  Milpitas  CA  95035  U.S.A. 

‘‘‘Department  of  Materials  Science  and  Engineering  North  Carolina  State  University,  Raleigh, 
NC  27695-7911  U.S.A. 

ABSTRACT 

Compositional  modulations  and  arsenic  precipitates  in  annealed  Al0  jGa^  ?As  layers  which 
were  grown  at  a  low  substrate  temperature  (200°  C)  by  molecular  beam  epitaxy  (MBE)  were 
studied  by  transmission  electron  microscopy  (TEM).  These  layers  were  used  as  surface  layer 
which  were  applied  on  metal-insulator-semiconductor  (MIS)  diode.  The  planar  and  cross  sectional 
TEM  micrographs  reveal  that  compositional  modulations  occurred  when  the  thickness  of  LT 
AIGaAs  was  over  1500 A.  The  wavelength  of  the  modulations  varies  between  100-200  A  and  the 
direction  of  the  modulation  is  along  [Oil],  The  arsenic  precipitates  were  formed  after  annealed 
and  the  distribution  of  them  followed  the  compositional  modulation.  Vertical  two  dimensional 
arsenic-precipitates  arrays  were  arranged  in  the  low  aluminum  constitute  region.  These  novel 
microstructures  result  from  the  strain-induced  spinodal  decomposition  and  the  arsenic  precipitates 
redistribution  process. 


INTRODUCTION 

It  has  been  reported  that  GaAs  epilayer  structures  grown  at  low  substrate  temperature  by 
molecular  beam  epitaxy  (MBE)  and  subsequently  annealed  have  a  great  potential  development  in 
electrical1-2  and  optical  device  application3-4.  The  1%~2%  of  excess  arsenic  which  is  incorporated 
into  the  film5  form  into  arsenic  precipitates  after  high  temperature  annealed.  The  formation  of 
arsenic  precipitates  in  the  LT  GaAs  layers  results  in  changes  in  material  electrical  properties  from  a 
conductive  (10  ohm-cm)  layer  to  a  highly  resistive  (10'  ohm-cm)  insulators6.  It  is  found  that  the 
distribution  of  the  arsenic  precipitates  were  strong  effected  by  the  presence  of  the  AlGaAs/GaAs 
interface7-8  and  the  type  of  the  dopants9.  The  precipitates  prefer  to  accuminate  in  the  GaAs  side  of 
the  heterojunction  rather  than  form  in  the  AIGaAs  side  of  the  heterojunction7*8  and  the  donors 
enhance  the  precipitation  while  acceptors  suppress  the  precipitation.9.  The  in  plane  two 
dimensional  arsenic  precipitate  arrays  were  observed  along  the  heterojunction  interface  and  in  the 
high  concentration  dopant  (donor)  region.. 

In  this  paper,  we  presented  the  recent  study  on  arsenic  precipitates  in  LT-AIGaAs/AIAs/n- 
GaAs  heterojunction  grown  by  MBE  .  The  compositional  modulations  were  found  in  the  annealed 
LT  AIGaAs  layer  and  the  direction  of  these  modulation  was  along  [011].  Numerous  new 
AIGaAs/GaAs  heterojunctions  which  lie  along  the  growth  direction  were  formed  .The  arsenic 
precipitates  passed  the  redistribution  process  were  arranged  into  the  low  A1  composition  region. 
A  unique  vertical  two-dimensional  arsenic-precipitate  arrays  were  appeared.  This  is  the  first 
observation  that  the  compositional  modulation  occurred  in  LT  GaAs-AlGaAs  system  and 
vertical  two  dimensional  arsenic-precipitate  arrays  were  formed  in  LT  AIGaAs. 


EXPERIMENT 

The  layered  structures  used  in  this  study  were  grown  in  a  Varian  360  MBE  system  on  undoped 
LEC(OOl)  GaAs  substrate.  The  substrate  temperatures  were  measured  by  a  standard  Varian 
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26%Re-5%Re  thermocouple  arrangement  in  contact  with  the  indium-bonded  substrate  mount. 
Except  for  the  LT  AlGaAs  layer,  the  growth  temperatures  for  the  other  active  layers  were  normal 
in  the  range  of  580°  C  to  640°  C.  The  ratio  of  the  group  V  to  group  III  beam  equivalent  pressure 
for  all  AlGaAs  and  GaAs  layers  was  approximate  10.  The  arsenic  source  was  the  tetramer  As4. 
Prior  to  the  deposition  of  the  LT  compound  layer,  the  substrate  temperature  was  decreased  from  a 
higher  temperature  to  200°  C.  Subsequently,  if  an  in  situ  anneal  for  the  as-grown  LT  compound 
layer  was  required,  the  substrate  temperature  was  then  increased  to  the  annealing  temperature.  The 
it.  situ  anneal  was  conducted  at  600°  C  for  10  to  20  minutes  under  an  arsenic  overpressure  of 
about  6x10*6  Xorr.  Precipitate  microstructures  in  annealed  samples  were  examined  by  TEM 
observations  using  a  JEOL  200CX  operated  at  200  KV.  Cross-sectional  specimens  were  prepared 
by  ion  thinning  at  low  temperature  (77  K).  Planar  specimens  were  thinned  from  the  substrate  side 
with  mechanically  polishing  and  etched  with  a  solution  of  bromine  in  methanol. 


RESULTS  AND  DISCUSSION 


The  layer  structure  was  schematically  shown  in  Fig.  I .  The  structure  of  all  the  samples  which 
had  been  analyzed  in  this  study  basically  is  similar.  The  only  difference  between  each  other  is  the 
thickness  variation  of  AlAs  and  the  low  temperature  grown  layer.  The  LT  AlGaAs  is  applied  as 
the  surface  layer  in  a  MESFET  structure  and  the  AlAs  is  played  as  a  barrier  which  prevented  the 
arsenic  related  defects  diffusing  into  the  channel.  Fig.  2(a)  and  Fig.  2(b)  are  (200)  dark  Field 
images  of  the  sample  2-01 13A  which  consists  of  a  2100A  AlGaAs  surface  layer,  a  50A  AlAs 
barrier  layer  and  a  2000A  n-GaAs  channel  of  bulk  doping  level  5.36x1 017cm-3.The  sample  were 
in  situ  anneal  at  600°  C  for  10  minutes  and  20  minutes  respectively.  As  seen  in  the  images,  all 
the  arsenic  precipitates  were  stayed  in  AlGaAs  region.  The  thin  AlAs  layer  between  the  LT 
compound  and  n-channel  totally  blocked  out  the  arsenic  precipitates  away  from  the  channel.  The 
distribution  of  the  arsenic  precipitates  in  these  two  sample  showed  different  map.  For  the  sample 
that  annealed  in  10  minutes,  the  arsenic  precipitates  were  uniform  distribuiion(Fig.  2(a)).  While 
the  sample  annealed  in  20  minutes  (Fig.  2(b)),  from  the  TEM  micrographs  it  can  be  told  that  the 
density  of  arsenic. ppls  is  less  and  the  distribution  of  the  arsenic  precipitates  can  roughly  be 
divided  into  three  regions.  At  the  region  A,  part  of  the  arsenic  precipitates  accumulated,  called  the 
precipitate  accumulation  zone  (PAZ),  along  the  LTAlGaAs/AlAs  interface.  An  area  (Zone  B)  that 
with  a  thickness  of  around  two  hundred  angstroms  away  from  the  heterojunclion  has  less  arsenic 
precipitates,  call  precipitate  depletion  zone  (PDZ).  At  area  C,  it  can  be  seen  that  a  contrast 
modulation  was  occurred.  The  direction  of  the  modulation  was  almost  normal  with  the  growth 
direction  and  the  wavelength  of  this  modulation  was  around  100-200A.  The  lattice  mismatch 
between  in  GaAs  and  Alas  end-member  is  small  (~  1.3x1 0‘3  AlAs  has  the  smaller  unit  cell);  and 
structure  factor  contrast  tends  to  dominate,  particularly  when  { 200}  imaging  conditions  are  used 
(the  (200)  structure  factor  reflects  the  difference  in  atomic  scattering  factors  of  the  constitute  Ill- 
type  and  V-typc  atoms,  and  is  thus  very  weak  in  GaAs,  but  relatively  strong  in  AlAs),  therefore 
we  can  eliminate  the  suspicious  of  that  the 
contrast  modulation  caused  by  strain  contrast  Growth  Temp.  200  °  C 
factor.  This  result  indicates  that  the  contrast 
modulation  was  due  to  the  compositional 
modulation.  The  high  intensity  area  showed 
that  contained  high  A1  composition.  The  Growth  Temp.  64C 0  C 
boundary  between  white  bands  and  black 
bands  is  clear  only  at  the  top  of  the  LT  AlGaAs 
layer.  Once  the  bands  extended  to  the 
heterojunction,  the  boundary  could  not  be 
recognized  .  It  has  been  reported  that  the 
arsenic  ppts  prefer  to  be  formed  in  low  Ai 


constitute  region  than  in  high  Al  composition 
region  due  to  the  difference  of  in 


Fig.  1  Cross  section  of  the  Film  structure 


precipitation/matrix  interfacing  energy.8  Since 
the  compositional  modulations  created  a 
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(a)  (b) 

Fig.  2  TEM  images  of  the  cross  sections  of  a  GaAs  MESFET  structure  capped  with  an  in  situ 
annealed  LT  AlGaAs  surface  layer,  (a)  annealing  for  10  minutes,  (b)  annealing  for  10  minutes. 
Note  that  the  As  ppts  are  well  confined  within  the  LT  AlGaAs  layer  by  a  50A  thick  ALAs  barrier 
layer.  The  compositional  modulations  were  occurred  in  the  LT  compound  region  and  the 
distribution  of  the  As  ppts  followed  the  compositional  modulation.  The  annealing  time  is  longer, 
the  phenomena  of  the  composition  modulation  is  more  obvious. 

numerous  GaAs/ AlGaAs  heterojunction  interface  lay  along  the  growth  direction ,  thus  the  arsenic 
ppts  were  confined  inside  the  black  bands  (GaAs).  A  vertical  two  dimensional  arsenic  precipitates 
were  formed.  The  planar  view  TEM  was  applied  to  reveal  the  compositional  modulation 


Fig.  3  Plan  view  TEM  image  of  a  GaAs 
MESFET.  Numerous  short ,  weav  bands  ran 
*  diagonally  on  the  micrograph.  As  ppts  were 
\  formed  in  the  dark  region.  This  result 
confirmed  that  the  composition  modulation 
occurred  after  annealed. 


phenomena.  The  image  (Fig.  3)  showed  that 
numerous  short  white  wavy  bands 
(length: 1000-2000A;widih:100A)  were  oriented 
in  a  zigzag  manner  approximately  along  the 
{Oil]  direction.  Again,  it  can  been  seen  that  the 
arsenic  ppts  were  located  n  the  outside  of  the 
white  bands.(high  A1  composition  region).  Fig 
4.  is  a  3-D  schematic  diagram  of  this  layer 
structure  which  combined  with  the  results  of  the 
cross  section  and  planar  view  TEm  images.  It  is 
clear  to  show  that  the  compositional  modulation 

is  occurred  only  at  (Oi  T)plane. 

These  results  are  different  with  that  those 
reported  by  Melloch  et  al.9  In  their  report,  the 
compositional  modulation  (quantum  well 
structure)  was  made  artificially  during  the 
growth  process  and  the  arsenic  ppts  were 
formed  in  plane  along  with  the  heterojunction. 
The  two  dimensional  arsenic  ppt  arrays  were 
paralleled  with  the  interface.  In  this  case,  the 
modulations  occurred  spontaneously.  The  LT 
AlGaAs  layer  that  before  high  temperature 
annealed  was  examined  with  TEM.  The  image 
revealed  that  it  was  homogeneous.  There  had  no 
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dusters  existed.  The  compositional 
modulation  was  taken  place  in  the  LT 
AlGaAs  region  after  heat  treatment  The 
longer  annealing  time  was  employed,  the 
phenomena  of  compositional  modulation 
were  more  clear.  In  addiation  ,  the  arsenic 
ppts  were  accumulated  in  the  low  A1 
composition  region  and  formed  a  vertical 
two  dimensional  arrays. 

The  phenomena  of  the  compositional 
modulation  have  been  found  in  several  m-V 
alloys1®-1*-  In  their  results,  the  modulations 
did  not  result  from  a  decomposition  of  an 
homogeneous  layer,  but  occur  during  the 
growth  of  the  layer  itself,  and  subsequent 
frozen  in  this  state.  According  to  the 
Stringfellow's  theoretic  calculation13,  the 
interaction  parameter  Q  and  enthalpy  of 

mixing  AH(mix)  of  ternary  and  quaternary 
III-V  compound  semiconductor  alloys,  both 
are  positive.  Phase  Diagram  calculations  for 
these  alloy  system  have  hence  predicted  the 
existence  of  miscibility  gaps  in  many  cases  at 
low  temperatures  and  also  the  possibility  that 


Fig.  5  Images  of  the  cross  section  of  GaAs 
MESFET  structure  capped  with  an  in  situ 
annealed  LT  AlGaAs  layer  (4000A).  Note  that 
the  polycrystalline  started  at  1700A  and  the 
amount  of  As  ppt  reduced  near  the  poly 
region.  The  As  ppts  formed  two  dimensional 
arrays  paralleled  with  the  growth  direction 


some  of  these  alloy  systems  may  be  unstable  to 
have  phase  segregation  by  spinodal 
decomposition.  Miscibility  gaps  have  been 
experimentally  observed  for  some  alloy 
system14-16  and  the  occurrence  of  spinodal 
decomposition  in  epitaxial  layers  of  a  few  of 
these  alloys  has  also  been  reported1*-*0.'  Since 
there  is  no  experimental  or  theoretic  data  to 
support  that  the  GaAs-AlAs  system  has  a 
miscibility  gap  existed  in  such  low  temperature 
region  (200°  C),  we  can  assume  that  the 
compositional  modulation  happened  in  this 
experiment  is  related  to  the  spinodal 
decomposition.  If  the  above  the  assumption  is 
right,  the  next  question  is  what  the  factor 
triggered  the  spindol  decomposition  happened. 
As  it  mentioned  before,  there  is  l%-2%  of 
excess  arsenic  in  the  LT  GaAs  layer,  therefore 
we  can  expect  that  there  must  have  excess 
arsenic  in  the  LT  AlGaAs  layer.  The  arsenic 
ppts  should  be  existed  after  the  sample  annealed 
and  these  assumption  has  been  verified. 
Initially,  the  arsenic  ppt  uniformly  appeared 
inside  the  LT  AlGaAs  during  annealed.  After 
the  arsenic  ppts  kept  coarsening,  the  strain 
Which  caused  by  the  lattice  parameter  difference 
between  the  ppt  and  matrix  also  kept  increasing. 
When  the  total  strain  reach  to  certain  amount, 
the  strain  trigger  the  spinodal  composition 
happened  in  order  to  release  the  extra  energy  to 
prevent  the  dislocation  appeared.  This  strain 
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induce  ordering  process  has  been  observed  by  Hsieh  et  al[21  Once  there  have  phase  modulation 
occurred,  the  arsenic  ppts  redistribution  process  then  followed.  The  total  strain  depends  on  the 
total  amount  arsenic  precipitates.  The  thickness  of  the  LT  AlGaAs  will  be  the  key  factor  to 
determine  the  modulation  happened  or  not.  We  did  observe  that  there  is  no  compositional 
modulation  occurred  when  the  thickness  of  LT  AlGaAs  is  below  lOOOA.  In  addition,  the  AlAs 
barrier  layer  also  plays  a  important  role  in  this  phenomena.  The  AlAs  barrier  stopped  the  arsenic 
precipitates  out  diffusion.  It  let  the  As  ppts  be  confined  in  die  LT  AlGaAs  region  and  it  is  allowed 
that  the  strain  can  be  accumulated  continuously  to  reach  the  threshold  value,  then  triggered  the 
ordering  process.  One  of  samples  (not  shown  here)  showed  that  if  the  AlAs  barrier  was  replaced 
with  a  LT  GaAs,  the  wavelength  of  the  modulation  increased  and  the  compositional  modulations 
would  not  be  observed  obviously.  Combined  with  'strain  induced  modulation"  and  'arsenic 
redistribution  process',  it  can  be  successfully  to  explain  this  experimental  results. 

In  an  early  report,  an  unannealed  LT  GaAs  layers  grown  200°  C  has  a  larger  lattice  constant 
(0. 1%)  than  that  of  the  normal  GaAs.  This  result  suggested  that  the  LT  compound  has  a  thickness 
limited  before  the  epilayer  turn  into  a  polycrystalline.  Fig.  5  is  a  (220)  dark  field  images  of  the 
sample  2-01 17  A  which  consists  of  a  4000A  LT  AlGaAs  surface  layer  and  a  200A  AlAs  barrier 
layer.  The  sample  was  also  in  situ  annealed  at  600°  C  for  10  minutes.  As  seen  from  the  image, 
the  top  area  of  the  LT  AlGaAs  has  become  a  polycrystalline  and  the  arsenic  precipitate  were 
formed  in  discontinuous  lines  that  were  almost  normal  to  the  AlAs  layer.  It  is  also  seen  in  this 
image  that  the  regions  between  the  boundary  of  the  polycrystalline  and  the  single  crystal  has 
arsenic  ppts  free  and  the  contrast  of  this  region  is  similar  to  that  of  the  ALAs  layer.  These  results 
indicate  that  this  region  has  a  high  A1  composition.  Again,  this  image  shows  that  a  compositional 
modulation  and  vertical  two  dimensional  arsenic-precipitate  arrays  were  occurred  in  LT  AlGaAs 
layer. 


CONCLUSION 

In  summary,  we  have  presented  novel  microstructures  of  arsenic  piecip._utes  which  formed 
in  LT  AlGaAs/ AIAs/n-GaAs  layered  structures  grown  at  low  substrate  temperatures  by  MBE.  It  is 
shown  that  compositional  modulation  occurred  when  the  thickness  of  LT  AlGaAs  was  over 
1500A.  The  distribution  of  arsenic  precipitates  were  followed  the  compositional  modulation. 
Vertical  two-dimensional  arsenic  precipitates  were  formed  in  the  low  aluminum  constitute  region. 
This  is  the  first  report  that  the  compositional  modulation  was  observed  in  an  homogeneous  LT 
AlGaAs  layer  after  annealed.  All  these  micrstructures  can  result  from  the  strain-induced  spinodal 
decomposition  related  mechanism  and  arsenic  ppts  redistribution  process. 
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ABSTRACT 


The  structure  and  properties  of  GaAs  layers  grown  by  molecular-beam  epitaxy  at  low 
temperature  (150-250  °Q  have  been  studied.  The  samples  were  found  to  contain  up  to  1.5  at.% 
extra  As,  which  formed  nano-scale  clusters  under  annealing.  The  dependences  of  the  excessive 
As  concentration  and  As-cluster  size  and  density  on  the  growth  and  annealing  conditions  were 
established.  LT-GaAs  layers  wert  found  to  have  high  electrical  resistivity,  however,  our 
investigations  of  microwave  absorption  in  a  weak  magnetic  field  revealed  a  characteristic  signal 
usually  attributed  to  die  superconducting  phase.  It  has  been  proved  that  this  microwave 
absorption  is  unlikely  to  be  due  to  either  die  arsenic  dusters  in  LT-GaAs  films  or  indium  in  the 
substrate,  as  it  was  assumed  previously.  We  suggest  a  new  hypothesis  that  the  superconducting 
phase  in  LT-GaAs  is  Ga  nanodusters  formed  on  the  growth  surface. 


INTRODUCTION 


GaAs  grown  by  molecular-beam  epitaxy  (MBE)  at  low  temperature  dess  than  300  °Q  has 
received  a  great  deal  of  attention  during  the  last  few  years  (see,  for  example,  (,  3]).  The  main 
feature  of  this  material  is  high  arsenic  excess,  far  outside  the  homogeneity  region.  Annealing 
forces  extra- As  to  form  nano-scale  dusters.  High  resistivity  and  short  carrier  lifetime  make  this 
material  useful  for  buffer  layers,  high-speed  photodetectors  and  other  applications. 

An  unexpected  phenomenon  observed  in  LT-GaAs  is  the  existence  of  a  superconducting 
phase  recently  reported  by  Baranowski  et  al  [*].  The  presence  of  this  phase  can  be  detected  using 
characteristic  microwave  absorption  dependent  on  a  weak  magnetic  field.  The  authors  ['] 
attributed  the  superconducting  phase  to  arsenic  dusters  or  arsenic  planes.  However,  Li  et  al  l5] 
have  lately  reported  that  the  superconducting  phase  may  be  formed  in  LT-GaAs  due  to  indium 
often  used  to  sold  the  substrates  to  a  holder  in  MBE-systems. 

In  this  paper  we  report  the  results  on  the  structure  and  properties  of  LT-GaAs  samples 
prepared  under  various  conditions.  The  superconducting  phase  in  these  samples  has  also  been 
investigated.  We  have  checked  the  hypotheses  mentioned  above  and  suggest  a  new  one 
accounting  feu  the  existence  of  the  superconducting  phase  in  LT-GaAs  films. 
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EXPERIMENTAL 


The  LT-GaAs  layers  were  grown  in  a  dual-chamber  "Katun"  MBE-system  on  standard 
undoped  semi-insulating  2-inch  GaAs  substrates  with  (100)  orientation.  The  growth  rate  was 
1  |xm/h  and  the  layer  thickness  1  |xm.  The  growth  temperatures  and  As  pressures  for  the  layers 
investigated  are  given  in  Table  I.  The  substrate  temperature  was  controlled  by  the  thermal 
radiation  of  a  Ta-heater.  Indium  was  not  used  to  sold  the  substrate  to  the  holder.  The  crystal 
growth  was  assessed  by  reflected  high-energy  electron  diffraction  (RHEED). 


Table  I. 


N 

f*As  (10~s  Pa) 

T,(°Q 

0 (sec) 

94 

1.1 

150 

37 

85 

1.2 

93 

1.1 

200 

31 

60 

1.1 

95 

1.1 

250 

23 

20 

<0.3 

96 

1.8 

ISO 

47 

83 

1.4 

97 

1.8 

200 

29 

65 

1.0 

98 

1.8 

250 

27 

27 

0.4 

Ai  er  the  growth,  a  part  of  the  grown  samples  was  annealed  at  the  temperatures  Ta  =  400,  500 
or  6t  '  °C  under  As  over  pressure  PM  =  l.8xl0~s  Pa  immediately  in  the  growth  chamber  for 
15  m  lutes. 

El  ctron-probe  microanalysis  (EPMA),  X-ray  diffraction  (XRD),  transmission  electron 
mien  .copy  (TEM),  electron  microscopy  of  surface  replica  were  used  to  characterize  the 
micro  structure  of  LT-GaAs  layers.  Special  care  was  taken  to  improve  the  sensitivity  of  EPMA 
that  ;  [lowed  us  to  decrease  the  total  absolute  error  down  to  0.3  atomic  %.  Electrical  and 
photo  uminescense  (PL)  study  were  also  performed. 

In  order  to  reveal  the  superconducting  phase,  the  LT-GaAs  films  were  investigated  by 
magn  tic-field-modulated  microwave  absorption  (FMMA)  in  a  weak  magnetic  field  over  the 
temperature  range  2-50  K.  The  FMMA  signal  measured  was  the  field  derivative  of  microwave 
absor  >tion  dP/AH. 


RESl  LTS  AND  DISCUSSION 


During  the  layer  growth  a  net  of  streaks  of  the  main  reflections  was  observed  in  the  HEED 
pattern  that  allowed  us  to  draw  the  conclusion  about  a  layer-by-layer  growth  mechanism, 
atomically  smooth  surface  and  a  high  crystalline  quality  of  the  LT-GaAs  being  grown.  As- 
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stabilized  conditions  were  realized  at  all  the  temperatures  used.  The  intensive  diffuse  scattering, 
increasing  with  lowering  growth  temperate!  a  as  well  as  with  increasing  layer  thickness,  was  the 
main  feature  of  the  HEED  pattern.  This  phenomenon  seems  to  be  due  to  the  high  concentration 
of  extra  arsenic  on  the  growth  surface  and  to  its  capture  into  the  growing  layer. 

Electron  microscopy  of  surface  replica  h.ts  shown  a  specific  relief  of  the  growth  surface.  The 
growth  pits  with  submicron  dimensions  (80-120  nm)  and  with  a  density  of  1 08— 1 09  cm'2  were 
also  detected. 

The  lattice  constant  of  as-grown  layers  (a/)  measured  by  XRD  exceeded  that  of  the  GaAs 
substrate  (a,)  and  increased  rapidly  with  decreasing  growth  temperature.  Simultaneously,  the 
FWHM  of  the  rocking  curves  (6)  rose.  The  values  of  a(-a,  and  6  as  well  as  the  concentration 
of  extra  As  determined  by  EPMA  are  given  in  Table  1.  The  amount  of  extra  As  is  in  good 
agreement  with  the  data  obtained  previously  [2J.  The  maximum  concentration  of  excessive 
arsenic  is  l.S  at.%  and  it  reduces  sharply  with  increasing  growth  temperature.  The  change  in  the 
As  molecular  flux  has  a  weak  influence  on  the  excessive  arsenic  concentration  in  the  epitaxial 
layer.  Consideration  of  LT-GaAs  lattice  constant  measurements  taking  into  account  the  Ga  and 
As  tetrahedral  radii  and  tetrahedral  interstice  size  show  excessive  As  to  be  primarily  situated  at 
the  interstitials.  The  concentration  of  antisite  defects  Asq,  seems  to  be  far  less  than  that  of  the 
interstitials  As;  and  is  SxlO^cm-3  in  LT-GaAs  grown  at  200  °C  according  to  EPR  data  [2]. 

The  annealing  caused  the  lattice  constant  and  X-ray  rocking  curve  width  of  the  layers  to 
approach  that  of  the  substrate.  Fig.  1  shows  the  dependences  of  a/-aJ  on  annealing  temperature. 
The  data  indicate  an  improvement  of  the  crystal  perfectness  of  the  GaAs  matrix  under  annealing. 
TEM  study  showed  that  excessive  As  formed  nano-scale  clusters  in  the  annealed  samples 
(Fig.  2). 


Fig.  1.  Bnght-fieu  electron  microscope 
micrograph  of  As  clusters 
in  sample  94  (T,  =  150  °C,  r4  =  600  °Q 


Fig.  1.  Difference  between  lattice  parameters 
for  LT-GaAs  films  and  GaAs  substrate 
vs.  annealing  temperature.  Growth  conditions; 
T,(° Q:  l.r— 150,  W— 200,33'— 250; 
/>A,(10rSPa):  1-3 — 1.1,  l'-3'— 1.8. 
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At  least  at  high  annealing  temperature  (500  and  600  °Q  the  clusters  had  a  crystal  structure 
indicated  by  the  moire  Cringes  in  the  TEM  image  and  extra  spots  around  (220)  and  (400) 
reflections  in  the  [110]  directions  at  selected  area  diffraction  pattern.  At  the  same  growth 
temperature  150  “C,  the  average  cluster  size  increased  from  2  to  7  nm  when  the  annealing 
temperature  rose  from  500  to  600  °C.  Simultaneously,  the  cluster  density  reduced  from  5xl017 
to  (6-8)xl016cm-3.  Comparing  the  density  and  size  of  As  clusters  with  the  concentration  of 
extra  As  from  the  EPMA  data,  one  can  find  a  complete  precipitation  of  extra  As  at  annealing 
temperature  600  °C  and  only  partial  one  at  lower  Tv  When  the  growth  temperature  rose  from 
150  to  200  and  up  to  250  “C,  i.e.  the  initial  amount  of  extra  As  dropped,  the  cluster  size  in  the 
samples  annealed  at  600  reduced  from  7  to  5  and  down  to  4  nm  while  the  cluster  density 
remained  approximately  the  same  for  T,  =  150  and  200  °C  and  decreased  slightly  for 
r,-250°C  In  addition  to  the  As  clusters,  there  were  other  defects  in  LT  GaAs  layers,  in 
particular,  dislocations  of  the  edge  type  as  well  as  defects  causing  the  spotted  dart  contrast  in  the 
plane-view  image.  The  defect  density  was  evaluated  to  be  of  the  same  order  of  magnitude  as  that 
of  die  surface  defects  observed  through  replicas. 

All  the  LT-GaAs  samples  (both  as-grown  and  annealed)  were  found  to  have  high  electrical 
resistivity  (p>10*  Q  cm)  which  v-as  not  measured  precisely  because  of  the  shunt  resistance  of  the 
thick  (330  pm)  SI-GaAs  substrate. 

The  PL  investigations  at  4.2  K  showed  a  weak  carbon-related  line,  intensity  of  which 
increased  with  die  annealing  temperature  in  agreement  with  the  conclusion  on  the  improvement 
of  the  crystal  perfectness.  A  specific  feature  of  the  spectra  was  the  absence  of  excitonic  lines. 
This  fact  supports  the  As-cluster  model  accounted  for  electronic  properties  of  LT-GaAs  [3]. 

It  is  usually  assumed  that  the  FMMA  signal  with  characteristic  dependences  on  the 
temperature  and  magnetic  field  indicates  the  existence  of  a  superconducting  phase  in  the 
samples  [*•  7J.  Most  of  the  samples  investigated  showed  superconductor-like  FMMA  signals 
(Fig.  3).  The  signal  magnitude  were  found  to  vary  strongly  from  one  sample  to  another. 
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The  superconducting  transition  temperature  was  estimated  to  be  about  10  K.  The  following 
features  of  the  signal  were  also  detected:  a  hysteresis  in  a  microwave  absorption  upon  reversing 
die  field-sweep  direction;  increasing  noise  as  the  temperature  approaches  7C;  in  dependence  of 
the  signal  on  die  sample  orientation  with  respect  to  the  external  magnetic  field.  This  features  as 
well  as  the  characteristic  shape,  temperature  and  magnetic  field  dependence  of  the  FMMA  signal 
seem  likely  to  indicate  a  superconducting  phase  in  LT-GaAs  samples  in  accordance  to  the 
previous  results  [4]. 

It  has  been  suggested  in  [4]  that  this  phase  in  LT-GaAs  can  be  due  to  As-rich  plane  structures 
or  arsenic  clusters,  although  arsenic  does  not  exhibit  superconducting  properties  in  the  bulk 
form.  In  order  to  check  this  hypothesis,  we  have  compared  the  microwave  ubsotption  data  with 
the  growth  and  annealing  conditions  and  with  the  results  of  the  structure  study.  No  correlations 
of  the  excess  As  concentration  and  structure  including  the  precipitation  stage,  cluster  size  and 
cluster  concentration  with  microwave  absorption  have  been  detected,  although  the  FMMA  signal 
varied  by  up  to  2  orders  of  magnitude  and  qualitatively  in  some  cases.  The  large  number  (24)  of 
samples  investigated  and  the  gradual  appropriate  change  in  the  crystal  structure  under  the  growth 
and  annealing  condition  variations  allow  us  to  conclude  that  the  microwave  absorption  signal  in 
LT-GaAs  samples  is  unlikely  to  be  due  to  clusters  or  other  defects  formed  by  extra-As. 

Recently  Li  et  al.  have  shown  [5]  that  the  FMMA  signal  can  be  due  to  indium  clusters  formed 
in  the  GaAs  substrate  during  the  epitaxy  and  subsequent  annealing  if  indium  was  used  to  sold  the 
substrate  to  a  holder  in  the  MBE  system.  Indium  clusters  were  assumed  to  have  the 
superconducting  transition  temperature  higher  then  bulk  In  (Tc  -  3.4  K). 

It  should  be  pointed  out  that  we  have  not  used  indium  in  our  MBE  system.  The  EPMA  and 
PL  study  indicated  that  indium  content  in  our  substrates  was  less  than  2xI018  cm-3.  Moreover, 
we  reproduced  for  some  substrates  the  heat  treatment  procedures  similar  to  that  for  the  low- 
temperature  MBE  growth  followed  by  the  annealing.  The  microwave  absorption  measurements 
showed  no  superconductor-like  signal  in  the  substrates  without  epitaxial  layer.  Thus,  we  have 
proved  that  the  characteristic  microwave  absozption  in  our  LT-GaAs  samples  is  not  due  to 
indium  in  the  substrates. 

To  understand  the  nature  of  the  FMMA  signal,  one  should  be  take  into  account  the  absence  of 
clear  regularity  in  the  signal  type  and  magnitude  variations.  This  fact  allows  us  to  suppose  that 
the  microwave  absorption  may  be  due  to  specific  defects  formed  at  the  initial  growth  stage  and 
retained  in  the  substrate-layer  interface  or  moving  with  the  growth  surface.  We  observed  a  fairly 
high  concentration  of  such  kind  of  defects  near  the  surface  by  surface  replica  and  transmission 
electron  microscopy.  It  should  be  pointed  out  that  these  defects  are  not  a  specific  feature  of  our 
samples  or  low-temperature  MBE.  The  growth  defects  of  such  kind  have  been  observed  earlier 
in  vapour-phase  epitaxy  films  [*].  These  defects  are  1-100  nm  gallium  particles  doped  with 
different  impurities  and  are  liquid  at  growth  temperature. 
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It  is  well  known  that  gallium  is  a  type-1  superconductor  with  a  critical  temperature  Tc=l.l  K. 
The  capture  of  different  impurities  in  the  liquid  gallium  particles  during  the  crystal  growth  can 
result  in  an  increase  of  Tc.  The  existence  of  the  FMMA  signal  up  to  10  K  can  be  also  attributed 
to  the  small  size  of  gallium  particles.  Such  an  increase  in  Tc  was  earlier  observed  for  Sn  clusters 
l9]. 

CONCLUSION 

We  have  proved  that  the  superconductor-like  microwave  absorption  is  unlikely  to  be  due  to 
either  arsenic  clusters  in  LT-GaAs  films  or  indium  in  the  substrate,  as  it  was  assumed 
previously.  We  suggest  that  the  superconducting  phase  in  LT-GaAs  is  Ga  nanoclusters  formed 
on  the  growth  surface.  The  hypothesis  suggested  for  the  microwave  absorption  nature  in  LT- 
GaAs  accounts  for  the  results  on  the  structure,  property  and  microwave  absorption  reported  here 
and  in  the  previous  papers  [4- 5]. 
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ABSTRACT 

Hie  characterization  of  HI-V  compound  semiconductor  substrates  sad  epitaxial  layers  with 
photoluminescence  imaging  is  reviewed.  The  luminescence  patterns  of  semi-insulating  GaAs  are 
dominantly  determined  by  the  concentration  and  distribution  of  nooradiative  recombination  centers, 
as  shown  by  comparison  with  ipectroscopic  temperature  and  lifetime  topography  of  photoexcited 
carriers.  Wafers  fabricated  with  various  growth  and  amnaling  procedures  are  evaluated.  Presently 
available  informations  on  nooradiative  centers  in  GaAs  are  summarized  and  discussed.  The 
correlation  of  luminescence,  absorption  and  resistivity  topograms  of  InP  substrates  shows  various 
interrelated  influences  of  the  Fe  acceptor  distribution.  High  resolution  luminescence  images  of 
growth  induced,  strain  induced  and  substrate  induced  defects  in  epitaxial  heterostructures  are 
obtained.  The  generation  of  relaxation  dislocations  in  pseudomorphic  layers  is  influenced  by  growth 
parameters,  layer  structures,  layer  doping  and  also  by  substrate  properties.  Nooradiative 
recombination  center  patterns  replicate  the  arrangement  of  threading  dislocations  in  the  substrate. 

INTRODUCTION 

The  increasing  complexity  of  micro-  and  optoelectronic  device  fabrication  has  stimulated  the 
development  of  characterization  techniques  satisfying  die  need  for  detailed  control  of  substrate 
materials,  epitaxial  layers  and  fabrication  processes.  An  important  and  widely  used  method  is 
photoluminescence  imaging  (PLI),  including  photoluminescence  topography  (PLT)  and 
photoluminescence  microscopy  (PLM). 

PLT  of  IH-V  compound  semiconductors  was  introduced  about  8  years  ago  [1-3].  It  is  now  firmly 
established  as  an  indispensable  diagnostic  tool.  Already  the  firet  PLT  experiments,  designed 
modestly  to  map  the  near  bandgap  intensity  Ipl  without  spectral  resolution  at  room  temperature, 
immediately  yielded  important  and  surprising  new  informations,  convincingly  demonstrating  the 
diagnostic  value  of  PLT  to  characterize  IH-V  semiconductors.  In  due  course,  improvements 
including  mapping  at  low  temperature  wife  spectral  selection  were  realized  [4, 5].  These  features 
increased  both  the  range  of  applications  and  the  information  content  of  luminescence  images.  Today, 
PLT  has  been  installed  in  many  academic  and  industrial  laboratories.  Commercial  systems 
developed  for  routine  production  control  are  available.  Mote  recently,  spectrally  selective  PLM  at 
cryogenic  temperature  [6]  has  been  introduced  as  an  easy-to-use  tool  to  study  growth-induced 
defects  in  compound  semiconductor  epitaxial  layers. 

EXPERIMENTAL  DETAILS 

Fig.  1  shows  schematic  diagrams  of  our  PLI  systems.  In  the  PLT  setup  the  focussed  Ar+  laser 
excitation  is  scanned  in  two  dimensions  across  the  stationary  sample  and  the  entire  or  a  spectrally 
selected  partoflfi.  emitted  from  the  sample  is  recorded.  Excitation  and  collection  optics  ate  scanned 
simultaneously  such  that  areas  of  75  mm  diameter  can  be  imaged.  The  PLM  approach  is 

illuminated  wife  incoherent  light  and  IpL^recorded  laterally  selective  wife  a^video  camera. 
Measurements  were  taken  at  room  temperature,  77K  and  2K  (PLT  only). 
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Fig.  1.  Schematic  representation  of  the  photoluminescence  topography  (left)  and  photolumi- 
nescence  microscopy  systems. 


The  characteristic  distribution  of  an  optically  detectable  defect  and  its  direct,  inverse  or 
nonexisting  correlation  with  patterns  of  other  material  properties  is  helpful  to  identify  defect 
structures  and  defect  interactions.  On  the  other  hand,  the  excellent  (generally  carrier  diffusion 
limited)  lateral  resolution  ofPLM  allows  to  image  fine  details  of  growth-induced,  strain-induced  and 
substrate-induced  structural  and  chemical  defects. 

For  the  analysis  of  bulk  GaAs  properties  commercial  state-of-the-art  wafers  woe  used 
throughout  Material  obtained  from  different  vendors,  grown  with  Liquid  Encapsulated  Czochralski 
(LEG)  and  Vertical  Gradient  Freeze  (VGF)  procedures,  subject  to  ingot  and  wafer  annealing,  was 
available.  Various  epitaxial  heterostructures  were  investigated,  including  thick  (pm)  GaAs  layers, 
GaAs  and  InGaAs  quantum  well  (QW)  and  multi-QW  layers  enclosed  between  AlGaAs  and  GaAs 
barriers.  As  usual,  these  test  layers  were  separated  from  the  substrate  by  buffer  and  superlattice  layers 
and  covered  by  a  GaAs  cap  layer.  Relaxation  dislocations  were  observed  in  InGaAs  QW  and 
multi-QW  structures  similar  to  those  used  for  the  fabrication  of  laser  diodes. 

INVESTIGATION  OF  SUBSTRATES 

The  first  PLT  images  of  compound  semiconductors  were  obtained  with  semi-insulating  GaAs 
substrates  [1,  2].  Such  measurements  are  now  an  important  part  of  routine  optical  wafer 
characterization  (for  a  recent  survey,  see  e.g.  [8]).  The  capability  of  PLT  to  reveal  bulk  material 
properties  is  immediately  seen  from  Fig.  2,  showing,  for  LEG  and  VGF  grown  material,  the  well 
known  cellular  dislocation  density  structure  and  the  precise  correlation  between  the  pattern  of 
dislocations  as  measured  by  X-Ray  topography  and  the  pattern  of  near  bandgap  Ipl.  Such  images 
yield  detailed  informations  that  are  well  known  and  intensively  exploited,  but  for  this  very  reason 
worthwhile  to  be  summarized  here,  including: 
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the  cellular  dislocation  structure  itself,  imaged  with  PLT  faster  and  less  expensively  as 
compared  to  X-Ray  topography, 

the  distribution  of  optically  active  centers, 

die  dependence  of  macroscopic  and  microscopic  material  homogeneity  on  growth  techniques, 
-  the  redistribution  mechanisms  of  annealing  procedures, 

the  magnitude  and  inbomogeneity  of  photoexcited  carrier  lifetime, 
an  estimate  of  die  magnitude  and  homogeneity  of  surface  recombination. 

As  an  example  how  FIT  can  be  used  to  characterize  defect-induced  material  properties,  we 
discuss  results  of  spectroscopic  lifetime  topography  [4, 7].  Briefly  summarized,  this  method  exploits 
the  fact  that  photoexcited  electrons  relax,  via  LO  phonon  generation  and  electron  scattering,  to  the 
bottom  of  the  conduction  band.  Thus,  prim:  to  recombination,  a  thermalized  electron  gas  is  generated 


Fig.  2.  Near  bandedge  photoluminescence  intensity  topograms  (left)  and  corresponding 
X-Ray  scattering  topograms  (right)  of  LEC  (top)  and  VGF  (bottom)  grown  semi-insulating  GaAs. 
Areas  of  high  luminescence  appear  bright  The  LEC  X-Ray  topogram  was  obtained  in  the  reflecti¬ 
on  geometry,  the  VGF  topogram  in  the  transmission  geometry.  Therefore,  areas  of  high  dislocation 
density  appear  dark  in  the  top,  but  bright  in  the  bottom  X-Ray  topogram.  Hence,  luminescence  in¬ 
tensity  and  dislocation  density  are  anticorrelated  in  LEC,  but  correlated  in  VGF  material.  These 
interrelations,  however,  are  not  generally  true,  depending  e.  g.  on  the  annealing  history.  The  white 
bar  indicates  1  nun. 


411 


with  *  temperature  T«  that  can  be  measured  optically  by  recording  the  exponential  high  energy  tail  of 
the  band-to-band  recombination  radiation.  Te  itself  if  correlated  with  the  carrier  lifetime  t,  because 
during  this  time  foe  electron  gas  is  cooling  via  TO  phonon  generation  and  other  relaxation  processes. 


Fig.  3.  Topographies  and  lincscans  of  luminescence 
intensity  Ip^.  temperature  Te  and  end  lifetime  t  of  pho- 
toexcited  electron!. 


Experimentally  an  anticorrelatioo 
between  Ipi.  and  Te  ij  found.  It  if  intui¬ 
tively  clear  and  corroborated  by  theo¬ 
ry  [7]  that  Te  and  t  are  also  snticorre- 
lated,  such  that  finally  In.  and  tare  di¬ 
rectly  correlated.  In  Fig.  3  quantitati¬ 
ve  topograms  of Te  and  t  are  gi¬ 
ven  to  demonstrate  theae  well-defined 
interrelations,  ft  follows  that  die  do¬ 
minant  recombination  process  deter¬ 
mining  In.  is  nonradiative.  Hence,  the 
strong  variations  ofln,  in  Fig.  2  indi¬ 
cate  a  corresponding  concentration 
fluctuation  of  a  nooradiative  recombi¬ 
nation  center  (NRRC). 

These  defects,  omnipresent  in  bulk 
GaAa,  are  not  yet  unambiguously 
identified.  Nevertheless,  it  is  necessa¬ 
ry  to  control,  homogenize  and  reduce 
their  concentration.  Te  distributions 
semi -quantitatively  describe  the  con¬ 
centration  and  fluctuation  of  NRRC. 
The  experimental  approach  described 
above  is  essentially  independent  of 
parameters  that  are  difficult  to  con¬ 
trol,  such  as  optical  excitation  and  de¬ 
tection  efficiency.  It  is,  therefore,  well 
suited  to  compare  wafers  fabricated 
with  different  growth  procedures  and/ 
or  annealing  treatments. 


Te  has  been  evaluated  topographically  within  3x3  mm2  sample  areas.  The  data  are  plotted  in 
hiatograpbic  form  in  Figs  4  (a-c).  A  bread  distribution  peaked  a  high  Te  indicates  high, 
inhomogeneous  NRRC  distribution,  whereas  a  shift  towards  lower  peak  Te  and  a  narrowing  of  the 
distribution  is  indicative  for  a  reduction  red  homogenization  of  NRRC  concentration.  As  a  reference, 
each  diagram  reproduces  the  T«  distribution  of  a  high-quality  epitaxial  layer  grown  with  Metal 
Organic  Vfcpor  Phase  Epitaxy  (MOVPE).  ft  is  seen  that  substrate  material  is  inferior  to  the  epitaxial 
layer  material  and  varies  rather  widely  with  respect  to  the  position  and  width  of  the  Te  distribution. 
Fig.  4a  shows  as-grown  and  various  ingot  annealed  LEC  materials.  Evidently  foe  annealing 
efficiency  can  be  characterized  quite  senritively.  This  is  also  foe  case  for  wafer-annraled  material,  as 
shown  in  Fig.  4b.  However,  the  two  overlapping  distributions,  representing  wafers  of  the  same  ingot 
and  subject  to  foe  same  amteaUng  procedure,  show  that  foe  foennd  treatment  does  not  altogether 
eliminate  material  inhomogeneities.  For  comparison.  Fig.  4c  shows  T»  histograms  of  VOT  wafers. 
No  information  about  annealing  was  available,  but  similarities  to  Figs.  4a,  b  suggest  that  both 
as-grown  and  annealed  material  has  been  evaluated.  The  data  were  collected  during  the  last  two 
years,  indicating  continoua  and  substantial  improvements  of  the  wafer  quality  as  characterized  by  Te 
topography. 
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Fig.  4.  Histograrm  of  electron  temperature 
for  various  aemi-insulating  GaAs  wafer  materials: 
(s)  as  grown  and  ingot  annealed  LEC,  (b)  wafer 
annealed  LEC,(c)VGF. 


Fig. 5.  Pbotoluminescence  (IpO  topo¬ 

gram,  resistivity  (p)  topogram  and  p  lines- 
can  (normalized  to  the  center  value)  of  a  two 
inch  semi-insulating  InP  wafer.  Bright  areas 
in  the  p  topogram  indicate  low  p,  bence  In. 
and  p  are  anticorrelated. 


The  diagnostic  value  of  PLT  is  further  increased  by  comparative  analysis,  using  other  topographic 
measurements  of  the  same  sample  area.  Fig.  5  shows  PL  and  resistivity  (p)  topograms  of  a 
scnu-insulatinglnP  substrate  [9].  tt  is  seen  that  IpL  and  pare  strictly  antkonelatcd.  These  and  similar 
topographic  correlationa  (not  shown  here)  between  p  and  Fe2*  absorption  [10]  and  between  In.  and 
Te  [11]  demonstrate  that 

fluctuations  of  the  Fe  concentration  can  reliably  be  measured  with  the  convenient, 
nondestructive  PIT  technique 

fluctuations  of  p  are  dominantly  caused  by  fluctuations  of  the  Fe  concentration, 
fa  variations  are  dominantly  caused  by  competing  recombination  via  the  deep  Fe  center. 

As  mentioned  above,  the  chemical  and  structural  identity  ofNRRC  in  GaAs  is  not  yet  established 
unambiguously,  in  spite  of  numerous  investigations  [12-16].  However,  we  believe  that  die  following 
statements  are  now  well  established: 

1.  The  NRRC  causes  die  pronounced  variations  of  In,  shown  in  Fig.  2  [7,  10].  Hence  its 
concentration  tends  to  fluctuate  with  a  pattern  reproducing  the  dislocation  density  distribution. 

2.  The  average  concentration  and  the  concentration  fluctuation  of  NRRC  depend  on  the  crystal 
growth  process  and  can  be  varied  reversibly  by  annealing  procedures  [14,  17]).  Hence  the 
chemical  species  forming  the  defect  can  be  accommodated  in  the  GaAs  matrix  in  different 
forms. 

3.  The  NRRC  is  not  EL2,  as  demonstrated  e.g.  by  annealing  procedures  that  homogenize  EL2 
while  fa  remains  inhomogeneous  [3, 18]. 

4.  The  NRRC  does  not  contribute  to  the  electrical  compensation  balance,  as  demonstrated  e.g.  by 
annealing  procedures  that  homogenize  p  while  fa.  remains  inhomogeneous  [16, 18]. 

5.  Numerous  efforts  to  identify  a  recombination  center  generating  luminescence  at 
below-bandgap  energy  suitable  to  explain  the  fa  pattern,  i.e.  exhibiting  an  anticonelated 
order-of-  magnitude  variation,  were  futile. 

6.  Bulk  GaAs  contains  excess  As  on  the  order  of  1018  cm*3,  incorporated  inhomogencously  as 
precipitates,  antisites  and  (probably)  interstitials  [19]. 

7.  The  center  responsible  for  near  bandgap,  so-called  reverse  contrast  (RC)  absorption  is  closely 
related  to  NRRC  [13],  RC  absorption  requires  an  optically  active  center  with  an  energy  level 
close  to  one  of  the  band  edges. 

In  general  it  is  tacitly  assumed  that  an  optically  active  center  also  influences  the  electrical  material 
properties.  Therefore,  statement  4  has  thus  far  been  circumvented  by  assuming  that  NRRC  does 
contribute  to  the  compensation,  but  does  occur  in  such  low  concentration  that  this  contribution  is  not 
significant  Conversely,  the  canin'  capture  cross  section  of  the  cento:  is  assumed  to  be  high  enough 
that  it  can,  nevertheless,  dominate  all  other  optical  recombination  processes.  These  permissible,  but 
suspiciously  complicated  assumptions  are  becoming  progressively  more  difficult  to  maintain  as 
compensation  is  now  well  controlled  even  at  very  low  concentration  levels  of  the  contributing 
defects.  Material  with  Carbon  concentrations  down  to  3xl014  cm'3  can  be  grown  semi-insulating 
with  predictable  resistivity  p  [20]. 

We,  therefore,  postulate  that  NRRC  does  not  participate  in  compensation,  i.e.  does  not  supply  or 
accept  electrons  to  ionize  other  acceptors  or  donors  (as  e.g.  KI.7.  ionizes  the  carbon  acceptor  in  n-type 
semi-insulating  GaAs).  Such  a  center  must  have  an  ionization  energy  substantially  exceeding  that  of 
EL2.  An  acceptor  level  very  close  to  the  conduction  band  edge  E*  or  a  donor  level  very  dose  to  the 
valence  band  edge  does  not  contribute  to  foe  compensation  balance,  even  if  incorporated  in  high 
concentration  (statement  4).  It  would  also  satisfy  statements  3  and  7,  i.e.  account  for  foe  probable 
non-existence  of  fa-competing  below-bandgap  recombination  radiation  and  for  foe  RC  absorption. 
An  acceptor  level  close  to  Be  has  indeed  been  proposed  recently  to  explain  photoconductivity  effects 
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related  to  RC  absorption  [21].  These  manifold  interrelations  are  suggesting  that  the  defects  causing 
nonradiadve  recombination  and  revene  contract  absorption  an  not  only  cloaely  related  [15],  bin 
identicaL 

Of  course,  a  defect  structure  with  the  required  physical  properties  must  still  be  identified  and 
confirmed  experimentally.  Acceptor  states  close  to  Ec  an,  for  instance,  provided  by  local 
fluctuations  of  E«.  Taking  into  account  all  seven  statements  listed  above,  we  suggest  that  local 
fluctuations  of  excess  As  exist,  that  these  local  fluctuations  am  generating  local  fluctuations  of  Ec 
which,intum,cauaethelpt,  variations  shown  in  Fig.  1  and  the  corresponding  RC  absorption  patterns 
[15,22]. 

Neither  suggestion,  probably  not  even  their  combination,  is  new.  Nevertheless  we  believe  that  the 
arguments  collected  above  should  stimulate  a  detailed  reconsideration  of  the  presented  issues.  One 
possibly  fruitful  observation  could  be  that  strong  below-handgap  absorption  and  low  PL  efficiency 
an  prominent  features  of  GaAs  grown  with  Mblecular  Beam  Epitaxy  (MBE)  at  low  temperature, 
known  to  contain  excess  As.  This  observation,  if  applicable  to  bulk  GaAs,  would  explain  die 
correlations  between  increased  excess  As,  increased  below -bandgap  absorption  and  reduced  4>l 
quite  naturally. 

INVESTIGATION  OF  EPITAXIAL  LAYERS 

PLI  systems  with  cryogenic  cooling  and  spectral  selection  allow  a  detailed  analysis  of  epitaxial 
layer  systems  to  control  and  optimize  deposition  processes  (MOVPE  and  MBE).  These 
investigations  may  be  subdivided  into  assessments  of  macroscopic  homogeneity,  such  as  thickness 
and  composition  of  ternary  and  quaternary  layers  [22,  23],  and  of  microscopic  defects  [24]. 
Consonant  with  the  focus  of  this  symposium  on  defects  we  shall  concentrate  on  topics  belonging  to 
the  second  area,  however  emphasizing  that  the  evaluation  of  the  geometric  and  chemical 
homogeneity  of  epitaxial  heterostructures,  in  particular  laser  structures,  are  an  increasingly 
important  trek  of  spectroscopic  PLT  in  our  laboratory  and  elsewhere. 

For  luminescence  investigations  of  local  defects,  requiring  the  highest  possible  lateral  resolution, 
PLM  is  best  suited.  Defect  structures  usually  are  visible  because  Ipt  is  locally  reduced.  Less 
frequently,  bright  defects  are  observed.  We  shall  discuss  typical  defects  encountered  in 
state-of-the-art  epitaxial  layers,  induced  by  deposition  processes,  layer  strain  and  substrate 
imperfections  [24-27]. 

Fig.  6a  shows  the  PLM  image  of  an  oval  defect,  frequently  generated  in  MBE  layers.  While  this 
rather  pronounced  growth  irregularity  in  general  is  also  visible  with  conventional  (Nomarski) 
microscopy,  the  PLM  image  directly  qualifies  the  resulting  optical  degradation  and  identifies  finer 
details  such  as  dislocation  lines  starting  from  the  defect 

It  is  well  known  that  the  strain  of  layers  grown  on  substrates  or  layers  with  a  different  lattice 
constant  can  be  accommodated  coherently  only  up  to  a  critical  thickness  lc.  In  layers  with  thickness 
1  >  lc  strain  relaxation  dislocations  (RD)  are  generated.  Precise  assessment  of  lc  is  desireable,  in 
particular  for  laser  structures.  RDs  are  intolerable  material  degradations  that  must  securely  be 
avoided.  However,  a  desired  device  performance  (e.g.  laser  emission  wavelength)  often  requires  to 
approach  4  as  dose  as  possible.  This  controversial  situation  has  stimulated  detailed  studies  how  RD 
generation  depends  on  parameters  other  than  lattice  mismatch  and  layer  thickness  [25]. 

Fig.  6b  shows  RD  patterns  in  a  MBE  grown  InxGai.,As  layer  with  x = 0.2  and  1=  20  nm.  With  an 
appropriate  detection  filter  (see  Fig.  1),  only  luminescence  emitted  by  the  InGaAs  layer  is  recorded. 
The  image  shows  that  1  is  just  beyond  1«  for  the  given  In  content  For  slightly  higher  1,  the  RD  density 
increases  dramatically.  A  particularly  interesting  feature  in  Fig.  6b  is  the  different  density  of 
horizontal  and  vertical  [110]  RDs  (a  and  f)  dislocations  in  the  usual  notation).  The  preferred 
generation  of  a  dislocations  leads  to  a  peculiar  asymmetry  and  temperature  dependence  of  the  sheet 
resistivity,  satisfactorily  interpreted  in  toms  of  depletion  tubes  surrounding  the  RDs  [28]. 
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,  6b  already  indicate*  tint  a  RD  eaten  the  layer  at  some  particular  point  and  propagate*  along  a 
Ic  crystallographic  direction.  such  tbat  generally  the  majority  of  RDa  craw  the  entire  field  of 
Mon  information  about  RD  generation  point*  and  propagation  directions  are  presented  in  Figs. 
6(c,  d).  Fig.  6c,  itaowing  in  InGaAs  layer  with  precisely  Me,  reveals « lateral  pattern  of  defects 


Fig.  6.  Defect  structures  observed  in  MO  VPE  snd  MBE  beterostructures  coouining  AlGsAs, 

InGaAs  and  OaAs  layers.  For  details  see  text 

similar  to  the  cellular  structure  shown  in  Fig.  2  [27].  The  correlation  demonstrates  that  RD 
generation,  in  spite  of  buffer,  superlattice  and  barrier  layers,  can  nevertheless  be  stimulated  by 
substrate  threading  dislocations.  This  finding  has  decisive  bearing  oa  the  choice  of  substrates  and 
growth  procedures  used  to  fabricate  laser  heterostrocture  layers. 

A  typical  PLM  image  ofalaaer  structure  containingSItHOai-iAs  quantum  wells  withx»0.35  and 
1 »» 5.7  nm  embedded  between  OaAs  barriers  is  shown  in  Kg.  6d.Agaui  the  first  appearance  of  RPs  is 
an  indicator  that  the  critical  thickness 1« is  realized.  Few  and  still  rather  short  [  100]  RD  lines  are  seen 
to  extend  from  the  points  where  the  crystal  disturbance  is  generated  [25, 26].  Such  images  serve  as  a 
sensitive  indicator  to  evaluate  the  beneficial  or  adverse  influence  of  growth  temperatures,  growth 
interruptions,  increased  number  of  otherwise  identical  quantum  wells,  barrier  or  quantum  well 
doping,  confoementlsyem  and  postgiowth  annealing.  For  instance,  laser  structures  identical  to  that 
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shown  in  Pig.  6d,  with  the  exception  of  the  number  of  QWs,  tuned  out  to  behave  quite  differently 
with  respect  to  RDe.  The  structure  with6  QWs  showed  much  more,  the  structure  with  3  QW*  no  RD*. 
Last  but  not  least,  the  importance  of  substrate  quality,  in  this  case  the  superiority  of  VGF  wafers  for 
deposition  of  iaeer  structures,  was  clearly  demonstrated. 


Fig-7.  Substrate-correlated  defects  observed  in  an  epitaxial  GaAs  layer  grown  with  MBE  on 

different  GaAs  wafers:  (A)  VGF.  (B)  ingot  annealed  LEC,  (Q  wafer  annealed  LEG. 

As  a  final  example  how  substrate  properties  can  be  ’’inherited”  by  epitaxial  layers.  Fig.  7  shows 
PLM  images  of  a  MBE  test  structure  grown  on  VGF,  ingot  annealed  LEC  and  wafer  annealed  LEC 
substrates  [26].  The  luminescence  is  emitted  by  a  1 2  }Un  GaAs  layer  embedded  between  buffer  and 
barrier  layers.  In  each  case  very  prominent  patterns  of  reduced  In.  (829  nm)  are  observed,  clearly 
replicating  the  dislocation  density  patterns  of  the  respective  substrates.  This  correlation  has 
previously  been  established  for  ingot  annealed  LEC  wafers  by  directly  comparing  the  PLM  image 
with  the  underlying  portion  of  the  substrate  after  structural  etching  [24].  Fig.  7  demonstrates  that  an 
adverse  influence  of  substrate  inhomogeneites  on  die  optical  layer  quality  can  thus  far  only  gradually 
be  controlled  by  using  innovative  (wafer  annealed  LEC  and  VGF)  substrate  material. 

Of  course,  it  is  most  appealing  to  imagine  even  more  detailed  interrelations  between  substrate 
inhomogeneities  and  defects  in  epitaxial  layers,  e.g.  postulating  diffusion  of  excess  As,  preferentially 
along  dislocations,  from  the  substrate  into  the  layer.  Such  mechanisms  would  further  emphasize  the 
Importance  of  die  issues  discussed  in  Section  3.  Clearly  some  intricate  problems  must  still  be  strived 
in  order  to  supply  s  substrate  quality  ideally  suited  for  the  deposition  of  defect-free  epitaxial  layers. 
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ABSTRACT 

The  energy  of  a  general  array  of  dislocations  in  an  epitaxial  layer  is  formulated  and 
expressed  in  terms  of  per  unit  area  of  interface.  Several  limiting  cases  are  used  to  verify  the 
solution  and  the  results  are  compared  to  other  independent  treatments.  The  critical  thickness 
requited  for  the  generation  of  an  isolated  dislocation  is  found  by  solving  for  the  layer  thickness 
which  corresponds  to  a  zoo  value  of  the  formation  energy.  The  critical  dislocation  density  at 
a  given  thickness  is  also  determined.  An  additional  work  required  for  sequential  generation 
of  dislocations  in  an  epitaxial  layer  arises  from  dislocation-dislocation  interaction  and  has  to 
be  expressed  in  terms  of  per  unit  length  of  dislocation  line.  The  work  hardening  effect  is 
found  to  increase  sharply  with  decreasing  distance  between  the  fresh  and  the  pre-existing 
dislocations  once  the  distance  falls  below  approximately  twenty  times  the  layer  thickness.  The 
additional  work  achieves  the  level  of  the  self  energy  of  an  isolated  dislocation  when  the 
distance  between  the  fresh  and  the  nearest  pre-existing  dislocation  is  comparable  to  twice  the 
layer  thickness. 


INTRODUCTION 

Recently,  Freund1-3  and  Willis  and  co-workers3-6  developed  rigorous  treatments  for  the 
stability  of  dislocation  arrays.  However,  some  inconsistencies  remain  in  the  self  energy  of  a 
dislocation  array  in  a  strained  epitaxial  layer.  In  particular,  one  does  not  recover  appropriate 
solutions  for  special  types  of  arrays  in  the  limit  where  the  thickness  of  the  epitaxial  layer 
approaches  infinity.  In  this  case,  the  dislocation  array  becomes  a  dislocation  wall.  For 
example,  the  self  energy  of  a  wall  of  pure  screw  dislocations  approaches  zero  in  Willis  et  al.’s 
solution3-4,  while  it  is  easily  shown  that  the  appropriate  limit  is  infinity.  Similarly,  the  self 
energy  of  an  array  of  pure  edge  dislocations  with  their  Burgers’  vector  perpendicular  to  the 
interface  differs  from  that  for  a  pure  tilt  boundary7  by  a  factor  of  "e"  in  the  log  term  when  the 
solution  of  Freund  is  used2. 

It  has  been  experimentally  observed  that  the  stress  relaxation  induced  by  dislocation 
generation  in  a  strained  epitaxial  layer  grown  on  a  substrate  is  considerably  less  than  expected 
from  conventional  equilibrium  models*.  Dodson9  proposed  that  the  discrepancy  was  the  result 
of  dislocation-dislocation  interaction  in  which  the  early  generated  dislocations  exert  a  back- 
stress  on  any  subsequent  dislocations.  He  drew  an  analogy  between  this  type  of  process  and 
work  hardening  in  metals  but  provided  no  rigorous  derivation  of  the  magnitude  of  the  effect. 
Willis  and  co-workers*  made  the  first  attempt  to  provide  a  theoretical  basis  for  the  calculation 
of  the  possible  extent  of  work  hardening.  Their  method  was  based  on  calculating  the  driving 
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force  for  the  introduction  of  the  "last"  dislocation  to  complete  a  periodic  array  of  dislocations 
in  the  interface  between  a  strained  epitaxial  layer  and  a  substrate.  Since  their  results  predicted 
an  attraction  between  die  last  dislocation  and  the  incomplete  array,  they  concluded  that  work 
hardening  could  not  be  used  to  explain  the  experimental  observations. 

The  present  work  reports  solutions  of  the  energies  of  an  array  dislocations  and  of  the 
dislocation-dislocation  interaction  for  the  subsequent  generation  of  dislocations  in  a  strained 
layer  and  applies  the  results  to  a  consideration  of  potential  work  hardening. 


THEORETICAL  ANALYSIS 
Energies  of  a  dislocation  array 

Consider  a  periodic  array  of  dislocations  at  an  interface.  All  of  the  dislocations  in  the 
array  have  the  same  Burgers’  vector  b=fb,,b2,l>3]  (Fig.l).  The  total  energy  for  the  array  is 
expressed  in  terms  of  per  unit  area  of  interface.  Thus,  the  energy  per  unit  length  of  dislocation 
line  is  the  product  of  the  dislocation  spacing,  p,  and  the  energy  per  unit  area.  The  total  energy 
and  the  formation  energy  are  given  by: 

p  Et-  p  (E.  *  ♦  Em)  and  Ef  m  Ea  *  Eioc.  (1) 


where  Ef,  E,.  Ey,  and  E*  are,  respectively  the  total,  formation,  self,  interaction,  and 
mismatch  energies  per  unit  area.  The  interaction  energy  defined  here  is  the  only  driving  force 
for  dislocation  generation  and  arises  from  the  interaction  between  the  mismatch  stresses  and 
the  dislocations.  The  interaction  energy  among  dislocations  is  included  in  the  self  energy  at 
the  moment  The  appropriate  energies  per  unit  length  of  dislocation  line  can  be  evaluated  by 
integrating  the  corresponding  energy  densities  in  a  domain  X,  as  shown  in  Fig.l.  Consequently, 
the  interaction  and  the  mismatch  energies  are  respectively  evaluated  as 


gE,„, . 2 r  ..  k  and  «L  -  ». 


<3) 


where  e*  is  the  un-rclaxed  mismatch  strain,  h  is  the  layer  thickness,  p  and  v  are  the  shear 
modulus  and  Poisson’s  ratio  respectively.  Eq.(2)  shows  that  the  mismatch  energy  per  unit  area 
is  independent  of  the  dislocation  spacing.  The  only  driving  force  is  ensured  by  a  negative 
interaction  en  rgy,  ix.  a  negative  product  of  the  b,  component  of  the  Burgers’  vector  and  the 
mismatch  strain.  If  the  dislocation  core  radius,  r„,  is  much  smaller  than  either  the  layer 
thickness  or  the  dislocation  spacing,  the  self  energy  approximately  equals: 
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The  formation  energy  is  obtained  by  the  summation  of  the  self  energy,  core  energy,  and 
interaction  energy  terns.  Furthermore,  the  sum  of  the  mismatch  and  the  formation  energies 
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yields  the  total  energy. 


There  are  two  limiting  cases  for  the  self  energy  of  the  dislocation  array.  The  first  is 
that  the  self  energy  distributed  throughout  the  entire  crystal  reduces  to  that  for  an  isolated 
dislocation  as  the  dislocation  spacing,  p,  approaches  infinity.  It  can  be  shown  that  E,  does 
indeed  approach: 
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The  other  limiting  case  occurs  as  the  layer  thickness  approaches  infinity.  Here,  the  array  of 
dislocations  becomes  a  dislocation  wall  in  an  infinite  body.  As  a  simple  example,  let  us 
assume  that  the  Bulgers’  vector  of  the  dislocations  in  the  array  lies  along  the  x,  direction  so 
that  the  dislocation  wall  is  a  pure  tilt  boundary.  In  this  case,  the  self  energy  reduces  to: 


E, 


4x (l-v)p 


(5) 


This  is  identical  to  that  given  for  a  tilt  boundary  by  Hirth  and  Lothe7.  It  should  also  be  noted 
that,  for  the  solution  presen- id  herein,  if  the  Burgers'  vector  of  the  dislocations  in  the  array  lies 
along  either  the  x2  or  x,  direction,  the  self  energy  will  approach  infinity,  as  expected7. 


Work  hardening 


The  work  hardening  is  understood  as  an  increase  of  the  formation  energy  of  a  fresh 
dislocation.  The  fresh  dislocation  generates  when  other  dislocations  exist  already.  The 
formation  energy  of  the  fresh  dislocation  contains  three  terms:  the  self  energy  of  the  fresh 
dislocation  which  is  defined  as  the  self  energy  for  an  isolated  dislocation  given  by  Eq.(4),  the 
interaction  energy  between  the  mismatch  stresses  and  the  fresh  dislocation  which  is  given  by 
Eq.(2)  and  the  interaction  energy,  Il(M>  between  the  fresh  dislocation  and  the  other  pre-existing 
dislocations.  Since  the  self  energy  and  the  interaction  energy  between  the  dislocation  and  the 
mismatch  stresses  are  identical  to  each  dislocation,  the  work  hardening  or  the  change  of  the 
formation  energy  must  be  caused  by  the  dislocation-dislocation  interaction.  In  this  case,  all 
energies  have  to  be  expressed  in  terms  of  per  unit  length  of  dislocation  line. 


In  the  present  work,  we  assume  that  the  fresh  and  pre-existing  dislocations  have  the 
same  Burgers’  vector.  Fust  we  consider  the  case  of  a  single  pre-existing  dislocation.  is 
given  by 
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where  the  x,  axis  is  chosen  to  pass  through  the  fresh  dislocation  and  the  location  of  the  pre¬ 
existing  dislocation  is  (h,  x^).  If  there  are  N  pre-existing  dislocations,  the  interaction  energy 
is  directly  obtained  from  Eq.(6)  as  a  sum  of  the  interactions  between  the  individual  dislocations 


+*  4x  ( 1 —v  > 


X**-J  , 


+  (b£+bf)  *  (b?-b£)  — -~  2- — 
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For  the  special  case  of  a  periodic  array  of  pre-existing  dislocations  in  the  interface  between  the 
layer  and  the  substrate  the  interaction  energy  for  a  fresh  dislocation  at  the  midpoint  between 
any  two  pre-existing  dislocations  in  the  array  is  given  by: 

E<t-d  ~  In  [cosh  (-2—)  1 

-  (b}+bl) - —*2  -■  .  ■■■  +  (b?-bi)  i5*tanh(l5^)|.  <8> 

paCosh2<-^>  p  p 


RESULTS  AND  DISCUSSION 


The  critical  thickness  for  dislocation  generation  can  be  obtained  from  the  condition  of 
a  zero  formation  energy.  Ignoring  the  dislocation  core  energy,  one  finds: 
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Eq.(9)  determines  the  critical  thickness,  below  which  no  dislocation  can  appear.  A  comparison 
of  Eq.(9)  with  the  results  of  Freund'  reveals  an  extra  term  in  Eq.(9)  which  yields  a  larger 
critical  thickness.  The  reason  for  the  discrepancy  is  that  the  earlier  treatments  assumed  that 
the  dislocation  is  already  present  in  the  strained  layer,  while,  in  the  present  work,  the 
dislocation  is  assumed  to  generate  from  somewhere  and  subsequently  moves  to  the  interface. 
As  an  example,  a  Ge,Si,.,  layer  on  a  Si  substrate  with  an  interface,  x,=h,  has  a  normal  which 
coincides  with  the  <100>  direction  for  either  material.  For  a  60°  dislocation  laying  on  a  { 1 1 1 } 
plane,  the  dislocation  line  is  along  the  <110>  direction.  A  possible  Burgers’  vector  in  the 
coordinate  system  is  b=b[-lA/2,  -1/2,  1/2].  The  mismatch  strain  is  e„=0.042x  (Willis  et  al.5) 
and  v=0.227.  For  x=0.25,  the  critical  thickness  is  approximately  39.3b  or  133  A.  Without  the 
extra  term  in  Eq.(9),  above  data  yield  the  critical  thickness  of  32.7b.  The  extra  term  makes 
the  critical  thickness  larger  by  approximately  7b. 

The  total  energy  per  unit  area  varies  with  the  dislocation  density.  The  data  used  to 
calculate  the  critical  thickness  above  are  adopted  here  again  to  demonstrate  the  total  energy 
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Fig.  I .  An  array  of  dislocations  with 
a  period  p  ate  located  in  the  interface 
between  a  thin  layer  and  a  substrate. 
The  dashed  lines  represent  the 
boundaries  S  of  the  domain  £. 


Fig.3.  The  variation  of  the 
interaction  energy,  E^  in  units  of 
(pb*)/[4  Jt(l-v)],  between  the  fresh 
dislocation  and  a  single  pre-existing 
dislocation,  with  the  distance 
between  the  two  dislocations,  Xy  in 
units  of  h. 


Fig.2.  The  variation  of  the  total 
energy  E,  with  the  dislocation 
spacing  p,  where  p  is  in  units  of  b 
and  E,  is  in  units  of  Qib)/(l-v),  and 
h„  stands  for  the  critical  thickness. 


Fig.4.  The  variation  of  the 
interaction  energy  Ew  in  units  of 
(pb2)/[4  Jt(l-v)],  between  the  fresh 
dislocation  and  an  array  of  existing 
dislocations,  with  the  dislocation 
spacing,  p  in  units  of  h. 
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change  with  dislocation  density.  Fig. 2  shows  that  the  total  energy  is  independent  of  dislocation 
spacing  at  large  p  when  the  layer  thickness  is  equal  to  the  critical  thickness.  At  very  small 
dislocation  spacings,  however,  the  total  energy  rises  sharply  with  decreasing  dislocation 
spacing.  For  layer  thicknesses  larger  than  the  critical  thickness,  the  total  energy  gently 
decreases  with  decreasing  dislocation  spacing  until  it  reaches  a  minimum  value.  As  described 
above,  the  only  energy  term  which  is  negative  is  the  interaction  energy.  When  the  dislocation 
density  in  the  array  is  relatively  low,  the  increase  in  the  interaction  energy  is  more  rapid  with 
decreasing  p  than  the  self  energy.  Since  the  mismatch  energy  is  independent  of  p,  the  total 
energy  decreases.  At  dislocation  spacings  smaller  than  the  minimum  point,  the  total  energy 
again  increases  very  sharply  with  decreasing  p.  In  this  region  the  self  energy  becomes 
dominant  as  the  dislocations  begin  to  interact.  Obviously,  a  critical  dislocation  density  can  be 
obtained  by  minimizing  the  total  energy. 

The  dislocation-dislocation  interaction  energy  as  a  function  of  the  vertical  component 
of  the  distance  between  the  two  dislocations  is  shown  in  Fig.3.  As  can  be  seen  from  the 
figure,  the  interaction  energy  is  always  positive,  whether  the  fresh  dislocation  is  above  or  below 
the  pre-existing  dislocation.  This  implies  that  extra  work  is  always  required  for  the  generation 
of  the  second  dislocation  and  supports  the  suggestion  of  work  hardening.  The  interaction 
energy  actually  approaches  infinity  as  the  distance  between  the  fresh  and  pre-existing 
dislocations  decreases  below  about  twenty  layer  thicknesses.  At  separations  larger  than  twenty 
layer  thicknesses,  the  interaction  energy  becomes  negligible. 

For  the  case  of  a  pre-existing  periodic  dislocation  array,  Fig.4  shows  the  additional  work 
required  for  the  nucleation  of  a  fresh  dislocation  at  a  position  midway  between  any  two  pre¬ 
existing  dislocations  in  the  array.  A  comparison  of  Figs.3  and  4  shows  that  the  interaction 
energy  for  an  array  of  dislocations  is  similar  to  that  for  a  single  dislocation.  Although  it  rises 
more  rapidly  with  decreasing  dislocation  spacing  in  the  array,  it  still  becomes  negligible  above 
a  spacing  of  approximately  twenty  layer  thicknesses.  If  the  layer  thickness  is  assumed  to  be 
30  b  (approximately  100  A),  the  self  energy  has  a  value  of  5.5  in  units  of  (pb1 2 3 4 5 6 7 8 9)/[4jc(l-v)].  As 
can  be  seen  in  Fig.4,  the  interaction  energy  will  exceed  the  self  energy  when  the  dislocation 
spacing  is  smaller  than  twice  the  layer  thickness. 
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ABSTRACT 

Properties  of  midgap  levels  in  n-type  GaAs  crystals  were  studied  by  using 
trap  density  spectroscopy  (TDS),  capacitance- voltage  and  near  infrared  (NIR) 
absorption  measurements.  The  TDS  analysis  for  various  n-type  samples  showed 
that  the  concentrations  of  the  midgap  level  were  from  2.0  x  10“  cm- 3  to  3.4  x  10“ 
cm'3.  However,  those  of  EL2  in  the  same  crystals  were  found  to  be  from  1.1  x  10“ 
cm-3  to  1.3  x  10“  cm'3  by  NIR  absorption  measurements  at  room  temperature.  On 
the  other  hand,  in  undoped  semi-insulating  GaAs  crystals  with  carbon 
concentrations  ranging  from  6  x  10 “  cm-3  bo  2.4  x  10“  cm'3,  the  densities  of  the 
iouized  EL2  determined  by  NIR  absorption  were  only  about  30  %  of  those  of  carbon 
acceptor  determined  by  the  localized  vibrational  mode  absorption  at  room 
temperature.  These  differences  suggest  the  presence  of  another  midgap  donor 
which  does  not  give  NIR  absorption.  The  concentrations  of  this  trap  were 
estimated  to  be  0.8  to  1.6  times  those  of  EL2  by  decomposition  of  the  TDS  spectra 
Into  their  components. 


INTRODUCTION 

Undoped  semi-insulating  (SI)  characteristics  in  GaAs  materials  are  generally 
described  by  the  so-called  three-level  model  that  the  net  shallow  acceptor 
compensates  a  part  of  the  midgap  donor  EL2.  The  carbon  is  a  dominant  shallow 
acceptor  in  undoped  SI  materials.  Electrical  properties  of  these  materials  are 
explained  by  Shockley  diagram  based  on  this  model  qualitatively.  The 
concentration  of  carbon  In  GaAs  is  determined  by  the  localized  vibrational  mode 
(LVM)  absorption,  and  those  of  the  neutral  and  ionized  EL2  can  be  determined  by 
near  infrared  (NIR)  absorption  measurements  [1,2].  According  to  this  model,  the 
concentration  of  the  ionized  EL2  must  be  nearly  equal  to  that  of  carbon.  Recent 
optical  absorption  measurements,  however,  suggested  that  the  carbon  density  was 
about  three  times  greater  than  the  ionized  EL2  concentration  [2,3,4].  This 
discrepancy  cannot  be  explained  in  the  framework  of  the  three-level  model. 

To  Investigate  the  compensation  mechanism,  properties  of  midgap  levels  in 
n-type  GaAs  crystals  were  studied  by  using  trap  density  spectroscopy  (TDS). 
capacitance-voltage  (C-V)  and  near  infrared  (NIR)  absorption  measurements.  For 
SI  materials,  the  concentrations  of  the  neutral  and  ionized  EL2  were  determined 
by  NIR  absorption  measurements  at  room  temperature.  The  electrical  properties 
(resistivity  and  Hall  mobility)  of  SI  GaAs  crystals  were  obtained  from  Hall 
measurements.  A  new  model  of  the  compensation  mechanism  is  proposed  to  explain 
these  results  quantitatively. 


EXPERIMENTAL 

In  order  to  study  properties  of  midgap  levels,  n-type  GaAs  samples  were 
prepared  from  crystals  grown  by  HB,  LEC  methods,  and  arsenic-pressure 
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controlled  CZ  (PCZ)  method  [5]  in  which  a  GaAs  crystal  is  grown  under  an  arsenic 
pressure  without  any  encapsulant  in  a  hot  wall  chamber.  Free  carrier 
concentrations  at  300  K  in  the  samples  were  below  l  x  10 16  cm'3.  To  investigate 
the  dependence  of  the  electrical  properties  and  the  EL2  concentration  on  the 
carbon  concentration,  undoped  SI  crystals  grown  by  the  PCZ  method  were  also 
prepared.  The  carbon  concentrations  were  varied  from  6  x  101*  cm' 3  to  2.4  x  1016 
cm'3,  which  were  determined  by  the  LVM  absorption  at  room  temperature  using  a 
conversion  factor  of  11.8  x  101 5  cm-1  [6]. 

The  capacitance  changes  were  measured  isothermally  with  a  1  MHz 
capacitance  meter  on  Au-Schottky  diodes  evaporated  on  chemically  etched  (100) 
n-type  samples.  Ohmic  contacts  were  made  by  evaporating  and  alloying  Au-Ge/Ni 
on  the  back  surface  of  the  samples.  In  order  to  determine  the  concentrations  of 
nddgap  levels,  the  trap  density  spectroscopy  (TDS)  analysis  [7]  was  carried  out  on 
the  capacitance  transients  measured  for  long  time  duration  at  temperatures 
ranging  from  280  K  bo  360  K.  This  method  is  capable  of  characterizing  traps 
precisely,  even  if  the  trap  concentration  exceeds  the  net  shallow  donor 
concentration.  However,  the  determination  of  shallow  donor  and  free  carrier 
densities  is  a  serious  problem  for  this  analysis,  if  the  thermally  activated  carrier 
density  from  other  defect  levels  is  not  negligible  in  comparison  with  the  free 
carrier  density.  For  example,  medium-deep  traps  (EL5,  EL6  etc.)  in  n-type  GaAs 
crystals  with  carrier  concentrations  below  1  x  10lfc  cm  3  can  act  as  a  dominant 
source  of  free  carriers  at  about  300  K  [8].  In  this  study,  we  used  an  improved 
analyzing  method  to  precisely  determine  the  amount  of  the  space  charge  and  the 
free  carrier  concentration  in  samples  containing  more  than  one  deep  trap,  and 
thus  to  calculate  the  Fermi  level  and  the  so-called  Lambda  for  the  target  trap  [9]. 

The  concentrations  of  the  neutral  and  ionized  EL2  were  determined  by  NIR 
absorption  measurements  based  on  the  photoionization  cross  sections  of  EL2  at 
room  temperature  [10].  The  absorption  coefficient  a  (A  v  )  is  given  by 

a  (h  v  )  =  a  n°(h  v  )[EL2°]  4-  o  p°(h  v  )[EL2*)  ,  (1) 

where  a  „°(h  v  )  and  a  P°(iJ  v  )  axe  the  photoionization  cross  sections  of  the 
neutral  and  ionized  EL2,  respectively. 

Hall  measurements  for  n-type  GaAs  materials  were  performed  by  van  der 
Pauw  method  on  7  x  7  mm  samples  at  temperatures  ranging  from  80  K  to  400  K.  For 
SI  materials.  Hall  measurements  were  carried  out  at  298  K. 


RESULTS  AND  DISCUSSION 

Figure  1  shows  the  depth  profile  of  the  space  charge  in  the  depletion  layer 
obtained  from  C-V  measurement  at  80  K.  This  measurement  was  performed  in  the 
following  way.  First,  the  reverse  bias  (V„=  -10  V)  was  applied  on  the  Au-Schottky 
diode  at  room  temperature.  After  the  capacitance  reached  a  steady  state,  the 
sample  was  cooled  down  to  80  K  with  V„  applied.  The  C-V  measurement  was 
performed  at  80  K  by  sweeping  the  applied  bias  from  VR  to  0  V  at  a  rate  of  1  V/sec. 
In  these  conditions,  C-V  measurements  could  reveal  the  depth  profile  of  the  space 
charge  in  the  depletion  layer  as  formed  at  the  reverse  bias  of  VR.  The  lowest  and 
middle  levels  in  the  space  charge  profile,  correspond  to  the  net  shallow  donor 
density  (NSOA)  and  the  sum  of  NEDA  and  the  medium-deep  trap  density  (NMd), 
respectively.  The  highest  plateau  is  due  to  the  addition  of  the  ionized  midgap 
level.  However,  the  concentration  of  the  midgap  level  Nrr  could  not  be  determined 
correctly  from  the  difference  between  the  second  and  third  plateaus,  because  the 
concentration  of  the  ionized  midgap  level  in  the  depletion  layer  decreased 
markedly  during  the  C-V  measurement  due  to  electron  capture.  This  speculation 
is  supported  by  the  following  result.  The  dashed  lines  in  Fig.  1  (a)  and  (b) 
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represent  the  depth  prcfUae  of  the  space  charge  obtained  from  the  C-V 
measurements  in  which  the  applied  bias  was  swept  from  0  V  to  V„  at  360  K.  The 
concentrations  of  the  space  charge  increase  with  depth.  These  variations  are  due 
to  the  effect  of  the  Lambda  for  the  midgap  level.  The  midgap  level  densities  in  KB 
and  PCZ  samples  are  roughly  estimated  to  be  greater  than  2  x  101*  an-3. 

Figure  2  shows  TDS  spectre  far  midgap  levels  in  n-type  HB  and  PCZ  samples 
at  360  K.  The  concentrations  of  the  midgap  level  in  HB  and  PCZ  samples  were  2.0  x 
1016  cm*3  and  3.3  x  1016  car3,  respectively.  These  values  were  in  good  agreement 
with  those  obtained  from  the  analysis  of  the  depth  profiles  of  the  space  charge  at 
360  K.  The  measured  space  charge  density  Is  given  by, 

Nrn  e4B=(Fg  p  4+Nm  d)*(1~  A,  /W)  Ndd(W-  1  }  (2) 


where  W  is  the  width  of  the  depletion  layer  and  A  is  the  distance  between  the 
depletion  layer  edge  and  the  crossing  point  between  the  Fermi  level  and  the 
midgap  level  [11].  The  depth  profiles  of  the  midgap  level  calculated  from  Eg.  (2) 
were  represented  by  dotted  lines  in  Fig.  1  (a)  and  (b).  On  the  cither  hand,  the  EL2 
concentrations  determined  by  NIR  absorption  measurements  at  room  temperature 
were  1.1  x  1016  cm-3  and  1.3  x  1016  cm-3  for  the  HB  and  PCZ  samples,  respectively. 
The  result  of  the  LEC  sample  was  almost  the  same  as  that  of  the  PCZ  sample.  The 
disagreement  of  midgap  level  density  between  the  electrical  and  optical  methods 
can  not  be  ascribed  to  the  used  optical  cross  section  values  for  EL2,  because  the 


Fig.  1.  Depth  profiles  of  space  charge  for  (a)  HB  and  (b)  PCz  samples.  The  solid 
lines  are  the  results  of  the  C-V  measurement  by  sweeping  the  Was  from  V„  (-10  V) 
to  0  V  at  80  K,  after  the  samples  were  coaled  from  room  temperature  with  the  bias 
V*  applied.  The  dashed  lines  are  results  of  the  C-V  measurement  by  sweeping  the 
bias  from  0  V  to  V,  at  360  K.  The  dotted  lines  represent  the  depth  profiles  of 
midgap  levels  calculated  from  N„...  obtained  from  the  C-V  measurement  at  360  K. 
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Fig.  2.  TDS  spectra  of  midgap  levels  in  n-type  (a)  HB  and  (b)  PCZ  samples.  The 
dashed  lines  are  calculated  components  using  the  results  of  NIR  absorption. 
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Table  I.  Properties  ef  eldfap  levels  In  n-typo  Cabs  crystals. 


Staple 

EL2 

EL82 

tf„(ca») 

Mee*1) 

Et-E,(e») 

tf.(ce») 

Mee-») 

Nl 

o.tto 

1.1*10'“ 

1.1x10“ 

0.800 

8. 1xt0"“ 

0.9x10“ 

PCZ 

0.M5 

1 .0x10'“ 

1.8x10“ 

0.798 

8.2x10'“ 

2.0x10“ 

LEC 

0.818 

1 .4x10'“ 

1.3x10“ 

0.800 

8.0x10'“ 

2.1x10“ 

concentration  ratio  Nto./Nmi*  is  not  found  to  be  constant.  The  ratio  should  be 
constant,  even  tf  a  n°( h  v  )  used  in  this  study  is  not  correct.  We  propose  that  an 
unknown  raid  gap  level  other  than  EL2  should  exist  which  does  not  give  NIR 
absorption.  This  mid  gap  level  named  ELM2  was  estimated  by  decomposition  of  the 
TDS  spectra  into  their  components  using  the  EL2  concentration  determined  by  MIR 
absorption.  The  thermal  emission  activation  energies,  capture  cross  sections  and 
concentrations  at  these  midgap  levels  ere  listed  in  Table  I. 

We  investigated  SI  <— in  order  to  rtnerrllm  the  compensation  mechanism 
quantitatively.  Figure  3  shows  a  typical  NIR  absorption  spectrum  due  to  EL2  in  a 
SI  PCZ  sample  at  298  K.  The  measured  spectrum  represented  by  solid  line  fitted 
well  with  tiw  calculated  curves  baaed  an  Eg.  (1).  Figure  4  shows  the  dependence 
af  the  neutral,  ionised  and  total  EL2  concentrations  on  the  carbon  concentration. 
The  total  EL2  concentration  [EL2]  remained  almost  constant  at  about  1.25  x  1016 
cm-1.  Although  [EL2+]  increased  with  increasing  carbon  concentration  [CA>],  the 
ionised  EL2  was  only  about  30  %  at  carbon  acceptor  in  density.  This  result  is  in 
good  agreement  with  those  reported  by  other  workers  [3,4]. 

The  electrical  properties  in  SI  PCZ  materials  are  plotted  as  a  function  at  the 
carbon  concentration  in  Fig.  5.  The  maximum  resistivity  reaches  approximately  1  x 
10’  ohm -cm  at  the  carbon  concentration  of  2.4  x  1016  am-3.  However,  the  material 
remains  n-type  and  the  Hall  mobility  Is  over  1000  cmz/v.s.  Oboki  et-aL  [4]  reported 
that  the  material  was  n-type  up  to  the  same  carbon  concentration  and  became 
p-type  beyond  that.  It  was  noticeable  that  the  resistivity  was  higher  than  1  x  106 
ohm  •  cm  at  the  carbon  concentration  of  3.3  x  1016  cm-3  in  their  data.  These  results 
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Fig.  3.  Atypical  NIR  absorption 
apactrum  due  to  EL2  in  a  SI  PCZ 
■ample  at  298  K.  Tho  solid  line  is 
an  experimental  spectrum.  The 
open  circles  represent  calculated 
absorption  coefficients.  The  dashed 
lines  are  calculated  component! 
for  the  neutral  and  ionized  EL2. 


Fig.  4.  EL2  concentrations  as  a  function  of 
carbon  concentration.  The  triangles,  circles 
and  squares  are  the  concentrations  of  the 
neutral,  ionised  and  total  EL2,  respectively. 

The  linen  are  fitted  curves  for 
experimental  data.  The  dashed  and  dotted 
up—  represent  calculated  ones  tor  the 
ionized  EL2  from  case  1  and  2,  respectively. 
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c-xnnrt-  be  sxpUtaed  in  tarns  of  tits  three-level  modal,  because  tbs  electrical 
properties  must  be  aonvertsd  to  p-typs  In  tits  carbon  concentration  range  higher 
than  the  EL2  concentration. 

In  order  to  interpret  the  compensation  mechanism,  we  attempt  to  calculate 
the  charge  K*1*TW‘"*  band  an  e  model  including  BL2  and  ELM2  ae  midgap  levels. 
Two  anergy  levels  of  EL2  axe  given  by  [12,13] 

E(OA)  -  Be  -  (  0.759  -  2^7klO'4T  )  eV,  (3) 

tor  the  single  donor  state  and 

E(+/++)  -  Ev  +  0.54  sV,  (4) 

tor  the  double  donor  state.  However,  the  anergy  level  of  ELM2  is  ambiguous, 
becanaa  the  energy  in  Table  I  is  not  the  net  thermal  depth  but  the  activation 
energy  tor  electron  amission.  Then,  the  energy  level  of  ELM2  which  was  a  single 
donor  was  assumed  to  be  10  meV  shallower  than  that  at  EL2  (case  1)  or  the  same  ae 
that  at  EL2  (case  2).  The  charge  neutrality  condition  is  given  by  the  toUowing 
expression,  taking  into  account  at  the  shallow  donor  N.  D  and  acceptor  N,  A: 

n  +  N.**p  +  N.D  +  [EL24]  ♦  [ELM2*]  ♦  2  [EL24"f]  ,  (5) 

where  n  and  p  axe  the  oonosntratlons  of  free  electron  and  hole,  respectively.  The 
resistivity  p  and  Hall  mobility  p  H  are  given  by 

p  *(t(»ii  »*P»  i) }_1.  (0) 

Pa«(npB*-pp,*)/(npn*pp,),  (7) 

where  p  „  and  p  ,  are  the  electron  and  hole  mobilities,  their  ratio  being  taken  17 
in  our  calculation  at  298  K.  The  calculated  results  axe  shown  in  Fig.  4  and  5.  The 
measured  electrical  properties  fitted  well  with  the  calculated  curves  shown  In  Fig. 
5.  The  theoretical  curve  showed  that  the  resistivity  was  higher  than  1  x  10* 
ohm -cm  at  the  carbon  concentration  of  about  3  x  1014  cm-3.  However,  the 
behavior  of  the  ionised  EL2  could  not  be  reproduced  well  by  the  above  model, 
especially  in  the  carbon  concentration  range  higher  than  1  x  10 16  cm  5. 


Fig.  5.  Resistivity  and  Hall  mobility  as  a 
function  of  cartoon  concentration  at  room 
temperature.  The  filled  and  open  ctrciee 
repreeent  experimental  data.  The  solid 
Unee  are  calculated  curves. 


Fig.  6.  EL2  concentrations  as  a  function 
of  carbon  concentration.  Fitted  curves 
were  calculated  ones  by  our  model  using 
0.7  a  r°(A  v  )  . 


Suemitsu  etiaL  [3,14]  reported  that  the  carbon-related  donor  existed  In  a  constant 
rado  to  the  carbon  acceptor.  Their  modal  could  explain  the  dependence  of  a * 
ionized  EL2  concentration  on  the  carbon  concentration,  but  could  not  explain  the 
change  in  the  electrical  properties. 

What  cauaee  the  disagreement  between  the  experimental  and  wflculated 
results?.  We  used  two  conversion  factors  in  this  study.  Any  or  both  of  them  may 
be  not  correct.  However,  the  conversion  factor  for  the  carbon  acceptor  is  not  the 
case,  because  the  change  of  the  factor  can  not  Improve  all  fittings  In  Fig.  4  and  5 
at  the  same  time.  It  is  possible  that  the  photoionization  cross  sections  at  EL2, 
especially  a  ,°(A  v  ),  used  in  NIR  absorption  analysis  may  be  overestimated. 
Figure  6  shows  the  dependence  of  the  neutral,  ionized  and  total  EL2 
concentrations  on  the  carbon  concentration  calculated  by  our  model  using  a  factor 
of  0.7  for  a  r°(h  v  ).  The  calculated  curves  for  the  electrical  properties  were  the 
almost  same  as  those  shown  in  Fig.  5.  Precise  re-examination  of  o  ,°(A  y  )  is 
desired. 


CONCLUSION 

We  investigated  the  properties  of  midgap  levels  in  n-type  GaAs  crystals  by 
using  TDS,  C-V  and  NIR  absorption  measurements.  The  TDS  analysis  and  the 
analysis  at  the  space  charge  profile  for  various  samples  showed  that  the 
concentrations  of  the  midgap  level  were  from  2.0  x  1016  cm  3  to  3.4  x  10 16  cm-3. 
However,  those  of  EL2  in  the  same  crystals  were  1.1  x  10 16  cm  3  to  1.3  x  10 16  cm'3 
by  NIR  absorption  measurements  at  room  temperature.  On  the  other  hand,  for  SI 
GaAs  crystals  with  carbon  concentrations  from  6  x  10 14  cm  3  to  2.4  x  10lfc  cm-3, 
the  ionized  EL2  was  only  about  30  %  at  carbon  acceptor  in  density.  A  new  model 
was  proposed  that  another  midgap  donor  ELM2  existed  which  did  not  give  NIR 
absorption,  but  played  an  important  role  in  the  compensation  mechanism  like  EL2. 
The  concentrations  of  this  trap  were  estimated  to  be  0.8  to  1.6  times  those  of  EL2. 
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ABSTRACT 

The  wet-known  0.15-eV  Hall-effect  center  appearing  in  bulk,  n-type  GaAs  quenches 
under  IR  illumination  and  recovers  via  an  Auger-like  process  at  a  rate  similar  to  the  Auger  rate 
of  EL2.  On  the  other  hand,  the  0.15-eV  vi*-related  center  produced  by  1-MeV  electron 
irradiation  does  not  quench  at  all.  Based  on  these  data  and  a  detailed  theoretical  analysis  by 
Banff  and  Schluter,  we  argue  that  the  bulk  0.15-eV  center  is  related  to  the  Asea-Vig  defect  or 
a  related  complex. 

INTRODUCTION 

Donor  centers  located  at  about  0.15  eV  below  the  conduction  band,  and  of  concentration 
about  10M-101*  cm*1,  have  been  commonly  observed  by  temperature-dependent  Hall-effect 
(TDH1  and  deep  level  transient  spectroscopy  (DLTS)  measurements  in  as-grown  [both  horizon¬ 
tal  Bridgman  (HB)  and  liquid  encapsulated  Czochralski  (LEC)],  irradiated,  and  annealed  GaAs 
over  the  last  two  decades  [1-5].  In  1982,  we  showed  that  the  0.15-eV  center  in  undoped  bulk 
GaAs  had  a  pure  defect  nature  and  was  probably  related  to  the  As  vacancy,  based  on  compari¬ 
son  to  a  similar  center  in  irradiated  GaAs  [1].  In  this  paper  we  give  strong  evidence  that  the 
0.15-eV  center  in  bulk  GaAs  is  an  As-vacancy/As-antisite  complex,  a  form  of  which  Baraff  and 
Schluter  [7]  predicted  should  be  abundant  in  GaAs,  based  on  theoretical  formation  energies. 
The  method  we  use  relies  on  a  comparison  of  the  infrared  (IR)  quenching  and  thermal  recovery 
characteristics  of  the  0.15-eV  Hall-effect  center  in  1-MeV  electron-irradiated  MBE  GaAs, 
which  has  very  little  EL2  (i.e.  no  apparent  As  antisite  centers)  and  that  in  HB-grown  bulk 
GaAs,  which  has  an  EL2  concentration  of  more  than  10,s  cm's.  In  dark-current  measurements 
during  a  temperature  sweep  (82  K  <  T  <  180  K)  after  IR  illumination  at  82  K,  it  is  found  that 
the  irradiated  material  shows  no  quenching  of  tne  0.15-eV  center,  whereas  the  bulk  material 
shows  strong  quenching  and  a  thermal  recovery  at  about  130-140  K.  The  spectral  dependence 
of  the  quenching  of  tne  0.15-eV  center  is  found  to  be  similar  to  that  of  EL2  observed  in 
undoped  LEC-grown  semi-insulating  (SI)  GaAs,  but  with  some  differences.  A  theoretical  fit  of 
the  experimental  data  indicates  that  the  quenched  state  thermally  recovers  by  an  Auger-like 
process  at  a  rate  r  *  2.3  *  10*u  nvD  exp  (-0.18  eV/kT),  which  can  be  compared  with  that 
found  for  EL2,  i.e.,  r  =  2  *  10  *14  nv„  exp  (-0.11  eV/kT)  [8].  The  experimental  results  support 
the  assignment  of  a  defect  complex  AsC»-va,  to  the  bulk,  0.15-eV  center. 

EXPERIMENT 

Two  kinds  of  GaAs  material,  i.e.,  bulk,  and  irradiated  molecular-beam-epitaxial  (MBE) 
GaAs,  were  used  in  the  study.  The  HB-grown  bulk  GaAs  ingots,  with  electron  concentrations 
in  the  m id-1014  cm*1  range,  were  doped  with  oxygen  to  suppress  Si  contamination.  The 
dominant  deep  centers  in  various  similar  GaAs  samples  are  located  at  Ec  -  (0.13-0.20)  eV,  as 
revealed  by  TDH  studies,  with  a  typical  value  of  Ec  -  0.15  eV  (see  Fig.  1  in  ref.  1).  For 
comparison,  an  undoped  MBE  GaAs  layer  with  electron  concentration  of  1.5  «  10 18  cm*1  and 
thickness  of  15  pm  was  grown  on  an  LEC  SI  GaAs  substrate  at  a  growth  temperature  of  about 
580  *C.  To  introduce  deep  centers  into  the  epi-layer  in  a  controlled  manner,  a  series  of 
consecutive  1-MeV  electron  irradiations  (Els)  were  performed  at  room  temperature  in  air  using 
a  dose  of  5  *  1014  cm*1  for  each  irradiation.  As  shown  in  Fig.  1,  after  the  second  El  the  dark 
current  of  the  epi-layer  was  dominated  by  a  deep  center  at  Ec  -  0.15  eV,  known  as  E2  and 
generally  thought  to  be  due  to  an  As  vacancy  or  possibly  a  vacancy-interstitial  Frenkel  pair  [4]. 

For  the  IR  quenching  experiments,  we  measured  current  vs.  temperature  after  IR  light 
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fig.  1.  Deep  lerek  induced  into  m  If  BE 
GaAs  (NaU«  101*  cm'*)  by  consecutive 
electron  irradiations,  with  4  dooe  of 
5  «  10M  cm*1  foe  each  irradiation. 


Pi*.  2.  A  companion  of  IR  quenching 
behavior  for  the  0.15— eV  center  in  bulk 
GaAs,  (a)  CS  4422  and  (b)  CS  S417  and  the 
E2  center  in  irradiated  If  BE  GaAs  (c). 


illumination  at  82  K.  A  commercial  DLTS  system  (Bio-Rad  DL4600)  was  used  for  the  temper¬ 
ature  contra!  and  an  electrometer  (KeitMey  617)  was  used  to  measure  currents.  The  IR  light 
was  provided  by  a  25  W  white  light  covered  by  a  Si  fHter  so  that  hu  <  1.12  eV.  The  maximum 
IR  light  intensity  was  about  1  *  10>*  phot. /cm1  s.  For  the  current  measurements.  In  contacts 
were  first  soldered  on  the  two  ends  of  3  mm  *  6  mm  rectangular  samples  for  the  bulk  GaAs  and 
on  the  comers  of  a  6  mm  *  6  mm  square  sample  for  the  MBE  GaAs,  and  then  anneals  were 
carried  out  at  420  "C  for  4  min  in  forming  gas.  The  El  was  performed  after  the  anneal  to  avoid 
the  annihilation  of  the  El  induced  point  defects  at  the  annealing  temperature.  To  measure  the 
spectral  dependence  of  the  quenching  of  the  0.15-eV  center  in  the  bulk  GaAs,  a  monochrom¬ 
ator  provided  photon  energies  from  0.8  eV  to  1.45  eV,  at  a  constant  intensity  of  6  *  10 14 
phot./cm1  s.  Appropriate  filters  eliminated  second-order  light.  The  quenching  parameter  of 
the  0.15-eV  center  is  defined  as  the  ratio  of  the  dark  current  oefore  IR  quenching  to  that  after. 

RESULTS  AND  DISCUSSION 


Typical  results  for  the  dark  current  (IA  the  thermally  stimulated  current  (TSC)  and  the 
quenched  In  are  presented  in  Figs.  2a  and  2b  for  two  bulk  GaAs  samples  (CS  4422  and  CS 
3417).  In  the  experiment,  the  sample  was  cooled  to  82  K  in  the  dark,  then  IR  light  of  intensity 
about  3  *  10 11  phot./cm*  s  was  turned  on  for  5  min,  which  caused  partial  quenching  of  the 
photocurrent  (Iph)  at  the  beginning  of  the  illumination.  After  turning  the  light  off,  the 
temperature  was  swept  upward  at  a  rate  of  0.3  K/s.  This  is  the  typical  procedure  used  for 
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Pig.  3  m)  IR  quenching  of  photocturent  at  83  K,  uang  1.10  eV  fight  and 

b)  TSC  aigaala  and  quenched  Ig  comeponding  to  different  illumination  time*  (bulk  GaA* 
•ample  CS  3417,  VbUj  =  1.6  V). 

TSC  measurements  in  which  the  various  traps  are  filled  by  the  light-generated  electrons  and 
holes,  and  then  the  traps  emit  their  carriers  during  the  temperature  sweep  and  produce  TSC 
peaks  at  temperatures  corresponding  to  the  trap  energy  levels.  A  few  traps,  i.e.,  T,  at  86  K, 

T|*  at  96  K  and  even  T»  at  140  K,  were  found  in  these  materials,  as  designated  in  the  figures. 
As  compared  to  the  Id  curve,  which  was  taken  without  IR  illumination  at  82  K,  it  can  be  seen 
that  the  U  itself  quenched  due  to  the  IR  light  Rumination  at  82  K  and  then  thermally  recovered 
at  a  temperature  (Tr)  of  ~  140  K.  To  observe  the  quenched  Id.  the  TSC  signals  had  to  be 
"thermally  cleaned  out."  The  cleaning  procedure  consisted  simply  of  heating  the  sample  to 
about  120  K,  which  is  wefl  below  Tr,  and  then  cooling  it  again  to  82  K.  In  this  way,  the 
interfering  traps  were  emptied  and  so  the  measured  current  in  the  subsequent  temperature 
sweep  was  due  oiriy  to  the  Id  contributed  by  the  quenched  0.15-eV  center.  It  is  important  to 
point  out  that  at  T  <  120  K,  the  quenched  system  is  basically  in  equilibrium,  i.e.,  the  quenched 
Id  curves  in  Fig.  2  are  reproduced  no  matter  which  direction  temperature  is  swept.  In  contrast 
to  the  bulk  GaAs  samples,  the  same  IR  light  Rumination  at  82  K  does  not  cause  any  quenching 
of  the  O.lS-eV-related  Id  in  the  irradiated  MBE  GaAs  sample,  as  shown  in  Fig.  2c.  Instead,  a 
few  TSC  signals  are  observed,  some  of  which  could  be  due  to  traps  in  the  SI  GaAs  substrate. 

A  more  detailed  picture  of  the  Iph  quenching  upon  illumination  at  82  K  and  the  corres¬ 
ponding  TSC  and  quenched  Id  curves,  using  1.10  eV  light  with  an  intensity  of  about  2  »  10“ 
phot  ./cm1  s  and  different  illumination  times,  is  shown  in  Fig.  3.  The  first  thing  to  be  noted 
(see  Fig.  3a)  is  that  Iph  quenching  of  only  about  35%  occurs  (within  about  50  s),  which  is  very 
different  from  the  observation  of  nearly  complete  lPh  quenching  (dose  to  100%)  occurring 
within  the  same  period  m  bulk  SI-GaAs  [9].  The  second  thing  (see  rig.  3b)  is  that  only  a  short 
time  Rumination,  e.g.,  3  sec,  is  needed  to  quench  the  0.15-ev  center,  as  represented  by  the 
same  quenched  Id  and  recovery  behavior  lor  three  different  illumination  times,  i.e.,  3,  30,  and 
300  sec.  The  third  thing  is  that,  foBowing  the  Iph  quenching  the  TSC  signals  are  quenched  too, 
which  is  commonly  observed  in  the  TSC  spectra  of  Sl-GaAs  samples  due  to  the  IR  quenching  of 
EL2  (10).  From  these  results  we  see  that  the  quenching  of  the  0.15-eV  center  is  a  fast  process 
and  is  not  identical  to  the  IR  quenching  of  EL2  in  SI  GaAs,  such  as  that  in  photoconductivity 
(11),  1.1-pm  absorption  (12).  and  TSC  (peak  Tj)  [13]. 

The  recovery  process  of  the  quenched  0.15-eV  center  can  be  clearly  observed  in  two  differ¬ 
ent  ways.  In  the  first  experiment,  after  IR  quenching  and  thermally  cleaning  the  TSC  signals, 
the  sample  (CS  3417)  was  held  at  a  particular  recovery  temperature,  Tr,  82  K  <  Tr  <  130  K, 
f or  a  time  which  depended  on  Tr.  If  Tr  was  chosen  between  115  K  and  130  K,  then  a  normal 
recovery  of  the  quenched  Id  could  be  observed,  i.e.,  the  higher  the  Tr,  the  faster  the  recovery. 
However,  if  Tr  was  less  than  110  K,  then  nearly  no  visible  recovery  could  be  found,  which  means 
that  the  system  was  stffl  in  the  quenched  or  metastable  state.  Figure  4a  shows  the  recovery  of 
the  quenched  Id  as  a  function  of  the  waiting  time  at  Tr  =  120  K.  From  the  figure,  we  find  that 
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Fig.  4  *)  Thermal  recovery  of  quenched  Iq  ((or  0.15  eV  center)  u  a  function  of  the  waiting  time 

at  120  K  and 

b)  Thermal  recovery  of  quenched  Ig  aa  a  function  of  heating  rate,  after  IR  quenching  using 
hir  <  1.12  eV  illumination  and  thermally  cleaning  out  the  TSC  sign  ale. 

Id  is  increased  by  more  than  two  orders  of  magnitude  as  the  waiting  time  is  increased  up  to  8 
min,  resulting  in  a  shift  of  the  quenched  Id  curve  towards  the  initial  Id  curve.  In  other  words, 
the  quenched  fraction  of  the  0.15-eV  center  is  reduced  by  thermal  recovery  at  120  K. 

The  thermal  recovery  process  of  the  quenched  Id  can  also  be  demonstrated  in  a  second 
way,  i.e.,  by  measuring  tne  quenched  Id  vs.  T  at  different  heating  rates,  as  shown  in  Fig.  4b. 
From  this  figure,  we  find  that  the  recovery  temperature  is  increased  from  ~  130  K  to  ~  140  K, 
as  the  heating  rate  is  increased  from  0.05  to  0.4  K/s.  This  type  of  curve  shift  is  typical  of  a 
thermally  stimulated  process,  such  as  the  thermal  recovery  of  the  photocurrent  in  bulk  SI-GaAs 
due  to  tne  transformation  of  EL2  from  its  quenched  (or  metastable)  state  to  the  normal  state 
(141  or  the  thermal  recovery  of  the  hopping  conduction  observed  in  low-temperature  (LT)  M8E 
GaAs  due  to  the  transformation  of  the  As6»-reiated  center  from  its  quenched  state  to  the 
normal  state  [15].  A  theoretical  fit  to  the  experimental  data  in  Fig.  4b  [16],  gives  two 
important  results:  (1)  the  quenched  (metastable)  state  has  an  electronic  transition  energy  about 
0.14  eV  deeper  than  the  ground  (normal)  state  at  Ec  -  0.15  eV;  and  (2)  the  quenched  state 
thermally  recovers  by  an  Auger-like  process  at  a  rate  r  =  aB  n  vn  exp  (-Eb/kT)  with  i r„  =  2.3 
«  10~u  cm1  and  Eb  =  0.18  eV,  where  n  and  vn  are  the  electron  concentration  and  thermal 
velocity,  respectively.  The  aB  and  Eb  parameters  can  be  compared  with  the  same  parameters 
found  for  EL2,  i.e.,  rn  =  2>  10'14  cm2  and  Eb  =  0.11  eV  [8].  It  may  be  significant  that  the 
Auger  rates  for  EL2  and  the  0.15-eV  center  are  within  an  order  of  magnitude  of  each  other  over 
the  entire  transition  range,  120-140  K. 

Using  long-term  light  at  82  K  with  different  photon  energies  (0.8  eV  <  hp  <  1.45  eV),  but 
the  samelight  intensity  (6  «  10>4  phot./cm3  s),  the  0.15-eV  center  is  found  to  be  quenched  in 
different  amounts.  Figure  5  shows  the  spectral  dependence  for  the  normalized  quenching  mag¬ 
nitude  of  the  0.15-eV  center,  which  is  determined  by  the  ratio  of  the  dark  currents  at  120  K  (a 
temperature  well  below  the  full  recovery  temperature)  before  and  after  photoquenching.  For 
comparison,  we  also  show  a  spectral  dependence  for  the  normalized  quenching  magnitude  of 
EL2  in  SI-GaAs,  which  is  determined  by  the  ratio  of  the  photocurrents  before  and  after  5  min 
photoquenching  at  82  K,  using  the  same  light  as  that  in  the  0.15  eV-center  quenching  experi¬ 
ments.  It  is  found  that  the  optimal  quenching  energies  for  the  0.15-eV  center  and  EL2  are  very 
dose  to  each  other,  i.e.,  1.15  eV  vs.  1.10  eV,  respectively.  However,  two  additional  features  at 

Sher  and  lower  energies  (about  1.40  eV  and  0.95  eV,  respectively)  are  observed  for  the 
5-eV  center.  A  similar  result  in  the  spectral  dependence  of  absorption  quenching  for  the 
Ase*-related  defect  in  LT  MBE  GaAs,  with  a  peak  efficiency  at  1.40  eV,  has  been  reported  by 
Kaminska  and  Weber  [17].  A  comparison  of  the  spectral  dependences  of  the  photoquenching 
for  these  various  defects  (0.15-eV  center,  EL2,  and  the  Ase»-r  elated  center  in  LT  MBE  GaAs) 
in  different  materials  (bulk  conducting  GaAs,  SI-GaAs,  and  LT  MBE  GaAs)  indicates  that  the 
0.15-eV  center  might  oe  related  to  Aset. 
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Normalised  spectral  dependence  of  the  photoquench¬ 
ing  magnitude  for  the  quenched  Id  in  bulk  GaAs 
with  the  0.15-eV  center  (A),  and  the  quenched  Iph 
in  LEC  SI-GaAs  with  the  EL2  center  (□). 

Traps  EL2,  ELJ  and  ELS,  observed  by  the  DLTS 
technique  in  bulk  GaAs  with  the  0.15-eV  center  (n 
O  300  K  =  2  *10“  cm'1  and  n  O  150  K:2<  10 12 
cm'1  from  TDH  measurements). 


To  confirm  the  existence  of  EL2  in  bulk  GaAs  containing  the  0.15-eV  center,  DLTS  mea¬ 
surements  were  performed  using  Schottky  barrier  diodes  with  evaporated  Au  contacts  on  the 
top  side  of  the  materials.  The  DLTS  spectrum  for  sample  CS  3417  shown  in  Fig.  6  is  typical  of 
that  in  bulk  GaAs  samples  with  electron  concentrations  at  300  K  in  the  m id-10 14  cm'1  range. 
Similar  to  the  case  of  common  bulk  HB  GaAs  wafers  with  shallow  impurity  levels  and  electron 
concentrations  in  the  low-101*  cm*1  range,  bulk  GaAs  with  the  0.15-eV  center  also  has  several 
well-known  electron  traps,  such  as  EL2,  EL3,  and  EL6.  The  EL2  concentration  in  CS  3417  is 
higher  than  1.5  *  10 u  cm'1,  while  the  EL6  concentration  seems  at  first  glance  to  be  lower  than 
1  *  1015  cm'1.  However,  the  lower  apparent  EL6  concentration  is  not  accurate,  since  the 
electron  concentration  at  the  EL6  peak  temperature  150  K)  is  only  in  the  1011-cm'1  range, 
which  leads  to  n  «  Nt  (trap  concentration),  an  improper  condition  for  determining  trap 
concentration  by  DLTS  measurements  in  the  usual  commercial  instruments.  Actually,  accord¬ 
ing  to  Siegel  et  al.,  the  concentration  of  EL6  in  an  undoped,  medium-resistivity  LEC  GaAs 
sample  controlled  by  a  center  at  Ec  -  0.12  eV,  can  be  as  high  as  1  *  10“  cm'1,  when  C-V 
measurements  are  corrected  for  the  condition  Nt  >  n  (2).  We  did  not  conduct  DLTS  mea¬ 
surements  on  the  undoped  as-grown  MBE  GaAs  or  on  the  irradiated  MBE  GaAs  samples. 
However,  studies  of  deep  levels  in  undoped,  as-grown  MBE  GaAs  show  that  the  dominant 
electron  traps  are  Ml  (Ec  -  0.21  eV),  M3  (Ec  -  0.33  eV)  and  M4  (Ec  -  0.52  eV)  with  trap 
concentrations  in  the  1011  cm*1  range  or  less,  and  the  EL2  is  usually  not  detected  [18]. 
Low-dose  El  studies  on  pure  n-type  MBE  GaAs  reveal  the  deep  centers  El  (Ec  -  0.045  eV),  E2 

iEc  -  0.15  eV)  and  E3  (Ec  -  0.30  eV),  but  no  EL2  [19].  Therefore,  we  believe  that  the  main 
ifference  between  the  bulk  sample  C5  3417  and  the  irradiated  MBE  sample  is  the  existence  of 
EL2  (AsGa)  in  the  bulk  sample,  but  not  in  the  irradiated  sample. 

Based  on  the  above  experimental  results,  i.e.,  (1)  the  comparison  of  the  IR  quenching 
between  the  0.15-eV  centers  in  two  different  materials  (bulk  GaAs  with  the  0.15-eV  center  and 
irradiated  MBE  with  the  E2  center  at  0.15  eV),  and  (2)  the  comparison  of  IR  quenching  and 
thermal  recovery  characteristics  between  the  0.15-ev  center  in  bulk  n-GaAs  and  EL2  in  SI 
GaAs,  we  argue  that  the  0.15-eV  center  in  bulk  GaAs  is  not  a  simple  As  vacancy,  but  a  combin¬ 
ation  of  Vas  and  Asc»,  such  as  the  nearest-neighbor  A sca  -  Vig  center,  which  has  been  studied 
theoretically  by  Baraff  and  Schluter  (B-S)  [7,  20].  From  binding  and  formation  energy 
calculations,  they  show  that  "nearest-neighbor  Asea  -  Va,  pairs  should  be  an  abundant  defect 
in  GaAs."  Indeed,  the  only  deep  donors  of  high  enough  concentration  to  control  Er  in  bulk 
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GaAs  are  this  one  at  Ec  -  0.15  eV.  another  at  Ec  -  0.43  eV  (unknown),  and  EL2  at  Ec  -  0.75 
eV.  All  of  our  0.15  eV  samples  also  contain  EL2,  with  concentrations  about  10IS  cm  ’,  as 
determined  by  DLTS.  Thus,  Asca  centers  are  available  to  form  the  AsCa  -  Vi,  complexes. 
According  to  B-S  (201,  nearest-neighbor  (Asc,  -  Vi,)  has  three  transitions  within  the  bandgap: 
(0/+),  (+/++).  ana  (++,+++),  all  of  them  associated  with  Vig-like  (not  Asc,-like)  wave- 
functions.  Although  tne  (0/+)  energy  is  shallower  than  0.15  eV,  and  the  (+/++)  energy 
deeper,  still  we  believe  that  either  is  within  theoretical  uncertainty  of  0.15  eV.  They  also  find 
that  the  (+)  state  has  a  metastable  configuration,  with  the  As  atom  moving  to  a  position  about 
35%  of  the  distance  between  the  original  Asc,  and  Vi,  positions,  and  they  show  that  IR 
illumination  could  induce  this  metastability  by  promoting  an  electron  to  an  excited  (+)  state. 
Such  a  transition  is  consistent  with  our  IR  quenching  experiments.  Also,  they  fine  that  the 
metastable-state  (+/++)  transition  falls  about  0.2-0.3  eV  below  the  ground-state  (+/++) 
transition,  which  is  certainly  within  error  of  our  value  of  0.14  eV  [161.  Although  some  dif¬ 
ferences  in  the  IR  quenching  characteristics  for  the  0.15-eV  center  and  EL2  can  be  observed, 
the  Auger-like  thermal  recovery  rates  for  the  two  centers  are  very  similar  to  each  other.  It  is 
perhaps  not  unexpected  that  the  recovery  rate  for  Asc,  -  Vi,  should  be  close  to  that  for  Asca 
alone  (for  simplicity,  assuming  EL2  to  be  an  isolated  AsGa),  because  the  metastable  states  are 
basically  Vca  -  Asj  -  Vi,  and  Vca  -  Asj  for  ground  states  As6a  -  Vi,  and  Asca,  respectively, 
and  the  Vea  -  Asi  distances  are  similar  (7J.  The  only  serious  problem  with  a  nearest-neighbor 
Asea  -  Vi,  assignment  for  our  0.15-eV  center  is  that  in  n-type  material,  the  As  atom  should 
move  completely  over  to  the  Vi,  position  (forming  VGa)  and  not  stop  at  the  metastable  posi¬ 
tion.  Thus,  our  center  may  not  be  nearest-neighbor  AsGa  -  Vi,  although  we  still  believe  that  it 
must  involve  both  Asea  and  Vi,. 

In  summary,  we  have  directly  observed  a  metastable  state  of  the  well-known  Ec  -  0.15  eV 
defect  in  bulk  GaAs.  Many  of  tne  properties  of  this  defect  are  similar  to  these  of  the  AsGa  - 
Vi,  center,  elucidated  theoretically  by  Baraff  and  Schluter  and  predicted  to  be  abundant  in 
GaAs. 
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ABSTRACT 

The  growth  of  GaAi  epilayers  on  Si  should  combine  the  advantages  of  both  materi¬ 
als.  The  lattice  mismatch  ana  the  difference  in  thermal  expansion  coefficients,  how¬ 
ever,  result  in  the  yet  unsolved  problems  of  high  dislocation  density  and  thermal 
stress  in  the  GaAs  layer.  Recently,  considerable  improvements  have  been  achieved  by 
a  ’thermal  cyclic  growth’  (TOG)  process.  In  this  study  we  focus  on  the  reduction  of 
high  defect  concentration  mid  dislocation  density.  The  improvement  of  the  epilayer 
quality  is  verified  by  DLTS,  PL  and  DCXD.  Results  of  TEM  and  DLTS  measurements  lead 
to  the  identification  of  a  dislocation  related  defect 


INTRODUCTION 

The  heteroepitaxial  growth  of  GaAs  on  Si  substrates  has  gathered  a  lot  of  inter¬ 
est  in  recent  years  [1J.  The  ability  of  combining  the  complementary  properties  of 
silicon  and  GaAs  offered  new  ways  to  fabricate  optoelectronic  and  high  speed  devices 
as  well  as  high  efficiency  solar  cells.  But  due  to  the  lattice  mismatch  (4.1%)  and 
the  difference  in  the  thermal  expansion  coefficient  of  around  60%  high  dislocation 
density  in  the  order  of  10s  cm-1  and  thermal  strain  of  around  Iff*  restricts  the 
applicability  of  such  structures.  Several  efforts  woe  made  to  overcome  these  prob¬ 
lems.  A  buffer  layer  between  the  substrate  and  the  GaAs  epilayer  [2],  strained 
layer  superlattices  [3],  and  in  situ  [4]  or  post  growth  annealing  [5]  were 
applied  to  reduce  die  dislocation  density  and  the  thereby  resulting  high  defect 
concentration. 

An  alternative  course  is  die  so  called  thermal  cyclic  growth  (TGG)  process  [6]. 
This  is  an  alternating  low  temperature  growth  and  a  high  temperature  annealing  step 
performed  prior  to  the  growth  of  the  active  epilayer.  We  analyse  the  particular 
steps  of  the  TCG  process  and  demonstrate  the  mechanism  of  the  dislocation  reduction 
as  well  as  the  decreasing  defect  concentration. 


EXPERIMENTAL  DETAILS 

The  samples  used  in  this  study  have  been  grown  by  low  pressure  metal-organic  va¬ 
por  phase  epitaxy  (LP-MOVPE)  in  an  Aixtron  system  AIX  200  with  TMGa  and  AsHj  as  pre¬ 
cursors.  For  the  heteroepitaxial  growth  of  GaAs  2’  misorientated  (100)-Si  wafers 
were  used  as  substrates  and  Si-doped  GaAs  wafers  were  used  as  substrates  for  homo- 
epitaxial  reference  samples.  At  a  standard  growth  temperature  of  700*C  and  a  V/III 
ratio  of  235  die  growth  rate  was  2,3  pm/h. 

All  samples  were  n-type  with  an  unintentional  doping  in  the  order  of  101*  cm  3  in 
the  case  of  Si  substrates  and  1013  cm  3  for  GaAs  substrates  as  determined  by  CV 
measurements.  Deep  defect  centers  were  identified  by  deep  level  transient  spectro¬ 
scopy  (DLTS)  [7]  with  a  Polaron  DL  4600  DLTS  System.  Band  gap  luminescence  was  re¬ 
corded  with  a  standard  photoluminescence  (PL)  setup  in  order  to  get  information 
about  the  thermal  stress  of  the  layers.  The  dislocation  density  was  determined  by 
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the  full  width  at  half  maximum  (FWHM)  of  the  (400)  peak  of  the  rocking  curve 
measured  by  a  double  crystal  X-ray  diffraction  (DCXD)  setup.  Transmission  electron 
microscopy  (TEM)  images  of  several  samples  were  made  with  a  JEOL  2000  FX. 


CONVENTIONAL  GROWTH  OF  GaAs  ON  Si  BY  THE  2-STEP-GROWTH  METHOD 

In  1984  Akijama  et  aL  suggested  a  method  to  gro w  GaAs  directly  on  silicon  substra¬ 
tes,  the  2-step-growth  method  [8].  The  main  idea  was  to  grow  a  thin  nucleation  la¬ 
yer  at  low  temperatures  (400*C)  that  will  be  the  initial  layer  for  the  growth  of  the 
thicker  GaAs  layer  at  700'C.  Samples  grown  by  this  procedure  feature  a  high  disloca¬ 
tion  density  and  thermal  stress  due  to  the  incompatible  properties  of  Si  and  GaAs. 
Figure  1  shows  a  comparison  of  DLTS  measurements  for  GaAs  grown  on  GaAs  substrates 

(GaAs/GaAs)  and  on  Si  substrates 
t - -  —  . |  (GaAs/Si).  While  the  GaAs/GaAs  sample 


100  200  300  400 


Temperature  (K) 

Fig.  1:  Comparison  of  DLTS  spectra  of 
homo-  and  heteroepitaxially  grown  GaAs. 


shows  only  a  single  DLTS  peak  due  to  the 
well  known  EL2  center,  the  GaAs/Si  sam¬ 
ple  exhibits  additional  defects  hidden 
under  a  broad  low  temperature  tail  of 
the  EL2  signal.  The  concentration  of  the 
EL2  defect  in  GaAs/Si  is  20  times  the 
concentration  in  the  GaAs/GaAs  sample. 
Also  a  broadening  of  the  EL2  peak  is 
observed  due  to  the  inhomogeneous  stress 
distribution  in  the  layer  [9].  The  PL 
spectrum  is  also  affected  by  the  biaxial 
tension  of  the  GaAs  epilayer.  The  hydro¬ 
static  part  of  the  tensile  stress  shifts 
the  spectrum  to  lower  energies,  the  uni¬ 
axial  part  causes  a  splitting  of  the 
heavy-hole  (hh)  and  the  light-hole  (Ih) 
band.  Hence,  the  normally  sharp  lumines¬ 
cence  lines  of  the  donor  (DX)  and  accep¬ 
tor  (AX)  bound  exciton  transitions  re¬ 
main  unresolved.  Only  the  Si-donor 
heavy  hole  (Dsihh)  transition  as  well  as 
the  Si-donor  light  hole  (D«lh)  transi¬ 
tion  can  be  observed  [9].  The  broade¬ 
ning  and  the  intensity  of  the  Dsihh  peak 
were  taken  as  a  measure  of  the  quality 
of  the  layer. 


THERMAL  CYCLIC  GROWTH 

Depart  from  the  2-step- growth  method  [8J  we  developed  a  new  method,  where  after 
1.2  pm  of  conventional  growth  a  TCG  process  is  involved.  As  shown  in  Fig.  2  the  TCG 
is  initiated  by  a  50  nm  layer  grown  at  400*C  followed  by  a  900*C  high  temperature 
annealing  step  and  a  50  nm  growth  step  at  700’C.  This  procedure  is  repeated  two 
times  completed  by  a  200*C  -  900*C  -  200*C  thermal  cyclic  annealing  (TCA)  step. 
Thereupon  an  additional  2.4  pm  GaAs  layer  is  grown.  The  improvement  of  the  layer 
quality  as  observed  by  DLTS  is  presented  in  Fig.  3.  The  DLTS  spectrum  consists  of 
only  a  weak  EL2  signal,  which  is  in  accordance  with  a  concentration  as  low  as 
3.5-10,3cnr3  and  is  thus  comparable  to  the  GaAs/GaAs  sample.  The  defect  spectrum  at 
the  low  temperature  tail  of  EL2  has  nearly  vanished. 
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Fig.  3:  Comparison  of  DLTS  measurements  of  a 
2-step-grown  sample  and  a  sample  with  a  TCG 
process. 


‘  •  ■»  —  - 1 

100  200  300  400 

Temperature  (K) 


The  PL  intensity  increases  by  a  factor  of  2  with  respect  to  the  2-step-grown  sam¬ 
ple  while  the  FWHM  of  the  Dsihh  peak  decreases  from  5.4  meV  to  2.0  meV.  The  DCXD 
measurement  yields  a  FWHM  of  the  rocking  curve  of  98  ”,  which  corresponds  to  a  dis¬ 
location  density  of  1.6-107cnr2  (211”,  7.3 - 107 cnr2  for  the  2-step-grown  sample). 
The  reason  for  this  quality  improvement  can  be  seen  in  the  TEM  image  of  Fig.  4. 
After  the  TCG  process  at  1.2  pm  layer  thickness  most  of  the  dislocations  have 
annihilated  each  other  by  forming  loops  whereas  in  an  untreated  sample  the  dislo¬ 
cations  run  to  the  surface.  Thus  in  the  upper  2  pm  of  the  GaAs  layer  the  quality  ap¬ 
proaches  that  of  a  homoepitaxially  grown  sample. 


Fig.  4:  TEM  image  of  a  TCG  sample.  The  formation  of  loops  at  the  TCG  reduces 
the  dislocation  density  drastically. 
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ANALYSIS  OF  THE  TCG  PROCESS 


To  get  information  on  the  effect  of  each  particular  step  of  the  TCG  process  sam¬ 
ples  woe  grown  where  the  TCG  was  slightly  modified.  In  one  sample  the  low  tempera¬ 
ture  growth  step  was  replaced  by  a  layer  grown  at  700"  C.  In  another  sample  instead 
of  the  900*C  annealing  step  the  temperature  was  held  at  normal  growth  temperature  of 
700*C  In  both  cases  the  high  quality  of  a  complete  TCG  sample  has  not  been 
achieved.  For  the  sample  with  the  omitted  low  temperature  growth  the  EL2 
concentration  is  reduced  to  a  value  of  7-101Jcnr3  but  there  is  no  suppression  of  the 
other  defects.  In  the  sample  grown  with  no  high  tempera¬ 
ture  annealing  step  these  defects  have  nearly  disap-  - 

peered  but  the  EL2  concentration  remains  unaffected  A 

([EL2]  *  1.2-1014  cnv3).  The  dislocation  density  in  both  /\ 

cases  is  rather  high  with  3.5 •  107 cm2  and  the  FWHM  of  [EL2]-5-io'4cm'3  /  \ 
the  PL  is  2.5  mev  and  4.0  me V,  respectively.  Thus  only  ]  \ 

the  combination  of  both  steps  leads  to  a  remarkable  im-  \ 

provement  of  the  layer  quality.  .  y  ,  ,\ 


[EL2]<M0ncm" 


~  j[EL2]-1.810,scm- 


Fig.  5:  Growth  termination  at  different 
steps  ((1)  to  (7))  of  a  TCG  process 
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Fig.  6:  Dislocation  density  after  each 
particular  step  of  a  TCG  process 


■  (5)  710m*V 

|[(EL2)]“6-10,4cm-,i 


(6)  Trtme 

[E12]>  1  •  1 


100  200  300  400 

Temperature  (K) 

Fig.  7:  DLTS  spectra  of  sam¬ 
ples  with  terminated  TCG 
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More  detailed  information  on  what  is  happening  during  the  TOG  process  is  achieved 
by  termination  of  growth  after  different  steps  of  the  TOG  process  as  depicted  in 
Fig.  5.  The  corresponding  DLTS  spectra  are  shown  in  Fig.  7  together  with  the 
concentration  and  me  energy  of  the  respective  EL2  peak.  The  main  features  are  as 

follows:  0)  >U  samples  exhibit  the  optical  quenching  of  the  photocapacitance  that 

serves  as  the  fingerprint  for  die  EL2  center  [11].  Also  in  sample  (2)  where  the  FJ-2 
concentration  determined  by  DLTS  is  below  the  detection  limit  of  1  - 1013  cm  3  this 
quenching  effect  is  observed,  (ii)  In  sample  (5)  the  peak  is  shifted  to  lower 

temperature  compared  to  the  other  samples.  Also  die  energy  of  710  meV  departs  from 
the  energy  of  EL2  of  815  meV  [12].  Nevertheless,  this  defect  exhibits  the  quenching 
effect  so  that  we  assume  this  defect  belonging  to  the  EL2  family  [13].  This 
observation  may  also  be  the  explanation  of  the  observed  quenching  effect  in 

sample  (2)  where  at  the  position  of  this  peak  a  small  signal  is  observed  which  may 
be  due  to  the  same  defect  (iii)  The  smaller  low  temperature  shift  in  sample  f 4)  and 
(6)  is  caused  by  the  high  concentration  of  EL2  with  respect  to  the  shallow  donor 
concentration  (Ns3yND«0.3).  (iv)  The  effect  of  the  low  temperature  growth 
((1) — *(2).  (4)— *(5))  is  the  reduction  of  EL2,  whereas  the  following  annealing  step 
and  the  50  nm  700*C  growth  «2>— *(3>,  (5) — »(6>)  favor  the  formation  of  El  2.  This 
behavior  is  confirmed  by  data  of  homoepitaxial  GaAs,  where  growth  temperatures  below 
600*C  inhibit  EL2  formation  and  succeeding  annealing  at  700* C  introduces  this  center 
[14],  (v)  Figure  6  presents  the  effect  of  the  single  steps  on  die  dislocation 
density.  As  clearly  can  be  seen,  directly  after  an  annealing  step  ((2)— <3), 
(6>— *(7))  the  dislocation  density  decreases  drastically,  from  all  these  observations 
we  conclude  that  the  low  temperature  layer  is  of  minor  quality  with  a  lot  of 
dislocations.  By  increasing  the  temperature  to  900*C  these  dislocations  interacts 
with  those  from  the  1.2  pm  layer  and  annihilate  each  other  by  forming  loops.  This 
effect  is  very  efficient  since  repeating  this  procedure  a  second  time  has  only 
little  effect  on  the  quality.  The  final  TCA  step  reconstructs  the  surface  of  the 
layer  and  hence  forms  the  basis  of  the  following  high  quality  growth  of  the  thicker 
GaAs  layer. 


DISLOCATION  RELATED  DEFECT  IN  GaAs 


The  abrupt  decreasing  of  the  dislocation  density  at  the  TCG  as  shown  in  Fig.  4 
was  used  to  study  die  effect  of  dislocations  on  die  defect  spectrum  at  the  low  tem¬ 
perature  tail  of  EL2.  For  that  purpose  a 
sample  was  etched  down  to  2  pm  thickness 
so  that  die  space  charge  region  of  a 
Schottky  contact  readies  die  TCG  region 
with  varying  bias  voltage.  Since  the  Si 
concentration  at  the  three  annealing 
steps  of  die  TCG  is  rather  high,  as 
confirmed  by  SIMS,  a  CV  measurement  will 
detect  a  strongly  increasing  donor 
concentration  when  the  space  charge 
region  hits  the  TCG.  Fig.  7  demon¬ 
strates  the  existence  of  a  defect  that 
is  located  directly  at  the  TCG  (curve 
(a)).  150  ran  above  the  TCG  this  defect 
cannot  be  observed  (curve  (b».  This 
also  ensures  that  this  defect  is  not  due 
to  die  etching  process  but  results  from 
the  high  dislocation  density.  The  energy 
of  the  defect  cannot  be  determined 
exactly  by  a  DLTS  measurement  at  dif- 


Fig.  8:  DLTS  measurement  direct  at 
the  TCG  (a)  and  150nm  above  the  TCG 
(b).  The  defect  at  0.66eV  can  only 
be  observed  in  measurement  (a). 
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ferent  ratewindows  since  the  maximum  of  this  small  peak  disappears  in  the  background 
for  smaller  ratewindows.  Hence  a  computer  based  analysis  of  the  spectrum  was  applied 
to  ascertain  die  energy  of  the  defect  level  by  subtracting  the  EL2  signal  ana  die 
signal  of  other  known  defects  [IS]  from  the  spectrum.  The  peak  of  the  dislocation 
related  defect  has  been  reconstructed  with  the  result  of  E  =  (0.66  ±  0.01)  meV  and 
a  -  (2.4  ±  a5).10-|3em2  cm2. 


SUMMARY 

In  this  study  we  report  a  detailed  investigation  of  high  quality  GaAs  layers  on 
Si  substrates  grown  with  a  TCG  process.  The  mechanism  of  dislocation  reduction  and 
die  decreasing  of  the  defect  concentration  is  studied  by  DLTS  and  DCXD.  A  detailed 
analysis  of  die  particular  steps  of  a  TCG  process  together  with  TEM  images  leads  to 
a  better  understanding  of  the  mechanism  of  dislocation  annihilation  via  formation  of 
loops.  DLTS  measurements  in  the  region  with  strongly  increasing  dislocation  density 
reveals  a  dislocation  related  defect  at  0.66  eV. 
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ABSTRACT 


Deep  Level  Transient  Spectroscopy  (DLTS)  is  used  to  investigate  the  effect  of  SiCU 
Reactive  Ion  Etching  (RIE)  on  GaAs.  At  high  power  (150-80  W)  with  high  DC  self  bias  (380- 
240  V),  five  deep  levels  trapping  electrons  are  observed  at  energies  of  0.30, 0.42, 0.64, 0.86  and 
-0.8  eV  below  the  conduction  band  edge.  Depth  profiling  reveals  an  approximate  exponential 
decay  of  die  concentration  of  the  deep  levels.  At  low  power  the  induced  concentration  falls,  the 
small  concentration  of  remaining  deep  levels  is  close  to  control  (no  etching)  samples.  The 
induced  deep  levels  can  account  for  reduced  conductances  in  n+GaAs  wires  defined  by  RIE 
under  similar  experimental  conditions. 


INTRODUCTION 


Reactive  ion  etching  (REE)  is  an  important  method  of  pattern  transfer  in  semiconductors  for 
both  conventional  devices  and  nanostructures1.  Its  advantage  over  wet  etching  is  an  ability  to 
produce  high  aspect  ratio  near  vertical  structures.  A  common  gas  used  in  the  RIE  of  GaAs  is 
SiCl4.  Under  certain  conditions  the  etching  process  can  induce  damage  into  the  semiconductor2. 
Damage  may  be  measured  by  a  variety  of  techniques  such  as  TEM3  and  Raman  Scattering4. 
The  effect  on  electrical  properties  has  been  measured  by  Foad  et  al5  and  Thoms  et  al6  where  the 
conductances  of  RIE  etched  wires  were  measured  as  a  function  of  wire  depth  and 
width.  Lootens  et  al7  showed  that  RIE  with  S1CI4  produces  an  electron  trap  in  GaAs  which  is 
not  present  in  wet  etched  material.  A  model  by  Raman  et  al2  based  upon  a  phenomenological 
defect  creation  parameter  with  a  characteristic  length  has  been  used  to  fit  wire  conductances. 
Also  reported  were  five  electron  trap  energies  caused  by  the  etching  process. 

In  this  paper  we  present  the  trap  signatures  for  the  induced  traps  measured  by  Deep  Level 
Transient  Spectroscopy8  (DLTS).  The  ability  of  DLTS  to  depth  profile  is  exploited  to  show 
differences  in  trap  concentrations  between  high  and  low  power  etching  and  unetched  samples. 
Under  the  low  power  conditions  we  show  the  damage  as  indicated  by  the  presence  of  traps,  is 
substantially  reduced  but  the  etching  process  still  produces  vertical  side  wall  structures9.  We 
also  discuss  the  damage  mechanism. 


EXPERIMENT 

To  investigate  the  damage  caused  by  SiCU  RIE  on  GaAs,  0.S  pm  of  GaAs  Si  doped  at  6 
xlO16  cm'3  was  grown  on  n+  substrates  by  MBE  in  a  Varian  Gen  II  modular  system.  Ohmic 
contacts  were  formed  with  Au/Oe/Nl/Au  to  the  n+  substrate.  The  wafer  was  cut  into  samples 
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and  etched  at  powers  of  ISO  W,  80  W  and  12-15  W,  (corresponding  to  power  density  of  0.66, 
0.3S  and  0,033-0.066  Wcm'2>  unetched  control  samples  were  also  prepared.  The  DC  self  bias 
was  380  V  and  240  V  in  the  high  power  samples  and  48-60  V  at  low  power.  Ti/Au  Schottky 
contacts,  200  pm  diameter,  were  formed  by  photolithography  and  lift-off.  The  diodes  were 
bonded  to  headers  for  measurement.  I  -  V  characteristics  were  measured  to  check  reverse 
leakage  current  and  barrier  heights.  The  DLTS  measurements  were  performed  on  a  Biorad 
DLTS  spectrometer  in  the  temperature  range  80  -  4S0  K.  The  positions  of  the  peaks  were 
determined  by  two  temperature  scans,  first  starting  above  the  peak  and  scanning  down,  followed 
by  a  scan  up  to  eliminate  the  small  temperature  hysteresis  -3  K.  This  system  uses  a  boxcar 
signal  averager  to  measure  the  capacitance  transient  The  fill  pulse  width  was  varied  according 
to  the  rate  window  to  give  equal  excitation  and  measurement  tunes. 


RESULTS 

I  High  Rarer  Etched  QaAs 


Arrhenius  plots  of  deep  levels  induced  by  high  power  etching  are  shown  in  figure  1.  The 
conventional  correction  for  temperature  dependence  of  the  density  of  states  and  thermal  velocity 
is  made  on  the  abscissa.  Deep  levels  identified  in  the  literature  with  similar  Arrhenius  plots  are 
shown  for  comparison. 


The  activation  energies  Ena,  and  apparent  cross  sections  O*,  of  the  deep  levels  the  so  called 
trap  signatures  are  shown  in  table  L  In  some  cases  the  discrepancy  between  the  values  quoted  in 


the  table  from  the  literature  and  this  work  is  large,  nonetheless  the  beat  comparison  is  in  the 
proximity  of  the  Arrhenius  plots  as  this  allows  comparison  with  directly  measured  peak 
position.  The  uncertainty  in  the  values  represent  the  variation  over  typically  three  different 
Schottky  diodes.  Both  leakage  current  and  field  r  minion  of  carriers  from  traps  are  known  to 
effect  trap  signatures.  The  leakage  rarrent  from  the  diodes  at  0.5  V  reverse  bias  measured  in  the 
dark  was  in  the  range  of  130-300  pA.  Them  measurements  were  taken  at  low  to  medium 
reverse  bias  of  0.5  V  over  a  depletion  region  of  70  nm  to  field  emission 


Table  I  Deep  Level  dgmtarei  menu  red  from  Anrhcnfan  plots 


Label 

Bna(eV) 

Oa  (cm2) 

Possible 

Comparison 

Ena(eV)  Oa(an2) 

Ref 

N1 

0.296±0.003 

4.910.8  xlO-W 

EL7 

0.30 

7.2  x  10-15 

10 

N2 

0.416*0.006 

6*2x10-15 

EB5 

0.48 

2.6  x  10-13 

10 

N3 

0.641*0.009 

6*3x10-13 

EL3 

0.575 

(0.5-2.0)  x  10-13 

10 

N4 

0.862*0.009 

7±4xlO-U 

EB3 

0.90 

3.0x10-11 

10 

NS  low  T 

0.75*0.06 

7  x  10*1* 

EL2 

0.825 

(0.8-1.7)x  10-1310.1 1 

NS  high  T 

0.85*0.07 

6  x  10"12 

E5D 

0.76 

2.3x10-13 

11 

N5  Low  Power0.69ifl.03 

4xl0*14 

E5D 

0.76 

2.3x10-13 

11 

Of  die  electron  traps  cited  EL7,  BBS  and  E5D  (die  D  suffix  is  used  to  distinguish  the  trap  E5 
measured  by  Day  et  al)  are  associated  with  as  grown  MBE  material.  EL3  and  EL2  are 
associated  with  vapour  phase  epitaxy  material,  mooch  it  is  well  known  that  EL2  may  be 
induced  by  thermal  annealing  above  500  K.  The  trap  EB3  is  caused  by  electron  irradiation.  The 
traps  N1-N4  measured  here  ail  show  normal  exponential  behaviour.  The  non-exponential 
behaviour  of  trap  N5  is  evident  in  figure  1,  it  follows  EL2  at  low  measurement  temperatures  and 
E5D  at  high  temperature.  This  is  either  caused  by  interference  from  another  deep  level,  or 
transition  of  the  material  to  another  stale  which  induces  a  different  deep  level.  A  further  trap  is 
observed  but  is  out  of  range  of  measurement  at  temperatures  shove  that  for  N5  and  will  not  be 
discussed.  The  traps  N!  -  N3  are  also  present  in  material  etched  at  medium  power  of  80  W. 


2  Low  Power  Etched  OaAx  and  control  sample* 


Figure  2  shows  an  expanded  portion  of  the  Arrhenius  plots  shown  in  figure  1  overlaid  with 
deep  levels  from  low  power  etching  and  two  control  samples.  The  control  (unetched)  sample 
show  only  one  trap  present  coincident  with  N4.  The  low  power  etched  sample  has  two  deep 
levels,  one  coincident  with  N4  present  in  both  control  samples  and  high  power  etched  samples. 
The  second  trap  follows  the  high  temperature  portion  of  N5  but  displays  normal  exponential 
behaviour.  This  supports  the  hypothesis  that  N5  as  measured  on  the  high  power  samples  is 
composed  of  two  different  deep  levels. 
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3  Calculation  of  Depth  Profiles 

By  varying  die  pulse  height  and  quiescent  reverse  bias  and  measuring  the  DLTS  peak 
height,  a  depth  profile  can  be  constructed.  The  most  important  correction  to  the  trap 
concentrationNx  given  in  a  corresponding  expression  by  Sah,12 

^r=((C»/Ci)a-l)iV1>  (l) 

where  C,  is  the  capacitance  change  at  t=0,  Cm  is  the  capacitance  at  infinite  time  after  the  fill 

pulse,  Nd  the  donor  concentration;  is  a  correction  factor  given  by  Bleicher  and  Lange13  which 
takes  account  of  the  depth  over  which  deep  levels  take  part  in  the  measurement  The  region  is 
analogous  to  the  depletion  zone  W,  and  is  the  distance  from  the  edge  of  the  depletion  zone  to 
were  the  Fermi  level  Ep  crosses  the  energy  of  the  deep  level  Et  under  each  bias  condition  V. 
The  distance  A,  is  given  by. 


v  7nd 


-Et) 


(2) 


where  q  is  the  electronic  charge,  and  Er  and  Eo  are  the  relative  permitivity,  and  permitivity  of 
free  space.  The  trap  concentration  including  the  correction  factor  is. 


r  ((C,/Ct)a-1)/VD 

T~^(EF-ET)^V(Cm/C,)- 1)2 


(3) 


The  distance  plotted  on  in  figures  3  (a)  and  (b)  is  the  mid  point  of  the  Wi  -  Ai  and  W2  - 
A2  where  the  subscripts  represent  the  upper  and  lower  voltages  of  the  fill  pulse.  A  further 
correction  for  the  abrupt  depletion  approximation  was  not  applied,  this  may  underestimate  the 
concentration  in  the  worse  case  of  high  temperature  at  low  reverse  bias14. 


A  Low  power  N4  ■  Low  power  N5 

Figure  3(a)  Trap  concentration  in  high  power  Figure  3(b)  Trap  concentration  in  low 

etched  sample.  power  and  control  (unetched)  samples. 


The  straight  lines  in  figure  3(a)  give  good  least  squares  fits  to  an  exponential  function  of  the 
concentration  for  three  of  the  five  traps  Nl,  N2  and  NS  at  0.30  0.42  and  0.8  eV.  The  trap  N3  at 
0.64  has  only  one  measurable  point.  The  deep  level  at  N4  at  0.86  eV  shows  an  initial 
exponential  decrease  with  depth  and  then  a  plateau  at  2.3  x  1014  cm-3.  Referring  to  figure  3(b) 
control  samples  contain  die  trap  N4  at  this  concentration  and  allows  us  to  account  for  the  non¬ 
exponential  decrease  in  concentration  as  it  approaches  a  common  plateau.  Broadly  the  data 
shows,  the  shallower  the  energy  of  the  trap  the  deeper  the  physical  penetration  into  the  lattice. 

The  low  power  etched  samples  differ  from  the  high  power  in  three  remarkable  ways.  First 
there  is  an  absence  of  traps  Nl  N2  and  N3.  secondly  the  trap  NS  coincident  with  NS  at  high 
temperature  in  the  high  {tower  etch  sample  has  increased  in  concentration  towards  the  surface. 
The  trap  N4  present  in  high  and  low  power  etched  samples  and  control  sample  has  apparently 
decreased  in  concentration  from  that  present  in  the  control  samples. 


Discussion  of  damage  mechanism 

The  penetration  of  ions  into  the  substrate  by  ion  bombardment  is  small  according  to  energy 
loss  calculations.  At  low  energies  Le.  up  to  150  eV  the  creation  of  vacancies  and  phonons  all 
occur  within  3  nm  of  the  surface. 

A  possible  explanation  of  the  deep  level  distribution  is  that  the  surface  is  disordered  by  RIE 
(both  high  and  low  power  etched  samples  show  increased  deep  levels  toward  the  surface).  A 
common  phenomena  on  the  surface  of  metals13  refactory  materials16  and  semiconductors17  is 
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the  formation  of  ridges,  steps  and  (emeea  when  the  material  it  heated.  In  tome  cates  this  is 
accocapaaied  by  adaoption  of  gates.  These  features  observed  by  LEED.  RHEED  and  STEM 
can  range  frees  ategle  mobs  displacement*  to  macroscopic  features.  The  features  form  after  an 
activation  energy  Sat  been  surmounted  to  produce  a  surface  with  a  lower  free  energy.  The 
etching  process  also  provides  energy  to  the  mrfece  in  addition  to  chemical  species.  If  the  etched 
surface  is  in  a  different  free  energy  stale  than  the  bulk  of  the  lattice,  or  indeed  an  unetched 
surface,  this  transition  from  surface  to  baft  could  be  accommodated  by  point  defects  forming 
deep  levels,  therby  relaxing  the  energy  difference  from  surface  to  bulk  material. 


It  has  been  shown  elsewhere3  that  a  phenomenological  model  can  account  for  the  conductances 
in  dry  etched  wins  formed  from  selective  masking  of  GaAs.  Briefly,  point  defects  are  assumed 
to  be  generated  from  a  source  function  and  fall  off  over  a  characteristic  length.  For  unmasked 
material  the  top  surface  is  moving  as  It  is  etched.  Similarly  the  aide  walls  of  wires  formed  by 
masking  selective  mess  receive  an  integrated  dose  of  ion  bombardment  (more  at  the  side  wall 
near  the  masked  surface,  less  near  the  newly  exposed  side  wall).  Although  the  conductances  of 
the  wires  can  be  successfully  modeled  with  only  two  parameters,  these  represent  the  integrated 
contribution  of  die  different  traps. 

fVwirliuriruM 

Five  (possibly  six)  deep  levels  have  been  measured  and  their  signatures  compared  with  traps 
in  the  literature.  When  die  power  density  is  reduced  from  0.66  Wcnr2  to  0.053-0.066  Wcnr2 
the  traps  Nl,  N2  and  N3  disappear.  At  high  power  e.g.  at  the  3  x  1014  cm*3  concentration,  N1 
extends  to  -140  nm,  N2  to  -100  nm  and  N5  -40  dm,  N4  does  not  fall  below  3  x  1014  cm*3 
within  the  measured  range.  The  low  power  etch  Shows  an  increase  in  concentration  at  the 
surface  of  the  trap  N5,  however  this  falls  off  more  quickly.  Also  the  concentration  of  deep  level 
N4  is  apparently  reduced  from  that  of  the  control  sample.  All  trap  concentrations  are  below  the 
1014  cm*3  level  at  -60  nm.  These  changes  suggests  a  rearrangement  of  atoms  near  the  surface 
under  the  different  etch  conditions  which  cause  the  point  defects  or  deep  levels. 

The  authors  gratefully  acknowledge  R.  Darkin  and  D.  Clifton  for  assistance  with  RIE.  This 
work  is  funded  by  SERC  under  Grant  Nos.  GR/F  31472  and  GR/E 18186. 
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ABSTRACT 

The  optical  absorption  of  the  band  edge  of  GaSb  layers 
grown  on  semi-insulating  GaAs  substrates  by  the  molecular  beam 
epitaxy  (MBE)  technique  is  studied  as  a  function  of 
temperature.  A  free  exciton  absorption  peak  at  0.807  eV  was 
observed  at  10  K.  The  free  exciton  line  is  observed  in  either 
thick  samples  (5  Jim  thick)  or  samples  with  -0.1  nm  thick  AlSb 
buffer  layers.  The  latter  samples  suggest  that  the  Alsb  buffer 
layer  is  very  effective  in  preventing  some  of  the  dislocations 
from  propagating  into  the  MBE  GaSb  layers.  The  fitting  of  the 
band  gap  of  the  GaSb  layers  as  a  function  of  temperature  gives 
a  Debye  temperature  different  than  that  of  the  bulk  GaSb 
calculated  from  the  elastic  constants. 


INTRODUCTION 

There  is  an  increasing  interest  in  type  II  superlattices 
based  on  InAs/InGaSb  for  very  long  wavelength  infrared 
detection.1  The  optical  transitions  in  this  class  of 
materials  are  between  the  lowest  miniband  in  the  valence  band 
well  to  the  lowest  miniband  in  the  neighboring  conduction  band 
well.  When  the  quantum  confinement  effects  are  small,  band 
offset  can  produce  band-to-band  transition  energies  less  than 
the  bulk  band  gap  of  the  constituent  materials.  However, 
there  are  a  few  problems  preventing  the  full  realization  of  the 
theoretical  prediction  of  the  above  quantum  structure.  One  of 
these  problems  is  the  choice  of  the  substrate  on  which  the 
super lattices  are  grown.  in  order  to  introduce  the  desired 
strain  in  InAs/InGaSb  type  II  superlattices,  the  lattice 
constant  of  the  substrate  should  be  between  those  of  InAs  and 
InSb.  GaSb  substrate  is  one  of  these  materials  that  satisfies 
the  above  condition.  The  substrate  should  also  contain  a  low 
free  carrier  concentration  in  order  to  permit  the  interband 
optical  absorption  measurements  in  the  far-infrared  spectral 
region.  Unfortunately,  the  techniques  used  to  grow  bulk  GaSb 
substrates  were  unable  to  produce  semi-insulating  materials. 
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In  addition,  the  free  carrier  absorption  in  all  GaSb  substrates 
(typical  thickness  of  O.S  mm)  tested  by  us  was  very  high  such 
that  the  transmission  in  the  far-infrared  region  is  almost 
zero.  An  alternative  scheme2  was  developed  to  grow  InAs/lnGaSb 
type  II  superlattices  on  GaAs  substrates  with  inAs  or  GaSb 
buffer  layers. 

In  this  article,  we  present  optical  absorption  of 
molecular  beam  epitaxial  (MBE)  GaSb  layers  grown  on  semi- 
insulating  GaAs  substrates.  The  quality  of  the  GaSb  layers 
were  greatly  improved,  as  judged  by  the  observation  of  free 
exciton  absorption  line  when  a  thin  AlSb  buffer  layer  is  grown 
between  the  GaSb  layer  and  GaAs  substrate.  The  band  gap 
variation  of  GaSb  layers  as  a  function  of  temperature  is 
studied. 


EXPERIMENTAL  TECHNIQUES 

The  MBE  GaSb  layers  were  nominally  undoped  1.0  -  5.0  |im 
thick  grown  on  (100)  oriented  semi -insulating  GaAs  substrates. 
The  growth  rate  of  GaSb  was  0.93  monolayer/sec.  A  few  GaSb 
samples  were  grown  with  a  0.10  pm  thick  AlSb  buffer  layer.  The 
growth  rate  of  the  AlSb  buffer  layers  was  0.71  monolayer/sec. 
The  optical  absorption  spectra  were  recorded  using  Cary  05E 
spectrometer  with  a  closed  cycle  refrigerator.  The  temperature 
was  controlled  between  10  and  300  K  to  within  ±1  K. 

RESULTS  AND  DISCUSSIONS 

The  optical  absorption  spectra  recorded  at  10  K  for  three 
different  samples  are  shown  in  Fig.  1.  Spectra  (a)  and  (b) 
were  taken  for  two  samples  with  the  AlSb  buffer  layer  and 
spectrum  (c)  was  taken  for  a  sample  without  the  AlSb  buffer 
layer.  The  absorption  peak  at  0.807  eV  is  identified  as  the 
free  exciton.3  This  exciton  line  is  resolved  up  to  45  K.  It 
is  clear  from  Fig.  1  that  the  free  exciton  absorption  is  almost 
washed  out  in  spectrum  (c) .  This  is  a  typical  result  for  all 
GaSb  samples  grown  on  GaAs  substrates  without  the  AlSb  buffer 
layer  and  with  thickness  less  than  2  pm. 

The  quality  of  the  GaSb  layers  is  greatly  improved  by 
adding  an  AlSb  buffer  layer.  The  improvement  of  the  quality  of 
GaSb  is  judged  by  the  observation  of  the  sharp  optical 
absorption  line  due  to  the  free  exciton  as  shown  in  Fig.  1. 
In  addition,  it  was  reported4  that  the  hole  mobility  in  p-type 
GaSb  layers  grown  on  GaAs  substrates  is  improved  by  adding  an 
AlSb  buffer  layer.  It  is  tempting  to  assume  that  the 
improvement  of  the  GaSb  layer  quality  is  due  to  the  fact  that 
AlSb  buffer  layer  partially  prevents  the  dislocation  from 
propagating  into  the  the  GaSb  layer.  Thus,  the  band  edge  and 
free  exciton  absorption  are  smeared  out  in  samples  with  high 
dislocation  density  or  even  high  impurity  concentrations.  A 
complete  study  of  impurity  and  dislocation  effects  on  the  band 
edge  absorption  is  reviewed  by  Blakemore.5 
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Fig.  1.  The  optical  absorption  coefficient  of  three  GaSb 
samples  as  a  function  of  photon  energy.  Spectrum  (a)  was 
taken  for  a  GaSb/AlSb/GaAs  substrate  sample  with  GaSb 
thickness  (t)  of  4.00pm.  Spectrum  (b)  is  the  same  as  as 
spectrum  (a),  but  t  =  2.40pm.  Spectrum  (c)  was  taken  for  a 
GaSb/GaAs  substrate  sample  with  GaSb  thickness  of  2.37pm.  All 
spectra  were  recorded  at  10  K.  The  absorption  peak  at  0.80 7eV 
is  due  to  the  free  exciton  in  GaSb  layer.  The  structure 
observed  below  the  band  gap  is  interference  fringes. 

Transmission  electron  microscopy  (TEM)  study  shows  that 
the  dislocations  density  in  GaSb  layers  was  reduced  by  adding 
AlSb  buffer  layer  between  the  GaSb  layer  and  GaAs  substrate. 
This  is  shown  in  Fig.  2.  It  is  clear  from  this  figure  that  the 
GaSb  layer  shown  in  Fig.  2(a)  contains  more  dislocations  than 
that  with  AlSb  buffer  layer  as  shown  in  Fig.  2(b) . 


Fig.  2.  TEM  images  of  two  GaSb  layers  grown  on  GaAs 
substrates.  One  layer  was  grown  without  (a)  and  with  (b)  AlSb 
buffer  layer 
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A  different  scheme  of  improving  the  quality  of  Gasb 
epitaxial  layers  was  reported.6  in  this  scheme,  a  short  period 
superlattice,  (SO  A  AlSb/50  A  GaSblxlO,  was  introduced  which 
was  found  to  be  very  effective  in  preventing  the  nonradiative 
recombination  centers  and  carrier  scattering  centers  from 
propagating  in  the  GaSb  layers  grown  on  GaAs  substrates.  In 
addition,  a  free  exciton  absorption  peak  was  observed7  in  10pm 
undoped  MBE  GaSb  layer  grown  on  GaAs  substrate  without  the  Alsb 
buffer  layer.  The  observation  of  the  free-exciton  in  thick 
epi-layers  suggests  that  the  dislocation  density  is  decreased 
by  increasing  the  layer  thickness.  Additional  evidence  of  the 
latter  assumption  is  provided  in  Fig.  3.  In  this  figure  we 
plotted  three  spectra  bf  three  GaSb  layers  grown  directly  on 
GaAs  substrates.  Spectrum  (a)  was  taken  for  2.0pm  thick  Gasb 
layer  and  spectra  (b)  and  (c)  were  taken  for  5.0  pm  thick  Gasb 
layers . 

Spectrum  (a)  shows  a  weak  free  exciton  line  at  -1531.0  run 
(-0.81  eV)  which  is  the  energy  value  of  the  free  exciton  in  the 
bulk  GaSb.  Spectrum  (b)  shows  a  sharp  and  strong  free  exciton 
line  at  -1535.0  nm  (-0.808  eV)  .  on  the  other  hand,  spectrum 
(c)  shows  a  very  week  exciton  line  at  -1541.0  nm  (-0.804  eV) . 
Spectrum  (c)  indicates  that  the  GaSb  is  highly  strained 
probably  due  to  the  presence  of  excessive  dislocations  and 
defects  that  were  generated  during  the  MBE  growth.  However,  it 


Fig.  3.  Optical  Absorption  Spectra  of  three  GaSb  samples  grown 
directly  on  GaAs  substrates  with  different  thicknesses  (a)  2.0 
pm  thick,  (b)  5.0  pm  thick,  and  (c)  5.0  pm  thick. 


is  clear  that  the  quality  of  the  layers  is  improved  when  the 
the  thickness  of  the  layer  is  increased.  This  is  apparent  in 
the  case  of  spectrum  (b)  as  compared  to  spectrum  (a). 
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The  band  edge  absorption  of  the  GaSb  layer  is  studied  as  a 
function  of  temperature.  The  result  is  shown  in  Fig.  4.  It  is 
well  known  that  the  band  edge  of  any  semiconductor  becomes  less 
steep  (less  abrupt)  as  the  temperature  is  increased.  This 
phenomenon  causes  a  difficulty  in  determining  the  band  gap 
energy  as  a  function  of  temperature  especially  above  50  K  where 
the  free  exciton  peak  is  completely  washed  out.  In  the  present 
study,  the  band  gap  is  determined  from  the  following  relation: 
Eg  ■  (Eo+Ei)/2  where  Eg  is  the  band  gap,  Eo  is  the  threshold 
energy  at  which  the  band  edge  absorption  starts  to  rise,  and 
Ei  is  the  energy  at  the  top  of  the  band  edge  absorption. 
Thus,  Ei  is  taken  as  the  free  exciton  energy  for  T  S  50  K.  The 
results  are  shown  as  open  squares  in  Fig .  4 .  The  experimental 
results  are  fitted  with  the  following  relationship.9 


Eg  =  Eg(0)  -  a  T2/(T+|S),  (l) 


where  Eg(0)  is  the  band  gap  at  0  K,  a  is  a  constant,  and  P  is 
approximately  the  0  K  Debye  temperature  [8d(0)].  The  fitting 
procedure  gives  E9(0)  =  0.8056  eV,  a  =  4.533xl0-4,  and  p=  192. 
The  result  is  plotted  as  the  solid  line  in  Fig.  4. 


Temperature  (K) 

Fig.  4.  The  band  gap  (Eg)  variation  as  a  function  of 
temperature.  The  open  squares  represent  the  experimental  data, 
the  solid  line  is  the  the  results  of  fitting  Che  experimental 
data  using  Eq.  (1)  with  Eg,  otandpas  fitting  parameters.  The 
dashed  line  is  the  same  as  the  solid  line,  but  replacing  Pwith 
6d(0)  =  265.5.  The  value  of  ffpfO)  was  taken  from  reference  13. 
The  dashed-dotted  line  is  the  same  as  the  solid  line,  but  with 
a=  6.0x10 -4  (Ref.  81  and  P=  265.5. 


I  ‘ 

j  1 

|  An  expression  of  the  0  K  Debye  temperature,  0D(O),  is 

'  j  derived  as  a  function  of  the  elastic  constants  (Cix,  C12.  and 

C44)  for  semiconductors10  which  was  then  used  to  estimate 
0p(O)  for  many  semiconductors.11  Steigmeier  estimated  that 
j  @o(0)  =  265.5  for  Gasb  material.11  The  dashed  line  in  Fig.  4  is 

the  result  of  plotting  Eq.  (1)  when0n(O)  =  265.5  is  used  in 
j  this  equation  instead  of  p.  The  values  of  Eg  and  a  are  the 

same  for  both  the  solid  and  dashed  lines.  On  the  other 

hand,  the  dashed-dotted  line  is  the  result  of  plotting  Eq.  (1) 
when  a  and  0are  taken  for  the  bulk  material  as  6.0xl0~4  and 
265.5,  respectively.8'11  In  both  cases  the  results  are 
different  from  the  experimental  data  (open  squares) .  If  one 
assumes  that  Eq.  (1)  withP-  0d(O)  =  265.5  is  valid  for  the 
,  bulk  GaSb  materials8'9,  then  it  is  tempting  to  explain  the 

difference  between  the  solid  and  dashed  (or  dashed- dot ted) 
lines  in  Fig.  3  according  the  following  proposition.  The 
’  present  GaSb  layers  are  not  completely  relaxed  and  local 

1  (residual)  strains  are  still  present  in  these  layers,  which 

resulted  in  different  elastic  constants  (Cu,  C12.  and  C44)  for 
the  epitaxial  layers  as  compared  to  the  those  of  the  bulk  GaSb 
materials.  Hence,  the  difference  between  Pand0D(O),  which  is 
reflected  in  the  solid  and  dashed  lines  in  Fig.  3,  can  be  used 
qualitatively  to  predict  the  presence  of  local  strains. 
Additional  support  for  the  presence  of  residual  strains  in  Gasb 
layers  is  that  the  free  exciton  absorption  peak  in  spectra  (a) 
j  and  (b)  in  Fig.  1  is  observed  at  -0.807  eV.  On  the  other  hand, 

I  the  free  exciton  absorption  peak  in  10  urn  thick  mbe  GaSb 

sample7  and  bulk  GaSb  samples3  is  observed  at  0.810  eV.  The  -3 
i  meV  energy  difference  is  most  likely  to  be  due  to  the  presence 

of  local  strains  in  the  present  samples.  Even  a  small  energy 
difference  (-0.5  meV)  between  the  free  exciton  peak  in  Fig.  1 
spectra  (a)  and  (b)  is  detected,  we  also  foud  that  the 
parameter  p is  sample  dependent  in  agreement  with  the  fact  that 
each  sample  may  contain  different  amount  of  strains  depending 
on  the  dislocations  and  defects. 

The  assertion  that  P~8d(0)  =  265.5  for  bulk  Gasb  is 

probably  a  very  reasonable  assumption.  For  example,  recent 
measurements12  on  metal-organic  vapor  phase  epitaxial  GaSb  show 
;  that  P  «*  265  for  20  )im  thick  undoped  samples.  This  parameter 

i  was  found  to  be  as  low  as  p  »  94  for  liquid  phase  epitaxial  Te- 

f  doped  GaSb  samples.13  The  variation  of  p  values  in  different 

]  GaSb  samples  seems  to  provide  additional  support  for  the 

j  hypothesis  that  the  difference  between  PandSofO)  (see  Fig.  4] 

1  may  be  due  to  local  strains  in  the  GaSb  layers. 


CONCLUSIONS 

In  conclusion,  we  presented  optical  absorption 
measurements  of  molecular  beam  epitaxial  GaSb  layers  grown  on 
semi-insulating  GaAs  substrates.  A  free  exciton  absorption 
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peak  was  observed  in  GaSb  layers  when  an  AlSb  buffer  layer  was 
present .  Zt  is  concluded  that  the  improvement  of  the  optical 
absorption  spectra  in  thick  GaSb  layers  and  layers  with  AlSb 
buffer  layers  is  due  to  the  decrease  of  dislocation  density  and 
defect  concentrations.  TEM  study  also  shows  that  the 
dislocations  density  in  GaSb  layers  is  decreased  by  adding  AlSb 
buffer  layers.  The  current  GaSb/AlSb  layers  grown  on  semi- 
insulating  GaAs  substrates  may  present  a  very  useful  scheme  as 
buffer  layer  for  Sb-related  strained-layer  super lattices .  The 
band  gap  energy  of  GaSb  was  studied  as  a  function  of 
temperature.  It  is  found  that  the  Debye  temperature  of  GaSb 
layer  estimated  from  the  temperature  dependence  of  the  band  gap 
to  be  smaller  than  the  Debye  temperature  calculated  from  the 
bulk  GaSb  elastic  constants.  This  discrepancy  is  attributed  to 
the  difference  between  the  elastic  constants  of  GaSb  epi-layer 
and  the  bulk  GaSb  due  to  the  presence  of  local  (residual) 
strains  in  the  MBE  GaSb  layers. 
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ABSTRACT 

For  the  GaAs  buffer  layer  deposited  on  Si  substrate  at  80  *C  and  annealed  at  300  “C  for  10 
min,  the  size  of  most  GaAs  islands  was  observed  as  -  10  nm  but  large  islands  (~  40  nm)  were 
also  seen.  According  to  the  calculation  of  spacing  of  moire  fringes,  large  GaAs  islands  are 
considered  to  be  rotated  about  4  *  with  respect  to  the  Si  substrate  normal.  However,  for  the 
main  GaAs  film  overgrown  on  the  GaAs  buffer  layer  at  580  *C,  moire  fringes  with  the  spacing 
of  5  nm  (GaAs  film  without  rotation)  completely  coveted  the  surface  of  Si  substrate.  Misfit 
dislocations  and  stacking  faults  were  already  formed  at  the  growth  stage  rtf  buffer  layer. 
Stacking  faults  and  misfit  dislocations  consisting  ofLonter  and  60  °  dislocations  were  observed 
in  GaAs  films  grown  at  580  *C  However,  after  rapid  thermal  annealing  at  900  *C  for  10  sec, 
only  Lomer  dislocations  with  1/2(110]  and  l/2[- 110]  Burgers  vectors  were  observed. 


INTRODUCTION 

There  is  a  considerable  interest  in  the  heteroepitaxial  growth  of  GaAs  film  on  Si  substrate 
because  of  the  opportunity  to  combine  the  best  properties  of  the  two  materials  [1].  However, 
high  densities  of  threading  dislocations  and  stacking  faults  are  framed  due  to  the  differences  in 
lattice  parameters  and  thermal  expansion  coefficients.  The  formation  of  crystal  defects  depends 
on  the  detail  growth  conditions  at  each  growth  stage.  In  this  work,  GaAs  films  were  grown  on 
tilted  Si  (001)  substrate  by  a  modified  two-step  molecular  beam  epitaxy  (MBE)  method.  Two 
types  of  GaAs  islands  were  found  in  the  initial  stage  of  growth  and  the  interfacial  defects 
developed  at  each  growth  stage  were  investigated  using  transmission  electron  microscopy 
(TEM). 


EXPERIMENTAL  DETAILS 

In  order  to  study  the  initial  stage  of  growth,  amorphous  GaAs  buffer  layers  18  nm  thick  were 
deposited  on  Si  substrates  at  80  °C  in  a  MBE  system  and  they  were  furnace-annealed  (solid 
phase  epitaxy)  at  300  *C  for  10  min  (sample  1)  and  20  min  (sample  2)  in  a  N2  atmosphere, 
respectively.  For  complete  growth  of  the  GaAs  film,  the  substrate  temperature  was  slowly 
increased  to  580  °C  and  the  main  GaAs  film  of  0.5  Jim  thickness  was  grown  after 
crystallization  of  the  amorphous  GaAs  buffer  layer  in  the  MBE  system  (sample  3).  Finally,  to 
decrease  the  density  of  defects,  rapid  thermal  annealing  (RTA)  treatment  was  carried  out  on 
sample  3  at  900  *C  for  10  sec  in  N2  atmosphere  (sample  4).  The  Si  substrate  used  in  this  work 
was  tilted  by  4  °  tern  [001]  to  [1 10]  direction.  The  plane  view  TEM  samples  were  prepared  by 
mechanical  grinding  and  subsequent  ion  milling  at  liquid  nitrogen  temperature.  During  the  first 
stage  of  tire  ion  milling,  the  energy  of  ions  was  4  keV  with  glancing  angle  of  17  degrees  and 


Figure  1.  Bright  field  image  of  GaAs  film  deposited  at  80  °C  and  annealed  at  300  °C  for  10 
minutes. 


during  the  later  stage  of  the  ion  milling,  an  even  lower  energy  of  3  keV  with  13  degrees  of 
glancing  angle  was  used  to  minimize  the  damage  induced  during  the  ion  milling.  A  Philips 
CM20  T/STEM  microscope  was  used  to  observe  die  samples. 


RESULTS  AND  DISCUSSION 

Figure  1  shows  a  plane  view  TEM  bright  field  image  taken  under  (220)  two  beam  condition. 
Moire  fringes  due  to  the  mismatch  between  Si  and  GaAs  lattice  parameter  are  shown  in  this 
figure  and  the  regions  of  moire  fringe  indicate  the  GaAs  islands  on  Si  substrate.  GaAs  islands 
can  be  divided  into  two  groups  with  respect  to  the  size  and  spatial  period  of  moire  fringes.  For 
most  of  the  GaAs  islands  marked  as  A  in  fig.  1,  the  size  is  ~  10  nm  and  the  spacing  of  the 
moire  pattern  is  about  5  nm.  The  spacing  of  the  parallel  moire  pattern  due  to  the  (220)  beam  is 
calculated  as  4.8  nm  which  agrees  with  our  experimental  value.  The  same  type  of  moire  pattern 
was  observed  in  previous  study  [2], 

For  some  of  the  GaAs  islands  marked  as  B  in  fig.  1,  the  size  is  about  40  nm  and  the  spacing 
of  the  moire  fringe  is  about  2.3  nm.  The  Si  substrate  used  in  this  work  was  tilted  by  4  *  from 
[001]  to  [110]  direction  and  tilt  of  GaAs  film  was  observed  in  previous  study  [3].  Even  if 
[001]  of  GaAs  film  is  tilted  toward  the  [110]  direction,  parallel  moire  fringes  with  3  nm 
spacing  are  expected.  The  spacing  of  moire  fringes  with  2.5  nm  could  be  explained  by  taking 
into  account  the  rotation  of  GaAs  film  about  substrate  surface  normal.  Using  d„  =  (d  ,dj/(  d,2  + 
d/-  2d,djCosa  X,fl  where  d,  is  interplanar  distance  of  Si  (220),  d2  is  inteiplanar  distance  of 
GaAs  (220)  and  a  is  rotation  angle  [4],  the  amount  of  rotation  is  calculated  as  4  \  In  order  to 
study  the  behavior  of  GaAs  islands,  one  of  the  amorphous  GaAs  film  on  Si  substrate  has  been 
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Figure  2.  Bright  field  image  of  GaAs  film  deposited  at  80  °C  and  annealed  at  300  °Cfor20 
minutes. 

annealed  at  300 °C  for  20  min  (sample  2).  Figure  2  shows  plane  view  bright  field  image  of 
sample  2  taken  under  (220)  two  beam  condition.  Two  types  of  GaAs  islands  were  also  found 
and  the  number  of  small  GaAs  islands  is  increased.  For  sample  3  where  main  viaAs  film  was 
completely  grown  on  Si  substrate  at  580  °C,  moire  pattern  with  5  nm  spacing  completely 
covered  the  Si  substrate  as  shown  in  fig.  3.  Above  results  imply  that  at  the  initial  stage  of 
growth  at  300  "C,  both  unrotated  and  rotated  GaAs  islands  are  formed  but  at  later  stage  of 
growth  at  580  °C,  only  unrotated  GaAs  islands  arc  formed.  Therefore,  it  can  be  concluded  that 
the  rotated  GaAs  islands  stable  at  300  °C  become  unstable  as  temperature  increases  and  finally 
disappear  at  580  *C.  According  to  a  previous  study,  for  GaAs  film  grown  on  tilted  Si  substrate 
by  migration-enhanced  epitaxy  exhibited  not  only  tilt  but  also  rotation  [5].  It  is  suggested  that 


Figure  3.  (220)  dark  field  image  of  GaAs  film  overgrown  on  the  GaAs  buffer  layer  at  580  °C. 


Figure  4.  (a)  (220)  dark  field  image  of  the  area  away  from  the  interface,  and  (b)  g^  and  3g 
weak  beam  image  at  the  interface  of  GaAs/Si  system  grown  at  580  *C. 


the  rotation  of  GaAs  film  is  influenced  by  the  initial  growth  condition  [5],  However,  for  our 
system,  mare  study  is  needed  to  explain  the  behavior  of  rotated  GaAs  islands. 

Misfit  dislocations  are  observed  in  both  small  and  large  GaAs  islands  as  indicated  by  the 
arrow  heads  in  fig.  1.  Even  if  stacking  faults  were  not  found  in  fig.  1,  they  were  observed  in 
cross  sectional  high  resolution  TEM  image  [6].  Therefore,  the  lattice  mismatch  between  GaAs 
film  and  Si  substrate  is  accommodated  by  misfit  dislocations  and  stacking  faults  in  this  early 
stage  of  growth. 

Figure  4(a)  is  a  (220)  dark  field  image  of  sample  3  taken  in  the  area  away  from  the  interface 
between  GaAs  film  and  Si  substrate.  Stacking  faults  and  high  density  of  threading  dislocations 
can  be  observed  in  fig.  4(a).  In  order  to  investigate  defect  structure  at  die  GaAs/Si  interface. 


Figure  5.  (a)  g^  and  3g  weak  beam  image,  and  (b)  bright  field  image  taken  under  (400)  two 
beam  condition  of  GaAs/Si  system  with  RTA  treatment  at  900  *C  for  10  seconds. 


Figure  6.  (a)  (220)  duk  field  image,  and  (b)  (-220)  dark  field  image  of  GaAa/Si  system 
with  RTA  treatment  at  900  *C  far  10  seconds. 

ion  milling  was  carried  out  for  IS  minutes  more  on  the  GaAs  surface.  Figure  4(b)  shows  a 
(400)  weak  beam  image  taken  at  the  interface.  Grid-like  dislocation  running  along  the  [  1 10] 
and  [-1 10]  directions  are  shown  in  fig.  4(b).  According  to  the  previous  study,  both  Lomer  and 
60  *  dislocation  is  present  in  this  sample  [7]. 

In  order  to  decrease  the  defects  in  the  system,  one  of  sample  3  was  annealed  at  900  *C  for  10 
seconds.  (400)  weak  beam  and  bright  field  images  are  shown  in  figs.  5(a)  and  S(b), 
respectively.  Grid-like  misfit  dislocations  with  a  distance  of  10  nm  are  evenly  developed  in 
bodi  [110]  and  [-110]  direction.  In  order  to  determine  the  Burgers  vector  of  the  dislocations 
developed  in  this  sample,  pictures  were  taken  under  both  (220)  and  (-220)  two  beam  conditions 
as  shown  in  figs.  6(a)  and  6(b),  respectively.  Misfit  dislocations  developed  along  [110] 
direction  are  shown  in  fig.  6(a)  taken  using  g=220  beam  and  those  developed  along  [-110] 
direction  are  shown  in  fig  6(b)  (see  arrow  heads)  taken  using  g=-220  beam.  Therefore,  Burgers 
vectors  of  the  misfit  dislocations  are  l/2[  1 10]  and  l/2[-U0]  which  are  in  (001)  plane, 
indicating  pure  edge  dislocation  (Lomer  dislocation).  Since  the  distance  between  the 
dislocations  is  10  nm,  the  misfit  (-  4%)  between  GaAs  and  Si  is  completely  accommodated  by 
pure  edge  dislocation.  Above  results  indicate  that  rapid  thermal  anneling  at  900  °C  drastically 
reduces  the  density  of  60  *  dislocations  and  stacking  faults,  and  misfit  between  GaAs  film  ami 
Si  substrate  is  relieved  by  Lomer  dislocations. 


CONCLUSION 

For  GaAs  buffer  layers  deposited  at  80  °C  and  annealed  at  300  °C  for  10  min,  the  size  of 
most  of  the  GaAs  islands  was  observed  as  -  10  nm  but  large  islands  with  -  40  nm  were  also 
observed.  According  to  the  calculation  of  spacing  of  moire  fringes,  large  GaAs  islands  are 
considered  to  be  rotated  about  4  °  with  respect  to  the  Si  substrate  surface  normal.  Two  types  of 
GaAs  islands  were  also  observed  in  GaAs  film  annealed  at  300  *C  fix-  20  min.  However,  for 
main  GaAs  film  overgrown  on  the  GaAs  buffer  layer  at  380  °C,  GaAs  film  without  rotation 


completely  coven  the  Si  substrate.  Therefore,  it  can  be  suggested  that  the  rotated  GaAs  islands 
at  the  initial  stage  at  growth  ( -  300  *C)  become  unstable  as  temperature  increases  and  finally 
disappear  at  the  laser  stage  of  growth  (-  580  *C).  Misfit  dislocations  woe  found  in  both  small 
and  lasg e  islands  at  the  early  stage  of  growth.  Grid-like  dislocations  consisting  of  Lomer  and 
60  *  dislocations  were  observed  at  the  interface  of  the  OaAa/Si  system  grown  at  580  *C. 
However,  after  RTA  treatment  at  900  *C  for  10  sec,  only  Lomer  dislocations  with  1/2(110) 
and  1/2J-1 101  Burgers  vectors  were  observed.  The  distance  between  the  dislocations  was 
measured  as  - 10  am  accommodating  4  %  mismatch  between  GaAs  film  and  Si  substrate. 
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ABSTRACT 

The  temperature  and  polarization  dependence  of  the  optical 
absorption  in  ZnGeP2  at  two  micrometers  is  reported  for  the  first 
time  over  the  temperature  range  from  10K  to  300K.  The  radiation 
was  normally  incident  upon  the  face  of  a  cubic  sample  which  con¬ 
tained  the  c-axis.  The  absorption  of  o-rays  (E  parallel  to  c),  and  e- 
rays  (E  perpendicular  to  c)  was  determined.  It  was  found  that  the 
e-ray  absorption  coefficient  was  always  significantly  larger  than  the 
o-ray  absorption  coefficient  and  that  it  had  a  less  significant  tem¬ 
perature  dependence.  For  example,  the  ratio  of  e-ray  to  o-ray  ab¬ 
sorption  coefficient  was  approximately  two  at  300K  and  five  at  77K. 
Correspondingly  the  o-ray  absorption  coefficients  were  reduced  upon 
cooling  to  77K  by  a  factor  of  2.5,  while  the  e-ray  absorption  coeffi¬ 
cients  were  reduced  only  slightly  (10%-20%).  These  results  indicate 
that  for  Type  I  optical  parametric  oscillators  (OPOs)  which  use  an  o- 
ray  pump  beam,  that  performance  may  be  improved  by  cooling  the 
crystal. 


INTRODUCTION 

The  temperature  and  polarization  dependence  of  the  optical 
absorption  in  ZnGeP2  at  two  micrometers  is  reported  for  the  first 
time  over  the  temperature  range  from  10K  to  300K.  This  parameter 
is  of  interest  because  it  is  related  to  the  performance  [1]  of  two  mi¬ 
crometer  pumped  OPOs  which  utilize  ZnGeP2  crystals.  An  OPO 
converts  short  wavelength  laser  output  into  longer  wavelengths  in  a 
continuous  fashion  utilizing  the  non-linear  optical  (NLO)  properties  of 
the  crystal.  ZnGeP2  is  nearly  the  ideal  candidate  for  this  application 
because:  its  large  second  order  NLO  coefficient  provides  efficient 
energy  conversion;  it  has  the  appropriate  birefringence  for  phase 
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matching  from  2-11  micrometers;  and  it  is  extremely  transparent  in 
the  mid-infrared.  In  addition,  it  has  excellent  mechanical  and 
thermal  properties  particularity  its  large  thermal  conductivity  which 
is  35  times  larger  than  that  of  the  state-of-the-art  material  AgGaSe2 
12]. 

ZnGeP2  is  an  ordered  ternary  diamond-like  semiconductor  with 
a  pseudo-direct  bandgap  of  2.00  eV  at  300K  and  has  the  chalcopyrite 
structure.  In  many  aspects  it  behaves  similarity  to  other  diamond¬ 
like  semiconductors  such  as  Si  and  GaAs.  It  is  the  ternary  analog  of 
GaP  as  Zn  and  Ge  are  nearest  neighbors  to  Ga  in  Period  Four.  The 
crystal  is  uniaxial,  the  c-axis  is  the  optical  axis  and  the  birefringence 
is  positive.  ZnGeP2  is  lattice  matched  to  both  GaP  and  Si.  Many  of  its 
intrinsic  and  extrinsic  electrical  and  optical  properties  are  orientation 
and  polarization  dependent.  Significant  near  edge  sub-bandgap  ab¬ 
sorption  extending  from  .7  to  3  micrometers  is  observed  in  Bridgman 
and  LEC  grown  crystals  which  are  found  to  be  universally  p-type.  It 
is  due  to  a  native  defect  which  is  a  deep  acceptor  (or  deep  acceptors) 
designated  as  AL1.  The  concentration  of  AL1  can  be  minimized  or 
maximized  by  appropiate  growth  conditions  and  post-growth  pro¬ 
cessing. 

The  purpose  of  this  paper  is  to  report  the  effect  cooling  has  on 
the  e-ray  and  o-ray  absorption  coefficients  for  ZnGeP2  in  the  sub- 
bandgap  spectral  region.  Of  special  interest  is  a  comparison  between 
room  temperature  (300K)  values  and  liquid  nitrogen  temperature 
(77K)  values  of  the  absorption  coefficients.  The  previous  relevant 
work  is  briefly  reviewed.  Most  previous  work  was  conducted  at 
room  temperature  and  ignored  polarization  effects.  However,  there 
are  two  interesting  papers  [3J,  [4]  which  report  the  temperature  de¬ 
pendence  of  the  absorption  for  energies  near  and  greater  than  the 
bandgap  (1.8  eV  to  2.2  eV),  one  of  which  [4]  considered  substrate 
orientation  and  polarization  effects. 

Gorban  et.  al  [3]  in  a  study  which  did  not  consider  orientation 
and  polarization  reported  that  the  absorption  coefficient  spectrum 
shifts  approximately  0.13  eV  toward  higher  energies  in  cooling  from 
300K  to  80K.  As  a  result,  near  2.0  eV  (0.6  micrometers)  the  absorp¬ 
tion  coefficient  was  reduced  by  a  factor  of  seven  or  greater  via  cool¬ 
ing. 

Tregub  [4]  utilized  the  same  geometry  as  in  our  study  and  re¬ 
ported  that  not  only  did  the  absorption  spectrum  shift  to  higher  en¬ 
ergies  upon  cooling  but  the  highest  absorbing  polarity  reversed 
comparing  300K  to  4.2K.  This  data  indicates  that  the  birefringence  of 
the  crystal  may  have  gone  from  positive  to  negative  upon  cooling  to 


4.2K  in  this  spectral  region.  At  2.00  eV  the  ratio  of  e-ray  to  o-ray 
coefficient  was  approximately  l.S  at  300K  and  0.65  at  4.2K. 
Correspondingly  the  o-ray  absorption  coefficient  was  reduced  by  a 
factor  of  2.3  and  the  e-ray  absorption  coefficient  was  reduced  by  a 
factor  of  5.3  by  cooling  to  4.2K.  For  simplicity,  throughout  the  paper 
o-ray  is  defined  as  that  polarization  which  is  perpendicular  to  the  c- 
axis  at  room  temperature  and  correspondingly  the  e-ray  polarization 
that  which  is  parallel  to  the  c-axis  at  room  temperature.  Tregub's  re¬ 
sult  indicates  that  the  polarizations  of  traditionally  defined  o-rays 
and  e-rays  may  be  temperature  dependent. 

The  overall  shift  of  the  absorption  spectum  to  higher  energies 
reported  by  Gorban  et.  al  and  Tregub  is  explained  by  the  fact  that 
the  bandgap  increases  to  2.1  eV  at  low  temperatures  shifting  every¬ 
thing  by  nearly  0.1  eV.  We  have  observed  this  same  effect  for  sub- 
bandgap  absorption  spectra  in  preliminary  measurements  which  did 
not  consider  orientation  and  polarization  effects. 


EXPERIMENTAL  TECHNIQUES 

The  crystals  were  grown  using  the  horizontal  freeze  technique 
and  annealed  as  previously  described  [5].  One  of  the  two  samples 
tested  was  as  grown  (42A)  and  the  other  (42B)  was  given  a  brighten¬ 
ing  anneal  [6], [5]  to  reduce  the  concentration  of  AL1.  The  samples 
were  nominally  stoichiometric  and  the  value  of  the  two  micrometer 
absorption  although  not  equal  to  the  best  observed  indicates  that  the 
samples  were  of  good  quality. 

The  samples  were  mounted  in  a  closed  cycle  refrigerator  which 
was  then  mounted  in  a  CARY05E  spectrophotometer.  A  calcite  polar¬ 
izer  was  used  to  select  the  desired  polarization  for  the  experiment. 
The  CARY05E  partially  polarizes  the  light  which  is  directed  toward 
the  sample.  For  this  reason,  the  calcite  polarizer  was  fixed  in  the  ori¬ 
entation  for  maximum  beam  intensity  and  identical  throughput  while 
the  sample  was  rotated  to  get  the  proper  polarization  of  light  through 
the  sample  for  the  two  sample  orientations. 

The  closed  cycle  refrigerator  was  cooled  to  10K  initially  with 
the  sample  in  place.  Absorption  scans  were  done  at  10,  50,  77,  100, 
150.  200,  250,  and  300  degrees  Kelvin.  After  scans  for  both  orienta¬ 
tions  were  completed,  corresponding  scans  were  made  with  the 
samples  removed  and  the  absolute  transmission  was  obtained  via  the 
method  of  stored  ratios.  The  absorption  coefficient  was  calculated  in 
the  usual  way  assuming  a  index  of  refraction  of  3.1. 
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RESULTS  &  DISCUSSION 


The  as-grown  sample  results  listed  in  the  Table  and  displayed 
in  Figure  (1)  below  show  a  smooth  decrease  in  the  absorption 


Temperature  (K) 

FIGURE  ( 1 )  TEMPERATURE  DEPENDENCE  OF  THE  ABSORPTION 
COEFFICIENTS  OF  AS-GROWN  SAMPLE  #42A 

coefficient  for  the  o-ray  as  temperature  is  decreased  from  room 
temperature  down  to  about  50K,  and  then  it  increases  slightly  as  the 
sample  is  cooled  further  to  10K.  The  e-ray  absorption  coefficient 
decreases  slightly  but  noticeably.  The  annealed  sample  results  listed 
in  the  Table  above  and  displayed  in  Figure  (2)  below  show  generally 
the  same  trend.  The  ratio  of  the  e-ray  to  the  o-ray  absorption 
coefficient  vs  temperature  is  also  shown  in  the  Table.  It  increases 
from  2.0  to  4.6  for  the  as  grown  sample  and  from  2.4  to  4.9  for  the 
annealed  sample  upon  cooling.  The  o-ray  absorption  for  the  as- 
grown  sample  was  reduced  by  a  factor  of  2.6  and  for  the  annealed 
sample  it  was  reduced  by  a  factor  of  2.3  upon  cooling. 
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TABLE-ABSORPTION  COEFFICIENT  (ALPHA)  VS  TEMPERATURE 


Sample 

42  A 

42  A 

42B 

42B 

42A/42B 

Temp 

alphae 

alphao 

alphae 

alphao 

Ratios 

Kelvin 

1  /cm 

1  /cm 

1  /cm 

1  /cm 

10 

1.42 

.314 

.845 

.16 

4. 5/5. 3 

50 

1.40 

.300 

.820 

.155 

4. 7/5. 2 

77 

1.38 

.304 

.786 

.155 

4.5/5. 1 

100 

1.38 

.321 

.788 

.161 

4. 3/4. 9 

150 

1.39 

.391 

.782 

.174 

3. 6/4. 4 

200 

1.43 

.474 

.800 

.200 

3.0/4. 1 

250 

1.52 

.618 

.798 

.323 

2. 5/2.5 

300 

1.62 

.800 

.859 

.356 

2. 0/2.4 

FIGURE  (2)  TEMPERATURE  DEPENDENCE  OF  THE  ABSORPTION 
COEFFICIENTS  OF  ANNEALED  SAMPLE  #42B 
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The  corresponding  reduction  factors  for  e-rays  are  1.2  and  1.1. 

These  results  indicate  that  for  Type  I  OPOs  which  use  an  o-ray  pump 
beam,  that  performance  may  be  improved  by  cooling  the  crystal. 
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ABSTRACT 

The  gap  between  the  minibands  of  a  conventional  superlattice  (or  between  the  subbands 
of  a  quantum  well)  can  be  controlled  by  introducing  potential  barriers  in  its  wells.  An 
appropriate  choice  of  the  position,  the  width  d,  and  the  height  Vj  of  these  barriers,  achieved 
by  standard  methods,  can  reduce  the  energy  minibands  to  the  desired  values.  When  these 
barriers  are  introduced  at  the  center  of  the  wells  of  the  original  structure,  the  position  of 
the  second  miniband  in  energy  space  changes  very  little  with  d  and/or  V4  whereas  that  of 
the  first  miniband  can  change  by  one  to  two  orders  of  magnitude.  This  leads  to  a  tuning  of 
the  first  miniband  and  of  the  energy  gap  between  the  first  two  minibands.  Similar  results 
are  obtained  for  the  case  of  wells  in  the  barriers  and  for  the  tuning  of  impurity  states 
in  a  superlattice.  Possible  applications  include  infrared  photodetectors  and  tuning  of  the 
tunneling  current. 

1  Introduction 

The  success  of  semiconductors  is  based  on  the  fact  that  semiconductor  properties  like  the 
electrical  carrier  concentration,  the  mobility  and  the  diffusion  length  can  be  varied  by  or¬ 
ders  of  magnitude  through  small  changes  in  the  chemical  composition,  defect  structure  or 
chemical  and  structural  homogeneity  of  the  semiconductor.  There  is  much  less  flexibility 
in  the  choice  of  the  bandgap  of  semiconductors  which  is  fixed  by  the  composition  of  the 
material.  Changing  external  parameters  like  the  temperature  or  the  pressure  will  give  some 
limited  variability  on  the  size  of  the  band  gap  of  the  semiconductor. 

Over  the  last  two  decades  layered  semiconductor  structures,  quantum  wells  and  super¬ 
lattices,  have  emerged  as  a  new  class  of  materials  structures  with  a  wide  range  of  interesting 
and  novel  optical  and  opto-electronic  properties  [1].  These  properties  have  found  numerous 
applications  in  devices,  and  an  entire  new  technology,  photonics,  is  based  on  such  concepts. 
The  rapid  development  of  this  field  and  its  continued  evolution  is  a  direct  result  of  the 
highly  developed  and  sophisticated  growth  technologies,  molecular  beam  epitaxy  (MBE) 
and  organometallic  chemical  vapor  deposition  (OMCVD),  which  permit  control  of  composi¬ 
tion  and  doping  on  the  scale  of  a  few  monolayers  in  the  growth  direction.  This  unprecedented 
control  offers  the  capability  of  tailoring  or  quantum  engineering  a  desired  set  of  electronic 
and  optical  properties  for  such  layered  heterostructures.  This  is  typically  achieved  for  simple 
quantum  well  stuctures  by  varying  both  the  thickness  and  the  composition  of  the  well  and 
barrier  materials,  but  more  sophisticated  approaches  are  possible  as  discussed  below. 

The  band  gap  is  now  determined  by  geometrical  factors  like  the  width  of  the  quantum 
well.  In  fact  the  effective  band  gap  becomes:  £*  =  £,  +  /?,+  Eh  where  E,  is  the  band 
gap  of  the  quantum  well  material  with  Et  ~  l/meW3  and  Eh  ~  1/nihW2  the  quantum 
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confinement  energies  of  the  electron  and  hole  respectively.  Furthermore  the  quantum  well 
can  have  several  subbands  with  separation  of  the  order  E,(=  1.  —  lOO.meV)  which  can  be 
considered  as  little  gaps  in  the  electron  spectrum.  When  such  quantum  wells  are  periodically 
repeated  one  obtains  a  superlattice  in  which  the  electron  moves  in  minibands. 

In  semiconductor  quantum  wells  the  energy  separation  can  be  varied  using  different 
techniques.  The  energy  between  the  ground  and  first  excited  subband  can  be  tailored  from 
a  few  meV  to  roughly  150  meV  by  changing  both  well  and  barrier  parameters.  In  addition 
to  tailoring  the  energies,  there  are  two  techniques  that  permit  continuous  tuning  in  a  single 
quantum  well  structure.  Application  of  an  electric  field  provides  the  possibility  of  tuning 
over  a  limited  range.  The  range  is  smaller  the  narrower  the  well.  Another  possibility  is 
magnetic  field  tuning  which  is  possible  in  II- VI  based  superlattices  whose  barriers  contain 
magnetic  ions  (e.g.  manganese).  The  problem  of  this  system  is  that  doping  and  transport 
properties  ate  not  as  well  known  or  controlled  as  in  the  III-V  based  systems.  Also  here  the 
range  of  tunability  is  limited. 

For  certain  infrared  (IR)  applications  [2]  it  is  desirable  to  have  only  two  minibands  with  a 
small  energy  minigap.  This  could  be  achieved  by  varying,  for  example,  the  width  and  height 
of  the  potential  barriers  as  well  as  the  width  of  the  wells.  To  obtain  small  transition  energies 
this  requires  small  barrier  heights  and  large  well  widths.  Furthermore,  a  precise  control  over 
both  the  barrier  height  and  well  width  is  essential.  But,  wide  wells  are  much  more  sensitive 
to  electric  fields  than  narrow  wells,  and  for  small  energy  minigaps  dark  currents  will  be 
large  for  large  well  superlattices.  This  calls  for  narrow  wells  with  small  energy  separation 
between  the  minibands. 

In  the  present  paper  I  give  an  overview  of  a  method  which  is  able  to  handle  the  above 
contradictory  demands.  Small  energy  separations  (thus  small  energy  minigaps)  can  be 
achieved  in  superlattices  with  narrow  wells  by  introducing  positive  potential  barriers  in  the 
middle  of  its  wells  or  potential  wells  in  the  middle  of  its  barriers.  A  similar  technique  is 
used  to  tune  the  energy  of  impurities  in  quantum  wells  and  superlattices. 


2  Quantum  wells 

Intersubband  transitions  can  be  used  for  the  detection  of  infrared  radiation.  This  requires 
quantum  wells  with  appropriate  widths  and  depths  such  that  the  first  excited  subband  is 
either  weakly  bound  [3]  in  the  well  or  is  slightly  above  the  top  of  the  well  [4]. 

The  position  of  the  energy  levels  in  a  quantum  well  can  be  varied  by  changing  the  height 
of  the  barrier,  but  it  is  primarily  more  sensitive  to  the  width  of  the  quantum  well  (W), 
because  the  separation  between  the  energy  levels  has  approximately  a  W~2  dependence. 
Thus  the  tailoring  of  intersubband  separation  in  a  detector  can  be  achieved  by  varying  the 
width  of  the  well.  This,  however,  requires  using  fairly  wide  wells  in  order  to  obtain  small 
transition  energies.  On  the  other  hand,  there  are  reasons  to  favor  narrow  quantum  wells 
over  broad  wells.  Wide  wells  are  much  more  sensitive  to  an  external  (or  internal)  electric 
field  then  narrow  wells.  Such  electric  field  bound  states  in  a  quantum  well  are  resonant 
with  the  continuum  and  as  a  consequence  acquire  a  certain  width  which  is  a  measure  for 
the  probability  of  the  electron  to  tunnel  out  of  the  quantum  well.  In  a  given  electric  field 
this  width  is  much  larger  for  a  wider  well  and  consequently  it  is  much  easier  to  tunnel  out 
of  the  well.  Therefore  a  much  larger  dark  current  is  expected  in  wide  wells  than  in  narrow 
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struct uie«.  Furthermore,  the  density  of  states  in  a  narrow  well  is  the  same  as  in  a  wide 
well,  and  consequently  we  can  gain  more  signal  from  a  given  width  of  the  sample  when  it 
contains  more  wells. 

In  order  to  show  how  these  contradictory  demands  can  be  satisfied,  we  will  illustrate 
this  using  a  simplified  model  of  an  infinitely  deep  potential  well.  In  this  quantum  well  we 
insert  a  barrier  as  illustrated  in  the  inset  of  Fig.  1.  The  eigenvalue  equation  for  the  energy 
levels  of  this  structure  are  given  in  the  appendix  of  Ref.  (5),  In  Fig.  1(a)  the  first  four 
energy  levels  are  shown  as  function  of  the  barrier  width  b  for  s  =  0,  i.e.  the  barrier  is  in 
the  center  of  the  well.  For  the  quantum  well  we  took  the  parameters  for  the  material  GaAs 
and  for  the  barrier  in  the  center  those  of  Al^Goj^As.  As  b  increases  the  levels  1  and  2  (or 
3  and  4)  move  closer  to  each  other  and  for  6  >  50A  the  difference  £j  —  E\  is  not  resolved 
on  the  meV  scale.  Notice  that  it  is  mainly  the  n-odd  levels  that  move  whereas  the  n-even 
levels  remain  almost  constant,  at  least  for  small  b  values.  A  similar  behavior  is  obtained 
when  b  is  fixed  and  Vo  varied.  When  the  barrier  moves  away  from  the  center  of  the  well  the 
separation  between  the  n  =  1  and  the  n  =  2  energy  levels  increase. 


fig.  1:  The  first  four  energy  levels  for  a  po¬ 
tential  barrier  in  an  infinitely  deep  potential 
wefl  (see  inset)  as  function  of  the  width  of  the 
barrier. 


Fig.  2:  The  real  part  of  the  wavefunction  cor¬ 
responding  to  the  system  of  Fig.  1 .  The  thin 
dashed  curves  correspond  to  the  first  two  levels 
in  the  absence  of  the  barrier. 


We  can  understand  this  behavior  with  the  help  of  Fig.  2  where  the  wave  functions  of  the 
first  four  levels  are  plotted  for  b  =  50A  and  »  =  0.  The  dashed  lines  are  the  wave  functions 
of  the  first  two  levels  in  the  absence  of  the  barrier,  i.e.  6=0.  The  wave  function  of  the  first 
level  has  a  maximum  at  the  center  of  the  well,  whereas  that  of  the  second  level  vanishes. 
Therefore,  the  wave  function  and  the  energy  of  the  first  level  will  be  drastically  affected  by 
the  introduction  of  the  barrier  whereas  the  corresponding  quantities  of  the  second  level  will 
not.  This  leads  to  an  effective  tuning  of  the  first  level  and  the  gap  Et  —  E\. 

The  generalization  of  the  above  discussion  to  quantum  wells  with  finite  height  can  be 
found  in  Ref.  [6].  TVzeciakowski  an!  MeCombe  have  shown  theoretically  how  the  intersub¬ 
band  separation  can  be  varied  over  a  wide  energy  range  by  depositing  a  thin  barrier  layer 
of  AlGaAs  in  the  middle  of  a  GaAs  well.  They  showed  that  in  a  sufficiently  narrow  well  it 
is  possible  to  push  the  subbands  out  of  the  well,  i.e.  the  structure  no  longer  has  any  bound 
states. 
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3  Tuning  the  minibands  of  a  superlattice 

In  a  real  device  several  quantum  wells  are  put  in  series  in  order  to  increase  the  detection  area 
[2].  In  such  a  multi-quantum  well  structure  a  gate  voltage  is  applied  over  the  structure.  At 
low  temperature  and  in  the  absence  of  any  IR  radiation  electric  conduction  is  via  sequential 
resonant  tunneling  either  between  the  ground  states  of  the  adjacent  wells  or  between  the 
ground  state  and  the  first  excited  state,  depending  on  the  voltage  drop  across  the  lattice 
period.  This  results  in  the  so-called  dark  current  which  should  be  minimized  by  either 
increasing  the  thickness  or  the  height  of  the  barriers. 

When  IR-light  hits  the  detector  such  that  it  is  resonant  with  the  intersubband  transition 
(Ei  —  Ei)  an  electron  will  be  excited  from  the  doped  ground  state  to  the  excited  state  where 
it  can  tunnel  out  of  the  well  through  the  thin  top  of  the  barrier.  This  photogenerated  hot 
electron  produces  a  photo-current  which  can  be  detected.  To  increase  the  sensitivity  of  the 
device  the  ratio  between  the  photo-current  to  the  dark  current  should  be  maximized. 

In  order  to  maximize  the  absorption  coefficient  one  should  maximize  the  number  of 
quantum  wells  in  a  given  area.  This  calls  for  narrow  quantum  wells  with  narrow  barriers.  In 
this  situation  the  multi-quantum  well  becomes  a  superlattice.  Therefore  tuning  of  minibands 
is  needed. 


Fig.  S:  Potential  profile  of  the  first  two  periods  of  the  superlattice  under  investigation. 


In  order  to  realize  tuning  of  the  minibands  in  a  superlattice  a  similar  idea  can  be  used  as 
in  previous  section  which  is  illustrated  in  Fig.  3.  Barriers  (called  defect  barriers)  with  width 
d  and  height  Vj  are  placed  in  the  quantum  wells  of  a  superlattice  [7].  The  resulting  miniband 
structure  of  a  GaAa/Al^Ga.jAs  superlattice  with  well  width  w  =  100A  and  barrier  width 
b  =  50A  is  shown  in  Fig.  4  as  function  of  the  strength  of  the  defect  barrier.  Here  we 
choose  to  vary  the  width  of  the  defect  barrier  d  and  keep  the  height  %  constant.  The  defect 
barriers,  which  are  taken  from  the  material  Al^Ga^As,  are  placed  in  the  center  of  the 
quantum  wells.  Notice  that:  1)  the  width  of  the  first  miniband  increases,  2)  the  two  lowest 
minibands  move  closer  to  each  other,  and  3)  for  d  =  35.9A  the  gap  closes.  At  d  =  0  the 
widths  of  the  two  lowest  minibands  are  AEj  =  1.8meV  and  A  Ej  =  10.6meV  respectively 
with  a  miniband  gap  of  A E,  =  80.8meV.  At  the  closing  of  the  miuiband  gap  the  resulting 
miniband  has  a  width  of  24meV.  At  the  closing  of  the  gap  the  group  velocity  dE/dk  of  the 
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electron  at  the  point  where  the  first  and  the  second  miniband  touches  is  uonzero  and  thus 
a  real  closing  of  the  gap  is  realized.  This  can  be  understood  physically  as  follows:  at  the 
closing  of  the  mini  band  gap  the  effective  strength  of  the  defect  barrier  becomes  equal  to  the 
strength  of  the  barrier  of  the  host  superlattice  and  the  period  of  the  superlattice  becomes 
effectively  half  of  its  original  value.  Notice  also  that  in  contrast  to  the  quantum  well  case 
where  the  separation  between  the  energy  levels  is  always  nonzero,  although  it  can  be  made 
very  small,  here  we  are  able  to  make  the  separation  between  the  two  minibands  exactly  zero 
for  some  specific  value  of  d  for  a  given 


Fig.  4:  Dependence  of  the  extremal  energy 
points  of  the  first  two  minibands  as  a  function 
of  the  width  of  the  barrier  which  is  centered  in 
the  middle  of  the  quantum  wells. 


Fig.  5:  Width  of  the  first  two  minibands  and 
the  gap  as  a  function  of  the  position  of  the 
barrier  in  the  quantum  well  measured  from  the 
center  of  the  quantum  weU.  The  width  of  the 
barrier  in  the  quantum  well  is  such  that  the 
gap  is  zero  when  the  barrier  is  centered  in  the 
middle  of  the  quantum  wells. 


Bel  tram  and  Capasso  [8]  have  shown  that  the  introduction  of  a  sheet  of  defects  in  the 
center  of  the  barriers  of  a  multi-quantum  well  structure:  1)  enhances  the  width  of  the 
minibands,  and  2)  creates  one  extra  miniband  which  is  a  consequence  of  the  states  which 
are  introduced  by  the  defects.  They  modelled  this  sheet  of  deep  centers  by  a  negative  delta 
function  potential.  They  found  that  the  enhancement  of  the  miniband  widths  is  maximized 
when  the  energy  level  of  the  defect  is  matched  to  the  ground  state  of  the  corresponding 
isolated  wells.  Because  in  a  multi-quantum  well  structure  the  states  can  be  localized  in  the 
direction  perpendicular  to  the  wells  due  to  e.g.  intralayer  thickness  fluctuations  we  have 
the  interesting  fact  that  the  periodic  introduction  of  a  highly  localized  state  in  the  barriers 
of  a  multi-quantum  well  system  causes  delocalization  in  the  resulting  states!  This  of  course 
will  have  dramatic  changes  in  the  electronic  properties  of  the  system.  When  the  position 
of  the  defect  layer  is  moved  away  from  the  center  of  the  barrier  the  lowest  band  splits  into 
two  narrow  levels  which  are  shifted  in  energy.  The  shift  can  be  such  that  one  of  these 
levels  is  even  below  the  bottom  of  the  quantum  well.  The  resulting  superlattice  bandgap  is 
now  beltno  the  bandgap  of  the  bulk  of  both  materials  constituting  the  multi-quantum  well! 
In  fact  this  is  similar  to  the  formation  of  an  impurity  band  below  the  conduction  band  in 
heavily  doped  semiconductors. 

In  Ref.  [5]  we  generalized  the  above  idea  to  the  case  in  which  ‘defect’  quantum  wells 
of  finite  depth  and  nonzero  width  are  introduced  in  the  barriers  of  a  superlattice.  Similar 


475 


result*  ire  obtained  m  before  like  the  broidening  of  the  minibands  and  closing  of  the  gaps 
between  the  minibands.  The  difference  is  that  now  it  is  the  second  miniband  (instead  of  the 
first  miniband)  which  moves  towards  the  first  miniband  and  whose  width  is  most  strongly 
altered  by  the  presence  of  the  defect  quantum  well. 

The  dosing  of  the  miniband  gap  is  very  sensitive  to  the  accuracy  of  centering  the  defect 
barrier  in  the  quantum  wells.  This  is  illustrated  in  Pig.  5  where  the  miniband  widths  and 
the  miniband  gap  is  shown  as  function  of  the  off-center  position  (s)  of  the  defect  barrier, 
where  d  is  such  that  at  a  =  0  the  gap  between  the  two  lowest  minibands  is  closed.  The 
strong  sensitivity  of  the  gap  on  the  accuracy  of  centering  the  barrier  in  the  quantum  well 
may  be  a  problem.  This  problem  was  also  encountered  in  the  case  of  positive  defects  in 
the  barriers  of  a  multi-quantum  well  as  discussed  by  Bettram  and  Capasso  [8].  Additional 
broadening  of  the  energy  levels,  as  a  consequence  of  e.g.  scattering  with  residual  impurities 
and  intralayer  thickness  fluctuations,  may  reduce  this  problem  partially.  Gumbs  and  Sal  am 
[9]  have  shown  that  spedfic  choices  of  the  shape  of  defect  barriers  may  reduce  this  strong 
sensitivity  on  the  centering. 

The  proposed  superstructure,  shown  in  Fig.  3,  can  be  thought  of  as  a  superlattice  with  a 
complex  basis  and  exhibits  a  much  richer  band  structure  than  the  conventional  superlattices. 
There  have  been  several  works  on  superlattices  with  complex  basis  [10-13],  some  of  which 
are  generalizations  of  the  present  case. 

4  Tuning  of  impurity  levels 

It  has  been  demonstrated  experimentally  that  the  above  discussed  structures  can  be  em¬ 
ployed  as  IR-detectors  [2].  In  reverse  mode  those  devices  should  act  as  emitters  of  IR-light. 
By  applying  a  high  gate  voltage  over  the  multi-quantum  well  structure  electrons  can  be  in¬ 
jected  from  the  ground  subband  of  a  quantum  well  into  the  excited  subband  of  the  adjacent 
quantum  well.  This  excited  electron  can  relax  to  the  ground  state  through  emission  of  a 
photon.  Unfortunately  nonradiative  phonon  relaxation  forms  the  major  obstacle  to  produce 
efficient  light  emission  out  of  such  structure.  The  reason  is  that  in  a  quantum  well  and  in 
superlattices  there  are  no  true  gaps  in  the  electron  spectrum  due  to  the  in-plane  motion  of 
the  electron  parallel  to  the  interface.  As  a  consequence  electrons  injected  into  the  excited 
state  of  a  quantum  well  will  relax  to  the  ground  state  through  LO-phonon  emission  which 
is  fast  and  nonradiative. 

This  problem  can  be  avoided  by  constructing  the  quantum  wells  such  that  —  E\  < 
hu>io  which  was  realized  experimentally  by  Helm  et  ai  [14].  But  it  turned  out  that  acoustic 
phonon  emission  now  was  the  limiting  factor  for  efficient  IR  emission. 

Another  way  out  of  this  problem  is  to  have  discrete  energy  levels,  i.e.  true  energy  gaps. 
This  is  realized  in  a  quantum  dot.  In  order  to  optimize  the  device  in  terms  of  minimal 
nonradiative  phonon  relaxation  one  should  try  to  have  |£<  —  Ej\  >  hwu>  which  requires 
confinement  dimension  such  that  d  <  150A  .  Present  day  technology  is  not  advanced  enough 
to  produce  reproducable  and  clean  quantum  dots  of  such  small  dimensions.  The  reason  is 
that  the  strongest  lateral  confinement  in  a  quantum  dot  is  presently  realized  through  the 
etching  technique.  A  more  clean  way  to  realize  confinement  is  e.g.  through  the  growth  of 
whiskers.  But  at  present  the  controlled  growth  of  whiskers  is  still  in  its  infancy. 

Most  of  the  present  day  solid  state  lasers  are  based  upon  optical  transitions  between  en¬ 
ergy  levels  of  impurities.  Those  impurities  have  a  discrete  spectrum  and  thus  nonradiative 


phonon  relaxation  is  eliminated.  There  are  several  drawbacks  using  such  impurity  systems: 
1)  the  tuning  of  the  energy  levels  is  very  limited  (e.g.  the  energy  levels  of  shallow  donor  im¬ 
purities  in  GaAs  are  almost  independent  of  the  donor  element);  2)  the  oscillator  strength  for 
bound-to-bound  transitions  is  comparable  to  those  of  intersubband  transitions  in  quantum 
wells.  But  free- to- bound  transitions  are  required  in  order  to  convert  current  into  radiation. 
For  such  transitions  the  optical  cross  section  is  very  small  and  spread  over  a  wide  energy 
range  limiting  the  energy  sensitivity  of  the  device. 

One  can  try  to  combine  the  advantages  of  the  discrete  spectrum  of  impurities  with  the 
tunability  and  large  oscillator  strength  of  quantum  wells  by  putting  impurities  in  quantum 
wells.  The  wavefunction  of  the  impurity  states  in  the  direction  perpendicular  to  the  interface 
is  determined  by  the  width  of  the  quantum  well  structure  while  the  wavefunction  in  the  plane 
of  the  interface  is  determined  by  the  Coulomb  potential  of  the  impurity  which  guarantees 
the  discreteness  of  the  energy  spectrum. 
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Fig.  8:  The  energy  of  the  lowest  levels  of  a 
donor  in  the  center  of  the  quantum  well  and 
the  lowest  minibands  of  the  snperlattice  as  a 
function  of  well  width. 


The  tunability  of  the  impurity  energy  levels  is  illustrated  in  Fig.  6  for  a  GaAs/Al.yGajAs 
superlattice  with  barrier  width  of  b  =  50A.  This  superlattice  has  a  relative  large  barrier 
width  such  that  its  first  two  subbands,  indicated  by  E\  and  Ej  respectively,  have  almost 
zero  width.  Notice  that  the  Is,  2s  and  2pZlV  impurity  levels  follow  the  lowest  subband  while 
the  2 p,  is  connected  to  the  second  subband.  This  can  be  understood  by  considering  the 
wavefunction  of  the  2p,  state  which  is  depicted  in  Fig.  7.  This  function  has  the  same  odd 
inversion  symmetry  in  the  z-direction  as  the  second  subband.  This  implies  that  tunability 
of  Ei  will  result  in  a  tunability  of  the  2 p,  level.  Furthermore  notice  from  Fig.  7  that  the  2 p, 
state  is  spread  out  over  the  adjacent  quantum  wells  of  the  superlattice  which  guarantees  an 
appreciable  overlap  for  tunneling  of  electrons  from  the  adjacent  wells  into  the  2p,  state  of 
the  central  quantum  well. 
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Fig.  T:  The  probability  distribution  of  the 
2 p,  donor  state  in  the  (p  =  +  y1, 2)  plane 

for  an  impurity  located  at  the  origin  which  is 
the  middle  of  a  quantum  well.  The  position  of 
the  barriers  is  indicated  by  the  solid  areas. 


In  practice,  transition  energies  are  important.  Therefore  we  show  the  allowed  transition 
energies  as  function  of  the  well  width  of  the  superlattice.  We  show  the  Is  —*  2pr„,2 p2 
impurity  transitions  and  the  transitions  n  — »  n+1  between  the  minibands  of  the  superlattice, 
the  width  of  it  is  illustrated  by  the  thickness  of  the  curves.  The  dots  are  the  experimental 
results  of  Helm  et  al  [15].  Notice  the  very  limited  tunability  of  the  Is  — *  2 pIlV  transition 
which  is  in  contrast  to  the  large  variation  of  the  transition  energy  Is  — *  2 ps.  The  latter  one 
has  practically  the  same  tunability  as  the  miniband  transition  energies  of  the  superlattice. 
Therefore  the  previous  technique  of  tuning  the  minibands  in  a  superlattice  can  also  be 
applied  to  the  one  of  the  2 pz  impurity  level.  This  was  recently  suggested  by  Parihar  and 
Lyon  [16]. 


Fig.  8:  Intersubband  and  donor  transitions 
for  a  barrier  width  of  50A  as  a  function  of  well 
width.  The  symbols  are  the  experimental  re¬ 
sults  from  a  400A/50A  superlattice. 


In  previous  example  the  nonradiative  phonon  relaxation  is  not  completely  quenched. 
The  reaaon  is  that  for  E iP,  >  E\  the  impurity  state  can  relax  to  a  free  electron  state  by 
emitting  an  acoustic  phonon.  Therefore  in  the  case  of  Fig.  6  one  has  to  take  the  well 
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width  W  >  700A.  For  impurities  centered  in  the  quantum  well  of  a  superlattice  one  always 
has  Ejr,  >  E and  an  electron  in  the  2p,-state  can  relax  to  the  2pI>v  state  by  acoustic 
phonon  emission.  As  we  showed  in  Fig.  8  the  latter  has  a  very  limited  tunability  of  its 
transition  energy  to  the  ground  state  and  furthermore  the  2p*,*  state  is  more  localized  in 
the  z-direction  and  consequently  much  less  effective  in  tunneling  to  the  adjacent  wells. 

The  above  drawbacks  can  be  circumvented  by  putting  ‘defect’  barriers  in  the  center  of 
the  quantum  wells  of  the  superlattice  as  illustrated  in  Fig.  3.  Parihar  and  Lyon  [16]  recently 
showed  theoretically  that  impurities  localized  in  such  defect  barriers  have  the  posibility  to 
invert  the  position  of  the  energy  of  the  2p,  and  2pz,y  states.  Furthermore  as  demonstrated 
in  previous  section  such  a  defect  barrier  is  able  to  tune  the  energy  of  the  second  subband 
and  consequently  also  the  energy  of  the  2p,  state.  This  will  decrease  the  width  of  the  well 
of  the  superlattice  at  which  E?  =  E*r.*- 

5  Conclusion 

By  putting  barriers  in  the  center  of  the  well  of  a  quantum  well,  or  of  a  superlattice,  allows 
one  to  tune  the  subbands  and  minibands  to  a  desired  value  irrespective  of  the  width  of  the 
quantum  well.  This  allows  one  to  grow  superlattices  or  multi-quantum  wells  with  narrow 
wells  which  have  small  energy  separation  between  the  energy  levels.  For  applications  in  IR- 
devices  such  structures  have  the  added  flexibility  required  to  overcome  the  disadvantages  of 
having  to  build  semiconductor  structures  with  large  well  widths. 

Furthermore  such  barriers  have  also  the  ability  to  tailor  the  energy  of  the  impurity  states 
in  quantum  wells  and  superlattices.  This  can  have  important  implications  for  IR  lasers. 
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ABSTRACT 

The  optical  and  electronic  properties  of  three-dimensional  (3D)  random  GaAs/AlAs 
superlattices  (SLs)  has  been  studied  by  using  a  tight-binding  Hamiltonian  with  second- 
neighbor  interactions.  We  calculate  three  completely  disordered  sequences  with  the  prob¬ 
ability  of  GaAs  layers  being  30%,  50%,  and  70%.  The  higher  the  GaAs  composition,  the 
narrower  the  indirect  gap.  An  energy-level  crossing  is  found  at  the  bottom  of  conduction 
band,  which  originates  from  the  Af -state  splitting  induced  by  layer  disorder.  The  localized 
states  over  two  -  four  monolayers  play  an  important  role  in  the  absorption  edge  of  random 
SL.  The  highest  absorption  intensity  of  the  band-edge  transitions  in  our  random  models  is 
about  eight  times  stronger  than  that  of  short  period  ordered  GaAs/AlAs  SL.  Our  results 
are  in  good  agreement  with  some  recent  photoluminescence  measurements. 

I.  INTRODUCTION 

Considerable  effort  has  been  devoted  to  the  novel  electro-optical  devices  fabricated  from 
short  period  superlattice  due  to  the  ability  to  control  the  growth  of  each  individual  atomic 
layer.  The  best  documented  system  is  the  (GaAs)ra/(AlAs)„  (n,m<10)  with  the  matched 
interfaces.  However,  as  indicated  by  experimental  and  theoretical  work[lj,  superlattices 
with  m  and  n  less  than  ten  have  indirect  band  gap6,  which  are  inferior  to  the  direct  band 
semiconductor  in  optical  absorption.  Recent  experiments[2}  have  demonstrated  that  short 
period  random  superlattices  with  n  less  than  4,  exhibit  remarkable  intensity  increase  in 
photoluminescence.  This  is  due  to  the  quite  different  manner  in  description  of  the  transition- 
matrix  elements  in  an  electromagnetic  field.  In  ordered  systems,  the  transition-matrix 
elements  obey  the  k  selection  rule,  while  this  rule  is  somewhat  relaxed  in  disordered  systems 
with  their  localized  wave  functions. 

Although  a  theory  capable  of  interpolating  random  media  among  the  ordered  super¬ 
lattices  is  desirable,  no  sufficiently  detailed  method  to  accomplish  this  end  in  a  realistic 
three-dimensional  systems  currently  exists.  Many  prior  theories[3)  have  been  designed  to 
predict  only  trends  of  some  specific  quantities  in  one-dimensional  models,  such  as  optical 
transition  and  band-tail  states  in  energy  gap.  As  we  know,  in  disordered  SLs,  the  layers  are 
randomly  distributed  along  the  growth  direction,  while  the  periodicity  in  the  two  other  di¬ 
rections  is  well  preserved.  Both  of  these  features  are  important  in  determining  the  electronic 
structure.  Consequently,  any  reliable  theoretical  calculation  of  the  electronic  and  optical 
properties  of  those  random  systems  must  rest  on  a  realistic  three-dimensional  description. 

We  have  proposed  a  periodic  random  superlattices  [(GaAs)m/  ( AIAs)„J([4],  which  are 
fabricated  by  repeating  a  large  unit  cell  with  a  given  period  /  along  the  growth  direction, 
while  the  layers  in  the  unit  cell  are  randomly  picked.  For  such  realistic  3D  random  SLs,  in 
this  work,  we  introduce  a  tight-binding  technique  with  stochastic  functions  that  is  designed 
to  calculate  the  electronic  structure  and  optical  absorption  of  3D  random  superlattices. 
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II.  TB  HAMILTONIAN  FOR  3D  RANDOM  SL 

Our  calculations  are  based  on  the  3D  Hamiltonian 


HD  =  H0  +  '£V(r-ri)D(6i)  (1) 

t 

where  D(6i)  is  introduced  to  distinguish  the  random  layers  A:(GaAs)m  and  B:(AlAs)„  picked 
along  the  growth  direction.  The  traditional  ip3**  [5]  local  orbitals  are  used  as  the  basis 
functions  in  the  tight-binding  model.  Therefore,  we  can  expand  the  localized  eigenfunctions 
|#„)  in  terms  of  the  atomic  orbitals  |$a(k,  i)), 

l«'»)  =  Ec:(k,0l*a(k,0)  (2) 


where  a  is  the  orbital  symmetry  (here  chosen  among  s,  x,  y,  z,  s*),  k  is  the  momentum, 
and  i  labels  the  atomic  position. 

The  Vogl’s  tight-binding  parameters[5]  are  modified  by  using  Yamaguchi  formulae[6|. 
In  addition,  the  second-neighbor  interactions  as  given  by  Newman  and  Dow[7]  have  been 
adopted  to  allow  an  exact  description  of  L- point  energy  of  bulks.  The  calculated  indirect 
band  gap  is  2.09  eV  for  the  m=n=l  ordered  SL  by  the  above  method,  which  is  very  close 
to  the  known  experimental  band  gap  2.07  eV[8]. 

The  intramaterial  matrix  elements  are  determined  by  using  their  bulk  values.  Id  the 
same  way,  we  get  the  intermaterial  nearest  interactions  as  they  share  common  anions  at 
the  interface.  Some  additional  specifications  should  be  noted  for  the  interface  second  neigh¬ 
bor  interactions  of  disordered  SLs  which  consist  of  ultrathin  GaAs  and  AlAs  layers.  In 
the  case,  we  use  an  average  of  their  corresponding  bulk  values  to  estimate  the  element 
($a(i)|/f^B|$(3(j))2  between  two  cations  if  »  in  GaAs  (AlAs)  and  j  in  AlAs  (GaAs),  or 
between  two  anions  at  same  interface  or  at  different  interfaces  separated  by  a  cation  mono- 
layer. 


III.  INFLUENCE  OF  RANDOM  ON  ELECTRONIC  STRUCTURE 

The  band  structures  of  the  random  superlattices  [(G.iAs)m/(AlAs)n]/[4]  have  been  car¬ 
ried  out  by  using  the  tight-binding  method  described  in  Sec  II.  The  disordered  configurations 
with  different  compositions  of  GaAs  and  AlAs  are  produced  by  a  random  number  generator. 
Three  types  of  the  sequences  are  chosen  to  study  in  more  details  here.  They  are: 

1)  d-SLj:  the  sequence  is  constructed  completely  randomly  with  the  probability  of  A- 
layeis  being  30%  and  B-layers  being  70%. 

2)  d-SL^:  the  sequence  is  constructed  completely  randomly  by  picking  the  A-layeis  and 
B-layers  with  equal  probability. 

1)  d-SLj:  the  sequence  is  constructed  completely  randomly  with  the  probability  of  A- 
layers  being  70%  and  B-layers  being  30%. 

The  band  structure  calculations  for  periodic  random  SLs  with  l  =  10  -  20  and  m=n=l 
are  performed  for  various  high  symmetry  points  and  lines  in  the  Brillouin  zone,  taking  into 
account  the  valence  band  offset  AE„=0.5  eV.  For  a  direct  comparison  with  the  corresponding 
ordered  SL,  the  band  structure  of  (GaAs)i/(AlAs)i  with  a  supercell  {ABABABABABABAB 
ABABAB}  named  o-SL  is  also  calculated. 

It  is  found  that  all  the  systems  studied  here  have  indirect  band  gaps.  The  introduction 
of  the  layer  disorder  induces  a  change  in  the  relative  order  of  the  lower  conduction  bands. 
The  lowest  conduction  band  is  at  symmetry  point  M  in  a  random  SL,  while  the  conduction 
band  energies  at  X-  and  R-  points  are  lower  than  that  at  Af  for  an  ordered  SL,  which 
is  clearly  shown  in  Table  I.  The  indirect  energy  gap  is  very  sensitive  to  the  composition. 
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The  higher  the  composition  of  the  GaAs  layers,  the  narrower  the  gap  of  the  corresponding 
random  SL. 


Table  I.  Energies  (in  eV)  of  the  lower  conduction  bands  at  different  high  symmetry 
points,  where  the  energy  zero  is  chosen  at  the  top  of  the  valence  band. 


o-SL 

d-SL, 

d-SLj 

d-SL* 

re(0,0,0)/a 

2.131 

2.109 

2.023 

1.837 

Xe(V5*,0,0)/a 

2.083 

2.173 

2.051 

1.942 

Mc(  yjiic  ,\/2*  ,0)/a 

2.104 

2.049 

1.937 

1.835 

Pig.l  shows  the  calculated  band  structures  with  the  energy  zero  chosen  at  the  top  of 
valence  band,  where  (a)  corresponds  to  the  ordered  (GaAs)!/(AlAs)i  SL  and  (6)  corresponds 
to  the  d'SL<2  disordered  model,  respectively.  The  lowering  of  the  conduction  band  states  at 
M  originates  from  the  splitting  induced  by  layer  disorder.  Three  energy  levels  with  energies 
1.937  eV,  2.054  eV,  and  2.177  eV  at  the  band  edges  of  the  point  M  of  the  random  SL  are 
diverged  from  the  M  state  (  E=2.104  eV  )  of  the  ordered  SL.  It  can  be  seen  from  Fig.l 
that  the  existence  of  disorder  tends  to  push  the  energy  levels  to  the  band  edge,  and  hence, 
enhance  the  densities  of  states  near  the  band  edge  region. 


rxMrrxMr 


(a)  (6) 

Fig.l  Calculated  band  structures  of  the  (GaAs)t/(AlAs)i  ordered  SL  (a) 
with  supercell  {ABABABABABABABABABAB}  for  a  direct  comparison, 
and  the  d-SLj  disordered  SL  (6). 


IV.  LOCALIZATION  OF  EIGENSTATE 

To  examine  the  localization  of  eigenstates  in  a  3D  random  SL,  the  electron  distributions 
with  atomic  positions  are  calculated  in  real  space.  Fig.2  shows  the  planar  average  charge 
densities  of  o-SL  ordered  and  d-SLj  disordered  SLs  along  the  growth  direction  for  the  states 
at  the  bottom  of  the  conduction  band  (a)  and  the  top  of  the  valence  band  (b).  For  the 
ordered  system,  the  wave  functions  of  the  electron  (hole)  states  are  characterized  by  Bloch 
phase,  which  result  in  a  periodic  pattern  of  the  electron  (hole)  distribution.  The  different 
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amplitudes  of  the  charge  density  in  GaAs  and  AlAs  layers  are  due  to  the  potential  difference 
of  the  cations  at  interface. 

In  a  disordered  SL,  as  expected,  the  electron  states  at  the  bottom  of  the  conduction 
band  are  strongly  localized  over  two  to  four  monolayers  (see  Fig. 2  (a)).  However,  it  is 
rather  surprising  that  the  charge  distributions  corresponding  to  the  states  at  the  top  of  the 
valence  band  are  rather  extended  (see  Fig. 2  (6)).  It  is  certain  that,  at  least  based  on  our 
results,  both  localized  and  extended  states  exist  at  the  band  edges  of  a  3D  random  SL.  The 
disorder  affects  mostly  the  conduction  band  states. 


Fig.2  Plots  of  planar  averaged  charge 
densities  of  the  ordered  and  the  d-SLa 
disordered  superlattices  for  the  lowest  M 
conduction  state  (a)  and  the  highest  T 
valence  state  (b)  .  •  ,  As;  ♦,  Ga;  O,  AL 


Fig. 3  Absorption  coefficients  corresponding 
to  the  optical  transitions  from  total  top  six 
valence  subbands  VB1-6  to  CB1  (top  panel) 
and  to  CB2  (bottom  panel)  for  ordered  (dotted 
lines)  and  disordered  SLs  (solid  lines). 


V.  OPTICAL  ABSORPTION 

The  common  form  of  the  absorption  coefficient  is  given  by 

«(M  -  or1  £  £  \i  •  P„m(k)|ai(£m(k)  -  En( k)  -  M  (3) 

k  »>,» 

where  i  is  the  direction  of  polarization  and  P*m(k)  is  the  momentum  matrix  element  be¬ 
tween  superlattice  eigenstates 

PiH»(k)  =  ££cr(k,oc?(k,;)(*0(M|P|Mk,;)>  (4) 

afi  ij 

All  the  optical  matrix  elements  (♦a(k,«)|P|*/j(k,i))  for  the  SLs  are  chosen  from  the 
parameters  of  the  bulk  materials,  which  were  given  by  Chang  et  al.[9]  .  In  figure  3,  we 
present  the  absorption  coefficients  for  the  transitions  between  the  total  top  six  valence 
subheads  (VB1-6)  and  the  separate  bottom  two  conduction  subbands  (CB1  and  CB2), 


where  the  dotted  lines  correspond  to  that  of  the  o-SL  ordered  SL.  Here  we  consider  only 
the  (x,y)  polarization,  supposing  the  incident  light  is  propagation  along  the  SL  growth 
direction.  It  is  obvious  that  the  localized  states  induced  fay  disorder  play  an  important  role 
in  the  band  edge  absorption  of  a  random  SL.  They  enhance  the  optical  transitions  in  this 
region  considerably.  The  first  absorption  peaks  for  the  transitions  from  VB1-6  to  CB1  are 
shifted  towards  the  lower  energy  region  by  0.26  eV  and  0.19  eV,  respectively,  for  d-SLj  and 
d-SLj,  compared  with  that  of  ordered  SL. 

Finally,  the  calculated  total  absorption  coefficients  of  the  ordered  and  disordered  SLs  are 
plotted  in  Fig.4,  where  (a),  (6),  (c),  and  (d)  correspond  to  o-SL,  d-SLi,  d-SLj,  and  d-SLj 
respectively.  For  comparison,  the  joint  densities  of  states  for  these  materials  are  also  shown 
by  the  dotted  curves.  For  an  ordered  short-period  SL  (m=n=l),  two  main  peaks  are  found 
at  3.7  eV  and  4.8  eV  which  correspond  one  by  one  to  those  of  bulk  GaAs.[lOj  The  dramatic 
changes  between  the  ordered  and  the  disordered  systems  occur  near  the  absorption  edges. 
This  can  be  explained  by  the  conduction  band  tails  formed  by  strongly  localized  states  in 
a  random  SL,  which  make  the  optical  transitions  no  longer  forbidden  in  this  region  .  The 
absorption  intensities  of  the  band  edge  transitions  for  d-SLj  and  d-SLj  models  are  about 
8  and  5  times  stronger  than  that  of  the  o-SL,  respectively.  Our  results  are  in  fairly  good 
agreement  with  the  photoluminescence  (PL)  measurements  at  4.2  K,  where  Yamamoto  et 
al[2]  has  pointed  out  the  short  period  SL  radiate  PL  less  than  one  tenth  of  the  disordered 
SL. 

Away  from  the  absorption  edge,  the  main  features  of  the  band  center  optical  transitions 
are  still  retained  as  seen  in  Fig.4.  For  an  ordered  SL,  the  highest  absorption  peak  is  located 
at  4.8  eV,  but  it  is  shifted  below  4.0  eV  in  a  disordered  systems.  The  different  effect  of  the 
disorder  on  the  conduction  and  valence  band  states  leads  the  coexistence  of  localized  and 
extended  band-edge  states  in  a  3D  random  SL. 


Fig.4  Absorption  coefficients  of  the  o-SL  (a)  ordered,  d-SLi  (6),  d-SLj  (c), 
and  d-SLj  (d)  disordered  superlattices,  where  the  dotted  lines  stand  for  the 
joint  densities  of  states. 
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VI.  CONCLUSION 


We  have  studied  the  electronic  structures  and  optical  properties  of  3D  disordered  SL, 
based  on  a  tight-binding  Hamiltonian  with  stochastic  functions.  The  second-neighbor  in¬ 
teractions  included  in  the  theory  are  essential  for  obtaining  the  correct  band-edge  energies 
for  the  bulks  and  the  short-period  GaAs/AlAs  superlattices  at  different  high  symmetry 
points.  For  three  kinds  of  disordered  SLs  with  the  probability  of  G&As  layers  being  30%, 
50%,  and  70%,  our  band  structure  calculations  show  that  the  random  systems  have  indirect 
gaps,  which  is  very  sensitive  to  the  composition.  The  higher  the  GaAs  composition,  the 
narrower  the  indirect  gap.  An  energy-level  crossing  is  found  at  the  bottom  of  conduction 
band,  which  originates  from  the  Af -state  splitting  induced  by  disorder.  The  different  effect 
of  the  disorder  on  conduction  and  valence  band  states  leads  to  the  coexistence  of  localized 
and  extended  band-edge  states  in  a  3D  random  SL.  We  find  that  disorder  affects  mostly 
conduction  bands.  It  is  noticed  that  the  localized  states  play  an  important  role  in  the 
edge  absorption  of  a  random  SL.  The  absorption  intensities  of  the  band-edge  transitions 
for  d-SL)  and  d-SL2  random  models  are  about  eight  and  five  times  stronger  than  that  of 
the  short  period  SL,  respectively.  A  contrary  case  occurs  in  d-SL]  disordered  SL  with  more 
AlAs  layers,  where  the  band-edge  absorption  intensity  is  weaker  than  that  of  the  ordered 
one.  Thus,  increasing  of  the  GaAs  composition  in  disordered  SLs  is  useful  to  enhance  the 
optical  absorption  near  the  band  edge.  Away  from  the  absorption  edge,  the  main  features 
of  the  band  center  optical  transitions  are  still  retained. 
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ABSTRACT 

The  band  structures  of  three  group- V  semimetals  As,  Sb,  and  Bi  with  rhombohedral 
A7  symmetry  are  studied  using  a  second-neighbor  tight-binding  model  including  spin-orbit 
interaction  with  an  «p*s*  basis.  Then  the  bulk  tight-binding  parameters  are  used  to  investi¬ 
gate  the  electronic  properties  of  semimetal-semiconductor  superlattices  made  of  alternating 
(111)  layers  of  Sb  and  GaSb  or  AlSb.  It  is  found  that  the  band  gap  can  be  adjustable 
depending  primarily  on  the  thickness  of  the  Sb  layers.  An  interface  state  is  observed  in  the 
region  of  the  gap. 


I.  INTRODUCTION 

Recent  experiments  have  demonstrated  that  semimetallic  antimony  layers  can  be  grown 
on  a  semiconductor  GaSb  substrate  grown  along  the  (111)  direction  by  molecular  beam 
epitaxy  (MBE)  technique. [1]  Bi/CdTe  (111)  heterostructures  have  also  been  successfully 
fabricated. (2]  Bulk  Sb  and  Bi  are  group-V  semimetals  with  equal  numbers  of  electrons 
and  holes.  Their  conduction  band  minima  (at  the  L-point)  lie  at  lower  energy  than  the 
valence  band  maxima  (at  the  H-point  in  Sb,  at  the  T-point  in  Bi).  Thus,  an  interesting 
quantum  size  effect  is  expected  if  the  carriers  in  these  semimetals  are  specially  confined. 
Such  confinement  can  be  achieved  by  sandwiching  the  semimetal  film  between  layers  of  a 
suitable  non-matallic  barrier  material.  When  the  thickness  of  the  semimetal  film  decreases, 
the  electron  subbands  should  move  up  in  energy  while  the  hole  subbands  move  down.  At  a 
certain  thickness,  the  electron  and  hole  subbands  will  cross  and  a  semimetal-semiconductor 
transition  occurs.  It  has  recently  been  suggested  that  a  narrow-gap  semiconductor  whose 
band  alignment  is  indirect  in  momentum  space  would  have  highly  attractive  properties  in 
optical  and  electro-optical  device  application. [3]  Indirect  narrow-gap  heterostructures  such 
as  Sb/GaSb  (111),  Sb/AlSb  (111)  and  Bi/CdTe  (111)  superlattices  could  potentially  open 
new  possibilities  for  devices. 

In  the  present  work,  we  first  present  a  second-neighbor  tight-binding  theory  for  bulk 
rhombohedral  crystals.  We  show  that  a  tight-binding  method  using  a  few  interaction  pa¬ 
rameters  can  give  a  reasonable  band  structure  for  group-V  semimetals.  Then  the  bulk 
parameters  of  antimony  are  used  to  calculate  the  electronic  properties  of  the  semimetal- 
semiconductor  Sb/GaSb  and  Sb/AlSb  superlattices. 

n.  TIGHT-BINDING  THEORY  FOR  BULK  SEMIMETALS 

The  tight- binding  method  for  bulk  As,  Sb,  and  Bi  we  use  here  is  equivalent  to  that 
of  Slater  and  Koeter.|4)  Our  model  has  the  following  properties:  (i)  the  chemistry  of  s2p* 
bonding  is  manifestly  preserved,  (ii)  The  spin-orbit  interaction  is  included  in  the  theory. 
And  (Hi)  the  theory  successfully  reproduces  not  only  the  valence  bands  bat  also  the  tower 
conduction  bands,  even  in  indirect  (negative)  gap  semimetals. 
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In  rhombohednl  A7  structure  crystals,  there  we  two  stoma  in  the  primitive  ceil.  For 
«—■>»  tight- binding  basis  function  centered  oa  them  atoms,  two  Bloch  functions  can  be 
constructed: 

(1) 


The  quantum  number  n  runs  over  the  tfl,  p,fi,  p^ff,  p,fi,  and  *‘fi  orbitals  with  0  (=  T 
and  1)  being  spin  index.  The  N  wavevectors  k  lie  in  the  first  BriUonin  acme;  the  site  index 
a  is  either  1  or  2.  The  atom  1  is  located  at  R.  The  Hamiltonian  matrix  in  the  |n,a,k) 
basis  can  be  calculated  from  the  Slater  and  Koster  approach  [4] 


00  =  £***•<  0,a|H|i,o'>. 


(2) 


We  have  obtained  these  matrix  elements  for  rhombohedral  semimetals  and  their  explicit 
expressions  will  be  given  elsewhere.^  The  interaction  parameters  can  be  obtained  by  fitting 
a b  initio  results. (6]  The  resulting  band  structure  of  Sb  is  shown  in  Fig.l  where  the  Fermi 
level  is  chosen  as  energy  zoo.  One  can  see  from  this  figure  that  the  minimum  of  the  lowest 
conduction  band  corresponds  to  L,  while  the  maximum  of  the  valence  band  is  at  H,  which 
agrees  well  with  the  ab  initio  calculation.^ 


Fig.l.  Band  structure  of  Sb.  The  usual  no¬ 
tation  for  symmetry  points  has  been  used. 


ID.  BULK  GaSb  and  AlSb  PARAMETERS 

The  tight-binding  parameters  for  GaSb  are  determined  by  fitting  the  pseudopotential 
calculation.  [7]  While  for  AlSb  there  has  been  no  available  pseudopotential  or  first  principle 
band  structure  results  in  the  literature  that  take  into  account  the  spin-orbit  interaction.  We 
determine  the  tight- binding  parameters  for  AlSb  based  on  the  syrs*  basis  by  the  following 
two  steps:  first  the  parameters  are  determined  by  fitting  the  peeudopotential  results  without 
spin-orbit  efieet;(8]  then  the  parameter*  are  adjusted  to  include  the  experimental  values  of 
the  sp«n-ocb«t  spUitiag^Sj  Our  parameters  for  AlSb  give  an  indirect  gap  of  1.657  eV  and  a 
comet  order  of  conduction  band  minima  L-X-I\  as  well  as  the  correct  spin-orbit  splitting 
energies  |A#(r «.)  ■  0.75  eV  and  m  0.3  eV).  The  parameters  for  bulk  Sb  determined 

in  dm  leek  notion  give  an  overlap  between  conduction  and  valence  bands  about  120  meV. 
The  values  of  the  various  interaction  parameters  are  given  in  Thble  I. 


It  can  be  seem  from  Fig.2  that  them  am  two  kinds  of  interface*  in  them  superlattices: 
the  G*Sb  (Al-Sb)  interface  and  the  Sb-Sb  interface.  Fortunately  both  interface  boom  exist 
ahoady  in  balk  GaSb  (AlSb)  and  Sb.  So  it  i*  reaaonsbte  to  aamme  that  t^jGa^Sb  j Al- 
Sb)  and  Sb-Sb  interface  bonds  remain  the  same  lengths  as  in  bulk  GaSb  (AlSb)  and  Sb 

of  experiments  on  the  band  line-up  of  Sb/GaSb  and  Sb/  AlSb  superlat¬ 
tices,  the  band-ofbet  is  undetermined.  We  assume  the  band-offset  so  that  the  Fermi  energy 
of  Sb  lies  at  the  effective  middle  gap  positiott*:[10j  i.e.,  0.07  eV  and  0.45  eV  above  the 
valence  band  i'»T’m<im  of  GaSb  and  AlSb  respectively.  For  Sb/GaSb  this  assumption  is 
in  coincidence  approximately  with  the  prediction  of  the  common  anion  rule.  [11]  This  rule, 
however,  is  believed  to  be  inapplicable  to  the  Al-compounda.[ll]  So  we  determine  the  band 
line-up  for  Sb/AlSb  superlattice  using  the  middle  gap  theory  in  our  calculation. 

The  band  structures  of  the  (Sb2)a/(GaSb)s  and  (Sbj)j/(AlSb)*  superlattices  are  riicwn 
in  Fig. 3.  Eight  GaSb  (AlSb)  layers  are  chosen  so  that  the  superlattice  behaves  like  a 
rrtnm  well  as  far  as  the  near  Fermi-level  Sb  states  are  concerned.  All  energies  are 
measured  with  respect  to  the  valence  band  maximum  of  bulk  GaSb  (AlSb).  We  see  from 
the  figure  that  the  results  for  (Sb])]/ (GaSb)*  and  those  for  (Sbj)j/(  AlSb)s  superlattices  are 
very  similar,  and  they  are  all  semiconductors  with  an  indirect  band  gap  since  the  valeace- 
band  maximum  (H'  point)  and  the  conduction-band  minimum  (rc)  are  at  different  points 
in  momentum  space.  In  addition,  we  find  an  interface  state  (denoted  by  IS  in  Fig.3)  which 
lies  in  the  gap  region.  Fig.4  shows  the  charge  density  of  this  interface  state  at  the  M  and 
X  points  of  the  BriUouin  zone.  It  is  obvious  that  this  interface  state  has  a  sharp  peak  at 
the  iM*rf*ce,  indicating  that  the  strong  localization  of  this  state  appears  around  the  M  and 
especially  the  X  points.  But  this  state  still  has  some  extended  components  in  the  Sb  layers. 
We  have  also  calculated  the  charge  density  of  the  band  edge  states  (not  shown  in  the  figure) 
and  found  that  all  band  edge  states  are  confined  two  dimensionally  in  the  Sb  layers. 


Fig.3.  Band  structures  for  (a)  (Sb,),/(GaSb)»  and  (b) 
(Sb*)j/(AlSb)t  superlattices. 


The  energy  difference*  between  the  conduction  bead  edge  states  end  the  valence  bead 
maximum  (at  the  if  point)  have  been  calculated  as  a  function  of  m,  the  number  of  the 
Sb  layers,  with  fixed  semiconductor  thkhness  n  =  8  layers.  As  shown  in  Fig. 5,  the 
(Sbi)w/(GaSb)8  and  (SbtX./(AlSb)a  superlattices  for  m  <  10  are  semiconductors  with 
an  adjustable  band  gap. 


Fig.4.  Charge  densi¬ 
ties  of  interface  states 
for  (a)  (Sb2)8/(GaSb)8 
and  (b)  (SbJ)8/(AlSb)8 
superlattices. 


Fig.5.  The  energy  dif¬ 
ferences  between  the 
conduction  band  edge 
states  and  the  valence 
band  maximum  of  (a) 
(Sb*)«/(GaSb)s  and  (b) 

(Sb*)”/(AlSb)8  super- 
lattices  as  a  function 
of  m. 


m 


4*1 
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Both  of  than  exhibit  a  transition  from  indirect  gap  to  direct  gap  elctrooic  structure  around 
w*i'  The  energies  of  interface  state  depend  on  both  the  interface  length  and  the 
oftat.  We  have  tried  several  different  values  of  the  band  offset  found  that  the  interface 
atate  does  not  disappear  from  the  gap  for  any  reasonable  offset. 


V.  CONCLUSIONS 

In  conclusion,  We  have  developed  a  tight- binding  theory  for  group- V  semimetals.  The 
bulk  parameters  have  been  used  to  calculate  the  electronic  structures  of  Sb/GaSb  and 
Sb/AlSb  superlattices.  Our  results  show  that  these  superlattice  are  good  candidates  for 
new  narrow  gap  materials  and  may  have  potential  applications  in  optoelectronic  devices. 
Furthermore,  we  have  found  an  interface  state  located  at  the  gap  region  which  may  affect 
the  determination  of  the  intrinsic  band  gap.  Ws  are  continuing  our  theoretical  study  of  the 
properties  of  these  superlattices  and  interface. 
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THE  GROWTH  OF  IaAaSh/InGaAs  STRAINED-LAYER  SUPERLATTICES  BY 
METAL-ORGANIC  CHEMICAL  VAPOR  DEPOSITION 


R.  M.  Biefeld,  K.  C.  Baiicom,  S.  R.  Kurtz,  and  D.  M.  Follstaedt 
Samba  National  Laboratory,  Albuquerque,  NM 

ABSTRACT 


We  have  grown  InAsi-xSbx/lni-yGayAs  strained-layer  superlattice  (SLS) 
semiconductors  lathee  matched  to  InAs  using  a  variety  of  conditions  by  metal-organic  chemical 
vapor  deposition.  The  V/TO  ratio  was  varied  from  2.5  to  10  at  a  temperature  of  475  °C,  at 
pressures  of 200  to  660  tore  and  growth  rates  of  3  -  5  A/s  and  layer  thicknesses  ranging  from  55 
to  152  A.  The  composition  of  the  InAsSb  ternary  can  be  predicted  from  the  input  gas  molar  flow 
rates  using  a  thermodynamic  model.  At  lower  temperatures,  the  thermodynamic  model  must  be 
modified  to  take  account  of  die  incomplete  decomposition  of  arsine  and  trimethylantiinony. 
Diodes  have  been  prepared  using  Zn  as  the  p-type  dopant  and  undoped  SLS  as  the  n-type 
material.  The  diode  was  found  to  emit  at  3.56  pm.  These  layers  have  been  characterized  by 
optical  microscopy,  SIMS,  x-ray  diffraction,  and  transmission  electron  diffraction.  The  optical 
properties  of  these  SLS's  were  determined  by  infrared  photoluminescence  and  absorption 
measurements. 


INTRODUCTION 

The  growth  of  InAsi-xSbx/Ini-yGayAs  SLS's  is  being  explored  by  us  for  their  possible 
use  in  mid-wave,  2-5  pm  infrared  optoelectronic  and  heterojunction  devices.  This  system  was 
chosen  because  the  compositions  span  the  2-5  pm  wavelength  range  and  they  can  be  grown 
lattice  matched  to  InAs.  Recent  results  by  Menna  et  aL  on  a  metal-organic  chemical  vapor 
deposition  (MOCVD)  grown  3.06  pm  diode  laser  with  a  maximum  operating  temperature  of  35 
K  and  threshold  current  densities  of  200  -  330  A/cmP  indicate  the  potential  and  the  need  for 
devices  operating  in  this  wavelength  range.1  Our  previous  studies  in  the  Sb  rich  end  of  the 
InAsSb  ternary  system  have  demonstrated  accurate  composition  control  through  the  use  of  a 
thermodynamic  model  and  high  quality  infrared  detectors  have  been  made  in  our  laboratory  from 
doped  strained-layer  superlattices  (SLS's)  grown  by  MOCVD  in  the  Sb  rich  end  of  this 
ternary.2-3 

The  initial  studies  reported  on  here  focused  on  the  growth  of  InAsi.xSbg/Ini.yGayAs 
heterostructures  on  InAs.  The  studies  concentrated  on  the  growth  and  characterization  of  the 
InAsSb  layers  due  to  the  importance  of  this  material  in  the  active  devices.  The  thermodynamic 
model  used  to  describe  composition  control  in  the  Sb  rich  compositions  can  also  be  used  to 
predict  die  composition  of  As  rich  materials.  The  details  of  the  growth  conditions  for  InAsi- 
xSbx/Ini-yGavAs  SLS's  and  biAsi-xSbx  alloys,  and  the  growth  and  characterization  of  an 
infrared  photodiode  and  die  applicability  to  infrared  devices  of  As  rich  InAsi-xSbx  materials  are 
also  discussed. 


EXPERIMENTAL 

This  investigation  was  carried  out  in  a  previously  described  horizontal  MOCVD  system.4 
The  sources  of  In,  Sb  and  As  woe  trimethy tindium  (TMIn),  trimethylantiinony  (TMSb), 
trimcthylgalliu*  (TMG),  and  100  percent  arsine  (ASH3),  respectively.  Hydrogen  was  used  as 
the  carrier  gas  at  e  total  flow  of  6  SLM.  The  ni/V  ratio  was  varied  from  2.7  to  10.3  over  a 
temperature  range  of 475-525  °C,  at  total  growth  pressures  of  200  to  660  torr  mid  growth  rates 
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of  0.7S  to  3.0  pm/h.  The  growth  was  performed  on  (001)  InAs  substrates.  Diodes  have  been 
prepared  using  Zn  as  the  p-type  dopant  with  diethylzinc  as  the  precursor  and  undoped  SLS  as  the 
n-type  material  InAs  was  cleaned  by  degreasing  in  solvents  and  deionized  water.  It  was  then 
etched  for  one  minute  in  a  10:1  mixture  of  sulfttric  acid  and  hydrogen  peroxide,  rinsed  with 
deionized  water  and  blown  dry  with  nitrogen. 

Sb  compositions,  x,  reported  for  the  InAsi-xSbx  layers  were  determined  by  x-ray 
diffraction  using  a  Cu  x-ray  source  and  a  four  crystal  Si  monochromator.  The  (004)  reflection 
was  used  to  measure  the  lattice  constant  normal  to  the  growth  plane  and  the  (113)  or  (333) 
reflections  were  used  to  determine  the  in-plane  lattice  constant4  In  this  way  the  composition 
determination  is  corrected  for  partial  strain  relaxation  by  misfit  dislocations.  Some  samples  were 
also  checked  for  impurities  using  secondary  ion  mass  spectroscopy  (SIMS). 

Infrared  photoluminescence  was  measured  at  14  K  using  a  double-modulation  technique 
which  provides  high  sensitivity,  reduces  sample  heating,  and  eliminates  the  blackbody 
background  from  infrared  emission  spectra.5  The  absosption  measurements  were  carried  out  on 
polished  samples  using  a  Fourier  transform  infrared  spectrometer. 

Cross-sectional  specimens  of  some  samples  were  prepared  by  cleaving  along  (1 10)  and 
epoxying  two  alloy  surfaces  together.  A  cylinder  centered  on  foe  epoxied  interface  was 
ultrasonically  cored  and  epoxied  into  a  brass  tube  for  mechanical  strength.  Disks  were  sliced 
from  foe  tube  and  were  mechanically  thinned  at  their  centers  with  a  rotating  wheel  "dimpler" 
using  1  pm  diamond  paste.  Final  thinning  was  done  by  ion  milling  with  At,  followed  by  a  short 
milling  tune  in  12  vapor  to  remove  In  residue  on  foe  surface.  Transmission  electron  microscopy 
(TEM)  examination  was  done  using  a  Philips  CM20T  (200  keV)  microscope.  The  specimens 
were  examined  in  a  <110>  direction  perpendicular  to  the  [001]  growth  direction.  Both 
transmission  electron  diffraction  (TED)  patterns  and  TEM  images  were  obtained.  Surface  optical 
photomicrographs  were  obtained  with  a  Zeiss  Ultraphot  microscope  equipped  with  Nomarski 
interference  contrast  objectives. 


RESULTS  AND  DISCUSSION 

The  growth  of  InAsi-xSbx/Ini-yGayAs  SLS's  was  investigated  using  m/V  ratios 
between  2.7  and  10.3  at  a  temperature  of  473  °C,  at  total  growth  pressures  of  200  to  660  torr 
and  growth  rates  of  1-1.8  pm/h.  The  group  V  molar  fraction  of  TMSb  in  foe  vapor  phase 
[nTMSb/(«TMSb  +  nAsH3)l  was  varied  from  0.06  to  0.09.  The  growth  results  for  foe  As  rich 
end  of  foe  biAsi-xSbx  ternary  are  similar  to  those  described  previously  for  foe  Sb  rich  end  of  the 
ternary.  6  The  growth  rate  was  found  to  be  proportional  to  foe  TMIn  and  the  TMGa  flow  into  the 
reaction  chamber  and  independent  of  the  TMSo  and  AsH3  flow. 

The  observed  trends  for  the  effects  of  input  vapor  concentrations  on  foe  resulting  solid 
composition  can  be  completely  described  by  a  thermodynamic  model.6  The  model  predicts  that 
the  thermodynamically  more  stable  ffl/V  compound  will  control  foe  composition.  For  foe 
InAsSb  system  when  m/V  <  1,  As  is  preferentially  incorporated  into  the  solid  and  the  solid- 
vapor  distribution  coefficient  of  Sb  (*Sb)  is  <  1-  This  is  because  InAs  is  more  stable,  has  a 
lower  free  energy  of  formation,  than  InSb  at  473-525  °C.  For  m/V  ratios  close  to  one,  *Sb 
approaches  one  and  for  m/V  2  1,  &Sb  =  1.  When  m/V  2  1,  all  of  the  group  V  materials.  As  and 
Sb,  will  be  incorporated  into  foe  solid  at  their  vapor  concentrations.  These  trends  are  also  found 
for  this  data  for  As  rich  InAsSb.  However,  some  slight  deviations  from  the  predicted  behavior 
of  the  thermodynamic  model  are  observed  for  foe  present  results.  For  some  of  foe  samples 
grown  at  475  °C,  *Sb  appears  to  be  a  1 .  This  can  be  explained  by  assuming  that  not  all  of  the 
AsH3  is  decomposed  at  this  temperature.  This  assumption  is  consistent  with  foe  reported 
incomplete  decomposition  of  AsH3  at  temperatures  below  500  °G7 

An  x-ray  diffraction  pattern  of  die  (004)  reflection  of  a  selected  InAsi-xSbx4ni-yGayAs 
SLS  is  shown  in  Figure  1.  The  pattern  shown  is  for  sample  CVD1242  which  was  also 
fabricated  into  a  light  emitting  diode  (LED)  structure.  The  calculated  pattern  is  for  an 
InAjo.9iSbod9/Ino.9<Gao.06As  SLS  with  1 10  A/ 1 16  A  layer  thicknesses.  The  slight  asymmetry 


Figure  1.  The  x-ray  diffraction  pattern  of  the  (004)  reflection  of  CVD1242  indicates  a  lattice 
mismatch  with  InAs  equal  to  -200  arc  seconds  which  corresponds  to  a  Aa/ao  of  1.6  x  10-3. 

and  line  widths  of  die  peaks  can  be  explained  by  assuming  either  that  there  are  some 
dislocations  in  the  structure  or  that  layers  of  In  1-xGsxAsi-ySby  occur  at  interfaces  in  the  SLS. 

The  bandgap  of  the  unstrained,  InAsa9Sbo.l  alloy  was  determined  to  be  approximately 
270  meV  from  optical  studies  of  bulk  ternary  alloy  and  subsequent  studies  of  SLSs  and  quantum 
wells.  The  accepted  value  for  InAso.9Sbo.t  is  -  330  meV.8  Throughout  our  studies  of  As-rich, 
InAsSb  (5-30%  Sb),  the  optically  determined  bandgap  of  InAsSb  alloys  was  smaller  than 
accepted  values  8  This  InAsSb  bandgap  anomaly  was  observed  in  both  MOCVD  and  MBE 
grown  samples.  _ 

Figure  2  shows  the  transmission  electron  diffraction  (TED)  pattern  for  an  nAso.86Sbo.i4 
alloy.  The  TED  shows  bright  reflections  of  the  <110>  zone  pattern  of  the  zinc  blend  lattice  as 
well  as  non-zinc-blende  reflections  at  half  the  distance  between  (000)  and  {111}  spots.  These 
weak  reflections  indicate  that  compositional  ordering  of  the  Cu-Pt  type  is  occurring  in 
InAso.8ftSbo.i4.  The  type  of  ordering  which  occurs  is  the  same  as  that  which  was  previously 
observed  for  InAso.6Sb0.4  alloys  and  SLSs  and  is  on  the  (111)  planes  of  the  group- V 
sublattice  (CuPt-type).9  Compositional  ordering  of  InAsSb  should  result  in  bandgap 
reduction.9’10  Details  about  ordering  and  the  optical  characterization  of  these  SLSs  will  be 
discussed  in  a  later  publication. 

Initial  attempts  to  dope  these  SLSs  produced  infrared  LEDs.  The  LED  consisted  of  1  pm 
of  p-type  SLS  (Zn  -  5xl018  cm*3)  grown  on  2  pm  of  undoped  SLS  (n-type  background  doping) 
on  an  n-type  InAs  substrate.  The  structure  of  the  SLS  determined  by  x-ray  analysis  was 


Figure  2.  Transmission  electron  diffraction  pattern  from  a  <110>  cross  section  of  an 
InAso.86Sbo.i4  alloy  grown  by  MOCVD  on  (00l)-orienU5d  InAs.  The  strong  reflections  are  due 
to  the  zinc-blende  lattice  and  the  weak  ones  to  CuPt-like  ordering. 


InAso.91Sbq.09/Ino.94Gao.O6Aj  (  1 10  A/ 1 16  A  layer  thicknesses).  The  LEDs  were  fabricated 
into  unpassivated,  mesa  structures.  The  forward-bias  LED  emission,  photoluminescence 
spectrum,  and  photovoltaic  spectral  rcaponsivity  (all  at  77K)  for  the  LED  are  shown  in  Figure  3. 
AH  spectra  were  obtained  with  an  FT®  spectrometer  equipped  with  an  InSb  detector.  A 
NdL-YAG  laser  (1.06  pm)  was  used  for  excitation  in  die  photoluminescence  experiment. 
Photoluminescence  and  LED  emission  were  measured  by  operating  the  FT1R  in  a  double- 
modnlahon  mode.  The  peak  of  die  photoiumineacence  and  the  edge  of  the  spectral  response  both 
occur  at  approximately  the  same  energy,  340  meV.  The  LED  emission  occurs  at  sligbdy  higher 
energy,  with  a  peak  of  348  meV  (3.56  pm)  at  high  injection  levels.  With  die  shift  of  the  LED 
emission  to  higher  energy  than  the  PL  peak,  we  conclude  that  the  band-filling  increase  in  the 
emission  energy  dominates  the  injected  carrier-induced  decrease  in  die  bandgap. 

At  77K,  the  LED  ootpot  power  was  approximately  0.02  W/cm2  for  a  current  density  of 
100  A/cm2  This  results  in  an  efficiency  of  0.06%.  The  LED  emission  intensity  falls-off  rapidly 
above  100  K,  and  we  coaid  not  observe  LED  emission  at  300  K.  Also,  dm  LED  I-V 
characteristic  was  soft,  and  the  phototuminescence  efficiency  of  the  LED  sample  was  less  than 
that  observed  in  our  beat  SLSs.  Overall,  the  LED  emission  efficiency  and  I-V  characteristic  of 
this  initial  SLS  device  were  poor  compared  to  that  demonstrated  for  thick,  LPE-grownlnAsSbP 
LEDs  emitting  at  4  pm  and  operating  at  300  K.U'12  There  was  significant  residual  lattice 
mismatch  between  the  SLS  and  the  substrate  (As  /  a  » .0016)  and  we  ipeculate  that  the  emission 
efficiency  and  the  I-V  characteristic  of  the  SLS  device  were  degraded  by  dislocations  forming  as 
resun  of  bib  nuBfiMiii 
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Figure  3.  Forward-bias  LED  emission  (LED),  photoluminescence  spectrum  (PL),  and 
photovoltaic  spectral  responsivity  (SR)  of  the  LED  sample.  All  spectra  were  taken  at  77  K,  and 
the  injection  current  used  for  the  LED  emission  measurement  was  100  mA. 


In  conclusion,  we  have  established  the  growth  conditions  for  InAsi-xSbx/lni- 
yGayAs  SLS's.  The  vapor-solid  distribution  coefficient  for  Sb  can  be  described  by  a 
thermodynamic  model.  The  PL  peak  energies  of  the  SLS's  and  alloys  grown  under  the 
conditions  of  this  study  are  lower  dan  those  previously  reported.  The  lower  energy  anomaly  in 
these  SLSs  is  probably  due  to  ordering  which  is  observed  in  InAsn  wSbn  u.  The  first  midwave 
infrared  emitters  that  utilize  SLSs  with  biaxially  compressed  InAsSb  have  been  demonstrated. 
An  SLS  LED  was  constructed  which  emitted  at  3.56  jun  with  0.06%  efficiency  at  77  K. 
Demonstration  of  this  device  should  allow  us  to  construct  electrically  injected  lasers.  We 
anticipate  that  with  improvements  in  material  quality,  we  may  soon  demonstrate  the  reduction  of 
Auger  rates  through  higher  temperature  operation  of  midwave  emitters  with  biaxially  compressed 
InAsSb. 
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ABSTRACT 

In  this  study,  we  report  the  optical  properties  of  a  variety  of  compositionally  equivalent 
disordered  superlattices  in  the  AlAs/GaAs  system.  Markedly  different  signatures  are  seen  in  the 
steady-state  optical  signatures  of  a  random  pseudobinary  Alo.5Gao.5As  alloy  and 
(AlAs)n(GaAs)4-ii  superlattices  (SLs)  where  n  =  2  (ordered)  or  n  is  randomly  chosen 
(disordered).  Relative  to  the  properties  of  die  pseudobinary  alloy  or  ordered  SL,  intense,  red- 
shifted,  photoluminescence  (PL)  peaks  and  broad  non-excitonic  absorption  are  observed  from 
disordered  (AlAs)n(GaAs)4-|]  SLs  where  n  is  randomly  chosen  from  the  sets  [0, 1, 2, 3, 4]  or  [1, 
2,  3].  Our  observations  suggest  that  a  large  density  of  states  at  energies  lower  than  the 
compositionally  equivalent  pseudobinary  band  gap  exist,  and  including  wider  wells  and  barriers 
may  lead  strongly  localized  regions  and  tire  onset  of  quantum  effects.  Room  temperature 
electroluminescence  is  also  observed  from  disordered  SL  pn  samples,  and  the  energy,  intensity, 
and  efficiency  are  shown  to  vary  with  deposition  sequence. 


The  observation  of  carrier  localization  in  one-dimensional  random  systems  was  first 
studied  in  purposely  disordered  GaAs/AlGaAs  superlattices  where  the  authors  were  able  to 
demonstrate  that  vertical  transport  in  superlattices  decreased  with  increasing  disorder.1 
Additionally,  it  was  shown  that  the  vertical  transport  is  thermally  activated  from  localized  levels 
with  trap  energies  of  5  -  66  meV,  depending  on  the  degree  of  disorder  and  that  the  transport 
displays  behavior  characteristic  of  an  Anderson  transition  as  the  disorder  exceeds  a  value  which 
leads  to  the  localization  of  all  eigenfunctions  (2  monolayers  for  the  SLs  studied  of  nominal  width 
30A).  « 

In  1989,  new,  severely  disordered,  materials  requiring  monolayer  (ML)  precision  were 
proposed-3  These  materials,  called  disordered  monolayer  superlattices  (d-SLs),  are  composed  of 


randomly  distributed  layers  with  thicknesses  L*  no  greater  than  6  A  and  average  disorder  of  ■ 


As  shown  in  Fig.  1,  a  disordered  monolayer  superlattice,  for  example,  composed  of  an  alternating 
sequence  of  1  ML  of  GaAs  followed  by  3  ML  of  AlAs,  then  2  ML  GaAs,  2  ML  AlAs,  3  ML 
GaAs,  1  ML  AlAs,  etc.,  would  produce  a  random  superlattice  with  an  overall  periodicity  of  4  ML 
and  average  composition  of  Alo.5Gao.5As.  This  sequencing  is  in  contrast  to  a  normal,  ordered 
superiattice  of  the  same  dimension  where  2  ML  of  GaAs  and  2  ML  of  AlAs  are  repeatedly 
deposited  in  alternating  sequence,  or  a  bulk  alloy  where  both  Ga  and  A1  atoms  impinge  on  the 
growing  surface  at  the  same  time  (no  intentional  spatial  separation). 
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Figure  1.  Various  deposition  sequences  of  AlAs/GaAs  monolayer  SLs  with  equivalent 
compositions  of  AIqjGs&s  As. 


Early  reports  have  shown  that  d-SL  layers  exhibit  (1)  increased  PL  and 
electroluminescence  (EL)  intensity  compared  to  ordered  and  bulk  alloy  indirect  band-gap- 
equivalent  materials,  especially  near  300  K;  (2)  reduced  band-gap  energies  relative  to 
compositionally  equivalent  random  alloys  and  ordered  superlattices  of  the  same,  or  even  longer, 
periodicity;  (3)  a  temperature  dependence  of  PL  intensity  similar  to  that  of  amorphous  materials, 

which  is  described  by  /oc|l  +  Aejq^r/rB^  ,  where  T  is  absolute  temperature,  T0  is  the 

characteristic  temperature  corresponding  to  the  energy  depth  of  localized  sates  from  a  mobility 
edge,  and  A  is  a  tunneling  factor,  and  (4)  a  shorter  ft.  decay  lifetime  than  equivalent  indirect- 
gap  alloys  or  ordered  SLs.410  The  luminescent  behavior  was  observed  to  depend  on  the 
probability  distribution  of  the  layer  thicknesses  and  was  attributed  to  different  localized  states 
created  by  the  disordering  in  atomic  arrangement.8  The  results  of  these  experiments  and  early 
theoretical  treatments11-'3  support  die  assignment  of  the  observed  properties  to  localization 
effects  similar  to  those  ascribed  to  amorphous  materials  and  Anderson  localization. 14 

In  this  paper,  we  report  on  the  influence  of  the  (dis)ordering  deposition  sequence 
(randomization)  on  the  optical  properties  of  d-SL  materials.  We  also  show  that  the  emission 
energy,  intensity,  and  efficiency  of  room  temperature  EL  vary  with  deposition  sequence. 


The  following  undoped  samples  were  grown  by  solid  source  MBE  on  exact  [001]  GaAs 
substrates:  (!)  a  3-D  random  biasry  alloy  of  A^Otay  As  (RBA),  (ii)  a  (AlAshfGaAafe  [001] 
ordered  superiattioe  [*o  be  denoted  at  o-&2)  SL],  (iii)  a  ( AlAs^GaAs)^  d-SL  where  n*  1,2, 
or  3  is  a  random  number  [(d-(l,3)-A],  (iv)  (AlAs^daAsfe*  d-SL  where  n  is  varied  randomly 
from  the  aet  [0, 1, 2, 3, 4],  denoted  as  and  the  n=0  component  indicates  that  die  layer  is 

skipped.  The  uadoped  d-SL  layers  were  0.3  pm  thick  md  capped  by  100  A  of  GaAs.  For  the  EL 
samples,  1  |im  thick  d-SL  layers  Si  doped  1  x  10 17  cm-3  were  followed  by  s  0.2  pm  d-SL  region 


[001] 


Be  doped  at  1  x  1019  cm'3  and  a  0.2  pm  GaAs  contact  layer.  The  4-SL  lasers  ia  the  EL  samplea 
awaited  of  (i)  a  a-type  d-{l,3}-A  layer,  (ii)  a  (AIAs),(aeAs)»  d-SL  where  n,  m  *  1,2,  or  3  are 
random  whbwHHtMl.  sad(w)  a(AIAi)n(OaAs)s*  d-SL  where  n-2,4,or6iaa  random 
mmfasr  l(d-<2AupA].  A  mkHem  variation  in  the  aaoueecteK  of  the  OaAa  and  AlAa  layer  was 
oaod:  byere  defined  aa  (OaXs^AlAs)^  or  (AlAs),(tjr^a)s^iequge  that  the  subunit  ttackarea 
■  U.AMa+  kOrti M  ooMmt  whereas  those  fornrtatrd  aa  (OaAs),(AlAs)b  hm  no  abort 
ny  wwhiaaaiaw  rnmpirecly  random.  Ia  each  d-SL  we  have  studied,  the  probability  of 
occurrence  for  eachum  waseamL 

The  SLa  were  grown  without  the  nae  of  growth  hhnupta  at  a  tow  growth  rate  of  0.25 

diffusion.13  There  condkioas  contrast  thore  used  in  previous  studies:  600'C  and  3-5  s  growth 
imenupts  with  a  growth  nae  of  0.5  ML/s.4  To  fabricate  abated  pn  detectors  and  EL  samples, 
large  awe  naaaat  (ft.1  cm2)  were  etched ,  Aa  contact  fingers  electroplated,  aad  the  contact  layer 
waa  selectively  removed.  Ahunhwtn  concentration.  sample  thickness,  aad  periodicity  were 
confirmed  tydnablo-ayatalX-Rsy  diffrartion  sad  transmissioo  electron  microscopy  (TEM). 


PL  (aolid  Baca)  aad  pbosotonuieccnor  exdtatiou  spectroscopy  (PLE)  (daahed  lineg) 
spectra  from  four  samples  are  plotted  in  Pig.  2.  The  arrow  above  each  PL  spectrum  indicate  the 
energy  at  which  the  PIE  ipeclnHn  was  recorded.  Note  that  aH  the  structures  have  the  same 
average  composition.  However,  by  coutmlHag  the  deposition  aeqaeace  of  the  group  in  atoms 
(Ge  aad  AI),  we  have  been  able  to  change  (he  peak  eshasioa  energy  by  more  than  0.2  cV,  as  well 
as  numerous  other  spectral  details. 


tines)  aad  photoluminescence 
excitation  enucfoa  (dashed  lines) 
as  a  function  of  photon  energy 
taken  at  4.2  K  for  AlajQaojAi 
RBA,  (OaAa)2(AlAs)2  ordered  SL, 
d-(U)-A  SL  aad  d-(0.4)  SL. 
Exckatiop  inleaaity  was  5  mW/cm2 
at  5400  A.  The  atrowa  indicate  the 
detection  energies  used  to  collect 
the  PLE  spectra. 


The  PL  and  PLE  spectra 
obtained  from  the  RBA  and  o-{2,2) 
SL  (Fig.  2)  show  relatively  weak 
PL  emission  associated  with  the 
lowest  energy  indirect  transition 
Ex-r  at  »  2.05  eV  and  jphonon 
replica  similar  to  that  of  earlier 
findings.16  For  the  RBA  simple, 
the  PL  is  a  broad  manifold  upon 
which  sharp  peaks  are 
superimposed,  with  foil  width  at 


-At^ 


j  o-(2£)  SL 


/  (H14)SL 


/  «H0,4)  SL 


half  maxinmm  CPWHM)  as  small  i.«o  1.80  2.00  2.20  2.40  2.00 

as  5.1  meV.  The  PLE  spectrum  Energy  (eV) 

(detected  at  2.066  cV)  shows  weU 

a  resolved  free  excitosic  absorption  at  2.148  eV,  giving  a  Stokes  shift  of  82  meV.  The 
maxhantn  emissioa  intensity  is  at  2.037  eV,  aad  the  peek  separations  are  consistent  with  the  LO 
phoaon  energies  of  OnAs(X)  (31  meV)  and  AlAs(X,r>  (48  meV). 16 


801 


In  comparison,  the  optical  signatures  of  the  o~&2)  SL  show  that  PL  is  dominated  by  a 
single  emissioo  at  2.052  eV,  15  meV  lower  than  the  high-energy  PL  peak  detected  from  the  RBA 
sample,  and  phoooo  replica.  PLE  detected  at  the  PL  peak  energy  indicates  a  weakly  excitonic 
absorption  with  a  band-gap  energy  of  2.150  eV.  The  measured  Stokes  shift  of  98  meV  and 
reduced  PL  peak  energy  relative  to  the  RBA  are  consistent  with  the  predicted  Type  II 
pseudoindirect  nature  of  the  lowest  energy  transition 17  and  earlier  observations. 16 

The  PL  spectrum  of  d-(l,3)-A  SL  exhibits  a  strong  peak  with  up  to  five  shoulders, 
indicating  a  complicated  convolution  of  emission  processes.  At  4.2  K  under  5  mW/cm2, 5400  A 
excitation,  1.926  eV  emission  (with  FWHM  *  9.4  meV)  dominates  from  the  d-(l,3)-A  SL. 
Pbotoiuminescence  from  the  two  highest  energy  transitions  was  observed  only  with  selective 
excitation  at  2.296  eV,  suggesdngthat  these  peaks  are  deep-level  recombination  associated  with 
the  buried  AlojsGaojAs.  Also,  PL  obtained  with  lower  energy  excitation  (1.941  eV)  is  nearly 
half  as  intense  as  that  obtained  at  higher  excitation  energy  (2.032  eV),  suggesting  that  a 
significant  density  of  states  exists  at  the  lower  energies.  Using  the  PL  peak  energy  as 
representative  of  the  band-gap  energy,  the  introduction  of  the  randomization  sequence  has  red- 
shifted  the  effective  band  gap  by  more  than  120  meV. 

The  PLE  spectrum  for  the  d-(l,3)-A  SL  displays  no  indication  of  the  presence  of  free 
excitonic  absorption.  The  broad  absorption  profile  is  consistent  with  band  tailing  or  disorder- 
induced-localization,  where  the  required  nonperiodic  potential  has  been  synthetically  produced 
by  using  a  random  deposition  sequence  for  the  Group  III  atoms.  s>**  Also  consistent  with  the 
existence  of  a  large  density  of  states  at  lower  energy  is  the  fact  that  emission  from  the  three 
lowest  energy  bands  could  be  excited  at  an  energy  of  2.032  eV  (not  shown). 

The  PL  spectrum  of  the  d-(0,4)  SL  is  qualitatively  different  from  that  of  the  d-(l,3)-A 
sample  in  that  seven  reasonably  well-defined  PL  peaks  are  observed  between  1.625  eV  and  1.898 
eV.  The  two  highest  in  energy  (1.880  and  1.898  eV)  are  detected  only  with  excitation  energies 
greater  than  2.2  eV  (i.e.,  larger  than  the  band-gap  energy  of  the  Alo.jGao.5  As  layer). 
Additionally,  PLE  detected  on  these  two  highest  energy  emissions  show  essentially  the  same 
sharp,  well-defined  band  edge  at  -2.17  eV.  These  two  peaks  are  therefore  associated  with  the 
buried  Alo.5Gao.5As  layer,  which  does  not  absorb  the  lower  energy  (2.0  eV)  excitation  beam. 
These  highnenergy  emissions,  observed  in  both  d-SL  PL  spectra,  may  be  associated  with  regions 
of  the  d-SL  that  are  close  to  the  RBA  buffer  layer  and  separated  from  the  "bulk"  of  the  d-SL  by  a 
thin,  minimally  absorbing  AlAs  layer. 

The  PLE  spectra  detected  on  the  five  lower  energy  peaks  of  the  d-(0,4)  SL  (a 
representative  spectrum  is  shown  in  Fig.  2)  exhibit  extremely  broad  absorption  tails  with  a  stair 
case-lilce  profile  which  is  normally  associated  with  2-dimensional  confined  quantized  levels.  In 
this  case,  however,  the  absorption  is  extremely  weak  and  excitonic  effects  are  not  observed.  In 
the  extreme,  these  transitions  would  be  associated  with  isolated  single  quantum  wells  with 
relatively  ill-defined  interfaces,  as  evidenced  by  FWHM  values  j»19  meV  in  the  4.1  K  PL 
spectra.  Inspection  of  the  actual  computer-generated  layer  sequence  reveals  GaAs  and  AlAs 
layers  with  thicknesses  up  to  11  and  14  ML,  respectively.  We  analyzed  the  computer  generated 
growth  sequences,  calculated  transition  energies,  and  found  no  correlation  to  the  observed  PL 
peak  energies  and  PLE  absorption  edges.  This  discrepancy  could  arise  from  incomplete  analysis 
of  the  wavefunction  overlap  between  adjacent  areas  of  the  d-SL  structure  as  well  as  ambiguous 
termination  of  the  well  and  barrier  regions  in  the  complex  sequence.  Interestingly,  we  observed 
very  little  spectral  dependence  of  the  PL  from  the  d-(0,4)  SL  with  either  temperature  or 
excitation  intensity.  These  observations  suggest  that  the  radiative  recombination  transitions  may 
be  fundamentally  different  from  those  ofthe  d-(l,3)-A  SL  ;  they  also  suggest  that  carrier 
localization  inhibits  migration  to  a  free  surface  or  other  nonradiative  recombination  site. 

We  observed  additional  evidence  for  the  complex  nature  of  the  d-(l,3)-A  SL  sample  in 
the  changes  inpeak  energy  and  spectral  line  shape  of  PL  with  excitation  intensity  (Fig.  3).  The 
PL  spectra  of  d-(1.3)-A  initially  (low  excitation  intensity)  shows  emission  at  low  energy  (1.925 
eV).  A  tenfold  increase  in  excitation  power  reveals  two  higher  energy  transitions  at  -1.945  and 
1.960  eV  and  an  additional  lower  energy  peak  at  1.915  eV.  At  an  excitation  intensity  of  -13 
W/cm2  (400  mW,  unfocused),  the  PL  spectrum  is  dominated  by  two  transitions,  -1.915  and 
1.946  eV  with  only  a  small  shoulder  visible  at  -1.98  eV.  As  the  incident  intensity  increases, 
energy  levels  with  a  low  density  of  states  become  saturated,  and  stronger  emission  occurs  from 


states  with  shorter  lifetimes  or  higher  densities.  A*  higher  energy  states  become  populated,  new 
recombination  paths  become  available  (for  example,  electrons  may  spatially  diffuse  to  nearby 
lower  energy  states)  and  new  emission  procesaes  at  tower  energies  may  ton-on.  In  this  case, 
time-resolved  photofamint  sernix  may  indicate  sn  extra  delay  time  in  the  turn  oe  of  the  1.915  eV 
emission  with  respect  to  tbe  1.945  cv  emission,  since  spatial  electrtio  diffusion  may  be  involved. 
In  marked  contrast,  the  profile  of  PL  spectra  of  the  RBA  and  o-(2£)  and  d-(0,4)  (not  shown) 
change  very  little  with  increasing  exdtaboo  intensity. 

The  enhanced  PL  properties  of  the  d-SL  structures  suggested  that  active  devices  made 
from  these  materials  may  outperform  those  composed  of  £  indirect-band-gap  equivalent 
paeudobinary  alloy.  Hence,  we  fabricated  pn  junction  devices  to  investigate  the  absorption19  and 
EL  properties.  Shown  in  Fig.  4,  the  room  temperature  EL  peak  energies  vary  more  then  100 
meV  for  structures  with  the  same  average  composition  .  Specifically,  we  observe  EL  at  1.5V 
from  die  (AIAa^GaAsk*  In*  2,4, 6]  d-SL  with  a  peak  energy  of  1.81  eV  that  is  35-fold  more 
intense  than  EL  from  either  the  d(l,3>-A  or  d(l,3)-B  samples,  with  respective  peak  energies  of 
1.85  and  1.97  eV.  These  energy  differences  are  due  to  disorder-induced  localized  states  where 
the  effective  peak  and  width  of  the  density  of  states  varies  with  the  randomization  sequence.13 
Additionally,  doubling  the  layer  thickness  while  maintaining  the  exact  layer  sequence  seems  to 
have  n  rather  dramatic  effect  on  the  extent  of  localization.  Comparing  observations  from  the  d- 
(2, 4, 6)-A  and  d(l, 

2, 3)- A  samples,  we 
note  that  the  peak 
EL  energy  is  red 
shifted  -  50  meV, 
tbe  turn  on  voltage 
for  emission  visible 
to  the  eye  (a  few 
uW)  is  (educed 
0.15  eV.  and  the 
intensity  is  35-fold 
greater  at  1.5V  bias. 

Interestingly,  tbe  d- 
SL  structures  with 
some  short  range 
correlation  have  not 
been  considered 
theoretically, 
though  our 
observations 
suggest  that  this 
structure  may 
provide  a  feasible 
means  to  obtaining 
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In  summary,  optical  spectroacopy  hat  revealed  that  randomization  of  the  layer  thickness 
in  short  period  AlAiAOeAs  superlattices  induce*  significant  changes  in  the  bud  structure.  We 
observed  optical  signature*  from  d-SL  structures  indicating  the  presence  of  a  significant  density 
of  localized  or  band  tail  states  at  energies  more  than  200  meV  below  the  band  gap  of  the  random 
AlasOaoj  As  alloy,  as  well  as  bright  EL  intensities  at  room  temperature,  suggesting  that  these 
novel  material  structures  may  be  suitable  for  advanced  optoelectronic  applications. 
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Figure  4.  Room  temperature  EL  at  1.5  V  bias  from  variously  disordered  SL  sequences.  The 
integrated  intensity  from  the  d(2,4,6)-A  d-SL  is  35-fold  greater  dan  that  measured  from  either 
d(l3)  d-SL  structure. 
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ABSTRACT 

We  performed  low  temperature  photocurrent  and  photoluminescence  excitation  spec¬ 
troscopy  on  tensile  and  compresaively  strained  Ga,Ini_xAs/GaInAsP  quantum  well  layers 
to  determine  the  band  offset  of  the  heterojunction  (0.3  <  xo.  <  0.7).  The  ratio  of  the  con¬ 
duction  band  discontinuity  to  the  heavy  hole  discontinuity  has  been  obtained  from  well  to 
barrier  transitions  and  is  found  to  be  about  35/65  for  gallium  contents  between  0.4  and  0.6. 
We  obtained  the  effective  heavy  hole  mass  by  comparison  of  PLE  transition  energies  with 
calculations  of  the  subband  levels.  We  observe  that  the  effective  heavy  hole  mass  increases 
with  the  gallium  content  from  0.3  mo  for  xqv  =  0.31  to  about  0.45  mo  for  *g«  =  0.55. 


INTRODUCTION 

Strained  quantum  well  systems  have  very  interesting  properties  for  the  design  of  semi¬ 
conductor  devices.  For  example  due  to  the  modified  valence  band  structure  strained-layer 
Gain  As  quantum  well  devices  show  an  improved  laser  characteristic  [1],  and  an  improved 
modulator  performance  [2]. 

The  band  offset  of  GalnAs/GalnAsP  is  scarcely  investigated  although  it  determines  the 
potential  barriers  of  the  heterostructures  and  thereby  transport  characteristics  of  carriers. 
The  size  of  the  band  offset  and  the  effective  masses  are  important  quantities  for  the  calcula¬ 
tion  of  energy  levels  in  quantum  wells  (QW).  For  unstrained  Gao.47Ino.ssAs/GaInAsP-layers 
the  conduction  band  discontinuity  was  estimated  from  photoluminescence  excitation  spec¬ 
troscopy  (PLE)  to  be  38%  of  the  bandgap  difference  [3]. 


SAMPLES 

We  studied  the  band  offset  and  the  effective  heavy  hole  masses  of  Ga*Ini_x  As/Gain AsP 
strained-layer  heterostructures  by  photocurrent  (PC)  and  PLE  measurements.  These  single 
quantum  well  (SQW)  structures  were  grown  by  lew-pressure  metal-organic  vapor  phase 
epitaxy  (LP-MOVPE)  on  (100)  oriented  semi-insulating  InP:Fe  substrate.  The  GalnAs 
SQWs  have  a  well  width  of  20  nm  and  gallium  content  in  the  range  of  0.3  ...  0.7.  The 
100  nm  wide  GalnAsP-barriers  (low  temperature  bandgap  of  1.08  eV)  were  grown  lattice- 
matched  to  InP.  The  gallium  content  and  the  well  width  of  the  SQWs  were  cross-checked 
using  high  resolution  X-ray  diffractometer  measurements  cm  multi  quantum- well  structures. 
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EXPERIMENT 


The  photocunent  measurements  woe  carried  out  with  a  Fourier  spectrometer 
(BOMEM  DA3.01).  The  samples  were  contacted  with  standard  dunk  contacts  (alloyed 
Au/Sn/Ag/Au).  The  photoluminescence  (PL)  signal  was  excited  with  the  514  nm  line 
of  an  Ar+  laser.  For  PLE  measurements  we  used  the  light  of  a  50  Watt  halogen  lamp 
dispersed  by  a  1  m  Spex  monochromator.  Hie  luminescence  of  the  lowest  intersubband 
transition  was  detected  by  a  liquid  nitrogen  coded  germanium  detector  which  followed  a 
0.25  m  monochromator.  Standard  lock-in  technique  was  used  to  amplify  the  signal.  The 
spectra  were  corrected  feu  the  system  response. 


THEORY 

In  order  to  deduce  the  band  discontinuities  and  the  effective  masses  from  a  comparison 
of  experimental  data  with  theory  we  calculated  the  energy  levels  of  the  confined  carriers. 
We  performed  these  calculations  with  a  finite-quantum-well  model  including  effects  specific 
for  strained  material  [4].  We  included  :  (i)  the  composition  dependence  of  the  unstrained 
bandgap  E‘f-  and  (ii)  the  influence  of  strain  on  the  bandgap  of  the  bulk  material. 

For  the  composition  dependence  of  the  strain  free  Ga,In,_xAs  bandgap  we  used  the 
relation:  Ei‘*'(x)  —  0.4105  +  0.6337*  +  0.475**  [5].  Lattice  mismatch  between  the  epitaxial 
Gain  As  layer  and  the  substrate  leads  to  compositional  strain  in  the  layer.  This  biaxial 
strain  causes  a  change  in  the  fundamental  bandgap  and  a  splitting  of  the  light  and  heavy 
hole  band  edges  Eu,  and  £**  which  are  degenerate  at  the  lattice  matched  composition 
xa.  =  0.47.  With  increasing  gallium  content  the  heavy  hole  bandgap  Eft  increases  stronger 
than  the  light  hole  gap  Eft.  The  effects  on  the  energy  bands  have  been  described  by  the 
deformation  potential  theory  [6,  7].  The  lattice  constant  of  unstrained  GaxIni-.As,  the 
elastic  constants,  the  deformation  potentials,  and  the  effective  electron  masses  have  been 
estimated  by  interpolating  the  parameters  of  the  binaries  [7,  8].  With  the  bulk  parameters 
of  strained  GalnAs  obtained  in  the  way  described  above  the  energy  levels  of  the  vertically 
confined  carriers  have  been  calculated  within  the  finite  potential  well  model. 


RESULTS  FROM  PHOTOCURRENT  MEASUREMENTS 

Figure  la  shows  photocurrent  spectra  of  strained  Ga,Ini_«As/GaInAsP  SQWs  measured 
at  low  temperatures  (5K)  for  gallium  contents  of  0.41,  0.48,  and  0.55.  For  all  compositions 
we  observe  thresholds  in  the  photocurrent  at  photon  energies  between  the  bandgap  en¬ 
ergies  of  the  quantum  well  and  the  barrier.  The  GaxIni_„As  bandgap  is  indicated  with 
Eft  and  0ft.  At  photon  energies  of  ~  l.G8eV  the  bandgap  of  the  confinement  material 
Et(GaJnAsP)  appears.  The  threshold  energy  between  the  bandgap  energies  of  well  and 
barrier,  marked  as  Eft  (Eft),  corresponds  to  the  lowest  transition  from  the  heavy  (light) 
hole  subband  to  the  conduction  band  of  the  barrier.  For  the  threshold  energy  of  the  heavy 
hole  case  the  following  equation  holds: 

Eft  =  lhh  +  Eft  +  AEC  =  EftlnJUP  +  lhh  - 
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Figure  1:  (a)  Low-temperature  PC-spectra  of  Ga^In^jAs/GalnAsP  SQW  samples  with 
various  gallium  contents.  Thresholds  in  the  photocurrent  marked  with  Eft  (£(Jj)  result 
from  transitions  from  the  lowest  heavy  (light)  hole  state  into  the  conduction  band  of  the 
barrier.  These  experimental  threshold  energies  are  compared  in  (b)  with  calculated  values. 
The  only  adjustable  parameter  is  AEc/AEft.  The  resulting  relative  conduction  band 
discontinuity  is  shown  in  (c). 

An  equivalent  relation  exists  for  Eft.  These  thresholds  can  be  used  to  determine  the 
conduction  band  discontinuity  A£c  and  the  heavy  (light)  hole  band  discontinuity  A  Eft 
(A Eft)  very  precisely  since  the  first  hole  quantization  energy  is  small  (for  the  heavy  hole 
case  ihh  ~  2  meV  and  for  the  light  hole  case  llh  ~  11  meV)  compared  to  A Ec.  For 
biaxial  compression  (zo«  =  0.41),  where  the  heavy  hole  bandgap  is  smaller  than  the  light 
hole  bandgap,  the  transition  energy  Eft  is  smaller  than  the  transition  energy  Eft.  Thus 
the  observed  threshold  energy  is  Eft.  For  =  0.48,  a  composition  which  is  close  to 
the  unstrained  case  (xa,  =  0.47),  heavy  and  light  hole  threshold  energies  coincide.  In 
the  case  of  biaxial  tension  (xq*  =  0.55)  the  first  onset  of  photocurrent  is  at  the  light  hole 
threshold  energy  In  the  photocurrent  spectrum  one  can  observe  also  a  second  onset 
which  corresponds  to  the  heavy  hole  threshold  energy. 

From  a  comparison  of  the  experimental  data  with  theoretical  calculations  of  the  threshold 
energy  (see  Fig.  lb)  we  can  determine  the  ratio  of  the  conduction  band  discontinuity  to 
the  difference  in  heavy  hole  bandgaps  A Et/AEft  to  be  (35  ±  3)%.  This  value  is  almost 
constant  in  the  investigated  range  of  gallium  contents  from  0.4  to  0.6  as  shown  in  Fig. 
lc.  Our  value  for  the  conduction  band  discontinuity  of  the  unstrained  material  is  in  good 
agreement  with  earlier  measurements  on  the  unstrained  Gain  As  on  GalnAsP  [3]. 


500 


Wavelength  (/*m) 


1.6  1.5  1.4  1.3  1.2 


(a)  Photon  Energy  (eV) 


Figure  2:  (a)  Low-temperature  PLE  (solid  line)  and  PL  (dotted)  spectra  of 

Ga,Ini_xAs/GaInAsP  /InP  SQW  samples  with  different  gallium  content  xG„  and  a  well 
width  of  20  nm.  The  excitonic  transitions  which  are  used  for  the  comparison  with  theory 
(b)  are  marked  with  arrows.  For  all  transitions  a  good  agreement  between  experiment  and 
theory  is  observed  for  &Ec/AEkk  «  0.4.  The  13H  transition  which  only  slightly  depends 
on  the  band  discontinuity  distribution  has  been  used  to  calculate  the  gallium  dependent 
effective  masses  shown  in  (c). 

PLE  MEASUREMENTS 

We  performed  photoluminescence  measurements  in  order  to  check  our  results  for  the 
band  discontinuity  with  the  energetic  position  of  higher  transitions.  Furthermore  we  de¬ 
duced  the  effective  heavy  hole  masses  from  the  observed  transition  energies.  Figure  2a 
shows  low-temperature  (2K)  PLE  spectra  of  strained  GaxIni_xAs/  GalnAsP  samples.  The 
detection  wavelength  was  set  to  the  peak  energy  of  the  corresponding  PL  spectrum  included 
as  dotted  lines  in  this  picture.  The  peak  halfwidth  vary  in  the  range  of  3.3  -  6.5  meV.  These 
narrow  PL  lines  show  the  good  quality  of  the  samples. 

Several  excitonic  transitions  have  been  observed.  Lines  mark  positions  of  identified 
transitions  which  have  been  compared  with  theoretical  calculations.  Some  selection  rule 
forbidden  transitions  (12H  and  13H)  can  be  observed.  Especially  the  relatively  strong 
occurrence  of  the  12H  transition  (le-2hh  transition)  is  presently  not  understood.  The 
intersubband  transition,  which  is  most  sensitive  to  the  value  of  AEC  is  the  3e-3hh  transition 
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(33H).  The  energy  difference  between  the  11H  and  13H  transition  is  most  sensitive  to  the 
effective  quantization  mass  of  the  heavy  hole. 

Figure  2b  shows  a  comparison  of  optical  transition  energies  measured  by  PLE  (see  Fig. 
2a)  with  calculated  exci tonic  energies.  The  effective  electron  and  light  hole  masses  were 
linearly  interpolated  between  the  values  of  the  binaries  (InAs:  m,/mo  =  0.023,  mi*/mo  = 
0.026,  GaAs:  m«/mo  =  0.0665,  mj*/m o  =  0.082,  mo:  vacuum  electron  mass  [8]).  The 
exciton  binding  energy  is  assumed  to  be  ~  6  meV  for  11H  transition  and  ~  7  meV  for 
11L  transition  [9].  Higher  transitions  have  slightly  lower  exciton  binding  energies  [10].  The 
energetic  position  of  the  lowest  optical  transition  11H  (11L)  is  caused  by  the  large  well 
width  determined  by  the  gallium  content.  The  higher  transitions  are  most  sensitive  to  a 
variation  of  the  band  discontinuity,  especially  the  22H  and  33H  heavy  hole  transitions.  We 
observe  a  good  agreement  between  the  experimental  peak  positions  and  the  results  of  our 
calculations  using  the  previously  determined  band  discontinuity. 

To  separate  the  influences  of  the  band  offset  and  the  effective  mass  on  higher  transitions 
we  investigated  the  splitting  of  the  11H  (12H)  and  13H  transition,  which  is  (besides  the 
influence  of  well  width)  determined  by  the  effective  heavy  hole  mass. 

We  can  now  calculate  the  effective  heavy  hole  mass  in  growth  direction  from  the  11H, 
(12H),  13H  splitting.  A  careful  analysis  shows  that  the  effective  heavy  hole  mass  of  GalnAs 
cannot  be  described  by  a  linear  interpolation  between  the  standard  bulk  values  of  the 
effective  masses  of  the  binaries  InAs  (fflu/m0  =  0.40  [8])  and  GaAs  (mu/rao  =  0.45  [8]). 
We  determined  the  heavy  hole  mass  in  the  compressively  and  the  nearly  unstrained  case 
to  be  about  0.3  n»o  For  biaxial  tension  the  effective  heavy  hole  mass  appears  greater.  For 
XGa  =  0.55  we  deduced  for  the  heavy  hole  mass  m^/mo  =  0.45  ±  0.09  (see  Fig.  2c)  An 
uncertainty  of  1  nm  in  well  width  is  taken  into  account.  An  analysis  of  the  22H  and  33H 
transitions  leads  to  the  same  result  (see  Fig.  2b).  The  deviation  from  linearly  interpolated 
values  of  the  heavy  hole  mass  is  not  fully  understood  and  may  arise  from  a  more  complicated 
valence  band  structure  in  the  (strained)  quantum  wells. 


SUMMARY 

In  conclusion  photocurrent  spectra  show  threshold  energies  (Ej^)  which  we  attribute 
to  transitions  from  the  lowest  heavy  (light)  hole  subband  to  the  conduction  band  of  the 
confinement  material.  From  these  threshold  energies  we  determined  the  band  offsets.  The 
ratio  of  conduction  band  discontinuity  to  heavy  hole  discontinuity  is  found  to  be  almost 
constant  (»  35/65)  for  gallium  compositions  between  0.4  <  xga  <  0.6. 

The  large  well  widths  allows  us  to  identify  several  excitonic  transitions  in  the  PLE  spectra 
between  the  confined  electron  and  hole  levels.  From  the  higher  heavy  hole  transitions 
especially  the  splitting  of  the  11H  and  13H  transition  we  determined  the  effective  heavy 
hole  mass  in  growth  direction.  We  observe  for  the  compressively  and  unstrained  GalnAs 
layer  a  heavy  hole  mass  of  about  0.3  mo  which  increases  up  to  about  0.45  mo  for  xga  =  0.55. 

We  would  like  to  thank  M.  H.  Pilkuhn  for  his  steady  interest  in  our  work  and  K.  Pressel 
for  stimulating  discussions. 
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ABSTRACT 

We  report  a  csthodohuninescence  spectroscopy  study  of  growth-induced  deep  levels  at  GalnP 
epilayers  grown  by  Molecular  Beam  Epitaxy  under  various  conditions.  This  approach  allows  the 
identification  of  deep  levels  which  appear  to  play  aa  important  role  in  the  hand  to  band  radiative 
recombination  efficiency  of  these  GalnP  films.  Control  of  these  electronic  defects  is  crucial  for 
the  performance  of  visMe  optoelectronic  devices. 

INTRODUCTION 

III-V  semiconductors  of  the  quaternary  system  Al^Gayli^P,  with  x+y+z=l,  are  among  the 
selected  materials  for  fabrication  of  visible  laser  diodes  and  light  emitting  devices.1*  2  A 
relevant  scientific  and  technological  issue  is  the  understanding  and  control  of  the  electronic 
properties  which  determine  the  quality  of  those  materials.  Here  we  report  results  of 
cathorMuminescence  and  pbotoluimnescence  spectroscopy  (CLS  and  PLS)  performed  on 
Molecular  Beam  Epitaxy  (MBE)  grown  GalnP  films3*  4  and  correlate  them  with  growth 
conditions.  This  approach  allows  the  identification  of  deep  levels  that  appear  to  play  an 
important  role  in  the  band  gap  radiative  recombination  efficiency  of  GalnP  epilayers. 

Cathodohuninescence  spectroscopy  is  used  because  of  the  several  advantages  this  technique 
has  over  photoluminescence  spectroscopy.5* 6  The  determination  of  defect  states,  their  physical 
location-depth  distribution,  energies  and  relative  intensities  by  using  CLS  has  been  previously 
shown.5*8  The  properties  of  the  low  energy  CLS  technique  result  from  the  dependence  of 
electron  energy  loss  to  die  solid  on  incident  electron  e 
beam  energy,  which  differs  from  photon  absorption.8 
Figure  1  shows  energy  loss  profiles_for  1.0,  3.0,  and 
3.0  keV  electron  beam  energies  as  a  function  of  the  8 
depth  into  the  solid.  Aa  the  electron  beam  energy  *| 
increases  so  does  the  excitation  volume,  winch  titan  |  4 
extends  between  a  few  nanometers  to  about  300  rnn.  y 
Thus,  the  CL  technique  provides  control  of  the  ® 
excitation  depth.  Its  importance  in  studying  deep  ^  * 
levels  at  semiconductor  films  will  transpire  when  the  rg 
luminescence  results  are  presented.  ®  2 

CL  excitation  was  produced  by  an  electron  beam 
impinging  on  die  sample  surface  st  30°.  The  electron 
beam  energy  can  be  varied  between  300  -  5000  eV.  1 
We  carried  out  room  temperature  (RT)  and  low 
temperature  (LT)  luminescence  measurements.  The  0 
temperature  was  determined  by  the  shift  in  band  gap  o  too  aoo  aoo  too 

emission  of  the  GaAs  substrate  and  using  the  known  depth  (m*) 

dependence  of  bend  gap  energy  on  temperature.9  PL  Upwel.  Electron  energy  toss  profiles  as  a 
excitation  was  produced  by  a  6  mWHeNe  laser  or  a  5  Amotion  of  depth  into  the  soHd. 

513 

Mat  Has.  toe.  I p»p.  Proc.  VoL  329.  *1004  Maurtali  natures  OocMjr 


mW  HeCd  laaer.  The  rewriting  lwniarirmoe  wu  focused  into  a  Single  Law  monochromator. 
Transmitted  signals  were  phase  detected  by  means  of  either  a  Ge  detector  (North  Coast)  or  a  S-l 
type  photomultiplier,  and  a  lock-in  amplifier.  The  system  response  was  deconvolved  by 
comparison  of  the  black  body  spectrum  with  the  emission  spectrum  of  a  3000  K  carbon  filament. 

The  sample*  were  grown  by  MBB  in  aa  UHV  Riber  system.  Petals  of  the  growth  conditions 
can  be  found  elsewhere.3  Briefly,  500  am  thick  GalnP  epilayers  woe  grows  on  GaAs  substrates 
(n-type.  Si,  <111>  misoriented  4°),  using  P2  beam  equivalent  pressures  (BEPs)  between  lxlO*3 
Torr  aid  6x1 0-4  Ton  and  substrate  temperatures  (Ts)  between  47S  °C  and  535  °C.  Ga  and  In 
BEPs  were  kept  constant  at  about  5xlO-7  Torr  and  7.6x1  fr7  Torr,  respectively.  All  the  epilayers 
were  grown  under  phosphorus  stabilized  2x1  surface  recoostroctioaa.  Sample  coaapoairtont 
were  determined  by  PLS,  Raman  spectroscopy,  and  double  crystal  x-ray  diffraction 
measurements.3  The  compositions  ok  the  samples  were  found  to  be  Gao.31lno.49P  within  1%. 
Phosphine  gas  has  been  the  standard  source  of  phosphorus  for  the  growth  of  phosphide*  by  both 
organometallic  vapor  phase  epitaxy  and  MBE.  For  the  most  part,  this  type  of  phosphorus  source 
produces  high  quality  material  in  both  growth  techniques.  The  major  disadvantages  of 
phosphine  are  the  high  toxicity  and  great  expense  associated  with  its  use.  The  use  rtf  a  valved, 
solid  red  phosphorus  source  for  MBE  growth  avoids  these  problems.3 

RESULTS  AND  DISCUSSION 

The  dependence  of  the  RT  band  gap  (BG)  luminescence  intensity  on  P2  BEP  and  growth 
temperature  of  GalnP  epilayers  is  shown  in  Figure  2. 3  At  LT  these  intensity  differences  are 
much  smaller.  The  optimum  P2  BEP  at  Ts  =  475  °C  is  about  2x1  (H  Torr.  At  higher  growth 
temperatures  the  values  of  P2  BEP  which  may  maximize  the  luminescence  intensity  are 
excessive  for  our  purposes  and  remained  undetermined.3  The  optimum  value  of  P2  BEP  is  about 
10-20  times  larger  than  As*  BEPs  typically  used  in  the  growth  of  GaAs/AlAs  structures  3  Three 
regions,  of  high,  low  and  extremely  poor  BG 
luminescence  can  be  distinguished.  We  would  like  100 
to  point  out  that  samples  with  the  highest 
luminescence  compares  well  to  those  of  the  best 
reported  values  of  organometallic  vapor  phase  80 
epitaxy  grown  samples.  ^ 

All  the  samples  were  exposed  to  same  ambient  ”5 
conditions  when  transported  between  the  growth  r;  80 
chamber  and  the  analysis  chamber.  Then,  we  expect  S 
that  detrimental  surface  effects  on  BG  1 
luminescence,  i.e.,  surface  recombination  velocity  *  40 
and  band  bending,  are  similar  for  all  these  samples.  a- 
Because  of  the  thickness  of  the  GalnP  epilayers,  of 
about  500  nm,  contributions  to  die  spectral  shape  20 
from  the  GaAs  substrate  are  always  observed.  Even 
though  for  5.0  kV  electron  beam  energies  the 
electron  range  is  about  300  nm,  diffusion  enables  0 
excited  carriers  to  reach  the  substrate  and  recombine 
time.  For  low  excitation  energies,  these  substrate 
contributions  diminish,  thus,  they  can  be  identified 
and  separated,  luminescence  contributions  from  a-  P*  BEP  (Torr)  x  1  (r* 

type  (Si)  GaAs  subatrMes  are  intense  and  strongly  Figure  1  Band  Gap  PL  intensity  of  MBE 
dependent  on  temperature.  For  illustration.  Figure  3  grown  GalnP  for  several  P2  BEP  and  Ts. 


show*  the  PL  spectra  of  the  GaAs  substrate  as  a 
function  of  temperature.  The  RT  bod  gap  emission  at 
1.425  eV  (BGg)  shift  to  1.5  eV  at  100  K.  There  is  a 
strong  RT  deep  level  emission  at  0.97  eV  (DLg),  which 
shaft  to  1.03  eV  at  100  K.  There  is  a  deep  level 
emission  at  1.2  eV  (CBg-VOeg),  not  observed  at  RT, 
whose  intensity  is  strongly  dependent  on  temperature. 
For  temperatures  below  180  K,  its  intensity  dramatically 
increases  and  dominates  the  spectral  shape.  Thi* 
emission  is  usually  identified  as  a  transition  between  the 
conduction  band  (CBg)  and  Ga  vacancies  (VGtg).7 
Thus,  it  is  imperative  to  record  both  a  wide  spectral 
range  and  die  depth  dependent  spectra  when  that 
epiiaym  are  studied  to  separate  spectral  contributions 
from  the  substrate.8 

Figure  4  shows  CL  spectra  of  sample  #413  as  a 
function  of  photon  energy  and  electron  beam  energy. 
Five  emission  bands  whose  relative  intensity  change 
with  excitation  depth  are  observed.  The  1.97  eV 
emission  is  assigned  to  a  GalnP  BG  transition.  Most 
remarkable  is  the  relative  intensity  change  among  the 
1.4  eV  emission  (labeled  CB-Vc)  and  the  1.5  eV,  1.2  eV 


Figure  3.  PL  spectre  of  GaAs  substrate 
as  function  of  temperature. 


and  1.03  eV  emissions  (labeled  BGg,  CBg-VOag,  and  DLg)  with  increasing  excitation  depth. 
Comparing  these  results  with  those  of  Figure  3  indicates  that  the  BGS,  CBg-Vdg,  and  DLg 
transitions  have  their  origin  in  the  GaAs  substrate.  On  the  other  hand,  the  CB-Vc  transition  has 
its  origin  in  the  GalnP  epilayer,  and  its  intensity  is  strongly  dependent  upon  growth  conditions. 
Figure  5  shows  CL  spectra  of  sample  #41 1  as  a  function  of  photon  energy,  temperature  and 


Figure*.  CL  spectra  of  GalnP  Figure  5.  CL  spectre  of  GalnP  Figure*  2.0  kV  CL  spectrum 
#413  es  function  of  #411  as  fraction  of  temperature  of  GalnP  #411.  Detector 

fuf  itulfln  depth,  esd  excftrtkw  S-l  photomultiplier. 
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bean  wap.  He  RT  ipectnun  than  the  GalaP  BG  at  1.89  eV  ,  the  GaAt  BG  at 
1.425  eV,  a  deep  level  embaioa  it  134  eV.  associated  with  the  GalaP  epibyer,  and  DL,  at  0.97 
eV.  The  3.0  kV  LT  spectrum  ahowa  the  CB-Vc  aad  BG,,  aad  BG  emotions  shifted  to  1.4  eV, 
15  eV.  aad  1.97  eV,  respectively.  Abo,  the  relative  intensity  of  the  DL,  cmistiou  dimiaiahet 
aad  it  broadens  to  Usher  teeqjei,  The  1.2  eV  (CBt-Vo«a)  tranaitioa  if  now  dearly  detected. 
Abo,  the  substrate  spectral  features  are  eahaaced  ia  the  45  kV  CL  tpectium.  Hgure  6  ahowa  in 
detail  a  LT  2.0  kV  CL  spectrum  of  sample  *411  as  a  function  of  photon  energy  using  a  S-l 
photomultiplier,  it  shows  the  tame  spectral  shape  but  better  signal  to  noise  ratio  than  that  of 
figure  5.  The  full  width  at  half  maximum  of  the  BG  cnuaskm  is  about  40  meV.  Notice  the 
absence  of  emission  in  the  1 .6-1.9  eV  range.  Overall,  these  spectra  indicate  the  presence  of  • 
GalaP  deep  level  associated  with  die  154  eV  emission  at  RT,  which  shifts  to  1.4  eV  at  low 
temperature.  This  feature  it  common  to  samples  in  the  low  BG  luminescence  region,  see  Figure 
2,  grown  with  relatively  large  P2  BBPs  and  low  Ts.  Abo,  this  feature  is  weak  in  sample  *425. 

The  CL  spectra  of  samples  from  the  poor  hmnaesceace  region  show  die  dramatic  changes 
produced  in  die  electronic  structure  of  GalaP  with  varying  growth  conditions,  ix.,  decreasing  P2 
Mlb  and  increasing  growth  temperature.  Figure  7  shows  CL  spectra  of  GalnP  (sample  #  416) 
as  a  function  of  photon  energy,  excitation  depth  and  temperature.  Figure  7(a)  shows  CL  spectra 
at  RT.  Optical  emiasioa  from  the  GalnP  aad  the  GsAs  band  gaps  sic  observed.  No  deep  level 
emissions  are  detected  at  RT.  This  observation  is  distinct  from  that  of  samples  from  the  low 
hmunesoence  region.  Figures  5  and  6,  which  show  a  154  eV  deep  level  emission  at  RT.  Figure 
7(b)  shows  the  dependence  of  the  CL  spectral  shape  on  temperature.  With  decreasing 
temperature  a  deep  level  emission  at  about  1.7  eV  ( labeled  Vp-VB)  appears.  As  shown  in 
figure  7(c).  which  depicts  the  CLS  dependence  on  excitation  depth,  this  Vp-VB  emission  has  its 
origin  in  the  GalnP  epdaycr,  and  its  intensity  is  strongly  dependent  oa  temperature. 

Samples  grown  at  higher  Ts  and  P2  BEPs  show  CL  spectra  similar  to  those  of  Figure  7. 
Figure  8  shows  CL  spectra  of  GalnP  sample  #407.  The  Vp-VB  emission  broadens  and  shifts  to 
higher  energies.  The  overall  hmunesoence  intensity  is  extremely  low.  The  BG  emission  is 
broad.  No  BG  emission  from  the  GsAs  b  observed,  and  the  CBg-VGag  emission  is  weak 


Vlpn7.  CL  spectra  of  GalnP  #  416  as  a  function  of  photon  energy  for  several  excitation 
depths  ad  temperatures.  Detector  S-l  photomultiplier. 


(com para  with  Plgure  7(c)).  These 

a  high  lew!  o f  m  radiative  reco _ . 

and  km  carrier  mobilities  Overall  Figures  7  and  8 
indicate  that  the  paeaence  of  the  deep  level  eee ockted 
with  die  1.7  eV  emission  is  highly  detrimental  for  the  ^ 
efficiency  of  the  BO  satiation  of  GalnP.  Whereas  the  ] 
higher  growth  temperature  caa  abo  affect  the  fe 
incorporation  of  la,3  the  defied  ia  phosphorus  I 
incorporation  appears  to  be  store  detrimental  for  the  f 
iumineaoonce  efficiency.  These  eesaks  strongly  suggest 
that  «—pt*«  grown  at  low  effective  P2  BBPs  have  the 


We  now  tfiacma  fee  ‘*•*1—"*"*  of  fee  deep  level 
— *  to  specific  point  defects.  Hist,  fee  1.34  eV 
(1.4  eV  at  LT)  emission  is  assigned  to  transitions 
involving  fee  CB  and  cation  vacancy  levels,  Ga  and  or 
In.  Oar  analysis  is  based  on  fee  correlation  with  fee 

and  fee  testfes  of  fee  CL  u  M  u  u  M 
of  GalnP  epilayen  anted  oat  in  the  photon  stwrgyieV) 

range  300-100  K.  These  measurements  indicate  feat  CL  spectre  of  GalnP#  407. 

both  BG  and  deep  level  emissions  shift  from  fear  RT 

value  by  approximately  63  meV  wife  decreasing  temperature,  see  Figure  3.  The  BG  shift  to 
higher  energies  with  decreasing  follows  fee  general  behavior  observed  in  IH-V 

semiconductors,  i.e..  fee  temperature  dependence  of  fee  band  gap  is  described  by  a  Varshni  type 
equation.9  The  energy  shift  in  fee  134  eV  deep  level  emission  wife  temperature  tracks  the  BG 
shift.  In  order  to  characterize  this  deep  level  transition  it  is  necessary  to  know  the  change  of 
both  the  valence  and  <v«i»tin«  bands  with  temperature.  Theae  changes  are  difficult  to 
measure,  because  most  experiments  relate  to  band  gap  cbotges.  intuitively,  fee  valence  band  is 
more  rigid  fesu  the  conduction  band,  because  of  its  larger  bond  strength.  Upon  any  perturbation 
that  causes  dwiyi  ia  volume,  i.e.,  pressure,  temperature,  etc.,  changes  in  conduction  band 
energy  are  expected  to  be  lager  than  changes  in  valence  band  energy.10- 11  Theoretical  and 
experimental  work  confirm  this  picture:  fee  change  in  band  gap  energy  is  mostly  due  to  changes 
in  conduction  band  energy .  Similar  concepts  apply  to  shallow  donor  and  acceptor  stales,  where 
fee  impurity  potential  is  dominated  by  fee  long-range  (Coulomb)  term.  On  fee  other  hold,  a 
deep  level  is  a  level  feat  originates  from  fee  short- 
range  central-cell  defect  potential,  and  this 
potential  ia  very  strong  within  fee  effective  radius 
of  the  defect  ft  follows  that  deep  levels  sre  less 
sensitive  to  changes  ia  temperature  or  pressure 
than  the  semiconductor  bands.12- 13- 14  Both  deep 
level  and  VB  energies  remain  roughly  inhered  in 
the  temperature  range  considered,  and  CB-VB  and 
CB-DL  transitions  have  similar  shifts,  whereas 
DL-VB  transitions  have  small  or  no  shift  with 
Thus,  fee  134  eV  emission  bond 
i  a  transition  batwnen  fee  CB(doaor)  and 
localised  about  03  eV  above  VBM. 

m 

13.14  Then 


DL 

This  property 
Ga  In,  tcfcpfor 
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closer  to  the  valence  band,  at  catioo  vacancies  are,  because  they  are  formed  by  anion 
wavefbnctions,  which  have  VB  character.13- 14  On  the  other  hand,  the  1 .7  eV  emission  shows, 
within  die  small  temperature  range  in  which  it  is  detected,  no  temperature  dependence  of  the 
peak  position.  Its  strong  intensity  dependence  on  temperature  is  due  to  the  fact  that  this  deep 
level  is  dose  to  a  band  (similar  to  VOa  in  GaAs),  and  thennaUzation  is  likely  to  occur.  Then,  we 
aasociatr  the  1.7  eV  emission  with  a  transition  between  s  deep  level  localized  about  200  meV 
below  the  conduction  band  minimum  and  the  valence  band,  Vp-VB.  These  properties 
characterize  anion  vacancies,  Vp.13- 14  Figure  9  shows  schematically  the  suggested  transitions 
and  deep  level  energies  for  GalnP.  This  Vp  assignment  correlates  well  with  recent  results  from 
thermal-electric  effect  spectroscopy  measurements  performed  on  similar  samples.13 

The  1.34  eV  emsskm  may  also  be  interpreted  u  involving  antisite  defects.  These  defects  are 
common  in  GaAs,  the  main  reason  being  that  the  atomic  size  of  Ga  and  As  are  similar,  and  little 
energy  is  required  to  swap  these  two  atoms.  For  example,  the  0.97  eV  emission,  see  Figure  3, 
may  be  related  to  transitions  involving  tome  excited  state  of  As  antisite  defects.®  For  GalnP  the 
formation  of  antisite  defects  may  be  difficult,  became  of  die  larger  difference  in  atomic  radius  of 
the  involved  atoms.  However,  we  cannot  conclusively  rule  out  the  absence  of  antisite  defects  in 
these  GalnP  samples,  and  additional  experiments  should  be  performed  to  clarify  this  point 

CONCLUSIONS 

The  efficiency  of  die  BG  luminescence  for  GalnP  samples  grown  either  at  high  temperatures 
and  or  low  P2  BEPs  appears  associated  with  the  presence  of  point  defects,  most  likely  cation  and 
anion  vacancies.  The  detriment  in  BG  luminescence  is  larger  for  phosphorus  deficient  growth 
conditions,  when  optical  emission  involving  point  defects  which  can  be  associated  with  anion 
vacancies  are  found.  The  reported  correlation  between  the  CL  results  and  the  growth  conditions 
allows  the  determination  of  defects  which  appear  to  play  an  important  role  in  condoling  the  BG 
radiative  recombination  efficiency  of  GalnP  epilayers. 
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